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TECHNICAL PROGRAM AND REPORTS OF OFFICERS 
AMERICAN SOCIETY FOR METALS—36th ANNUAL 
CONVENTION, CHICAGO, NOVEMBER 1 to 5, 1954 


OR purposes of record and for the benefit of members who were 
Ff not in attendance at the Thirty-sixth Annual Convention of the So- 
ciety, held in Chicago, November 1 to 5, 1954, the Programs of the 
Technical Papers and Educational Lectures together with the Reports 
of Officers for 1954 are herewith published in full. 


ASM Seminar on Impurities and Imperfections 


Saturday, October 30 
Ballroom, Palmer House, 9:30 A.M. 
Presiding Officer 
A. S. Nowick, Yale University 

Lattice Vacancies and Interstitials, by H. Brooks. Cruft Laboratory. Harvard 

University, Cambridge, Mass. 
Dislocations, by J. C. Fisher, Metallurgy Research Department, General Electric 

Co., Schenectady, N. Y. a 
Grain Boundaries, Substructure and Impurities, by R. W. Cahn, University of 


Birmingham, England. ( Visiting lecturer, Johns Hopkins University, Balti- 
more, Md.) 


Ballroom, Palmer House, 2:00 P.M. 
Presiding Officer 
E. S. Machlin, Columbia University 
i ffects on Crystal Growth, by Bruce Chalmers, Head of the Department of 
Metallurgy, Harvard University, Cambridge, Mass. 
I[mpurities and Imperfections in Metallic Diffusion, by D. Lazarus, Department 
of Metallurgy, University of Illinois, Urbana, III. 
Role of Structural Impurities on Phase Transformations, by David Turnbull, 
Research Laboratories, General Electric Co., Schenectady. 


Sunday, October 31 
Ballroom, Palmer House, 9:30 A.M. 
Presiding Officer 
L. K. Jetter, Oak Ridge National Laboratory 
Effects on Mechanical Properties, by E. R. Parker, Chairman, Department of 
Minerals Technology, University of California, Berkeley, Calif. 


Effects on Electrical Properties, by J. S. Koehler, Department of Metallurgy, 
_ University of Illinois, Urbana, III. 
Effects on Chemical Properties, by W. D. Robertson, Associate, Metallurgical 
Laboratory, Yale University, New Haven, Conn. 


l 
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Ballroom, Palmer House, 2:00 P.M. 


Presiding Officer 
P. A. Beck, University of Illinois 


Impurity Phenomena in Semiconductors, by J. A. Burton, Bell Telephone Labo- 
ratory, Murray Hill, N. J. 

Effects on Dielectrics and Ionic Crystals, by R. J. Maurer, Department of Metal- 
lurgy, University of Illinois, Urbana, III. 

Radiation Damage, by Frederick Seitz, Research Professor, University of IIli- 
nois, Urbana, IIl. 


Technical Program of the American Society for Metals 


Monday, November 1 
Ballroom, Palmer House, 9:30 A.M. 


Constitutional Diagrams 


Presiding Officers 


B. W. Gonser, Battelle Memorial Institute 
J. E. Burke, General Electric Co. 


Aluminum-V anadium Alloy System, by O. N. Carlson, D. J. Kenney and H. A. 
Wilhelm, Institute for Atomic Research and Department of Chemistry, lowa 
State College, Ames, lowa. 

Partial Phase Diagram of the Iron-Cerium System, by James O. Jepson, Re- 
search Engineer, Jet Propulsion Laboratory, and Pol Duwez, Professor of 
Mechanical Engineering and Chief of Materials Section, Jet Propulsion 
Laboratory, California Institute of Technology, Pasadena, Calif. 

Titanium-Cobalt System, by F. L. Orrell, Jr., Dow Chemical Co., Midland, 
Mich., and M. G. Fontana, Head, Department of Metallurgy, Ohio State 
University, Columbus, Ohio. 

System Titanium-Aluminum-Manganese, by R. F. Domagala, Associate Metal- 
lurgist, and W. Rostoker, Senior Metallurgist, Research Department, 
a Research Foundation of Illinois Institute of Technology, Chi- 
cago, Ill. 

Constitution of Ordering Alloys of the System Copper-Gold, by F. N. Rhines, 
Professor of Metallurgy, W. E. Bond, Research Assistant, and R. A. 
Rummel, Laboratory Assistant, Metals Research Laboratory, Carnegie 
Institute of Technology, Pittsburgh, Pa. 


Special Session 
Laboratory Instruction in Process Metallurgy 


(Conducted by the ASM Advisory Committee on Metallurgical Education) 
Red Lacquer Room, Palmer House, 9:30 A.M. 


Development of Laboratory Experiments for the Unit Process Approach to Ex- 
tractive Metallurgy, by R. Schuhmann, Jr., Purdue University, Lafayette, 
Ind. 

Role of Metallurgical and Thermodynamic Problems in the Metallurgical Engi- 
neering Laboratory, by C. S. Samis, University of British Columbia, VYan- 
couver, B. C., Canada. 

Unit Process Experiments.in Fluid Flow, Combustion and Heat Transfer for 
Metallurgical Engineering Students, by W. O. Philbrook, Carnegie Institute 
of Technology, Pittsburgh, Pa. 

Special Problems for Experiments in Process Metallurgy Laboratory, by A. W. 
Schlecten, Missouri School of Mines, Rolla, Mo. 

Role of Electrochemical Experiments in Process Metallurgy Instruction, by 
Herbert H. Kellogg, Columbia University, New York, N. Y. 
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Ballroom, Palmer House, 2:00 P.M. 


Mechanical Metallurgy 


Presiding Officers 
R. B. Johnson, General Electric Co. 
W. T. Lankford, United States Steel Corp. 


Effect of Prestraining Under Different Stress States on the Fracture and Flow 
Properties of 2S-O Aluminum, by I. Rozalsky, Shell Oil Co., Wood River - 
Research Laboratory, Wood River, Ill. 

Deformation Mechanisms in Polycrystalline Aggregates of Magnesium, by F. E. 
Hauser, C. D. Starr, L. S. Tietz and J. E. Dorn, Professors of Metallurgy, 
Minerals Research Laboratory, University of California, Berkeley, Calif. 

Tensile and Impact Properties of Low-Carbon Martensites, by C. C. Busby and 
H. W. Paxton, Metals Research Laboratory, Carnegie Institute of Technol- 
ogy, Pittsburgh, Pa., and M. F. Hawkes, Head of Metallurgical Section, 
Quality Evaluation Laboratory, U. S. Naval Ammunition Depot, Oahu, 
Hawaii. 

Tensile Characteristics of Unalloyed Zirconium at Low and Moderate Tempera- 
tures, by J. H. Keeler, Research Laboratory, General Electric Co., Sche- 
nectady, N. Y. 


Red Lacquer Room, Palmer House, 2:00 P.M. 


Processing Steels 


Presiding Officers 
W. M. Baldwin, Case Institute of Technology 
L. P. Tarasov, Norton Co. 


Influence of Chemical Composition on the Machinability of Rephosphorized 
Openhearth Screw Steel, by E. J. Paliwoda, Research Engineer, Jones & 
Laughlin Steel Corp., Pittsburgh, Pa. 

Influence of the Grinding Process on the Structure of Hardened Steel, by W. E. 
Littmann, Research Metallurgist, Timken Roller Bearing Co., Canton, Ohio, 
and John Wulff, Professor of Metallurgy, Massachusetts Institute of Tech- 
nology, Cambridge, Mass. 

Zonal Rolling Texture of Low Carbon Steel Cold Rolled at Various Tempera- 
tures, by C. Nusbaum, Associate Professor of Physics, Case Institute of 
Technology, Cleveland, Ohio, and Consultant, Cold Metal Products Co., and 
W. Brenner, Jr., Metallurgist, Cold Metal Products Co., Canfield, Ohio. 


Tuesday, November 2 


Hardenability 
Ballroom, Palmer House, 9:30 A.M. 


Presiding Officers 
R. D. Chapman, Chrysler Corp. 
F. T. McGuire, Deere & Co. 


An Electron Metallographic Study of the Dependence of Microstructure on 
Hardenability, by S. T. Ross, Project Engineer, R. P. Sernka, Research 
Metallurgist, and W. E. Jominy, Chief of Metallurgical Research, Chrysler 
Corp., Detroit, Mich. 

Calculation of Hardenability in High Carbon Alloy Steels, by C. F. Jatczak and 
R. W. Devine, Jr., Research Metallurgists, Timken Roller Bearing Co., 
Canton, Ohio. 

Hardenability of Carbon Tool Steel, by N. J. Culp, Metallurgical Department, 
Carpenter Steel Co., Reading, Pa. 

Effect of Carbon and Nitrogen on the Attainable Hardness of Martensitic Steels, 
b Nehrenberg, P. Payson and P. Lillys, Research Laboratory, 
Crucible Steel Co. of America, Harrison, N. J. 
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Industrial Heating Panel Session I 


Presented by the Industrial Heating Equipment Association 
Under the Auspices of the American Society for Metals 


Red Lacquer Room, Palmer House, 9:30 A.M. 


Atmospheres 


Theory of Gases, by Allen G. Hotchkiss, General Electric Co. 
Exothermic Atmosphere, by W. H. Boyd, Gas Atmospheres, Inc. 


Endothermic Atmosphere, by Ralph J. Perrine, Electric Furnace Co. ; 
Dry Nitrogen-Base Prepared Atmosphere, by Donald Beggs, Surface Combus- 
tion Corp. 


Dissociated Ammonia, by M. R. Ogle, Drever Co. 
Atmospheres, Their Control and Safety, by W. L. Besselman, Leeds & North- 


rup Co. 
Ballroom, Palmer House, 2:00 P.M. 


Physical Metallurgy 


Presiding Officers 
M. J. Day, Armour Research Foundation 
V. H. Patterson, Climax Molybdenum Co. ' 


Conditions for Dendritic Growth in Alloys, by W. Morris, W. A. Tiller, J. W. 
Rutter and W. C. Winegard, Department of Metallurgical Engineering, 
University of Toronto, Toronto, Canada. 

Stress-Corrosion Mechanism in a Magnesium-Base Alloy, by D. K. Priest, 
Pfaudler Co., F. H. Beck, Assistant Professor of Research, and M. G. 
Fontana, Professor, Department of Metallurgy, Ohio State University, 
Columbus, Ohio. 

Thermodynamics of Binary Interstitial Solid Solutions, by R. Speiser and J. W. 
Spretnak, Associate Professors, Department of Metallurgy, Ohio State Uni- 
versity, Columbus, Ohio. 

Influence of Substructure on the Shape of the Creep Curve, by T. Hazlett and 


R. D. Hansen, Research Engineering Department, University of California, 
Berkeley, Calif. 


Industrial Heating Panel Session II 
International Amphitheatre, 2:00 P.M. 
Atmosphere Applications 


Carburizing, by Walter Holcroft, Holcroft & Co. 
Equilibrium Relationships for Dew Point Measurement and Control, by N. K. 
Koebel, Lindberg Engineering Co. 
Practical Applications of Dew Point Measuring and Control, by O. E. Cullen, 
Surface Combustion Corp. 
Brazing, a movie by LeRoy B. Thompson, Westinghouse Electric Corp. 
Carbonitriding, by Harold Ipsen, Ipsen Industries. 
Neutral Heat Treating, by A. W. Frank, Hevi Duty Electric Co. 
Sintering, by Carl G. Paulson, C. 1. Hayes, Inc. s 


Wednesday, November 3 


Ballroom, Palmer House, 9:30 A.M. 
ASM Annual Meeting 


Edward DeMille Campbell Memorial Lecture 
James P. Gill, Vanadium-Alloys Steel Co., Chairman 


Factors Affecting Directional Properties in Aluminum Wrought Products, by 
Kent R. Van Horn, Director of Research, Aluminum Co. of America, New 
Kensington, Pa. 
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Ballroom, Palmer House, 2:00 P.M. 


Mechanical Properties 
Presiding Officers 
A. H. Geisler, General Electric Co. 
M. F. Judkins, Firth Sterling, Inc. 

Elastic Limit and Yield Behavior of Hardened Steels, by H. Muir, Senior 
Lecturer, Otago University, Dunedin, New Zealand, B. L. Averbach, Asso- 
ciate Professor, and Morris Cohen, Professor, Department of Metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass. 

Effect of Composition on Transverse Properties of Slack-Quenched Steel, by 
J. Vajda and P. E. Busby, Metals Research Laboratory, Carnegie Institute 
of Technology, Pittsburgh, Pa. 

Statistical Fatigue Properties of Lamellar and Spheroidal Eutectoid Steel, by 
G. E. Dieter, Ordnance Corps, R. F. Mehl, Director of Metals Research 
Laboratory, and G. T. Horne, Metals Research Laboratory, Carnegie Insti- 
tute of Technology, Pittsburgh, Pa. 

Effect of Static Stress on the Damping of Some Engineering Alloys, by A. W. 
Cochardt, Metallurgy Department, Westinghouse Electric Corp., East Pitts- 
burgh, Pa. 

Red Lacquer Room, Palmer House, 2:00 P.M. 


Ferrous Physical Metallurgy 
Presiding Officers 
J. A. Berger, University of Pittsburgh 
R. A. Grange, United States Steel Corp. 

Further Study of Microstructural Changes on Tempering Iron-Carbon Alloys, 
by B. S. Lement, Research Staff, Division of Industrial Co-Operation, B. L. 
Averbach, Associate Professor, and Morris Cohen, Professor of Physical 
Metallurgy, Massachusetts Institute of Technology, Cambridge, Mass. 

Effects of Cold Work on Cementite in Steel, by D. V. Wilson, Lecturer, Depart- 
ment of Industrial Metallurgy, Birmingham University, Edgbaston, Bir- 
mingham, England. 

lsothermal Transformation of Austenite Under Externally Applied Tensile 
Stress, by S. Bhattacharyya and G. L. Kehl, Associate Professor of Metal- 
lurgy, Columbia University, New York, N. Y. 


Industrial Heating Panel Session III 
International Amphitheatre, 2:00 P.M. 


Induction Heating 

Induction Melting, by G. W. Holz, Lindberg Engineering Co. 

Induction Brazing, by E. S. Goodridge, Induction Heating Corp. 

Induction Heat Treating, by H. B. Osborn, Jr., Ohio Crankshaft Co. 

Sixty-Cycle Induction Heating for Forming and Extrusion, by John A. Logan, 
Magnethermic Corp. 

High-Frequency Induction Heating for Hot Forging, by Frank T. Chesnut, Ajax 
Electrothermic Corp. 

Dual-Frequency Heating for Hot Forging, by Carl P. Bernhardt, Westinghouse 
Electric Corp. 


Thursday, November 4 
Ballroom, Palmer House, 9:30 A.M. 


Stainless 
Presiding Officers 
D. J. Carney, United States Steel Corp. 
Peter Payson, Crucible Steei Co. of America 
Effect of Cold Work and Recrystallization on the Formation of the Sigma Phase 
in Highly Stable Austenitic Stainless Steels, by A. J. Lena, Associate Di- 


rector of Research, and W. E. Curry, Chief Metallographer, Allegheny 
Ludlum Steel Corp., Brackenridge, Pa. 
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Laves and Chi Phases in a Modified 15Cr Stainless Alloy, by F. L. VerSnyder 
and H. J. Beattie, Jr.. Thomson Laboratory, General Electric Co., West 
Lynn, Mass. 

Austenitic Chromium-Manganese-Nickel Steels Containing Nitrogen, by R. 
Franks, Manager, W. O. Binder and J. Thompson, Technical Service and 
Development Department, Electro Metallurgical Co., Niagara Falls, N. Y. 

Effect of Deformation on the Martensitic Transformation in Austenitic Stainless 
Steels, by H. C. Fiedler, Research Laboratory, General Electric Co., Sche- 
nectady, N. Y., B. L. Averbach, Associate Professor, and Morris Cohen, 


Professor, Department of Metallurgy, Massachusetts Institute of Tech- 
nology, Cambridge, Mass. 


Red Lacquer Room, Palmer House, 9:30 A.M. 


Heat Treatment 


Presiding Officers 


G. V. Smith, United States Steel Corp. 
R. D. Chapman, Chrysler Corporation 


Role of Water Vapor and Ammonia in Case Hardening Atmospheres, by P. A. 
Clarkin and M. B. Bever, Department of Metallurgy, Massachusetts Insti- 
tute of Technology, Cambridge, Mass. 

Effect of Heat Treatment Upon Microstructures, Microconstituents and Hard- 
ness of a Wrought Cobalt-Base Alloy, by J. W. Weeton and R. A. Sig- 
norelli, Lewis Flight Propulsion Laboratory, National Advisory Committee 
for Aeronautics, Cleveland, Ohio. 

Secondary Graphitization of Quenched and Tempered Ductile Cast Iron, by J. C. 
Danko and J. F. Libsch, Department of Metallurgy, Lehigh University, 
Bethlehem, Pa. 

Method for Determining the Continuous Cooling Transformations in Steel, by 
R. D. Chapman, Research Metallurgist, and W. E. Jominy, Chief Metal- 
lurgist, Engineering Division, Chrysler Corp., Detroit, Mich. 


Red Lacquer Room, Palmer House, 2:00 P.M. 


High Temperature 


Presiding Officers 


W. O. Binder, Electro Metallurgical Co. 
W. D. Manly, Oak Ridge National Laboratory 


Elevated Temperature Properties of Ductile Cast Irons, by C. R. Wilks, Metal- 
lurgist, N. A. Matthews, Assistant Chief Metallurgist, and R. Wayne Kraft, 
Jr., Metallurgist, American Brake Shoe Co., Mahwah, N. J. 

Effect of Cold Work on the High-Temperature Creep Properties of Dilute 
Aluminum Alloys, by R. E. Frenkel, Research Engineer, Oleg D. Sherby, 
Research Engineer, and John E. Dorn, Professor of Physical Metallurgy, 
University of California, Berkeley, Calif. 

Creep-Tempering Relationships in Hardened 4.5% Chromium Steels, by E. C. 
Roberts, Assistant Professor of Metallurgy, Montana School of Mines, 
Butte, Mont., N. J. Grant, Associate Professor of Metallurgy, and Morris 
Cohen, Professor of Metallurgy, Massachusetts Institute of Technology, 
Cambridge, Mass. 

Strength of Wrought Zirconium-Base Binary Alloys at 1800-2200 °F., by H. A. 


Saller, J. T. Stacy and S. W. Porembka, Battelle Memorial Institute, 
Columbus, Ohio. 
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ASM—LECTURE COURSE 
Monday, November 1, 4:30 P.M. 
All Sessions in Red Lacquer Room, Palmer House 


Temperature Measurement 
Presiding Officers 
F. G. Tatnall, Baldwin Locomotive Works 
W. J. Buechling, Copperweld Steel Co. 
Industrial Temperature Measurement With Thermocouple Pyrometers, by W. E. 


Belcher, Jr., Products and Application Engineer, Minneapolis- Honeywell 
Regulator Co., Brown Instruments Division, Philadelphia, Pa. 


Tuesday, November 2, 4:30 P.M. 


Industrial Temperature Measurement With Total Radiation and Optical Pyro- 
meters, by Donald Robertson, Head, Pyrometer Section, Engineering De- 
partment, Leeds and Northrup Co., Philadelphia, Pa. 


Wednesday, November 3, 4:30 P.M. 


Industrial Temperature Measurement With Resistance Thermometers and Filled 


Systems, by W. F. Hickes, Assistant to Chief Engineer, Foxboro Co., Fox- 
boro, Mass. 


ANNUAL MEETING OF 
AMERICAN SOCIETY FOR METALS 
Ballroom, Palmer House, 9:00 A.M. 
Wednesday, November 3, 1954 


The annual meeting was called to order by President James B. 
Austin. The order of business was: 


1. President’s address 
Printed in this volume of TRANSACTIONS, page 8. 
2. Report of the Treasurer 
Printed in this volume of TRANSACTIONS, page 11. 
3. Report of the Secretary 
Printed in this volume of TRANSACTIONS, page 15. 
4. Report of ASM Foundation for Education and Research 
Printed in this volume of TRANSACTIONS, page 29. 
5. Presentation of President’s Medal and Certificate to Ralph L. Wilson 
6. Presentation of Henry Marion Howe Medal to: 
VerSnyder and H. J. Beattie, Jr. for their paper entitled 
“Microconstituents in High Temperature Alloys” adjudged the 
paper of highest merit published in the ASM TRANSACTIONS 
in 1953. 
7. Presentation of ASM Teaching Awards to: 
Joseph F. Libsch, Lehigh University 
Maurice J. Sinnott, University of Michigan 
Ele E. Stansbury, University of Tennessee 
8. Election of Officers 
The report of the election of officers appears on page 31. 
9. Campbell Lecture 
Printed in this volume of TRANSACTIONS, beginning on page 38. 
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ANNUAL ADDRESS OF THE PRESIDENT 
JAMEs B. Austin, President 
Thirty-sixth Annual Meeting, Chicago, November 3, 1954 


HE experience of serving as President of the American Society 

for Metals is one of the most pleasant and rewarding privileges 
which can come to any man in our profession. I wish that each of you 
could share the greater appreciation of the scope of our Society and its 
activities which I have gained in visiting chapters and regional meet- 
ings, and in sitting in on various Committee meetings at National Head- 
quarters. It is truly impressive. 

Before summarizing the principal events of the past year, I should 
like to express my gratitude for the whole-hearted support which | 
have received from the chapter officers and from my colleagues on the 
Board of Trustees. Their splendid cooperation is typical of the spirit 
which characterizes our membership and which has enabled our Society 
to flourish. I should also like to express to the two retiring Trustees, 
Harry B. Knowlton and Ralph L. Wilson, the thanks of the Society 
for their many efforts on our behalf. 

The Society’s objectives in the fields of education and local chapter 
activities have remained essentially unchanged in character, though 
expanded in scope and progress in achieving these aims has been grati- 
fying. At the same time, as I believe you will gather from the Treas- 
urer’s report, our finances have been maintained in satisfactory con- 
dition. 

During the year, the Trustees held four meetings. Your President 
visited thirty-five chapters and participated in three regional meetings. 
Other Trustees visited an additional twenty-four chapters and two 
regional meetings, thus bringing the total to fifty-nine chapters and 
five regional meetings,—a sizeable fraction of our eighty-nine chapters. 
This close relationship between the National officers and the local sec- 
tions is not only one of the sources of the strength of our Society but is 
an inspiration to those entrusted with the management of the Society’s 
affairs. 

It should also be noted that charters have been granted to four 
new chapters—Alberta, Albuquerque, Northeast Pennsylvania and 
Savannah River. 

Last November, your President made a quick trip to England to 
represent you at the opening of the new Laboratories of the British 
Iron and Steel Research Association in Sheffield and to meet with the 
European Committee which is making plans for the Joint Meeting to be 
held next June. 

To facilitate planning for this meeting on this side of the Atlantic, 
an American Committee comprising five members of our Society and 
five representatives of the American Institute of Mining and Metallur- 
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gical Engineers was set up last March. It has held two meetings and | 
can report that plans are now well-advanced. A detailed program is now 
in the press and will be available in the very near future. 

As a brief summary, however, this conference is to convene in 
London on June 1, 1955 and will continue in England for seven days. 
There will then be a visit of five days to Germany, with activities cen- 
tering in Dusseldorf. The meeting then moves to France for five days 
with an optional visit of one day to Liege in Belgium. The main con- 
ferences terminate in Paris on June 18 but additional meetings in Italy, 
Austria and possibly Spain are being planned. This joint conference 
will include informal discussions on a variety of subjects of interest to 
both the ferrous and nonferrous industries, as well as a number of plant 
inspections. Conditions in Europe make it necessary, regrettably, to 
limit attendance at many features of the program to a total of three 
hundred and fifty, including ladies. 

The Society held a midwinter meeting in Boston in March which 
featurec four sessions on the subject of beryllium, all of which were 
well attended. There were also four other sessions covering a variety 
of metallurgical subjects. 

The Publications Committee has, in addition to its regular duties, 
studied certain aspects of our publication policies and has made recom- 
mendations which will improve this important part of our activities. 

The Committee for Vocational Education, under its able and en- 
thusiastic chairman, William F. Collins, made substantial progress dur- 
ing the year. Courses in ** Metals Technology” for teachers in vocational 
schools were given in New York, Connecticut, Pennsylvania, Michigan, 
[!!inois and Kansas. Interest in this work has also been expressed by 
educational authorities in about fifteen other states. This is a foreward- 
looking program which will be of great benefit to the metals industries 
during the years ahead. 

For some time it has been evident that there is a lack of metallurgi- 
cal text material suitable for educational courses, correspondence 
courses and in-plant training. The Society has now taken initial steps 
toward filling this need. At our request, Professor Louis Haller of Penn 
State has prepared a list of some forty topics and has asked an outstand- 
ing man in each field to draw up a detailed outline covering material per- 
tinent to his subject. These outlines will serve as the basis for prepara- 
tion of the several texts. This is another example of our expanding 
activity in the educational field about which you will hear more in the 
Secretary's report. 

To cover some other activities very briefly, the series of regional 
conferences for chapter officers, which was inaugurated several years 
ago, has been continued with gratifying results. In the program of visit- 
ing lectureships, arrangements were completed with eleven colleges and 
universities. The Society continues as the sole sponsoring member of 
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Acta METALLuRGICA, which has now nearly completed its sec- 
ond year. The program of Science Achievement Awards, which is ad- 
ministered for us by the National Science Teachers Association, has 
grown appreciably and is attracting increased attention and participa- 
tion. 

You have heard at recent Annual Meetings of the growing diffi- 
culties with regard to the present location of National Headquarters. 
The Trustees have, as you will see from the Treasurer’s report, been 
making provision financially for a new site and building. A few months 
ago, Bill Eisenman made some imaginative and extensive suggestions 
for a long-range program covering improved facilities for the National 
Office. I believe he will outline these for you today. At his request, a 
Committee, headed by Dr. Kent Van Horn, has been appointed to study 
this matter and to make recommendations to the Trustees. 

It is customary for the President’s report to record the awards 
and outstanding events of the previous National Metals Congress. In 
Cleveland in 1953 the President’s Medal was given to John Chipman. 
The ASM Medal for the Advancement of Research was awarded to 
Hiland G. Batcheller, Chairman of the Board of the Allegheny Ludlum 
Steel Corporation, and the Gold Medal of the Society was presented to 
George F. Sachs, Director of Metallurgical Research, Syracuse Uni- 
versity. The Albert Sauveur Award was given to William T. Ennor, 
Assistant Director of Research of the Aluminum Company of America. 
The Henry Marion Howe Medal was awarded to Lew F. Porter and 
Philip C. Rosenthal of the University of Wisconsin. The Campbell 
Memorial Lecture was presented by Donald S. Clark, Professor of 
Mechanical Engineering, California Institute of Technology. Honorary 
Membership was conferred upon Founder Member A. E. White of the 
University of Michigan. ASM Teaching Awards were given to William 
M. Armstrong, University of British Columbia, Albert W. Schlechten, 
University of Missouri School of Mines and Metallurgy, and Otto 
Zmeskal, University of Florida. 

On behalf of the American Society for Metals, I wish to express 
our thanks to those societies which have joined with us in this National 
Metals Congress for their fine cooperation. The programs of the Insti- 
tute of Metals Division of the American Institute of Mining and Metal- 
lurgical Engineers, of the American Welding Society, and of the So- 
ciety for Non-Destructive Testing have made a significant contribution 
to the success of this unique gathering. 

In closing, I should like to repeat that it has been both pleasant and 
instructive to serve the Society. One of the most pleasant and most in- 
structive of my experiences has been a better acquaintance with our 
remarkable Secretary, Bill Eisenman, and with his efficient and loyal 
staff. So, to Bill and all his associates, I express my gratitude for their 
invaluable assistance throughout this year. 
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TREASURER’S REPORT 
WILLIAM A. PENNINGTON, Treasurer 


GAIN, your Society has had a good financial year. At the close of 

the fiscal year, August 31, 1954, the net assets were $2,756,298.90, 

being increased $366,015.85 during the period. The eighty-eight chap- 

ters have also reflected good management in increasing their combined 
assets by $18,000.00 to a total of $290,000.00. 

The carrying value of all securities including accrued interest was 
$1,701,967.87, an increase of $58,950.39. The estimated market value 
was $2,030,851.55, an increase of $237,645.61 for the year. This in- | 
crease is 13.2 per cent of the estimated market value at the beginning 
of the period. The increase resulted not only from interest and divi- 
dends reinvested, but also from an upturn in the market. 

Dividends and interest amounted to $73,969.52, which is 4.35 per 
cent based on the carrying value of the total securities; last year the 
value was 3.82 per cent. 

The cash account was increased during the year by $58,284.27 to 
$200,093.58. 

There has been no change in the investment policy during the year. 

Total income and expenses for the year are shown in Table I. 





Table I 

Income and Expenses—Fiscal Year Ended August 31, 1954 

te Se Lares Sh. uSh out cas dace $ 1,813,516.71 

EES ee wu NCEE cua ta wad «5's b's wales vee * s 1,514,300.37 

wet cake ae ata $ 299,216.34 
Appropriations : 

Ss eee npn acbabe ccceces $ 41,000.00 

Building site and building.................... 258,216.34 

RS OP > re eabepesGl -...$ 299,216.34 
a eee ks sada nislnd ssn! swlalds «ewes 0,000,000.00 


The relative income and expense for various items are shown in 
Table II, where the values are expressed in percentage of total income. 
About 75% of the income came from Metal Progress and the Metal 
Exposition. The net dues from membership amounted to approximately 
9 per cent. Metal Progress and the Metal Exposition also accounted 
for the greater part of the outgo, amounting to some 55 per cent; gen- 
eral administration required about 10 per cent. The net income at 16.5 
per cent was appropriated for educational purposes and the building 
site and building. 

Transactions and Metals Review represent services performed at 
a net cost of $49,358.04 and $43,979.22, respectively. 

Appropriations for educational projects for 1954 are shown in 
Table III and a history of the appropriations over the past four years 
is shown in Table IV. In the latter table, the identification by Item 
Number is the same as that in the preceding Table. 
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Table Il 


ASM Income and Its Disposition—Fiscal Year Ended August 31, 1953 
Income (%) Outgo (7%) 


Metal Progress (Incl. special issue) 49.0 39.1 
Metal exposition 25.7 14.6 
Membership (Net) 8.8 29 
300ks published (Excl. Handbook) 4.6 5.0 
Dividends and interest earned 4.1 — 
Metals Handbook 3.0 2.4 
Metals Review (Incl. Literature Review ) 2.1 4.0 
Sale of Securities 1.1 — 
Transactions 0.6 3.4 
General Administrative — 10.1 
Miscellaneous 1.0 1.4 
100.0 83.5 

Appropriations — 16.5 
100.0 100.0 

Table III 
Appropriation for Educational Projects (1954) 

No. Designation Amount 
l. Acta Metallurgica (Journal of Science)........ $ 10,000.00 

2. Se ED kc ocr ues Dood ek ke csi ecs see 2,500.00 

3. Chapter Educational Activities................. 15,000.00 

4. World Metallurgical Congress................. — 
5. Program with National Science Teachers Asso- 


ciation 10,000.00 


6. Ss i de ee mele’ — 

Fi Pe NS OUD eS bbe bse wdscdhocews 50,000.00 
8. I Ss 5 SOUS chek bb ces ecdensedcéawi 208,216.34 
9. Metals Handbook Revision.................... - 

10. Cooperative Activities with Defense Agencies... — 

11. Grant to American Society for Metals Founda- 


tion for Education and Research............. 3,500.00 


Ts ix: iad aee ga ak sas 2 $299,216.34 
Table IV 
History of Appropriations for Educational Projects (1951-54 Incl.) 


No A ppropriated Expended Balance (8-31-54) 
1. $ 70,521.50 $55,521.50 $ 15,000.00 

2. 22,500.00 13,531.63 8,968.37 

3. 45,000.00 28,963.12 16,036.88 

4. 90,000.00 36,071.14 53,928.86 

5. 40,000.00 24,480.76 15,519.24 

6. 18,000.00 7,901.12 10,098.88 

7. 150,000.00 -()- 150,000.00* 
8. 258,216.34 -()- 258,216.34* 
9. 30,000.00 -()- 30,000.00 

10. 10,000.00 2,985.27 7,014.73 

11. 3,500.00 -V)- 3,500.00** 
AN ea bale a es re eR. 9 Sb cael $160,066.96 


(Excluding Items 7 and 8)* 


Again, the American Society has marched forward. In the words 
of our Secretary, Mr. William H. Eisenman, ““We must go forward.” 


*Separate Investment Funds have been set up in the Cleveland Trust Company for the 
building site and for the building. The returns from these investments now supplement the 
balances shown. 3 

**Previous appropriations have been transferred to the Foundation. 
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Under his diligent leadership, the Society has done just that. It is with 
a great deal of satisfaction that your Treasurer makes this acknowledge- 
ment. Attention should also be called to the cooperation and assistance 
offered by Assistant Treasurer, A. A. Hess, Trust Officers, A. W. 
Marten and W. W. Horner of the Cleveland Trust Company, the 
Finance Committee, and the Officers and Members of the Board of 
Trustees of the Society. 


BALANCE SHEET 


AMERICAN SOCIETY FOR METALS—August 31, 1954 


ASSETS 
CASH 


SECURITIES (approximate market or redemption 
prices aggregate $2,030,851.55) 
Bonds, stocks, and land trust certificates 
en Wai aa ee aioe a a a wo 68 ew aneule © $1,693,268.29 
ee I oe o.oo kwh a ob 6d e edb wd bee 8,699.58 1,701,967.87 


CASH SURRENDER VALUE OF LIFE INSURANCE 80,938.37 
ACCOUNTS RECEIVABLE 
Po ea a rere: «ey ae 
National Metal Expositien—Chicago 
Ss ee a an Ae wie we bales Marans 40,452.50 
Western Metal Show—Los Angeles—March, 1955 66,106.25 
a EE ET TST EE a ee 19,119.92 $ 166,800.96 


Less allowance for doubtful accounts .......... 2,000.00 164,800.96 


INVENTORIES—at cost or lower 
Sound and unbound publications, books, paper 
ha ae ie og aie in a Bo a0, 9 0k'0 00 
Less allowance for obsolescence 
OTHER ASSETS 
Officers, employees, and sundry accounts 
ee GIN oo oi bne. a Win 2 CR Ok Ren oso obs 80 ks 19,346.11 


FUND FOR BUILDING SITE AND BUILDING 
a.) CORRES ARS ee er eee 
Bonds—at cost (approximate redemption 

oe a 8 Se ene 151,000.00 
pO PR Perr ree Cree EE eee 1,256.90 153,715.02 


eee tee ery VT er re eee Cee eee ee Tee $ 200,093.5 


J 
oO 


th 


188,281.93 
oan a's 6% 4 o'Gie es ele 6,000.00 182,281.93 


$ 1,458.12 


REAL ESTATE (at cost less allowances 
for depreciation ) ds dane Os ein Oe bin ele.eel sem e666 44,250.00 
OFFICE FURNITURE, FIXTURES, AND EQUIPMENT 
(at cost less allowances for depreciation) 


DEFERRED CHARGES 
Prepaid exposition expenses: ; 
National Metal Exposition—Chicago 
November, 1954 oy fenih thsnns + ses hehe: cst arsee ee 
Western Metal Show—Los Angeles—March, 1955 8,934.70 $ 81,095.31 
eCRGNs GUUETT GRBOIER | oe i oo kis ca cece csvens 20,440.00 
Py NN ons 64 KAS EES 446d 4a OR SO Ree BY 4,814.13 106,349.44 


32,7 56, 298. 90 


aie wes 102,555.62 


LIABILITIES, RESERVES, AND SURPLUS 
LIABILITIES 


Accounts payable: 


ee ee ee ee $ 76,288.77 
Payroll taxes and taxes withheld from employees ............ 5,733.85 
For apportionment of dues to local chapters................ __ 4,127.57 $ 86,150.19 
INCOME APPROPRIATED FOR EDUCATIONAL PURPOSES 169,066.96 
INCOME APPROPRIATED FOR BUILDING SITE 
AND BUILDING 258,216.34 
RESERVES 
Se a os se a on sg ibe See Dene eth 0 wr wie $ 82,130.22 
ue PPE Red oko Ww ks pate a oo 9 hy OES wie Choe + gm eh 60,000.00 
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reel) a amr iies a eae ye i ae 50,000.00 
Campbell Memorial lecture fund ..............-.ccccccsccecs 15,000.00 
ye ee Me NIE POI sw Spe bid bad bee os RES bohc es Medic cae 5,000.00 
Ne ON vac cua chuned opens eeesthes cant 5,000.00 
FUND FOR BUILDING SITE AND BUILDING 
NNN ek caldces +s cal bass 05 ds SS Pee TRe es Oh sibiuse. 
DEFERRED INCOME 
National Metal Exposition—Chicago—November, 1954 ........$424,350.00 
Western Metal Show—-Los Angeles—March, 1955 ........... 153,725.00 
ee FR ee ree ere 336.60 
SURPLUS 
Balance at September 1, 1953, and August 31, 1954 
Ci Ce ret Ce OD » i. ccce til. oh ein ace bas eee eek 


Vol. 47 


217,130.22 


153,715.02 


578,411.60 


1,302,608.57 


$2,756,298.90 





STATEMENT OF APPROPRIATED INCOME 


AMERICAN SOCIETY FOR METALS 
Year ended August 31, 1954 
INCOME APPROPRIATED FOR BUILDING SITE AND BUILDING 
Balance September 1, 1953 ........scccssccececes 


Less amount transferred to fund for building 
Wee MN IN ois an.cieiks Fé Si emd bw Ud Casas eae 


Add amount appropriated during year 


BALANCE AUGUST 31, 1954 
INCOME APPROPRIATED FOR EDUCATIONAL PURPOSES 


PO eee Dy Pee cas ear dese cen pes ede 

Less expenditures during year: 
International Journal of Science ..............- $20,000.00 
Chater GGtCBSIOBRl COUTSER «ccc ccc ccccccccces 14,106.72 
A.S.M. Science Achievement Award ............ 10,060.00 
NN OE, DU oh aaa ean 's a tix aantebtawie slot 6,473.39 
IR a atk lee aww Aewine 0.4.08 0.0500 4,343.88 
World Metallurgical Congress ..........0..ee- 3,264.63 
A.S.M. Foundation for Education and Research.. 1,846.10 
Metallurgical Advisory Board ............2..-- 903.74 
One: DE: TOMO | ong ics cha s can ace pelben $19,806.23 


Lae Gees See WUREEUS a oo oct dine beer secde 23,5 18.60* 


BALANCE AUGUST 31, 1954 


Add amount appropriated during year 


* Indicates red figures. 


3,712.37* 


$150,000.00 


150,000.00 
5 dee 
258,216.34 








57,286.09 
$119,066.96 
41,000.00 


$160,066.96 


STATEMENT OF INCOME AND EXPENSES 


AMERICAN SOCIETY FOR METALS 
Year ended August 31, 1954 


INCOME 
Meta Procress—Monthly publication ...........cec cece ccccee 
ss 5 cu ale oe Kia e awd Me Ghee Raed om ee RE aie ees 
I os eng dba eke dae Oe he eis ablated hie ne dinates 
IW ae oe ee a Ws whe ae Maree OMA Uae buco 
ea, ee RE BER Ct wee ec cces shoves Geese sese 
ee ee EE a eS ie aes sa ees eee WOee eee be 
ee ES ER OD ing vind cc ce este eave sienededsece 
The Metats Review—monthly publication ...............46.. 
ee See es GE NIE las oe oe bine c Cie ebbinys 064 bas eiebs 
cat Ceee kos pteesaete + hE e bea eee edna es 
Ne inn skeen ba Gee eae s PEO e Oe eS de Kee ees 
I e.g Sui ass bd eee tie td bees cbatheeewaens 
SE I ON Sa tg aad MT ala satin wl aa Gin W ara g 0 eee oe eee 
Increment in cash value and dividends on life insurance ....... 
SEIS GE DUTOMMNOE BOGMG: 6.6.6 ocr i se 6 6c Koc eNTEEEN Se SOND cee eee 
eats DEED silica ly a nd ct aA a de db 4c Sieh s hAus0 2 db Cue o'p a te 
EXPENSES 
METAL Procress—monthly publication ...........--.eeeeeeeees $650,467.50 
National Metal Exposition—Cleveland—October, 1953 .......... 265,187.06 
PO DUE nec cckc ccd bvecrcsoctccseteosensescnenvessede 91,418.36 
GE OE nc cncovaccukcesdesee dudes séeenvssearedeate 85,980.25 
The Metats Review—monthly publication ..............e000. 71,751.99 


808,520.79 
466,263.68 
158,963.38 
83,755.12 
80,727.50 
73,969.52 
55,378.00 
37,407.89 
18,975.28 
11,559.53 
7,828.22 
4,001.86 
3,686.37 
2,157.53 
322.04 


$1,813,516.71 
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I 0 Kn ehh ng on Tih 65 dine ¥:0)0164's te 9 6 ois 600 epee 63,542.44 
I ra ola Ue ask cs ok oie ao wo GeO aa's wad Obi woe sees s 60,917.57 
eS, ee ee nr er 59,721.14 
ee ee ee is cp haw cwinls dd eels bb a40<ccece vues 43,476.67 
eR ten EES Dechline §. oe tS yOy ee Web lal oe S a'h0. 4 Sales wes 6 36,984.78 
ee I a aint 9 Fk mos! wick Dialed OOS Cad oa do 5 056 23,993.63 
OR SE ar ee See eee ere 18,027.24 
I A ee at EE ne le hg ote ah 6 ice ele ee ws 13,454.83 
ee I es ta se ia ak cb cle 6 area bles «eae a ule oe ba 8,572.32 
a a ee ete ee ol ek wig & oi died op 0s oso 5,051.42 
ee a a ins a ln DAB A cle eed 6 ose ee as Be Keel biacee 4,067.07 
Transfer of net income to fund for building site and building ... 3,715.02 
yg ee PRA S OE PE ee oars © eer 2,642.14 
ey ne ea a en re 2,962.72 
ie SE tian ok Sa 8b ous s » 00 # alee ba Ws OG 8's O 1,304.15 
Research and educational contributions ............2-eceeseees 900.00 
OE rs od cet a wias ee eieele te 4b Cea ee cesein st 6es 541.50 
LAMIGES sic ds dee eae ke Eee ede e Sector ear slicker nd en cctcetne ___ 520.57 

eee le ties we ie alse wie gna a alain ene oe 1,514,300.37 

i ee, oi cmesnc cess see onwes seve ees $ 299,216.34 

Income appropriated as authorized by the Board of Trustees: 

ar ee aia ae Wilnva:nl pins ons Oe &) 6 80m O% $ 41,000.00 

Far Di ee Se i dic bo 6 0s week ee Se Sehr ee ee se cer 258,216.34 299,216.34 

WMAP MUP MIAT ED MET ENCOMER oes ccccvcscecces $ —0— 





Note A—In addition to expenses shown above, expenditures in the amount of $57,286.09 
were made during the year from prior years’ appropriations (see accompanying statement). 


Cleveland, Ohio 
Board of Trustees, September 24, 1954 
\merican Society for Metals, Cleveland, Ohio. 

We have examined the balance sheet of American Society for Metals as of 
August 31, 1954, and the related statements of income and expenses and surplus 
for the year then ended. Our examination was made in accordance with gen- 
erally accepted auditing standards, and accordingly included such tests of the 
accounting records and such other auditing procedures as we considered neces- 
sary in the circumstances. 

In our opinion, the accompanying balance sheet and statement of income 
and expenses present fairly the financial position of American Society for Metals 
at August 31, 1954, and the results of its operations for the year then ended, in 
conformity with generally accepted accounting principles applied on a basis 
consistent with that of the preceding year. 

ERNST & ERNST 
Certified Public Accountants 


ANNUAL REPORT OF THE SECRETARY 


WILLIAM H. EIsENMAN, Secretary 


THe ASM or Tomorrow 


I AM deeply grateful for the distinguished honor the members of 
the ASM have bestowed upon me in electing me for the 19th con- 
secutive two-year term as your secretary. The 36 years already served 
have prepared me, I feel, to take a look into the metallurgical world of 
tomorrow—and, from my experience and my faith in the future of the 
ASM, to present to the Board of Trustees and to the Membership a 
plan of progressive, dynamic expansion and progress safely within 
ASM’s splendid economic capacities. 

So, if I may have your indulgence for a few moments, I will unfold 
to you the new fields of activity the ASM is prepared to, and, in my 
humble judgment should, enter. Here is a forward look towards the: 

American Society for Metals of Tomorrow. 
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One may state there are two paths of future action open to the 
ASM. Here they are :— 

1) To continue and improve if possible (and it undoubtedly is ) 
the services that are at present provided for its 24,000 members. While 
such an operation may seem satisfactory at the present time, and, in 
some places, the present services of the ASM have called forth com- 
mendations, nevertheless, such a path presents an uninspiring program. 
[t will never fire the members of the Society to great zeal in its behalf 
but will create, | believe, a contented staff of employees who will be 
satisfied to carry on in the same old manner, in the same old channels. 

If such a complacent scheme of action were established, the mem- 
bers would undoubtedly soon see the ASM fall into a cut-and-dried rut 
so frequently observed in other groups, that of being happily satisfied, 
and, even with a feeling of pride, doing the same old things in the same 
old way, year in and year out. 

2) The other possible path of action for the ASM would lead with 
vigor and dynamic progress to new and increased activities to service 
and serve the engineering field of the great metal industry. The ASM 
would then soon take its place as the greatest engineering and educa 
tional force of its time. It would again show and lead the way to prog- 
ress. 

As I view the ASM of Tomorrow, I cannot imagine a decline or 
leveling off of its activities. The ASM has never been, and I’m sure 
never could be, a “status quo”’ organization, but it will be and should be 
an “ASM On The March.” 

To me there seems to be but one choice: “Let Us Have Fairn 

-Let Us Move Forwarp!” 

However, the final decision does not rest with me, but with all my 
colleagues of the Board of Trustees of the ASM. I grant it is my priv- 
ilege and duty to present for their consideration and final decision the 
broad field of possible future activities of the society as I see them. 

The Board of Trustees and all the Past Presidents of the ASM 
have quite some time ago been given my views on the future of the 
ASM. They received my recommendations quite cordially and have 
unanimously approved the first two, and are giving study and consider- 
ation to the other three. Plans for placing the first two proposals in 
operation are under way. 

We all know that tomorrow comes very quickly. Therefore, it is 
important that any progress and advancement planned for now and in 
the near future must have the reserve capacity for the ASM’s future 
needs. 

So, here begins my word picture of : 


THe ASM or Tomorrow 


One should not be so busy and occupied with present activities that 





seine AN LLL LLL EAE 
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he fails to recognize the dawn of a new day with new possibilities for 
increased service and the need for an alert and forward look. 

I would not for a moment have you feel that the thoughts expressed 
on the projected activity here unfolded represent the last word in just 
how and when they might be placed in operation. The real purpose I 
have in mind now is to present the broad picture of great possible future 
usefulness of the ASM, not to give minute details of its operation but 
to show how all the projected activities dovetail into an ASM picture 
of tomorrow. 

The ASM of Tomorrow, as I foresee it, will be a gradual progres- 
sion from one phase of accomplishment to the next. An evolution 
springing from the present firm and substantial base of service, a base 
created through 36 years of growth and advancing preparation for the 
tremendous opportunities that should now be attacked with vigor and 
comprehension. 

And here are the phases of the recommendations and proposals | 
inake, with a fuller discussion of each to follow: 

1. The erection of an adequate new headquarters building 
(within 2 years ) 
The creation of a division of the ASM to be known as the 
Metal Engineering Institute (in operation within 2 years ) 
3. The creation of a division of the ASM to be known as ASM 

Metallurgical Seminars (within 3 years) 

4. The creation of a division of the ASM to be known as the 
ASM Metal Research Laboratory (as soon as practical!) 
5. The creation of a division of the ASM to be known as the 


Metal Science University (to follow the Research Labora- 
tory ) 


SS 


I wish to present a few facts about a new headquarters building. 

1) The necessity for a new headquarters building, as well as a new 
location, has already been recognized and approved by the Board of 
Trustees. The present quarters at 7301 Euclid Avenue are externally 
and internally attractive but inadequate in size and undesirable as to 
location, due to business neighbors, the surroundings, and also the per- 
sonal safety of employees and property. Also, the present site and build- 
ings are economically unsound. 

The site and headquarters building fund, including the appropria- 
tions already made, and exclusive of all other assets of the Society, now 
total $500,000, and it is expected that by the time the building location 
and plans have been approved, the fund will total more than one million 
dollars. A committee is now actively searching for a site, either within 
city limits or in a suburban area which would be easily accessible and 
where the value of the land has not been inflated, but has every prospect 
of a very substantial increase in value. 

2) The second step in the March of Metallurgical Progress is the 
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creation of a division of the ASM to be known as the ASM Metal En- 
gineering Institute. I am pleased to report that this forward moving 
activity has already received the unanimous approval of the Board of 
Trustees. 

Metal Engineering Institute is the tentative name that has been 
assigned to that division of the Society that will have control of the 
preparation, manufacturing, presentation and administration of the 
Educational Courses now being written by carefully selected high au- 
thorities on the 41 metallurgical and metals engineering subjects so far 
scheduled for production. 

Work on these Educational Courses has been in progress for about 
a year, during which time the invited authors prepared extended out- 
lines of each of the fifteen chapters of their course, and after a con 
ference with each author in Cleveland to discuss his outline and the 
general form for presentation of the subject material, 38 of the 41 sub 
jects are now in process of completion within a 12-months’ period. Th« 
authors have been enthusiastic about the entire plan and have bee: 
most happy to cooperate in this outstanding educational activity. Con 
sequently, it is hoped that within 18 months, the Metal Engineering In 
stitute should be ready for presentation of the 41 Education Courses t 
be used for :— 


1. ASM Chapter Educational Courses 
2. In-plant Training 
3. Correspondence (Home Study) Courses 


1. The ASM Chapter Educational Courses: A chapter will be abl 
to select the number of lessons desired (3 to 6 or more) of greatest in 
terest to its members. This will give a chapter greater flexibility in th: 
selection of subjects since it relieves the lecturer of the necessity of pre 
paring lesson material. The committee could select a group of lecturer 
from one ASM Educational Course, or (since each of the 15 lessons in 
a course is a complete unit), the committee could select individual lec 
tures (lessons) from a number of courses. The availability of thes« 
Educational Courses will greatly increase the educational activities of 
the ASM Chapters, give them an opportunity for greater service, and 
enhance the chapters’ local stature in many ways. 

2. In-plant Training: Weare all aware of the great extent to which 
this type of training is being sponsored and the importance attached to 
it by the metals-producing and fabricating industry. While some of the 
larger companies are staffed to do this in-plant training, there are liter- 
ally thousands of plants that either do without it or must depend on 
an outside source for this service. And where, one might ask, would 
they be most apt to turn, but to the ASM, the Engineering Society of 
the Metals Industry. 

3. The Correspondence (Home Study) Course: The ‘“‘typical’’ 
student will be a young man possibly between the ages of 24 to 31, 
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married, a high-school graduate who went into Service, then to work, 
and is at present employed in the metals industry, either in production, 
fabrication, testing or in some specialized investigation (such as cor- 
rosion, high-temperature and so on). The type of metal industry in 
which he is engaged will vary from the manufacture of earth-moving 
machinery to airplanes, from transportation to construction, from steel 
mills to automobiles. This individual may be a young man in any type 
of manufacture using metal who wants to and should know more 
about the material or process with which he is working, and why it 
performs the way it does. The ASM courses will supply that informa- 
tion. 

The great number of individuals employed in all branches of the 
metals industry represents a large percentage of the total number em- 
ployed in the national economy. (The metals industry is 50% of the 
present economy). Consequently, the field for home study courses is 
large—almost unlimited. The opportunity to engage in self-study and 
self-improvement will undoubtedly have a great appeal for those young 
men whose ambition and education will play a very important part in 
their future. 

It is reported that some two million Americans are now paying 
more than $40,000,000 each year to study everything from budgetary 
control to blue print reading. Enrollment is up 15% over 1952. Today 
there are more than 40 accredited institutions belonging to the National 
Home Study Council, only two of which together offer 4 courses in 
Metallurgy. These courses are broad and all-inclusive, and will have 
no similarity at all to the ASM courses that break down the general 
course they offer into over 40 different special subjects (divisions). 

Training supervisors for large corporations generally recognize 
the value of home study. Some firms have contracted with training in- 
stitutions to take over part of their load. 

Today, educators in most schools of the country recognize the need 
tor such off-campus training, since there are currently more students 
enrolled in home study courses than in all the universities, colleges, pro- 
fessional and vocational schools combined. 

The Metal Engineering Institute will be self-supporting and should 
in a very limited time of operation, return many times the modest cost 
incurred in the preparation, production and presentation of the courses. 

Because of the outstanding reputation of the authors, their grasp 
of the aims, ideals and purposes of each Educational Course, their 
knowledge of the vast group in the metal industry these courses are to 
serve, I am more than safe in predicting that this division of the ASM 
will soon grow into the most widely known, recognized and appreciated 
activity of the Society, fulfilling an important function in and for the 
metals industry, a service that will become the most valuable and con- 
tinuing asset the ASM has. 

The third step in the program is the ASM Metallurgical Sem- 
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inars. These Seminars will present continuously throughout the year 
intensive one-and two-week institutes for discussion and study at an 
advanced educational level of important and current phases of metal- 
lurgy and metals engineering. | 

For these Seminars will be assembled the top scientists and special- 
ists in the field under discussion—an opportunity for informal discus- 
sion groups devoted to individual metallurgical problems as well as 
refresher courses in metallurgical procedure. 

Seminars are becoming increasingly important in providing op- 
portunities for members of organizations to meet together to exchange 
information, solve common problems, make decisions, bring to partici- 
pants the results of study and experience in the field under considera- 
tion, together with practical application to specific problems. Attendance 
at these seminars will be limited to insure maximum attention to indi- 
vidual needs. 

The ASM Metallurgical Seminars will be in session throughout 
the year, not confined to the few summer months, and will thus afford 
a gathering center or forum where metallurgical problems and new in- 
formation on metals engineering will always be the prime topic for con- 
versation and study. 

4. ASM Metal Research Laboratory: The next new project for 
the American Society for Metals, in line with a policy of dynamic ex- 
pansion, should be the establishment of a metals research laboratory. 
Properly organized and directed, it would fill an area now unoccupied 
and perform important functions now neglected, yet of great impor- 
tance to America’s metallurgical advance. 

At present, laboratories in and for the metals industry may be 
roughly subdivided as follows: 


(1) Laboratories in the individual plant or in a central 
location of a single corporation. 

(2) Governmental laboratories, such as Bureau of Mines, 
Bureau of Standards, Atomic Energy Commission, Army Ar- 
senals. Essentially these are the same as category No. 1 above. 

(3) Commercial Testing Laboratories. Many are doing 
some development work. However, in metallurgy these are 
largely confined to inspection and representation. 

(4) University and Endowed (or Self-Supporting) Re- 
search Institutes. Their work is principally an extension of 
that listed in Categories No. 1 and 2 upon well-defined prob- 
lems beyond the man power or instrumentation available in 
the sponsor’s own laboratory. 

(5) Laboratories for Fundamental Research, of which 
there are not very many, although there is a very good exam- 
ple here in the University of Chicago’s Institute for the Study 
of Metals. 


Such a review even though very brief indicates one important field 
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now all but completely neglected. Categories No. 1, 2, 3, and 4 work on 
‘ad hoc, practical’ problems, of limited scope, designed to benefit a 
limited public. 

Category No. 5 is working at the advanced frontiers of knowledge. 

The gap between these two represents the field for the American 
Society for Metals Research Laboratory—namely, industrial problems 
in metals of widest generality, useful either to the whole metals refining 

udustry, or to the whole heat treating industry, to the whole super- 
ower industry, and so on. Since there is nothing like it in America 
ow, one would have to go abroad to find parailels of laboratories study- 
¢ the main problems of whole industries, such as the British Non- 
errous Metals Research Association, the French Iron and Steel Re- 
irch Institute (IRSID), Centre Technique des Industries de la 
mderie, or the Swiss Watch Industry’s Central Laboratory. In the 
ited States we might have to go back as far as the 1920’s and cite 
5M’s Past President Charles Herty’s study of openhearth steelmak- 
processes at the Pittsburgh Station of the Bureau of Mines, fi- 
nced by practically all the firms in the steel industry. Much work is 
ne in the cooperating plants, thus avoiding installation of heavy 
uipment of mill type. 

In brief, an American Society for Metals Research Laboratory 
th the objective of solving general problems concerning the use, and 
provement and application of metals in American industry would 
t be competing with existing effort, but would in fact fill a great gap 
\merican metallurgical research. 

When such an American Society for Metals Research Laboratory 
‘omes a working organization it would naturally attract the type of 
blems it is equipped to handle. Undoubtedly it would be called upon, 

only to serve the inetals industry, but in case of emergency, may 
ll serve the nation. 

While the scale of activities in the ASM Metals Research Labor- 
ry would largely depend on the number of research programs devised 
the laboratory director, it could also receive direct support from the 

.merican Society for Metals Foundation for Education and Research 
ud the American Society for Metals itself. 
>. With the ASM Engineering Institute, the Metallurgical Sem- 
inars and the Metal Research Laboratory in operation, the fifth phase 
of my proposal follows as a natural sequence: 

The creation of a division of the ASM to be known as the Metal 
Science University. 

The top metal scientists, engineers and researchers will be attracted 
to and become a fixed part of this great assembly of metal men. Their 
teaching talents and instructional abilities will be fully made use of in 
the classrooms and laboratories of the university. 

Differing from other institutions, it will offer courses in metal 
science only beginning with the third year students and continuing 
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through the post graduate studies. Special care will be given to the 
training of research workers so the graduates may help fill a void that 
is now developing. The graduates should also be capable of going im- 
mediately into industry and head a research department having had 
training in management and research planning. 

I have unfolded my view of the ASM of Tomorrow. It is not a 
hastily conceived plan, but one towards which the ASM has been mov- 
ing for many years. This forward looking program is no small plan, yet 
it is logical and can readily be carried to full fruition if only you have 
the will and faith to go forward. 

While I am pleased to be the author of this expansion program, it 
is by no means a one-man operation, nor is any one man essential to 
its gradual accomplishment. There are hundreds of live, energetic and 
capable individuals who recognize that the ASM should not rest on its 
reputation, however good it is, but must look and advance forward— 
and who can easily take the formula presented here, and with the as- 
sistance of all ASM members—the world’s largest group of metal 
scientists and engineers—reach the highest peak of usefulness and 
service to the metals industry. 

If I have expressed my thoughts clearly, you have recognized how 
this Metal Science Center has grown and expanded in a logical progres- 
sion—each activity an advance on the frontier of increased educational 
activities—each one a new service for a great primary industry. 

You have already visioned with me the extensive acreage necessary 
to comfortably accommodate and house the extensive buildings which 
this progressive expansion of the society will require. 

You have recognized, I am sure, that as the present ASM has 
been successful in giving extensive service to its members at a minimum 
cost and has, at the same time, created a firm financial structure, the 
ASM of tomorrow, as I have outlined it, will continue as a successful, 
self-sustaining organization, with all divisions helping one another so 
that in a smooth operating society the net result can only be a contin- 
uous and increasing service by all of the divisions of the ASM of 
Tomorrow. 

I commend this program to you—it is no little plan. I hope you 
believe, as I do, with Daniel H. Burnham who says: 


“Make no little plans; they have no magic to stir one’s blood 
and probably themselves will not be realized. Make big plans ; 
aim high in hope and work, remembering that a noble, logical 
diagram once recorded will never die, but long after we are 
gone will be a living thing, asserting itself with ever growing 
insistency.” 


Remember, let ASM make no little plans! Let ASM make only 
big plans, realizing that vision is indispensable to progress. I have pre- 
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sented this diagram of the ASM of Tomorrow so that it may be re- 
corded and made a part of the official record. 

You, the members and the Board of Trustees and all of us can 
fill out that diagram in every phase—and when it is completed, it will 
be a more finished and successful achievement than could possibly be 
created by a word picture of the most glowing eloquence. But to create 
and accomplish, we must have Faith in the ASM as an instrumentality 
through which all of us, recognizing that the security and welfare of 
our civilization depend increasingly on the advancement of scientific 
knowledge, will have an opportunity to serve humanity—our industry 

-and our country. 

Hear ASM’s call to greater service. 

If we listen and hear the Call, 

And answer with a will and determination, 

No barrier can halt the progress of the ASM of Tomorrow. 


Cl Ont? 


1954—ANNUAL REPORT OF THE SECRETARY 
The American Society for Metals on October 1, 1954 had a total 
membership of 24,300, a gain of 5.6% since last October. 
Of this number, 20,865 are regular members, 1099 are junior mem- 
bers, and 2211 are sustaining members. 
There are 52 honorary and life members, and 73 are in the armed 
rces. 
PUBLICATIONS COMMITTEE 


Seventeen persons constitute the membership of the Publications 
mmmittee for 1954, under the chairmanship of F. T. McGuire, Man- 
xer, Materials Engineering Department, Deere & Co., Moline, III. 
he members of the Committee and their Chapter affiliation are: W. W. 
\ustin, Carolinas; B. L. Averbach, Boston; H. S. Avery, New York; 
. A. Berger, Pittsburgh; W. O. Binder, Buffalo; D. J. Carney, Chi- 
igo; R. D. Chapman, Detroit; K. L. Fetters, Mahoning Valley; A. 
H1. Geisler, Eastern New York; J. L. Gregg, Southern Tier; W. D. 
\lanly, Oak Ridge; Peter Payson, New York; G. V. Smith, New Jer- 
ey; J. W. Spretnak, Columbus; J. L. Wyatt, Cleveland; and Ray T. 
Bayless, Secretary, Cleveland. 

During the year the Committee has reviewed 63 papers. Of this 
number 41 papers were approved for publication in TRANSACTIONS, 39 
of which were selected for presentation at the October National Metal 
Congress and two for publication in TRANSACTIONS only. 22 papers 
were-not approved for publication and returned to authors and a few 
of these may be revised according to Committee suggestions and re- 
turned to the Society for re-review. Thirteen papers are now in the 
process of review. 


The Publications Committee held one formal meeting on June 22 
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and 23, 1954, at which time the final arrangements for the technical 
program at this Convention were made. 


EDUCATIONAL COMMITTEE 


The Educational Committee for the year 1954 was composed of 
the following personnel: F. G. Tatnall, Philadelphia, Chairman; A. M. 
Bounds, Philadelphia ; W. J. Buechling, Warren; J. M. Edge, Birming- 
ham; R. S. Guinan, Rochester; N. C. Jessen, Akron; C. H. Lorig, 
Columbus; H. J. Smith, Louisville; Otto Zmeskal, Chicago; and Ray 
T. Bayless, Secretary, Cleveland. 

This Committee held one formal meeting on December 8, 1953 at 
which time the educational lectures for this Convention were discussed 
and the lectures for the 1955 Convention were also arranged. These 
lectures are: 

1954 
1. “Furnace Atmospheres” 
2. “Temperature Measurement” 
W. E. Belcher, Jr., Minneapolis-Honeywell Regulator 
Donald Robertson, Leeds & Northrup Co. 
W. F. Hickes, The Foxboro Co. 
Due to factors beyond the control of the Committee, it was found 
necessary to abandon the series on ““Furnace Atmospheres.” 
1955 
1. “Embrittlement Phenomenon” 
by B. R. Queneau, U. S. Steel Corp. 
2. “Deep Hardening Steels” 
by C. M. Carmen, Pitman-Dunn Labs., Frankford Arsenal 

The new motion picture film entitled “Heat Treatment of Steel” 
which was sponsored by the Educational Committee and produced by 
the Photographic Department of Ohio State University under the 
supervision of Professor J. O. Lord, is now available to ASM Chap- 
ters and others. 


ASM Metacs HANDBOOK COM MITTEE 


The Handbook Committee has made substantial progress. During 
the past year, 22 author committees have submitted reports. These have 
been reviewed by hundreds of ASM members, then revised, approved 
by the Handbook Committee and published as the first Supplement to 
the ASM Metals Handbook. All members received this Supplement 
as a 13th issue of Metal Progress, dated July 15, 1954. 

Work continues toward the next full edition of the Handbook. 
Forty-two additional committees are being formed. To assist in this 
expanding program of technical committee work, Mr. James P. Hontas 
has been employed as ASM Staff Metallurgist, bringing the profession 
staff of the Handbook to three. 

Sales of the 1948 edition outside the membership continue at a 
high level; during the past year sales were greater than for the year 
preceding. 
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SPECIAL LIBRARIES ASSOCIATION 

The Metals Division of the Special Libraries Association is again 
holding its fall meeting in conjunction with the National Metal Con- 
gress on Wednesday, Thursday, and Friday, November 3, 4, and 5. 
The program includes field trips to John Crerar Library on Wednes- 
day, and to Inland Steel Co. on Friday, a morning technical session 
Thursday on “The Small Metallurgical Library” and an afternoon ses- 
sion on “Economics and Marketing in the Metallurgical Field.” 

Through the courtesy of the American Society for Metals, the Di- 
vision is again sponsoring a library booth at the National Metal Exposi- 
tion. Periodicals and government publications, new technical books, 
\SM and SLA publications are on display, and a competent staff of 
echnical librarians is on hand to provide a working reference service 
‘or visitors. 


‘TRANSACTIONS 


Since the last National Metal Congress, Vol. 46 and Vol. 46A of 
he TRANSACTIONS were published and distributed to the membership 
n March 1954. Vol. 46 totals 1659 pages and constitutes 72 articles with 
heir discussions. It contains all of the papers presented at the October 

53 Convention held in Cleveland, together with some of the papers 
resented at the Eighth Western Metal Congress held in Los Angeles, 
larch 1953, all of the papers presented at the midwinter meeting 
eld in Boston in March 1954, and also the interim papers received dur- 
ig the year. The president, secretary and treasurer’s reports for 1953 
nd other current items of record were included in Vol. 46 together 
ith a report of the Convention. 

Vol. 46A contains 12 papers (270 pages) presented at the Seminar 

1 “Relation of Properties to Microstructures” held on Saturday and 
sunday, October 17 and 18, 1953, during the National Metal Congress 
nd Exposition, Cleveland. This seminar was sponsored by the Amer- 
an Society for Metals, the subject being selected by a committee ap- 
ointed by the Board of Trustees. The personnel of this committee was: 
‘lorris Cohen, Chairman; David Turnbull, A. D. Schwope, R. Smo- 
uchowski, E. R. Parker, Bruce Chalmers, L. K. Jetter, Harvey Brooks, 
''rederick Seitz, O. T. Marzke, E. S. Machlin and Paul Beck. The prep- 

aration and coordination of the series of subjects and solicitation of 
speakers were carried on by David Turnbull. 


PREPRINTS 
Thirty-nine papers were prepared in preprint form for presenta- 
tion at this Convention. These preprints were distributed to those 
members of the Society who requested them. The total number of pages 


is 753 and a total of 45,000 preprint copies was distributed free to the 
membership. 
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METAL PROGRESS 


This report concerns the 12 regular monthly issues of Mera 
PROGREsS, prepared by the editorial staff. The 13th issue in mid-July 
will be noted in the report of the Metals Handbook Committee. 

1954 proved to be the most successful year. Advertising volume 
(1946 % pages in the 12 issues) again practically matched the highest 
totals of the mid 1940’s. Editorial volume of 826 pages in the 12 issues 
represented an 1814% increase over the average for the preceding 10 
years. Circulation increased about 6%, accompanying the increased 
membership in the Society (averaging 22,300 in fiscal ’53 and 23,560 
in fiscal 54). Consequently it can be seen that a record-breaking amount 
of information was also distributed to AS Members. 

Some notable series of articles have been presented. First may be 
mentioned the second Review of International Progress in Metallurgy 
(January 1954) wherein 14 eminent engineers in foreign countries de- 
scribed important advances in their respective countries. A new depart- 
ment for critical and descriptive book reviews of notable publications 
has appeared in almost every issue. A series on the use of statistical 
control in the metals industry appeared during the fall of 1953. Several 
articles on fabrication and use of beryllium metal were printed in April 
1954, reporting the symposium held at the Boston midwinter meeting 
in cooperation with the U.S. Atomic Energy Commission. Other exclu- 
sive articles about atomic energy and the metallurgical work at various 
A.E.C. installations have been presented. Peter Kosting of Watertown 
Arsenal is writing a history of large cannon, and chapters in this work 
are appearing at intervals. Several important articles on new heat treat- 
ments and devices to control surface composition of steel have been 
printed. 

To enlarge the editorial coverage, 137 critical digests of timely 
articles appearing in other American and foreign journals have been 
printed. Each of these extended abstracts is prepared by some AS Mem- 
ber, expert in the field under discussion. The periodic “surveys of 
reader performance’, made by the R. O. Eastman research organiza- 
tion, indicate that this department in Metal Progress has unexpectedly 
high ratings in reader interest, attention and value. 

The Editor of Mretat Procress, as for several years past, has 
given a considerable amount of time to the Atomic Energy Commis- 
sion as a member of its Advisory Committee on Industrial Information, 
particularly as chairman of working groups appraising operations and 
documents at the various facilities. 


METALS REVIEW 


During the 12 months from October 1953 through September 1954, 
MetALs REvieEw published a total of 696 pages—96 pages more than in 
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the preceding 12 months, an increase registering greater response than 
ever before of chapter reporters to home office solicitation of material. 
Of the 696 pages, 53% were devoted to news of chapter activities, do- 
ings of members and headquarters actions ; and 47% were devoted to 
ASM Review of Metal Literature. 

Continuing the special issue inaugurated in 1951, the February 
issue of MeTats Review published the biographies and photographs of 
junior members to assist them in obtaining employment during the 
coming year. The feature “Meet Your Chapter Chairman” was con- 
tinued during the year, and a new feature “ Metallurgical News and De- 
velopments”’ was started. 

The 10th volume of the ASM Review of Metal Literature, con- 
taining 714 pages and 8033 annotations, was published. 


Books 

During the past year, a total of 27,116 books published by the 
Society was sold to members and others. This figure includes 2714 ASM 
Metals Handbooks and 1266 Handbook Supplements. 

During this period 11 titles were added to the publication list. They 
are: 

Revision of “Engineering Alloys” by N. E. Woldman 

Transactions of ASM—Vol. 46 

Relation of Properties to Microstructures—Seminar by 12 authors 

Metals Technology, edited by Alfred Bornemann 

Surface Protection Against Wear and Corrosion—by 17 authors 

ASM—1954 Handbook supplement 

Review of Metal Literature—Vol. 10 

Basic Metallurgy—Prepared by members of Philadelphia Chapter, ASM 

3ehavior of Metals Under Impulsive Loads—by J. S. Rinehart & John 

_ Pearson 

Fatigue—by 3 authors 

Utilization of Heat Resistant Alloys—by 17 authors 

The following titles are now in preparation : 

Vol. 47—ASM Transactions 

The Metal Beryllium 


SEMINAR ON IMPERFECTIONS AND IMPURITIES 

The Seminar on Imperfections and Impurities this year was an 
outstanding success. It was divided into four important and interesting 
sessions with the meeting room filled to capacity. This interest is a 
great compliment to the Committee and the seminar speakers and as- 
sures a continuance of this important annual event. 

The Committee on arrangements consisted of the following per- 
sonnel: David Turnbull, Chairman, Schenectady ; P. A. Beck, Peoria; 
Harvey Brooks, Boston ; Bruce Chalmers, Boston; R. L. Cunningham, 
Ottawa Valley ; Eric Jette, Los Alamos; L. K. Jetter, Oak Ridge; E. S. 
Machlin, New York; R. Maddin, Baltimore; A. S. Nowick, New 
Haven; Frederick Seitz, Urbana; and O. T. Marzke, Washington, 
Coordinator of the Seminar. 
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ASM Scrtence ACHIEVEMENT AWARDS 


The ASM Science Achievement awards were held again under 
the auspices of the National Science Teachers’ Association. 

There was a large increase in the number of students in the pro- 
gram this year, with approximately 2000 participating in this activity 
to increase the interest of junior and senior high school pupils in the 
sciences. 


YounG ENGINEERS’ Day 

Over 200 student members of the ASM were the guests of the 
Society at luncheon at the Saddle and Sirloin Club on Friday, Novem- 
ber 5th. The students came from Notre Dame, Purdue, University of 
Illinois, University of Wisconsin and Illinois Institute of Technology. 

An added feature of Young Engineers’ Day, besides visiting the 
Exposition, was the privilege of meeting the 25-year members of the 
Society who have contributed so much to the present stature of the So- 
ciety. There was present over 160 members with a record of 25 years 
or more. They also were the guests of the Society at this luncheon. 


NATIONAL METAL EXPOSITION 


The National Metal Exposition occupied the full facilities of the 
International Amphitheatre and again was considered both by visitors 
and exhibitors as having achieved an outstanding high mark of excel- 
lence. 

There were 450 exhibitors occupying 150,000 square feet of space. 
The exhibits were witnessed by 65,000 visitors. 

The new booth backgrounds, the spreading of the royal red carpet 
and the festive decorations all added to the creation of the spirit of the 
Metal Show. 


Tue NATIONAL METAL CONGRESS 


The National Metal Congress again had the cooperation of the 
Institute of Metals Division of the American Institute of Mining and 
Metallurgical Engineers, the American Welding Society, the Society 
for Non-Destructive Testing, and the Metals Division of the Special 
Libraries Association. 

This year a new cooperator was added, The Industrial Heating 
Equipment Association, presenting three programs. 

All of the technical sessions of the cooperating societies as well 
as the ASM were of outstanding interest and created a great Metal 
Congress. The three sessions offered by the Industrial Heating Equip- 
ment Association in cooperation with the ASM were particularly well 
attended and convinced the participants that a continuation of this 
type of program in cooperation with the Congress was quite desirable. 
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American Society For Metals 
Foundation For Education And Research 
Annual Report Of The President 


RALPH L. WItson, President 


HE ASM Foundation for Education and Research has nearly 

completed its second full year of operations. In this report are 
combined a statement of the activities and the financial standing of the 
Foundation to August 31, 1954. 

The Trustees have continued to emphasize educational rather than 
research programs for the near future. In keeping with this policy, the 
$400 awards for undergraduate scholarships in metallurgy have been 
renewed at the eligible colleges on the original list and a few more 
schools were added by extending participation to all institutions giving 
lay-school courses leading to a degree in metallurgy. There are now 
{2 schools in the United States and 6 in Canada sharing in the scholar- 
ship plan. 

A new feature of the educational work of the Foundation is the 
‘stablishment of the ASM Graduate Fellowship in Metallurgy. This 
ellowship is intended to encourage qualified persons who are engaged 
in industrial or non-academic research to return to college to resume 
tudies in their field of interest. The amount of the Fellowship for one 

ear will be $2,400 for a single person or $3,000 for a married person. 
\lso, the school will receive a grant of $1,200 for tuition and research 
xpenses. The first award will be made for the academic year 1955-56. 

In the year ending August 31, 1954 the total assets of the Founda- 
ion were $663,464.04 as compared to $654,768.64 the year before. In 
the following tables are shown the position of the Foundation with 
respect to Endowment Principal and Unexpended Income on Au- 
rust 31, 1954 based on an unaudited report. 


Endowment Principal 


A a ia os Se ne Db kaise be 560% $650,000.00 

Grant tram Aten Ampeet 31, 1953... cece ccc veces. 1,846.10 

ee eo. a ee (2,497.51 

NCR I e  iveead actcpitheverevvesese $654,343.61 

Unexpended Income 

ES ey ee $ 4,749.07 

Income Sept. 1, 1953 to Aug. 31, 1954.................. $28,100.18 

Expense Sept. 1, 1953 to Aug. 31, 1954...............-.. 4,528.82 23,571.36 
28,320.43 

\warded 48—$400 Scholarships....................0.. _ 19,200.00 

a ee i eckerbasccnepiepes sed $ 9,120.43 


Treasurer Walter E. Jominy will submit a complete audited finan- 
cial statement for the entire fiscal year ending November 30, 1954, 
which will be incorporated in the Foundation annual report as it will 
appear in the ASM Transactions. (Audit published on page 30) 
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AUDITED BALANCE SHEET 


AMERICAN SOCIETY FOR METALS FOUNDATION 
FOR EDUCATION AND RESEARCH—November 30, 1954 


ASSETS 
CASH ON DEPOSIT 
The Cleveland Trust Company: 
DINE OE 4 de » du 0 nik Hod be Kook ees a se beceneek ees $ 16,168.14 
Ne. od nan db Bhd 66 as Bee eee CREAREE Saw alles $ 1,389.82 $ 17,557.96 


SECURITIES (approximate market prices 
aggregate $754,683.48) 


ee ee ny MeL. ok cc kabebee here eee gee es 656,397.68 
OTHER INCOME ASSET 
MT EE Cn. . co Cab ord oie tod dae eee bE Oe CARES og 3,091.64 
$677,047.28 
FUNDS 
PRINCIPAL OF ENDOWMENT FUND same 
Grants from American Society for Metals.................. $655,346.10 st 
Profit om Giapounl GE GOCTSER 6 occ icc odie ccciwereeeecess __ 2,441.40 $657,787.50 
TIMAPPROPRIAT OO BEC TCOMEE.. . ccccc cc tecnsdesacyes 19,259.78 


$677,047.28 








Note A—Securities obtained by grant from American Society for Metals are stated at 
market price at Tuly 15, 1952. Subsequent add.tions are at cost. 


STATEMENT OF INCOME AND EXPENSES AND 
UNAPPROPRIATED NET INCOME 
AMERICAN SOCIETY FOR METALS FOUNDATION 


FOR EDUCATION AND RESEARCH—For the year ended November 30, 1954 
INCOME 





Dividends, interest and discount earned.............eeeeeeees $ 28,377.61 
EXPENSES ‘ 

EE EE EER LEA EM ETE G TRONS TORE EE Fer Tee S$ 1,713.82 
rr Cr Oe QE. Sa a dcaceks ebeleanebe heres 1,427.56 

I MY NN 5 OS a bs cia ein ale bm ae balla das Mw alae 919.9) st 

ee SE EG, 8 5. a ds veka ew snes Oo bee he wane Be KD 310.90 4,372.27 

NET INCOME $ 24,005.34 

Unappropriated net income, November 30, 1953..........-+..5. _ 14,454.44 

$ 38,459.78 

Scholarships awarded during the year..........ccececccscsees __19,200.00 
UNAPPROPRIATED NET INCOME 


NOVEMBER 30, 1954 $ 19,259.78 
Board of Trustees, 
American Society for Metals Foundation 
for Education and Research, Cleveland, Ohio. Cleveland, Ohio 
December 17, 1954 
We have examined the balance sheet of American Society for Metals 
Foundation for Education and Research as of November 30, 1954, and the 
related statement of income and expenses and unappropriated net income for 
the year then ended. Our examination was made in accordance with generally 
accepted auditing standards, and accordingly included such tests of the account- 
ing records, and such other auditing procedures as we considered necessary in 
the circumstances. 
Securities were confirmed to us by The Cleveland Trust Company, agent. 
In our opinion, the accompanying balance sheet and statement of income 
and expenses and unappropriated net income present fairly the financial position 
of American Society for Metals Foundation for Education and Research, at 
November 30, 1954, and the results of its operations for the year then ended, in 
conformity with generally accepted accounting principles applied on a basis con- 
sistent with that of the preceding year. 


ERNST & ERNST 
Certified Public Accountants 
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The Trustees of the Foundation wish to thank the Society for per- 
mission to present this report at the annual meeting and to publish the 
final version in the ASM Transactions. 


ELECTION OF OFFICERS 
PRESIDENT AUSTIN: We will now proceed with the election of 
officers, complying with the Constitution. I appointed in March, 1954, 
the following Nominating Committee, selected from a list of candi- 
dates suggested by the eligible chapters prior to March 1, 1954. 


Chairman: M. J. Day—Chicago 


Ardrey M. Bounds—Philadelphia E. S. Rowland—Canton- Massillon 
E. E. Stansbury—Oak Ridge Eldon Van Meter—Wichita 
S. F. Urban—Buffalo C. B. Carpenter—Rocky Mountains 
W. E. Bancroft—Hartford J. C. Thompson—San Diego 


The Nominating Committee met in Chicago on May 20, 1954 and 
made the following nominations : 


For PRESIDENT 


George A. Roberts, Vice President, Technology, 
Vanadium-Alloys Steel Company, Latrobe, Pa.—l year 


For VICE-PRESIDENT 
A. O. Schaefer, Vice President, 
Engineering & Manufacturing, The Midvale Company, Nicetown, Pa.—1l year 
For TRUSTEES 
Walter Crafts—Associate Director of Research, 
Electro Metallurgical Division, Union Carbide and Carbon Research 
Laboratory, Niagara Falls, New York.—2 years 
Karl L. Fetters—Assistant to the Vice President in Charge of Operations, 
Youngstown Sheet & Tube Company, Youngstown, Ohio—2 years 

Complying with the Constitution, a quorum of the immediate 
Past Presidents met in New York on May 26th and nominated for 
yecretary, William H. Eisenman. 

I have been informed by the Secretary that no additional nomina- 
tions were received prior to July 15, 1954 for any of the vacancies ap- 
pearing on the Board of Trustees. Consequently, the nominations were 
closed. I now call upon the Secretary to carry out the provisions of the 
Constitution with respect to the election of officers: 

SECRETARY EISENMAN : Conforming to the provisions and require- 
ments of the Constitution of the American Society for Metals, I hereby 
cast the unanimous vote of the members for the election of the afore- 
named candidates who were nominated on May 20th and 26th, 1954. 

The President introduced the newly elected officers and called upon 
the President-elect, George A. Roberts, to say a few words. 

PRESIDENT AUSTIN: Has anyone present anything to bring before 
the meeting for the good of the Society ?—If not, then a motion to ad- 
journ is in order. 
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At 10:30 President Austin reconvened the meeting by introducing 
Past President James P. Gill, the chairman of the Edward DeMille 
Campbell Memorial Lecture, who introduced Dr. Kent R. Van Horn 
who presented the twenty-ninth Edward DeMille Campbell Memoria! 
Lecture entitled “Factors Affecting Directional Properties in Alumi- 
num Wrought Products.” The lecture is printed in full in this volume 
of TRANSACTIONS. 


ASM ANNUAL DINNER 


On Thursday evening, November 4, members and guests assem- 
bled in the Ballroom of the Palmer House for the Annual Dinner of 
the Society. The attendance was in excess of 400. 

Those persons seated at the speakers’ table were: Walter Crafts, 
Union Carbide and Carbon Corp.—Trustee-Elect, ASM ; Karl L. Fet- 
ters, Youngstown Sheet and Tube Co.—Trustee-Elect, ASM ; Harry 
B. Knowlton, International Harvester Co.—Trustee, ASM; W. A. 
Pennington, University of Maryland—Treasurer, ASM; Ralph L. 
Wilson, Timken Roller Bearing Co.—Past-President-Trustee, ASM ; 
Gerold H. Tenney, Los Alamos Scientific Laboratory—President, So- 
ciety for Nondestructive Testing ; Irwin H. Such, Editor—Steel; F. L. 
Plummer, Hammond Iron Works—President, American Welding So- 
ciety ; A. O. Schaefer, The Midvale Co.—Trustee and Vice-President- 
Elect, ASM; Francis B. Foley, International Nickel Co.—Past- 
President, ASM; Alexander Feild, Armco Steel Corp.—Recipient of 
1954 Sauveur Achievement Award; A. E. White, Ann Arbor—First 
President and Founder Member, ASM ; Lawrence Kimpton, Chancel- 
lor of University of Chicago—Principal Speaker; James B. Austin, 
United States Steel Corp.—President, ASM; William E. Umstattd, 
Timken Roller Bearing Co.—Recipient of 1954 ASM Medal for Ad- 
vancement of Research; James P. Gill, Vanadium-Alloys Steel Co.— 
Past-President, ASM ; George A. Roberts, Vanadium-Alloys Steel Co. 
—Vice-President and President-Elect, ASM ; Edgar C. Bain, United 
States Steel Corp.—Past-President, ASM ; Bradley Stoughton, Lehigh 
University, Past-President, ASM ; Kent R. VanHorn, Aluminum Com- 
pany of America—Past-President, ASM; Robert F. Mehl, Carnegie 
Institute of Technology ; George T. Hook, publisher The Iron Age; 
G. M. Young, Aluminum Company of Canada, Ltd.—Trustee, ASM ; 
F. L. VerSnyder, General Electric Co.—Recipient of 1954 Henry 
Marion Howe Medal; H. J. Beattie, Jr., General Electric Co.—Recipi- 
ent of 1954 Henry Marion Howe Medal; R. J. Raudebaugh, Interna- 
tional Nickel Co.— Trustee, ASM; W. H. Eisenman—Secretary and 
Founder Member, ASM. 


ALBERT SAUVEUR ACHIEVEMENT AWARD 
In 1934 the Board of Trustees established an award consisting of 
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a metal plaque and certificate in honor of Dr. Albert Sauveur, distin- 
guished metallurgist and for many years an honorary member of the 
ASM. The purpose of this award is to recognize a metallurgical achieve- 
ment which has stood the test of time and stimulated others along sim- 
ilar lines to the extent that a marked basic advance has been made in 
the metal arts and sciences. The 1954 candidate was Alexander L. Feild, 
associate director, Research Division, Armco Steel Corporation. In 
presenting Dr. Feild, Past-President Francis B. Foley read the cita- 
tion of Dr. Feild’s accomplishments. President Austin then conferred 
the award. The citation is: 

The Award is made in recognition of his pioneering in the 
application of physical chemistry to steelmaking, culminating in 
the scientific control of the reduction of chromium oxide into 
stainless steel on a practical commercial basis. 

Achievements in American industry, while the result of co- 
operative effort on the part of many individuals, usually becomes 
successful through the efforts of an interested, capable person who 
persists in the drive towards a goal that he alone sees clearly. 
Usually the history of the persistent one upon whose shoulders 
the burden always rested carries many incidents that mark his 
outstanding character. 

A glance at the background of Dr. Alexander Littlejohn 
Feild shows that brilliance was evident early in his career receiv- 
ing awards and medals for his work in blast furnace studies and 
for his work on welding of armor. 

A pioneer in the applications of the science of physical chem- 
istry to aid in solving the problems of iron and steelmaking, he 
has been working on the problems associated with smelting of 
chromium and its use in commercial products for more than 25 
years. The success of his full-scale operating process to produce 
stainless steels directly from chromium ores in furnaces lined 
with chromium oxide opened up the utilization of the scrap inci- 
dental to production and usage of those metals. Until that scrap 
utilization problem was solved, the whole economy of stainless 
steel was in doubt. 

For a lifetime in metal work, as a student, a teacher, an ex- 
perimenter, a developer of practical methods and, above all, a 
searching director of fundamental scientific studies, his reward 
in part has been the satisfaction of knowing that industry has 
builded on the solid foundations of his sound thinking. 

For the reduction to practice of a process that combines the 
raw materials and the utilization of the scrap in the production of 
alloys of iron and chromium on a sound economic basis, I have 
the honor, Mr. President, to present Dr. Alexander Littlejohn 
Feild, the Associate Director of the Research Laboratories of the 
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Armco Steel Corporation to receive the American Society for 
Metals’ Albert Sauveur Achievement Award. 


HonorARY MEMBERSHIPS 


Honorary memberships in the Society were conferred on Bradley 
Stoughton,° Past-President of the Society, and Albert Portevin, dis- 
tinguished French metallurgist. In conferring this membership on Dr. 
Stoughton, Past-President Edgar C. Bain read the following citation : 


It was just fifty-seven years ago that Bradley Stoughton, hav- 
ing completed his studies at Yale and at Massachusetts Institute 
of Technology, came to Columbia as assistant to Henry Marion 
Howe. Since then he has never been far from the academic field. 
In 1923, he became Head of the Department of Metallurgy at 
Lehigh, a position he occupied with distinction until his retire- 
ment. His counsel was highly valued by his students, many of 
whom continued to seek his advice long after graduation. During 
his later years at Lehigh he also served as Dean of the College of 
Engineering. Today, he can be justly regarded as the Dean of 
Teachers of Metallurgy and Metallurgical Engineering in the 
United States. Throughout his long career he has, through his 
writings and through his personal influence, played a significant 
role in the development of metallurgical education in this country. 

Bradley Stoughton is also a man of affairs. He was President 
of the Electrochemical Society in 1931. In 1939, he was elected 
Treasurer of the American Society for Metals, becoming Vice- 
President in 1940 and President in 1941. In 1951 he conducted 
one of the study tours for the World Metallurgical Congress. He 
has been active on many Committees of our Society and his en- 
deavors for the Lehigh Valley Chapter have been recognized by 
it in an annual Bradley Stoughton Night. 

He has also been ever ready to serve his country. From 1917 
to 1920 he was associated with the National Research Council as 
Head of the Division of Metallurgy and Vice-Chairman of the 
Division of Engineering. From 1941 to 1945 he served as Head 
of the Heat Treating Equipment Section of the War Production 
Board, and in 1945 he was Deputy Representative in London of 
the Technical Industrial Intelligence Committee of the Foreign 
Economic Administration. 

In recognition of his many contributions to his students, to 
this Society, to his profession and to his country, the Board of 
Trustees has unanimously elected him an Honorary Member of 
our Society. Mr. President, it is with great pride and pleasure 
that I present Dean Bradley Stoughton. 


In conferring this membership on Dr. Portevin, Robert F. Mehl, 
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director of the Metals Research Laboratory, Carnegie Institute of 
Technology, read the following citation : 


The American Society for Metals recognizes metallurgy’s in- 
debtedness to a French scientist and engineer Professor Albert 
Portevin whose conscientious studies of metal properties, metal- 
lography, and heat treatment began when these were almost mys- 
teries in the early years of the century ; through them he was able 
to formulate industrial applications basic to contemporary tech- 
niques. His work has brought him many high honors in his own 
country and also abroad, including the Osmond, the Bessemer, 
the Carnegie, the Seaman and the Trasenster medals. 

In bestowing this honorary membership, an educational so- 
ciety thus recognizes a great teacher. Professor in several French 
technical schools, he has inspired his students with the orderliness, 
clarity, precision and concision that typifies a French intellectual 
alloy at its best, and an alloy highly resistant to the corrosion of 
these recent critical years of French history. The purpose of the 
ASM, to keep metallurgists informed of scientific and technical 
advance, has also been one of his aims; he has publicized foreign 
work widely in France, where he heads the editorial committees 
of various other technical magazines; he is the author of some 
350 papers describing his own and others’ research ; for upwards 
of 25 years he has been a contributor to our own engineering 
magazine, “Metal Progress.” 

We are especially pleased to have as honorary member a 
gentleman whose charm, simplicity and sense of humor have made 
him universally liked as well as admired ; a man neither hypocrit- 
ically modest or inordinately proud ; and an artist, whether in en- 
riching his writing with literary references or in decorating 
porcelain. 

Mr. President : I have the honor to present Mr. Albert Mar- 
cel Germain Rene Portevin, scientist of world renown, publicist, 
cultered gentleman for Honorary Membership in the American 
Society for Metals. 


CONFERRING OF THE ASM MEDAL For THE ADVANCEMENT 
OF RESEARCH 


The 1954 ASM Medal for the Advancement of Research was 
awarded to William E. Umstattd, President of Timken Roller Bearing 
Company, in recognition of his consistent sponsorship, foresight and 
influence in financing and prosecuting metallurgical research, which 


have helped substantially to advance the arts and sciences relating to 
metals. 
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In presenting Mr. Umstattd, Past-President James P. Gill read 


the citation engrossed on the scroll which accompanies the medal. Presi- 
dent Austin then conferred the award. The citation is: 


When research was still a new tool of American industry and 
when metallurgy was mostly associated with mining, Timken 
Roller Bearing Company under the leadership of William E. 
Umstattd began its endeavor in the field of metallurgical research. 
This effort was continued with ever-increasing energy through 
periods of depression as well as periods of expansion and so many 
developments came forth that it is impossible to elaborate on them 
here or even to mention all of them. There is time to name only 
a few of the more important ones. 

A fundamental development came as early as 1920 in the 
McQuaid-Ehn carburizing test for determining the “normality” 
of carburizing steels—that is, the ability to harden without soft 
spots. This test has endured thirty-odd years of scrutiny and is 
still used in practically all specifications for constructional alloy 
steel. 

It was natural that this test should be followed by work 
aimed to control grain size in steel, the principal contribution 
here being the ability to make fine-grained steels of high coarsen- 
ing temperatures consistently. 

A series of graphitic steels were developed for wear resist- 
ance, and established themselves with excellent performance in 
many tool and die applications. 

A search for steel that would exhibit improved strength at 
the high temperatures was started by Timken at the University 
of Michigan in 1927. Many new products came from this work. 
Among the early ones were the intermediate series of chromium- 
molybdenum alloy steels and the “Sicromo”’ series of silicon- 
chromium-molybdenum steels. 

This was followed by a number of high temperature “super 
alloys” such as the 16—25-6 chromium-nickel-molybdenum alloy 
used so extensively in jet engines, gas turbines, superchargers and 
the like. 

A contribution which has been of tremendous value to high 
temperature research has been the test known as the “rupture- 
strength” test, in which a constant load is applied at elevated tem- 
peratures and the time measured to produce rupture. This test 
today is the most popular means for determining strength of ma- 
terials above 1000 °F. 

Another important development involved large fatigue test- 
ing machines capable of testing full-size parts as large as railroad 
locomotive and car axles. A great amount of data, on which some 
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radical and successful designs have been based, has thus been 
made available to engineers. 

Under Mr. Umstattd’s guiding influence many more scien- 
tific advances were made. He has continuously and consistently 
supported the cause of research. It can be truly said that, by his 
foresight and influence in making available financial support, he 
has helped substantially to advance the arts and sciences relating 
to metals. 


ADDRESS OF THE EVENING 
President Austin then presented Lawrence A. Kimpton, Chan- 


cellor of the University of Chicago, who was the main speaker of the 
evening. The title of his talk was ‘Business and Education.” 





FACTORS AFFECTING DIRECTIONAL PROPERTIES 
IN ALUMINUM WROUGHT PRODUCTS 


(1954 Edward DeMille Campbell Memorial Lecture) 
By Kent R. VAn Horn 


E are assembled to honor and perpetuate the memory of Ed- 

ward DeMille Campbell. Some of your earlier lecturers were 
acquainted with Professor Campbell and were able to introduce the 
lecture by citing an interesting personal experience. Unfortunately, I 
am among the group of recent lecturers who have known Professor 
Campbell only from his numerous distinguished contributions to tech- 
nical literature, and by conversation with some of his former associates. 
It is hoped that the younger members of our Society have read some of 
his works and are aware of his outstanding exhibition of courage and 
fortitude, rarely exampled in professional circles. At the age of 28, he 
lost his sight in an explosion during a laboratory examination of steel. 
Instead of accepting defeat and obscurity, he continued his work with 
such perseverance and success that at the time of his death he was 
Head Professor of Chemistry and Metallurgy and Director of the 
Chemical Laboratory at the University of Michigan. He contributed 
seventy-five research papers to the scientific literature, yet all but 
three were published after he lost his sight. He was able to follow the 
literature with the aid of five part-time assistants, who read the tech- 
nical articles to him and led him around the campus at Ann Arbor. His 
investigations gained worldwide acceptance and he was honored both 
at home and abroad. 

About sixty-five of his papers were concerned with the chemical 
constitution or heat treatment of steel and the nature of the iron car- 
bides. During the final three years of Professor Campbell’s life, one 
of his assistants was Dr. William L. Fink, now Chief of the Physical 
Metallurgy Division of Aluminum Research Laboratories. In 1921- 
1922, Professor Campbell became intrigued with a new metallurgical 
tool, X-ray diffraction, then in its swaddling clothes. Campbell at- 
tended lectures at Ann Arbor, given by the pioneers Bragg and Davey. 
He had Fink explain the atomic space models after the lectures and 
construct diffraction patterns by employing cord, string and thread to 
represent the different line intensities. Campbell suggested to Fink that 
X-ray diffraction might be used to investigate the structure of hardened 


This is the Twenty-ninth Edward DeMille Campbell Memorial Lecture, pre- 
sented by Kent R. Van Horn, director of research, Aluminum Research Labora- 
tories, Aluminum Company of America, New Kensington, Pa. The lecture was 
presented November 3, 1954, during the Thirty-sixth Annual Convention of the 
Society, held in Chicago. 
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steel. Starting with a homemade apparatus in the Physics Department, 
and later employing one of the first General Electric multiple diffraction 
units, Fink designed the unique wedge reflection camera for the work. 
Fink and Campbell were the first to discover tetragonal or body- 
centered iron in martensite ; i.e., the transition stage from face-centered 
cubic austenite to body-centered cubic ferrite. It is interesting to note 
that Campbell, shortly before his death, approved each detail of Fink’s 
thesis, which later was an ASM paper. Even in his final years, Campbell 
recognized the possibilities of X-ray diffraction. 

I must humbly admit that, after an interval of thirty years, one of 
the principal implements of investigation utilized for this Campbell 
Memorial Lecture is the X-ray diffraction method. I do wish, however, 
to express my appreciation to the Board of Trustees of the American 
Society for Metals for the invitation to give this lecture. I realize that 
this honor is more a recognition of the work of Alcoa’s Aluminum Re- 
search Laboratories than myself, and therefore accept on behalf of my 
associates, some of whom it will be possible to acknowledge for specific 
contributions to this lecture. 


GRAIN ORIENTATION AND DIRECTIONAL PROPERTIES 


The correlation between grain orientation and the resulting direc- 
tional properties in polycrystalline metals has received little attention. 
This lecture presents the structures or textures that were observed in 
cold-rolled and annealed high purity and commercial aluminum sheet, 
and in a heat treated high strength aluminum alloy extrusion, and cor- 
relates these textures with directional mechanical properties. First, be- 
fore attempting to explain these behaviors, it seems advisable to briefly 
review some of the fundamental mechanisms causing the variations in 
directionality of grain arrangement, working characteristics and me- 
chanical properties in wrought and annealed products. 

The crystals that compose a metal or alloy actually deform in a 
very complicated manner. Their external appearance does not disclose 
the internal rearrangement that occurs. Etching, however, often reveals 
that the crystals of a wrought metal or alloy do not have the random 
orientation that would be expected in a completely disordered structure. 
A large proportion of the etched crystals reflect in nearly the same 
manner, suggesting that a more or less parallel or preferred orientation 
of the grains exists. This is the result of a so-called crystallographic 
hber structure. 

Preferred orientation of cold-worked metals is produced by the 
following mechanism : the orientation of a single crystal in the form of 
a rod may be characterized in a simple way by the angles between the 
directions of the principal stresses and some important crystal planes 
or directions, such as the active slip plane and slip direction. During 
deformation in tension, the slip planes and slip direction gradually 
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; Fig. 1—{111} Pole Figure SSowes Preferred Orientations of Grains 

in High Purity Aluminum Sheet Cold-rolled 98% Reduction (rolling 

texture). 
approach the rod axis or direction of tension, disregarding the original 
orientation. Thus, differently oriented crystals tend to assume a com 
mon orientation during drastic working in a specific direction. A sim- 
ilar though more complex process occurs in any grain of a polycrystal- 
line metal during cold deformation. 

The result is a more or less completely preferred orientation of the 
crystals in any deformed crystalline material. The type of orientation 
depends mainly on the type of the crystal lattice of the metal and the 
deformation or working process. Most types of preferred orientation 
are derived from deformation by tension or by compression, or by a 
combination of the two. An example of the latter is the rolling texture 
in aluminum sheet, the pole figure of which is illustrated in Fig. 1. The 
orientation is determined exclusively by the type and degree of the 
strain and the resulting grain flow. The numerous investigations on this 
subject, however, have shown that the preferred orientation of each 
metal varies considerably with the specific conditions of working. 

Industrial annealing processes usually destroy a preferred grain 
arrangement (deformation texture) in most metals and alloys. How- 
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Fig. 2—{111} Pole Figure Representing Preferred Orientations of 


Grains in High Purity Aluminum Sheet Cold-rolled 98% Reduction and 
Annealed 1 hour at 1200 °F (650°C) (recrystallization texture). 


r, in some cases a combination of drastic reductions and high an- 

ling temperatures results in a more perfected preferred orientation 

ecrystallization texture) that can be produced by any working proc- 

s. The pole figure of the recrystallization texture characteristic of 

d-rolled heavily reduced aluminum sheet that has been annealed is 
epresented in Fig, 2. 

Under certain manufacturing conditions, wrought products of 
ure metals and alloys are obtained with pronounced directional char- 
icteristics in tensile strength, elongation and other properties. Generally 

a sheet is desired with uniform properties in all directions, but there are 
applications where the presence of preferred orientation or directional 
properties is a distinct advantage. It has been demonstrated, for exam- 
ple, that certain preferred orientations are of definite benefit in accom- 
plishing difficult deep draws of steel sheet.in the automobile industry. 
In the case of longitudinally stressed members, such as rod, bar and 
wire, it is desirable to obtain maximum strength in the longitudinal di- 
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rection. The existence of a preferred orientation which imparts desired 
directionality to the strength of the metal is obviously beneficial. 

The most marked effect of directionality in sheet is the formation 
of ears during deep drawing. Ears are projections of metal at specific 
locations on the flange of a drawn cup, caused by nonuniform metal flow. 
The occurrence of ears increases trim scrap, and a sheet with pro- 
nounced directionality is more liable to crack or wrinkle during draw- 
ing than a sheet with random properties. Excessive earing may inter- 
fere with smooth operation in a complex multiple draw operation where 
provision for trimming is normally not required. Even today, when the 
conditions conducive to ear formation and methods of prevention are 
known, difficulties of this type are frequent. Consequently, a number 
of investigations have been conducted to determine the relation of ear- 
ing to manufacturing conditions. 

The directionality in mechanical properties of sheet originates 
from the characteristics of the individual crystals, which possess differ- 
ent properties in different directions. The properties of sheet, as-rolled 
or annealed, appear to be determined mainly by the preferred orienta- 
tion of the grains or crystallographic fibering. Furthermore, in a 
wrought metal certain constituents and inclusions are aligned and 
cavities are elongated in the direction of the principal strain, thereby 
constituting a mechanical fibering. This condition may persist after re- 
crystallization and may influence to some extent the directional prop- 
erties of sheet. The directionality in bending characteristics, which in- 
creases considerably with progressive strain hardening, is probably 
caused mainly by the mechanical fibering. Annealed strips generally 
can be bent equally well in all directions ; whereas hard-rolled metals 
fracture more readily when the bending axis is parallel to the direction 
of rolling. Also, the properties of forgings in different directions de- 
pend more on the mechanical than the crystallographic fibering. The 
properties of magnesium alloy forgings are, however, appreciably af- 
fected by the preferred orientation. 

Other physical properties of commercial metal sheet, such as the 
elastic modulus, may also vary with the direction of testing, as has been 
observed for copper and iron. All properties of noncubic metals, such 
as zinc, even when fine-grained, show considerable variation in differ- 
ent directions. 


PREFERRED ORIENTATION AND DIRECTIONAL PROPERTIES 
IN ALUMINUM SHEET 


Two grades of aluminum were used in this investigation. One was 
high purity aluminum (99.986) containing 0.004% silicon, 0.004% 
iron, and 0.006% copper. The other was commercial aluminum (99.29 ) 
containing 0.7% iron, 0.11% silicon, and 0.01% copper. Both con- 
tained spectroscopic traces of other elements. 
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In investigating the effects of plastic deformation and recrystalliza- 
tion on grain orientation, it is, of course, desirable to start with metal 
having a random orientation of the grains, i.e., isotropic slab. Inasmuch 
as slab produced by ordinary commercial operations is usually not en- 
tirely isotropic, a method was developed for the high purity aluminum 
which would produce 0.5 inch thick isotropic slab from 1.0 thick cold- 
rolled plate. The procedure used was as follows: the 1.0 inch thick 
cold-rolled slab was annealed two hours at 1110°F (600°C) and then 
given a series of three reductions (approximately 20% each) in thick- 
ness with two intermediate anneals and a final anneal of two hours at 
750°F (400 °C). The rolling direction during each of the 20% reduc- 
tions was perpendicular to the preceding rolling direction. This pro- 
cedure yielded 0.5 inch thick annealed slab which was shown to be 
isotropic by structure integrating X-ray diffraction patterns and me- 
-hanical property tests. 

In the case of the commercial purity aluminum it was sufficient to 
inneal the 1.0 inch thick cold-rolled slab 2 hours at 750 °F (400 °C) to 

btain an essentially random orientation as determined by structure 
itegrating patterns. However, in order to have a direct comparison 
etween high purity and commercial purity sheet, some of this com- 
ercial purity 1.0 inch thick slab was rolled and annealed in exactly 
e same manner as was the high purity slab, and comparable 0.5 inch 
ick isotropic slab was produced. 

A description of the fabrication of the various lots of sheet alumi- 

im included in this investigation follows: 


1. High purity sheet 0.01 inch thick, cold-rolled directly from 
0.5 inch thick isotropic slab (98% reduction). 

2. High purity sheet 0.01 inch thick, cold-rolled directly from 
0.5 inch thick isotropic slab (98% reduction) and annealed 
1 hour at 1200 °F (650°C). 

3. High purity sheet 0.01 inch thick, cold-rolled from 0.5 inch 
thick isotropic slab, in a series of four approximately 60% 
reductions (all in same direction) with intermediate anneals 
of 16 hours at 570°F (300°C) between each reduction, 
and a final anneal of 71 hours at 525 °F (275 °C). 

4. Commercial purity sheet 0.032 inch thick, cold-rolled di- 
rectly from 1.0 inch thick isotropic slab (96.8% reduction ). 
This sheet was used for the mechanical property tests. 

5. Commercial purity sheet 0.01 inch thick, cold-rolled directly 
from 0.5 inch thick isotropic slab (98% reduction). 

6. Commercial purity sheet 0.01 inch thick, cold-rolled from 
0.5 inch thick isotropic slab in a series of four approximately 
60% reductions (all in the same direction) with intermedi- 
ate anneals of 2 hours at 570 °F (300°C) between each re- 
duction and a final anneal of 2 hours at 570°F (300°C). 

7. Commercial purity sheet 0.009 inch thick, cold-rolled from 
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0.4 inch thick, hot-rolled slab with one intermediate anneal 
at 750 °F (400°C). 

8. Commercial purity sheet 0.009 inch thick, cold-rolled from 
0.4 inch thick, hot-rolled slab with two intermediate anneals 
at 750°F (400°C). 

9. Commercial sheet 0.009 inch thick, cold-rolled from 0.4 


inch thick hot-rolled slab with three intermediate anneals 
at 750°F (400°C). Items 7, 8 and 9 were used for the 
deep drawing or earing tests. 


A “structure integrating” X-ray diffraction camera (1)! designed 
to average out local differences and to determine the preferred orienta- 
tion in coarse-grained as well as fine-grained metal; was used in the 
investigation. A large specimen (2.0 x 6.0 x 0.006 inches) is mounted 
in a holder between the pinhole and the film cassette. The specimen 
holder is moved horizontally across the ways. At each end of the hori- 
zontal path of the specimen holder, wedge-shaped stops are provided 
which index the specimen up approximately the width of the X-ray 
beam and at the same time throw a toggle switch which reverses the mo- 
tor to move the specimen holder in the opposite direction. In this manner 
the entire specimen contributes to the pattern: therefore, a good aver- 
age of the distribution of grain orientations is obtained. The specimen 
holder can also be set at various angles. The total angular movement 
about the vertical axis is 30 degrees (15 degrees each side of center), 
while about the horizontal axis the rotation can be as much as 70 degrees 
one side of center. At angular settings of the specimen greater than 
15 degrees about the horizontal axis, the specimen frame interferes 
with the film cassette : therefore, a smaller specimen (0.75 x 6.0 x 0.006 
inches) was utilized. The small specimen frame was not capable of 
mechanical indexing, so that scanning was accomplished by occasional 
manual adjustment. 

For the construction of pole figures, X-ray diffraction patterns 
were prepared at 5 degree intervals up to 15 degrees about the vertical 
axis and up to 70 degrees about the horizontal axis. All the X-ray 
patterns were made with unfiltered copper K-radiation and a specimen- 
film distance of 3 centimeters. The pole figures were constructed with 
a Wever (2) chart. Four degrees of darkening in the Debye-Scherrer 
circles were identified visually and are indicated on the pole figures by 
characteristic shading. It is, of course, recognized that the spectrometer 
method of determining preferred orientation is more quantitative than 
that employed in this work, where the objective is the qualitative rela- 
tionship between type of grain orientation, directional properties and 
applied deformation stress. 

For the tensile tests on the 0.032 inch thick commercial purity 
sheet (Item 4) standard specimens (3) were tested in an Amsler ma- 
chine equipped with self-aligning grips (4). The yield strength was 


1 The figures appearing in parentheses pertain to the references appended to this lecture. 
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determined from the stress-strain curve drawn by an electrically re- 
cording extensometer (5). 

Cups 0.38 inch high by 0.70 inch in diameter were deep drawn from 
blanks 1.34 inch in diameter of the 0.009 inch thick sheet of commercial 
purity (Items 7, 8,9) and the earing characteristics of the samples de- 
termined. 


Pole Figures 

The preferred orientations, developed in severely cold-rolled (98% 
reduction) high purity aluminum sheet 0.01 inch thick, are shown in 
ig. 1. This pole figure is not entirely explained by any single or com- 
bination of ideal textures which have been published. However, it 
duplicates the original pole figure of as-rolled 99.5% purity aluminum 
sheet presented by Wever (6) and subsequently confirmed by other 
vestigators (7). 

Complete pole figures were not constructed for the as-rolled com- 
ercial purity aluminum sheet 0.032 inch and.0.01 inch thick (Items 
and 5). However, a sufficient number of structure integrating X-ray 
‘fraction patterns were prepared to establish that the preferred orien- 
tions in these two lots of sheet were essentially identical with those 
the as-rolled high purity sheet (Fig. 1). 

The high purity aluminum sheet 0.01 inch thick, which was cold- 

: led (98% reduction ) and then annealed 1 hour at 1200 °F (650°C), 
: s characterized by a preferred orientation illustrated in Fig. 2. This 
| le figure shows an almost perfect cube texture with {001} in the plane 








rolling and <OO1> in the direction of rolling. This texture was 
‘dicted by Schmid and Wasserman (8) on the basis of a structure 
ilar to that which is to be described in the next paragraph, and 
is since been observed by numerous investigators (9). The perfection 
this texture is as high as was developed in the case of annealed 
pper (10). 
A less perfect recrystallization texture, reproduced in Fig. 3, was 
tained from the high purity aluminum sheet which was cold-rolled 
through a series of four approximately 60% reductions with inter- 
inediate annealing treatments of sixteen hours at 570 °F (300°C) be- 
(ween each reduction, and a final anneal of seventy-one hours at 525 °F 
(275 °C). Essentially identical results were obtained f..om this metal 
when the final annealing treatment was performed at various tempera- 
tures up to and including 930 °F (500°C). Furthermore, the commer- 
cial purity sheet (Item 6), fabricated in. the same way, also possessed 
the same final preferred orientation. 

The commercial purity sheet, which was cold-rolled from 0.4 inch 
thick, hot-rolled slah to 0.009 inch thick sheet with one intermediate 
anneal at 750°F (400°C) (Item 7) had a structure represented by 
hig. 4. This pole figure exhibits a definite predominance of the rolling 
texture type of preferred orientation. 
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Fig. 3—{111} Pole Figure Showing Preferred Orientations of Grains 
in High Purity Aluminum Sheet Cold-rolled Through a Series of Four 
Approximately 60% Reductions with Intermediate Anneals of 16 hours at 
570 °F (300 °C) Between Each Reduction and a Final Anneal of 71 Hours 
at 525°F (275°C) (recrystallization texture). 

The preferred orientations developed in commercial purity sheet 
which was cold rolled from 0.4 inch thick, hot-rolled slab to 0.009 inch 
thick sheet with two intermediate anneals at 750 °F (400°C) (Item 8) 
are illustrated in Fig. 5. This pole figure reveals a mixture of both roll- 
ing and recrystallization textures, both types being fairly well developed. 

The commercial purity sheet cold-rolled from 0.4 inch thick hot- 
rolled slab to 0.009 inch thick sheet with three intermediate anneals at 
750°F (400°C) (Item 9) had preferred orientations represented by 
Fig. 6. This pole figure also shows a mixture of the two types of tex- 
tures. However, the recrystallization texture definitely predominates. 


Tensile Tests 


Tensile properties were determined of the commercial purity sheet 
which was cold-rolled directly from 1.0 inch thick isotropic slab to 
0.032 inch sheet (96.8% reduction) using specimens machined with 
their longitudinal axes parallel, perpendicular and at 45 degrees to the 
direction of rolling. The results are plotted in the polar diagram of 





in ORE NY PTB 8. 
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Fig. 4—{111} Pole Figure Representing Preferred Orientations of 
Grains in Commercial Purity Aluminum Sheet Cold-rolled from 0.4 Inch 
Thick Hot-rolled Slab to 0.009 Inch Thickness With One Intermediate An- 
neal at 750 °F (400 °C) (rolling texture predominant). 


ig. 7. As previously described, this inaterial possessed a high degree 
- preferred orientation of the rolling texture type (Fig. 1). Although 
ie tensile tests reflect the highly preferred orientations present in this 


heet, preferred orientations of low degrees are not clearly indicated 
by tensile tests. 


Deep Drawing Tests 


Deep drawing tests are a sensitive mechanical test of the existence 
and degree of preferred orientation. Consequently, small cups were 
deep drawn from samples of the commercial purity 0.009 inch alu- 
minum sheet, the preferred orientations of which are represented in 
igs. 4, 5 and 6. Photographs of these cups are reproduced in Fig. 8. 
It is apparent that the earing tendencies of these three lots of aluminum 
sheet are related to the preferred orientations. The sheet, which had a 
high degree of rolling texture type of preferred orientation (Fig. 4), 
developed ears at 45 degrees to the rolling direction. The metal, which 
possessed a mixture of the two types of textures, rolling and recrystalli- 
zation (Fig. 5), developed ears parallel, normal, and at 45 degrees to 
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Fig. 5—{111} Pole Figure Showing the Preferred Orientations of 
Grains in Commercial Purity Aluminum Sheet Cold-rolled from 0.4 Inch 
Thick Hot-rolled Slab to 0.009 Inch Thickness With Two Intermediate 
Anneals at 750 °F 


(400 °C) (mixture of rolling and recrystallization 
textures). 


the direction of rolling. Finally, the sheet which showed a predominanc« 
of the recrystallization texture (Fig. 6), developed ears parallel and 
perpendicular to the direction of rolling. These relations between pre- 
ferred orientation and earing tendencies of sheet have been previously 


recognized. However, no complete explanation of these relationships 
has been developed. 


Correlation of Preferred Orientation with Directional Properties 


It is generally recognized that plastic deformation in metal crystals 
is primarily accomplished by means of slip along specific crystallo- 
graphic planes and in certain crystallographic directions. There have 
been many publications correlating the resolved shear stresses on slip 
planes and in slip directions with the mechanical behaviors of single 
crystals. However, similar relations for polycrystalline metals and 
alloys have received little attention. It is the objective of this section 
to make these correlations and to explain, in a qualitative manner, the 
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2 Fig. 6—{111} Pole Figure Representing the Preferred Orientations of 
3 Grains in Commercial Purity Aluminum Sheet Cold-rolled from 0.4 Inch 
4 Thick Hot-rolled Slab to 0.009 Inch Thickness With Three Intermediate 
; Anneals at 750 °F (400 °C) (recrystallization texture predominant). 
a 
: ° 
Tensile Strength, psi 90 
= 


Yield Strength, psi 


45° 


R.D.—0O°? 


- O°» R.D. 
27000 26000 25000 21000 22000 23000 


—Results of Tensile Tests on Commercial Purity Sheet Cold-rolled Directly from 
1 Inch Thick Isotropic Slab to 0.032 Inch Thickness (96.8% reduction). Specimens were 
selected with longitudinal axes parallel, at 45 degrees and normal to the rolling direction. 


Fig. 7 
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Fig. 9—Stereographic Projection Illustrating the Orientation Depend- 
ence of Magnitude of Resolved Shear Stress in Planes Inclined at Various 
Angles to the Axis of a Principal Stress. 


ectional properties and earing tendencies observed in aluminum 
; ; 

A tensile force applied in a specific direction to any material may 
be resolved into two components—one, a shearing force parallel to a 
plane inclined to the direction of the externally applied force, and the 
other, a tensile force normal to the same plane. If F; is the externally 
applied tensile force, F, the shearing force parallel to a plane forming 
an angle a with the direction of the applied tensile force, and F,, the 
force normal to this same plane, then the following relations obtain : 


(F.)? = (Fs)? + (Fa)? Equation 1 
‘ = Be ee Equation 2 
F, = F; sina Equation 3 
The applied tensile stress 
St = - Equation 4 


where A is the cross sectional area subjected to the tensile stress. Like- 
wise, the shear stress 


Ss = a Equation 5 
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Fig. 10—-The Superposition of the {111} Pole Figure Typical of the 
Rolling Texture (Fig. 1) and the Pole Figure of Maximum Resolved Shear 
Stress Planes When the Principal Stress is Applied Parallel to the Rolling 
Direction (R.D.). Loci of poles of maximum resolved shear stress planes 
are dashed and tension stress or axis dotted. 


where A’ is the area of the plane to which the shear stress is paralle 
The relation between these two areas is as follows: 


eae ae A 


—— Equation 6 
sin a 


Substituting Equations 4, 5 and 6 in Equation 2 results in the equation : 





S;A . * . ~ 
——— = S:A cos « Equation / 
sin a 

or S, = St sin a cos a Equation 8 
‘ . sin2a : . 

or Ss. = Ssi— Equation 9 


? 


From this latter equation, it may be seen that the shear stress is 
maximum when the angle a is equal to 45 degrees. Under these condi 
tions, the shear stress is equal to one-half of the tensile stress. 

Stereographic projection can be utilized to represent the distribu- 
tion of shear stresses on all planes located in space. In Fig. 9, the latitude 
lines represent contours of maximum shear stress, i.e., all planes whose 








- 


ae siteei sa 


1955 PROPERTIES IN ALUMINUM WROUGHT PRODUCTS 53 





T.O. 


Fig. 11—Similar to Fig. 10 Except That the Principal Stress is Applied 
at 45 degrees to the Rolling Direction. 


s lie on the same latitude line have the same maximum shear stress. 

By analogy with the behavior of single crystals, it would seem that 

1 in a polycrystalline metal a large number of grains are so oriented 
t slip planes are parallel to maximum resolved shear stresses, plastic 
| would occur with a relatively low applied tensile stress; and as 
he number of grains so oriented decreases, the tensile stress required 
ause plastic flow would increase. The relative number of grains 
nted with slip planes parallel to maximum resolved shear stresses, 
in tensile specimens selected at various angles to some reference line 
in a sheet, may be qualitatively estimated by superimposing the pole 
figures of maximum resolved shear stresses and slip planes so that the 
tensile axes coincide. 


In Figs. 10, 11 and 12, the superpositions were made so that the 
tensile axis of that specimen was oriented, respectively, parallel at 
45 degrees and perpendicular to the rolling direction for heavily cold- 
rolled aluminum sheet exhibiting a high degree of rolling texture 
(Fig. 1). The tensile specimen oriented with its longitudinal axis 
parallel to the rolling direction (Fig. 10) exhibits a low degree of 
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' Fig. 12—Similar to Figs. 10 and 11 Except That the Principal Stress 
is Applied Perpendicular to the Rolling Direction. 


coincidence between maximum resolved shear stresses and {111} sli 
planes. As a result, this specimen would have a relatively high yiel 
strength. For the case where the tensile specimen axis is at 45 degre: 
to the rolling direction (Fig. 11), a very high degree of coincidence | 
obtained and, therefore, such a specimen would have a relatively k 
yield strength. Finally, in the case where the tensile specimen axis 1: 
perpendicular to the rolling direction (Fig. 12) the degree of coinci 
dence is again low and a relatively high yield strength would be ex 
pected. 

It may be observed that the expected results of this correlation 
are in good agreement with the experimental results of Fig. 7, for the 
specimens machined from the 0.032 inch thick cold-rolled (96.8% re- 
duction) commercial purity aluminum sheet which had a high degree 
of rolling texture. The only apparent discrepancy seems to be that the 
correlation would indicate a somewhat higher yield strength for the 
specimens parallel to the rolling direction than for those perpendicular 
to the rolling direction. However, the test results were in the reverse 
order. This difference is probably attributable to mechanical fibering 
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Fig. 13—Schematic Representation of Deep Drawing of Cylindrical cup: 


Si = radial tensile stress 
Se = tangential compressive stress 
Ss = normal compressive stress 


lined-up insoluble constituents, grain elongation, etc.), which 
would tend to produce a higher yield strength in the transverse direc- 
tion rather than parallel to the rolling direction. 

During deep drawing of a cup from sheet, a more complex stress 
system is encountered. Fig. 13 represents schematically a cup partially 
drawn from a circular blank. The directions of the three principal 
stresses on a small element in the outer rim are indicated. These prin- 
cipal stresses are: S;—radial tensile stress, Sp—tangential compres- 
sive stress, and S3—normal compressive stress. In the general case, 
where a plane is inclined to the axes of the three principal stresses, the 
maximum resolved shear stress in this plane can be calculated from 
the equation (11): 

S? = S7l? ++S3m?+S3n? — (S)l? +Sem?+S3n?)? 

S, = maximum shear stress on a plane, 

S:, Se and Ss =,principal stresses (tensile stress has positive 
sign and compressive stress has negative sign), 


l, m and n are direction cosines, i.e., the cosines of the angles between the normal 
to the plane and the respective directions of the principal stresses. 
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Fig. 14—One Quadrant of a Stereographic Projection of 
Resolved Shear Stress Contours in a Metal Subjected to Three 
Principal Stresses Mutually Perpendicular to Each Other, Where 
S1 1 and Se = Ss = —1. 





$3=-0.5 


Fig. 15—Same as Fig. 14 Except That Si = 1 and Se = Ss = —0.5. 
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Si=1 





Se 
S3=-0.25 
Fig. 16—Same as Figs. 14 and 15 Except That Si: is 
Se 0.5 and Ss 0.25. 
S; 


t 


Fig. 17—-Stereographic Projection of the Loci of Poles of 
Planes on Which Are Resolved the Maximum Shear Stresses 
from Three Individual Principal Stresses. 
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Fig. 18—-The Superposition of Figs. 4 and 17 Such That for S:i (or Se) 
of Fig. 17 is Parallel to the Rolling Direction (R.D.) of Fig. 4 (rolling 
texture). Loci of poles of maximum resolved shear stress planes are dashed. 


This equation assumes that the maximum shear stress in any plane r« 
solved from the individual principal stresses is not collinear excep 
in the case where the plane under consideration is parallel to one o 
the directions of principal stress and, therefore, normal to the plan: 
of the other two directions of principal stress. 

If the relative magnitude and the signs of the three principal 
stresses are known, it is possible to construct stereographic projec 
tions, representing the distribution of shear stresses on planes oriented 
in various directions to the three axes of principal stresses. To illus 
trate this, quadrants of stereographic projections were constructed and 





reproduced in Figs. 14,15, and 16. In the first S; = 1, Ss = S3 = —1; 
in the second S; = 1, Ss = Ss = —0.5; finally in the third S; = 1, 
Se = —0.5, and Ss = —0.25. It is observed that as long as two of 


the principal stresses have the same sign and the same value (Figs. 14 
and 15) a plot similar to that of Fig. 9 is produced. However, if the 
three principal stresses differ, a more complex configuration is ob- 


tained (Fig. 16). 
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Fig. 19—The Superposition of Figs. 4 and 17 Such That S: of Fig. 17 Is 
At 45 degrees to Rolling Direction of Fig. 4 (rolling texture). 


A superposition of pole figures, one representing the distribution 
crystallographic slip planes in a metal, and others showing the dis- 
bution of planes having various relative values of resolved shear 
‘ess, should yield a correlation between preferred orientation and 

earing tendencies during deep drawing, similar to that presented for 
directional tensile properties. 

Consider now cold-rolled aluminum sheet of commercial purity 
with a rolling type of preferred orientation predominant (Fig. 4). 
Lacking quantitative information concerning the relative values of the 
three principal stresses, a simplified plot of shear stresses is employed 
that contains only the loci of poles of planes upon which are resolved 
the maximum shear stresses from the individual principal stresses 
(fig. 17). Further, consider only the elements near the outside of the 
circular blank and in positions such that their radial directions are 
parallel, perpendicular, and at 45 degrees to the direction of rolling. 

By the superposition of Figs. 4 and 17, such that the radial tensile 
stress Sy of Fig. 17 is parallel to the rolling direction (R.D.) of Fig. 4, 
the condition existing in an element of a circular blank parallel to the 


















60 TRANSACTIONS OF THE ASM Vol. 47 





_ Fig. 20—The Superposition of Figs. 6 and 17 Such That S:i (or S2) of 
Fig. 17 is Parallel to Rolling Direction of Fig. 6 (recrystallization texture). 
Loci of poles of maximum resolved shear stress planes are dashed. 


rolling direction is obtained (Fig. 18). Few crystallographic slip plane 
coincide with planes having maximum resolved shear stresses. Con 

sequently, the metal in this location would be relatively resistant t 

plastic deformation during deep drawing. 

The conditions existing in an element with its radial direction 
normal to the rolling direction are identical with the preceding except 
that the positions of S; and Sy are interchanged. Again, few crystallo- 
graphic slip planes coincide with planes having maximum resolved 
shear stresses and the metal in this location would also have a relatively 
high resistance to plastic deformation. 

The superposition of Figs. 4 and 17, such that the radial tensile 
stress S; of Fig. 17 is at 45 degrees to the rolling direction of Fig. 4, 
produces the conditions occurring in an element of a cup with its radial 
direction 45 degrees to the rolling direction (Fig. 19). Many crystal- 
lographic slip planes coincide with planes having relatively high re- 
solved shear stresses and, as a result, metal in these locations would 
have a relatively low resistance to plastic deformation during deep 
drawing. 
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Fig. 21—The Superposition of Figs. 6 and 17 Such That S: of Fig. 17 
is at 45 degrees to Rolling Direction of Fig. 6 (recrystallization texture). 

The relations developed demonstrate that metal in the rim of a cup 
ng deep drawn and with its radial direction either parallel or normal 
the rolling direction will be relatively rigid compared to similar metal 
th its radial direction at 45 degrees to the rolling direction. As a con- 
juence, the more plastic metal at 45 degrees to the rolling direction 

ill deform more, causing ear formation in these four locations. This is 
nsistent with the results of actual earing tests with sheet having a 
redominant rolling texture (Fig. 8). 

The origin of ear formation in sheet with a predominant recrystal- 
lization texture can be explained in a similar manner. Figs. 20 and 21 
show superpositions of the pole figure of planes having maximum re- 
solved shear stresses (Fig. 17) on a pole figure of crystallographic 
slip planes in sheet of this type (Fig. 6).. These figures respectively 
represent conditions existing in elements in the outer part of the circu- 
lar blank having radial directions parallel or perpendicular, and at 
+5 degrees to the rolling direction. It is apparent that good coincidence 
between poles of slip planes and poles of planes of maximum resolved 
shear stress is obtained for metal in locations parallel and normal to the 
rolling direction. The metal at 45 degrees to the rolling direction has 
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Fig. 22—The Superposition of Figs. 5 and 17 Such That S: (or Se) of 
Fig. 17 is Parallel to Rolling Direction of Fig. 5 (mixture of rolling and 
recrystallization textures). Loci of poles of maximum resolved shear stress 
planes are dashed. 


relatively poor coincidence. Following the same reasoning, this meta! 
with a prevailing recrystallization texture will form ears in locations 
parallel and at right angles to the direction of rolling. 

When pronounced rolling and recrystallization textures exist in 
sheet simultaneously and in approximately equivalent quantities (Fig. 
5) directional flow occurs during deep drawing such that eight ears 
will form—two parallel, two normal, and four at 45 degrees to the 
rolling direction. The correlation between the preferred grain orienta- 
tions and the resolved shear stresses is represented in Figs. 22, 23 and 
24. Employing the coincidence principle of maximum stress and slip 
planes, it is apparent why the ears are formed in these locations in 
practice. 


THe EFFECTS OF PREFERRED ORIENTATION ON DRAWING 
CAPACITY OF ALUMINUM ALLOY SHEET 


Little is known regarding the effects of preferred orientation on 
the relative drawing capacity of the aluminum alloys. Recently, how- 
ever, it was demonstrated that certain preferred grain orientations are 
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Fig. 23—The Superposition of Figs. 5 and 17 Such That Si: of Fig. 17 
is at 45 degrees to Rolling Direction of Fig. 5 (mixture of rolling and re- 
crystallization textures). 


lefinite benefit in producing difficult deep draws of steel sheet in 
automotive industry. It would seem that the drawing capacities of 
ie aluminum alloys might also be affected by preferred orientation. 
In the present test, indications of the degree of preferred orienta- 
n were obtained from determination of the earing characteristics 
the sheet and by X-ray diffraction analysis. The drawing was per- 
rmed on a 75-ton double action hydraulic press made by the Clearing 
\lachine Corporation. The press has a variable speed inner slide and in- 
dependent controls for the holddown and the cushion. The formability 
test consisted of drawing circular blanks from 0.064 inch sheet of sev- 
eral aluminum alloys into 3.0 inch square shells (Fig. 25) with the 
rolling direction in the sheet oriented parallel to the sides, or 45 degrees 
to the sides, of the die. The maximum diameter of blank that could be 
drawn into a shell served as a measure of formability. The earing char- 
acteristics (% height of ears) of the alloys were determined by draw- 
ing 4.0 inch diameter cups from the same 0.064 inch sheet. 
An examination of the data in Table I reveals that the X-ray 
diffraction and drawing tests were in good agreement and that pre- 
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Fig. 24—The Superposition of Figs. 5 and 17 such that Si of Fig. 17 
is at 22.5 degrees to rolling direction of Fig. 5 (mixture of rolling and re- 
crystallization textures). 


ed grain orientation or types of texture had a definite effect on the 
ability of the various alloys. With but few exceptions, sheet with 
dominant rolling type of texture (ears at 45 degrees) drew best 
n oriented with the rolling direction parallel to the sides of the 
Sheet with a predominant recrystallization type of texture (ears at 
d 90 degrees) drew best when oriented with the rolling direction 


of the sheet at 45 degrees to the sides ; i.e., parallel to diagonals passing 
through the corners. In both cases, the best drawability was obtained 
when the sheet was oriented with respect to the die in such a manner 
that the ears formed at the corners of the shell. Moreover, the differ- 
ence in drawability between sheets oriented parallel or at 45 degrees 
to the sides of the cup was roughly proportional to the height of the 
ears. The greater the earing tendency or degree of preferred orienta- 
tion, the greater was the difference in drawability in either of two direc- 
tions. This is an example where preferred grain orientation can be 
utilized to advantage and can facilitate the drawing of a shell. 
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Fig. 25—Photograph of 3-inch Square Cup Drawn from 8-inch Diameter Blank of 
0.064 Inch Sheet on Clearing Machine Press. 
PREFERRED ORIENTATION AND DIRECTIONAL PROPERTIES 
IN AN ExTRUDED ALUMINUM ALLoy BAR 


A high strength aluminum alloy of the following composition: 
4.48% copper, 1.49% magnesium, 0.66% manganese, 0.18% silicon, 
and 0.23% iron was selected for the investigation. A rectangular bar 
approximately 3.0 x 3.0 inches was extruded at a temperature of 750 °F 
(400°C) from an 11.0 inch diameter ingot. The extruded bar was 
given a solution heat treatment of 2 hours at 930 °F (500° C) quenched 
in cold water, and aged at room temperature. 
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Fig. 26—{111} Pole Figure Illustrating a Duplex <111> and <001> 
Type ot Preferred Orientation in a Heat Treated Extruded Bar of a High 
Strength Aluminum-copper-magnesium Alloy. 


The type of preferred orientation in the high strength extruded 
luminum alloy bar was determined from X-ray diffraction photograms 
repared by the structure-integrating method (1). A flat specimen 
0 x 1.5 x 0.006 inches, machined diagonally from the central portion 
( the extrusion, so that its long direction was parallel to the extrusion 

direction, was employed for this purpose. Diffraction patterns were 
prepared with the X-ray beam normal and inclined at various angles 
io the flat surface of the specimen. Unfiltered copper K-radiation was 
used. A {111} pole figure was constructed from the data obtained by 
this method of X-ray diffraction analysis. 

, The tensile properties were determined from A.S.T.M. standard 
| 0.5 and 0.316 inch diameter specimens, with threaded ends (3), removed 
from the extruded sections so that the gauge length was included in 
that part of the section which was examined for preferred grain orienta- 
tion. The longitudinal axes of the specimens were at angles of 0,10,17.5, 
25,45,65,72.5,80 and 90 degrees to the extrusion direction. The speci- 
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Fig. 27—Polar Graph of Tensile Test Results Obtained for a Heat 

Treated Extruded Bar of a High Strength Aluminum-copper-magnesium 

Alloy Having a High Degree of a Duplex <111> and <001> Texture. 
mens at angles of 10,17.5 and 25 degrees to the extrusion axis were 
cut as pairs with opposite directions of inclination to determine whether 
this affected the results. The specimens were held in self-aligning 
grips (4) and the yield strengths were determined from stress-strain 
curves drawn by an electrically recording extensometer (5). Duplicate 
specimens were tested in all cases and the results averaged. 


Preferred Orientation 

The type of preferred orientation in this high strength extruded 
aluminum alloy bar is represented in Fig. 26. It is evident that a highly 
developed duplex extrusion texture exists in the bar with <111> and 
<001> axes parallel to the extrusion direction. Although both types 
of preferred orientation are highly developed, the <111> type appears 
to be slightly predominant. This type of duplex texture has been pre- 
viously reported in the case of some of the other face-centered cubic 
metals, such as silver and copper. 


Sat WE tan are Raia cP Rs A ba ae Pin 
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Mechanical Properties 
The results of the mechanical property tests are assembled in 
Table II and Fig. 27. Table II reveals that all specimens with the same 
degree of inclination to the extrusion axis exhibit substantially iden- 
tical properties regardless of the direction of inclination. Fig. 27 is a 
polar graph in which the vertical direction corresponds to the direction 
of extrusion, and the azimuth angles represent the angles of the axes 


Table Il 
Tensile Tests of a Heat Treated Extruded Aluminum-Copper-Magnesium Alloy Bar 





Angle Between 


Tension Axis Direction Yield Strength 
and Extrusion of Inclination (Permanent Tensile 
Direction to Extrusion set 0.2%) Strength Elongation 
Degrees Direction Psi Psi Per Cent in 4D 
0 — 57,550 82,200 13.3 
10 Right 52,900 79,250 18.0 
Left 51,800 77,500 16.0 
(Average) 52,350 78,400 17.0 
17.5 Right 48,300 73,900 20.0 
Left 47,200 72,800 19.5 
(Average) 47,750 73,350 19.8 
25 Right 44,700 69,550 22.0 
Left 43,800 68,600 21.5 
(Average) 44,250 69,100 21.8 
45 Right 43,100 65,850 20.4 
65 Right 45,600 66,500 14.4 
72.5 Right 44,750 64,750 12.0 
80 Right 44,750 64,450 12.0 
90 — 45,250 66,800 11.2 


if the test specimens with the extrusion axis. Quantitative representa- 
ion of the magnitude of the properties is given on a linear scale in a 
radial direction from the center of the graph. The yield strength is 
plotted in the upper right-hand quadrant, the tensile strength in the 
ipper left-hand quadrant, and the elongation in the lower two quad- 
ants. The existing symmetry elements indicate that the same relation- 
ship between direction and properties exist in each quadrant. 

The tensile properties exhibited a marked directional dependence. 
Che yield strength was at a maximum in the longitudinal direction. As 
the angle of the tension axis with the extrusion axis increased, the yield 
strength value decreased sharply to a minimum at 45 degrees. As the 
angle increased beyond 45 degrees and approached 90 degrees, the 
yield strength again increased slightly. The tensile strength varied in 
a similar manner. The elongation was low in both the longitudinal and 
the transverse directions, the latter having the minimum value, and 
reached a maximum between 25 and 45 degrees. 


Correlation of Preferred Orientation with Directional Properties 


In a preceding section of the lecture, a detailed discussion was 
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_ Fig. 28—A Series of Stereographic Projections Representing the Conditions 
Existing in Tensile Specimens Removed From a Large Heat Treated 24S Extru- 
sion Having a Duplex <111> and <001> Type of Preferred Orientation. The ten- 
sion axis is inclined to the extrusion axis as follows: 

a=0°* > = 38° c= 17.5° = 25° e = 45° =f = 65 ° 
Loci of poles of maximum resolved shear stress are dashed and tension stress or 
axis dotted. 
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Fig. 28 (cont.)—A Series of Stereographic Projections Representing the Con- 
ditions Existing in Tensile Specimens Removed from a Large Heat Treated 24S 
Extrusion Having a Duplex <111> and <001> Type of Preferred Orientation. 
The tension axis is inclined to the extrusion axis as follows: 


co 


eg = 749 


h = 80° i = 90° 


Loci of poles of maximum resolved shear stress are dashed and tension stress or 
axis dotted. 


siven of the principle involved in correlating preferred grain orienta- 
ion with the directional properties of aluminum sheet. Figs. 28a to 281 
epresent the superposition of the {111} pole figure for the extrusion 
and the pole figures of the planes of maximum resolved shear stress 
ior tensile specimens selected at different directions to the extrusion 
axis of the bar. Fig. 28 reveals that when the tensile axis of the speci- 
mens is parallel to the extrusion direction, there is no coincidence of 
planes of maximum resolved_shear stress with {111} slip planes. 
Therefore, no grains are so oriented that the resolved shear stress on 
their slip planes is at a maximum, and accordingly the yield strength 
would be expected to be higher than in other directions in which there 
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is some coincidence. As the angle of the tension axis with the extrusion 
direction increases, the degree of coincidence of planes of maximum 
resolved shear stress with slip planes increases rapidly to a maximum 
of 45 degrees ; that is, more and more grains are so oriented that the 
resolved shear stress on their slip planes is a maximum. At this orien- 
tation of the tensile specimen, there is coincidence at the poles of the 
projection, which implies that every grain involved in the <111> ex- 
trusion texture has at least one slip plane on which the shear stress is 
maximum, Accordingly, the yield strength would be expected to de- 
crease rapidly from a maximum parallel to the extrusion direction 
to a minimum value at 45 degrees inclination. At angles greater than 
45 degrees and approaching 90 degrees, the degree of coincidence de- 
creases again, and the yield strength would be expected to increase 
somewhat. 

A comparison of these considerations with the yield strength 
values illustrated in Fig. 27 shows excellent agreement. The yield 
strength was a maximum at O degrees inclination, decreased rapidly 
with increasing inclination to a minimum at 45 degrees, and then in- 
creased slightly from 45 to 90 degrees to the extrusion direction. 

The tensile strength exhibited a similar relationship. It did not 
correspond in all respects, however, and, in fact, would not be expected 
to do so, for this correlation between preferred orientation and direc- 
tional properties is applicable only to the beginning of plastic deforma- 
tion ; that is, it is valid only up to about the yield strength. At any later 
time during the tension test, the conditions as represented by the pole 
figure no longer exist, because of the changes in structure introduced 
by the deformation during testing. Only when the tension axis coincides 
with the crystallographic fiber direction can the effect of original pre- 
ferred grain orientation be the vital factor. 

The elongation presents a still more complicated relationship. It 
was low in both directions parallel and perpendicular to the extrusion 
axis, and increased to a maximum at some intermediate inclination. Al- 
though undoubtedly the original preferred orientation of the grains is 
a factor affecting this relationship, it appears that it is not the only one. 
A metallographic examination revealed an alignment of the insoluble 
constituents in the extrusion direction. Mechanical fibering probably 
contributed to the lower elongation in the transverse direction. The 
elongation is also affected by the change in grain orientation produced 
by the plastic deformation occurring during the tensile test. 


Structure and Tensile Properties of the Extruded Bar 
after Recrystallization 


A four-foot length was cut, before heat treatment, from the same 
extruded bar that was examined for tensile properties and preferred 
orientation. This length was stretched 6.9% and then heat treated 
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Table Ill 
Tensile Tests of Extruded Aluminum=-Copper-Magnesium Alloy Bar 
Stretched 6.9 Per Cent Before Solution Heat Treatment 





Angle Between 


Tension Axis Yield Strength 
and (Permanent 
Extrusion Direction set — 0.2%) Tensile Strength Elongation 

Degrees Psi Psi Per Cent in 4D 
0 42,150 68,000 21.7 

10 43,200 69,300 bi.2 
17.5 43,950 69,850 Zi.9 

25 44,400 69,950 21.7 

45 42,900 67,800 18.0 

65 44,050 66,600 14.0 
72.5 44,200 66,600 12.8 

80 44,000 65,650 12.4 

90 


43,250 64,900 10.8 


along with the extruded bar previously described ; 1.e., 2 hours at 930 °F 
(500 °C), followed by quenching in cold water. The mechanical prop- 
erties of the stretched and heat treated bar were determined from stand- 
ard tensile specimens cut with their longitudinal axes at the same angles 
to the direction of extrusion as with the first bar. Structure integrat- 
ng X-ray diffraction patterns were prepared, and revealed that the 
xtruded section, which was stretched before heat treatment, had 
‘ompletely recrystallized and possessed a very low degree, if any, of 
preferred orientation. This change was caused by the cold work in- 
roduced by the stretching operation. The extrusion texture type of 
preferred orientation (Fig 26) which previously existed disappeared 
‘ompletely during recrystallization and no new texture formed. Metal- 
ographic examination revealed that the stretched section had a normal 
recrystallized structure. As was the case with the bar with a high degree 
{ preferred orientation, the insoluble constituents were aligned in the 
‘xtrusion direction, indicating no decrease in mechanical fibering. 

The results of the tensile tests are assembled in Table III and are 
represented in the polar diagram in Fig. 29. If a statistical or random 
distribution of the slip planes exists, the tensile properties would be 
expected to be the same in all directions. If this were true, the curve 
representing the relationship between tensile properties and direction 
of extrusion in the polar diagram would be a concentric arc. The yield 
strength and the tensile strength approximate this condition. The elon- 
gation, however, shows a distinct dependence on direction, being a 
maximum parallel to the extrusion direction and decreasing with in- 
creasing inclination angle to a minimum (about one-half the maximum 
value) in the transverse direction. Obviously, this is caused by some 
factor other than grain orientation. Metallographic examination re- 
vealed that alignment of insotuble constituents in the extrusion direc- 
tion still existed after stretching and heat treatment. It is safe to assume 
that mechanical fibering caused the low elongation in the transverse di- 
rection. The mechanical fibering also contributed to the low transverse 
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Fig. 29—Polar Graph of Tensile Test Results Obtained From an Ex- 
truded Bar of a High Strength Aluminum-copper-magnesium Alloy That 
Was Stretched 6.9% Before Solution Heat Treatment. The bar possessed a 
very low degree, if any, of preferred orientation. 


elongation in the portion of the extruded bar that possessed the high 
degree of preferred orientation. 

A most interesting point (12) in comparing the properties of the 
two sections of the extruded bar is that the highest values of yield 
strength and tensile strength are obtained parallel to the extrusion di- 
rection, when preferred orientation exists. Stretching before heat treat- 
ment caused recrystallization to occur during heat treatment with loss 
of the preferred orientation and with reversion to the normal tensile 
properties of the alloy. 

In the case of longitudinally stressed members or structures, made 
from extruded rod or bar, it is often desirable to obtain maximum 
strength in the longitudinal direction. The existence of a preferred 
orientation which imparts desired directionality to the strength of the 
alloy in such cases is beneficial. 
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SUMMARY 


Two distinct types of preferred orientation may exist in aluminum 
sheet, the rolling and recrystallization types. Furthermore, these tex- 
tures may exist simultaneously in various relative quantities. The 
earing tendencies of sheet aluminum having preferred orientation de- 
pend on the type and degree of preference. The location of the ears on 
drawn cups is related to the type of grain orientation, and the size of the 
ears to the degree of preference. With the rolling type of preferred 
orientation, ears form at 45 degrees to the direction of rolling; and 
with the recrystallization type texture prevalent, the ears form parallel 
and perpendicular to the direction of rolling. When the two types of 
preferred orientation coexist, eight ears are formed in locations parallel, 
normal and at 45 degrees to the direction of rolling. These earing char- 
acteristics and the directional variation in tensile properties of the 
sheet are explained by the degree of coincidence between the crystal- 
lographic planes of slip and planes of maximum resolved shear stress. 
The slip directions on the slip planes apparently have a negligible in- 
luence. 

It was established that a large heat treated aluminum-copper- 
magnesium alloy extrusion had a highly developed duplex texture (ex- 
trusion) with <111> and <001> axes parallel to the direction of 
extrusion. This bar exhibited pronounced directional properties. The 
maximum yield strength, which occurred parallel to the extrusion 
direction, was 32.5% greater than the minimum yield strength, which 
was 45 degrees to the direction of extrusion. The directional variation 
in mechanical properties was explained on the basis of the degree of 
coincidence between planes of maximum resolved shear stress and 
crystallographic planes of slip. 

Deformation by stretching of an extruded bar caused recrystalli- 
zation during heat treatment with consequent loss of the extrusion 
texture. The tensile and yield strengths of this extrusion reverted to 
normal values for the alloy and exhibited little directional dependence. 
In the case of longitudinally stressed members, a high degree of pref- 
erence would be advantageous if the direction of principal stress were 
parallel to the extrusion direction. Improvement in longitudinal 
strength was approximately 35% when the extrusion texture type of 
preferred orientation was present. 
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THE EFFECT OF PRESTRAINING UNDER DIFFERENT 
STRESS STATES ON THE FRACTURE AND FLOW 
PROPERTIES OF 28-0 ALUMINUM 


By I. RozaLtsky 


Abstract 


The effects of prestrain under conditions of different 
stress states but identical strain states upon the fracture and 
flow properties in tension were obtained for commercially 
pure (2S-O) aluminum. 

For prestrains of the same magnitude a prestrain stress 
state of simple compression results in a higher retained tensile 
ductility than does a prestrain stress state of biaxial tension. 

Also a change in prestrain stress state from simple compres- 
sion to biaxial tension influences the shape of the fracture 
stress versus prestrain curve but does not affect the shape 
of the yield strength versus prestrain curve. 


INTRODUCTION 


HE object of this investigation was a correlation of the prestrain 

effects produced under conditions of different stress states but iden- 
tical strain states upon the tensile fracture and flow properties of 2S-O 
duminum. 

Fig. 1’ summarizes some of the possible types of plastic strains 
1 prestrains that may be followed by a tensile test. 

Tensile prestrain in the same direction as that of the subsequent 
ensile test may be produced under prestrain conditions of different 
stress states but identical strain states. 

The conditions represented by Fig. la, the prestrain stress state 
f simple tension, have been studied by Liu and Sachs (1)? for 24ST 
iluminum and by Ripling and Baldwin (2) and McAdam and his 
associates (3) for steel. 

Bridgman (4) considered the conditions represented by Fig. 1b, 


1 The subscripts a, b, and c for each stress (s) and strain (€) may apply interchangeably 
any of the three principal directions. 
2 The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Various Prestrain Stress and Strain States Under Isotropic Conditions. Clear 
blocks indicate shape before prestraining. 
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the prestrain stress state of biaxial compression, in his studies of a 
number of alloys. 

The prestrain stress state of ““cross-compression”’ * represented by 
Fig. le and 1d was considered in this paper as another possible means 
of obtaining tensile prestrain. 

Compressive prestrain in the same direction as that of the subse- 
quent tensile test may also be produced under conditions of different 
stress states but identical strain states. 

The conditions represented by Fig. le, the prestrain stress state 
of simple compression, were studied by Liu and Sachs for 24ST alu- 
minum (1), Ripling and Baldwin (2), McAdam (3) and Koerber and 
his coworkers (5) for steel. 

The prestrain stress state of biaxial tension represented by Fig. 1f 
was considered in this research as another means of obtaining compres- 
sive prestrain in the same direction as that of the subsequent tensile 
test. 

This paper represents an attempt to gain insight into the subject of 
the mechanical behavior of metals. 


MATERIAL AND PROCEDURE 

The different prestraining conditions were carried out on speci- 
nens cut from a 10 foot by 4 foot by 34 inch 2S aluminum plate and 
innealed at 650°F for 30 minutes. The methods by which the tests 
vere conducted are described below : 

Final Tensile Test—These specimens were of the dimensions 
shown in Fig. 2 except for specimens taken in the normal direction of 
the plate after compressive prestrain in the normal direction. Under 





7 
ié -20 Thds. 


Gage Length 


Fig. 2—Tensile Test Specimen. 


these conditions, see Fig. le and 1f, the total Jength of the tensile test 
specimen was necessarily decreased ; however, the specimen diameter 
of 0.150 inch was retained 


_ * Compressive prestrain in one principal direction followed by testing in one of the other 
principal directions (90 degrees removed from the prestrain direction). The “cross- 
compression” results in a tensile prestrain in the test direction. 


*In the fully annealed condition the 2S aluminum is designated as 2S-O aluminum. 
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Each tensile test was made with a crosshead speed of approxi- 
mately 0.04 inch per minute, with all tests including the prestrains be- 
ing made at room temperature. Concentricity of loading during the 
tensile testing operation was ensured by the use of a specially con- 
structed fixture (6). 

Prestrain According to Fig. la—The type of specimen used for 
simple tensile prestrain was of the shape shown in Fig. 2. It was not 
considered necessary to re-machine these specimens prior to their being 
tested in tension. Prestrains of this type and subsequent tensile tests 
were made for each of the three principal directions, i.e., the longitudi- 
nal (rolling), transverse, and normal directions of the aluminum plate. 
The direction of the tensile prestrain was the same as the direction of the 
subsequent tensile test. 

Prestrain According to Figs. 1c and 1d—The type of specimen 
used for cross-compressive prestrain was a rectangular parallelepiped 
of the dimensions 0.72 inch by 0.50 inch by 0.50 inch or 0.72 inch by 
2.00 inch by 2.00 inch. The 0.72 inch dimension was in the normal direc- 
tion of the plate, the dimensions in the longitudinal and transverse di- 
rections being determined by the direction of the subsequent tensile 
test and the magnitude of prestrain. 

Specimens were prestrained by compressing them between two flat 
parallel plates in a tensile test machine. A commercial preparation of 
molybdenum sulphide was used as a lubricant on the plates to decrease 
friction between the plates and the specimen bases. This technique was 
also used for simple compressive prestrain, see Fig. le. 

For each of the three test directions two sets of data were obtained 
by means of cross-compressive prestrain, e.g., for tests in the normal 
direction, it was possible to prestrain by compression in either the longi- 
tudinal or transverse direction to obtain a tensile prestrain in the norma! 
direction. 

Prestrain According to Fig. 1le—The type of specimen used for 
prestraining in simple compression was a cylinder, the axis of which 
was parallel to the direction of compression and the test direction. Those 
taken in the normal direction of the plate were 0.72 inch in height and 
0.50 inch in diameter. The maximum amount of prestrain was 
e»> — —0.60; greater prestrains reduced the length of the subsequent 
tensile test specimens to an inipractical point. Those taken in the longi- 
tudinal and transverse directions were of two sizes: 


0.75 inch in height and 0.50 inch in diameter for compressive prestrains 
less than e» = —0.60, and 

2.00 inch in height and 0.75 inch® in diameter for compressive pre 
strains greater than e, — —0.60. 


Se = to Cee ores 
Area after Prestrain 
® Narrow flats were left on the cylindrical surfaces of these specimens for the plate thick 
ness was only 0.72 inch, see Fig. 4. 
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The maximum length of the tensile test specimen taken in the 
normal direction that could be machined from the plate after heavy 
compressive prestrain in the normal direction, according to Fig. le or 
|f, was shorter the greater the prestrain. It was observed that the effect 
of variation in gage length upon the fracture and flow properties of 
the 2S-O aluminum was not significant, except for the vield strength 
of specimens of exceedingly short gage length. 

The aluminum plate used in this investigation was anisotropic as 
may be seen in Fig. 3 and 4 by the oval cross section which originally 
circular specimens assumed when compressed. 
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Fig. 3—Dependence of Strain Anisotropy Upon Com- 
pressive Prestrain in 3% Inch Thick 2S-O Aluminum Plate. 


Prestrain According to Fig. 1f—Prestraining in biaxial tension 
vas effected by bulging the 2S-O aluminum plate by hydraulic means 
ma 1,000,000 pound hold-down press. While thin sheet has previously 
een bulged in such presses (7,8), the bulging of thick sheet or plate 
ntroduces two difficulties : 


(a) The bend stresses at the periphery of the bulge are 
such as to destroy a simple biaxial stress state for some distance 
in from the edge. Consequently, as large a diameter die (6 inch 
diameter with a specimen of 10 inch by 10 inch surface dimen- 
sions ) as could be handled by the press was used. Tensile test 
specimens were taken from the center (pole) of each dome 
(bulge) normal to the surface of the plate.‘ 

(b) Even at the pole of the dome a uniform biaxial strain 
state did not exist from the inside surface to the outside sur- 
face as was evidenced by strains measured from 20-lines-to- 
the-inch grids photographically applied (9) to both the outside 
and inside surfaces. 


’ Actually a simple biaxial stress state (stresses in the plane of the sheet only) is not 
ochiceal in the case of bulging thick plate since here the hydraulic pressure develops some slight 
stress normal to the plane of the sheet. 
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Fig. 4—Plate Anistropy as Evidenced by Specimens Prestrained in Simple Compres- 
sion. (a) Cylindrical specimens of 2S-O Aluminum compressed various amounts in the 
transverse direction of the plate. The normal (N) and longitudinal (L) directions of the 
plate are shown. (b) Cylindrical specimens of 2S-O aluminum compressed various amounts 
in the longitudinal (rolling) direction of the plate. The normal (N) and transverse (T) 
directions are shown. 


After bulging, strain distributions on the top and bottom surfaces 
of each bulge were plotted, Figs. 5,6 and 7, for the portion of the 
bulge in the vicinity of the pole. 

The strains were measured from the pole, see Fig. 5, in the longi- 
tudinal direction of the plate at the top and bottom surfaces (ez, and 
ep, respectively ) and in the transverse direction of the plate at the top 
and bottom surfaces (err and erg, respectively) of the bulge. The bot- 
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Fig. 5—Longitudinal and Transverse Strain Distribu- 
tions for Hydraulic Circular Bulges of % Inch 2S-O Alumi- 
num Plate. 


1m surface of the bulge was denoted to be the surface in contact with 
he oil during the bulging operation. 

The first plate was bulged until fracture occurred. By extrapola- 
on of Thielsch’s data for the hydraulic pressure required for fracture 
ersus thickness of sheet for 2S-O aluminum (10), it was determined 
hat an approximate pressure of 6500 psi would be required to fracture 
, inch plate under conditions of balanced § biaxial tension by means of 
iydraulic bulging. Actually, it was experimentally determined that a 

pressure of 7500 psi was required. The difference in hydraulic pressure 
was perhaps due in part to the slight triaxiality in stress state involved 
in the bulging of the plate. 

No tensile test specimens were taken from this bulge which frac- 

tured under hydraulic pressure, because of the excessive non- 
uniformity of strain distribution. More aluminum plates were bulged 


® Using circular bulging die. 





84 TRANSACTIONS OF THE ASM Vol. 47 


(a) Maximum Hydraulic Bulging 
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Fig. 6—Longitudinal and Transverse Strain Distribu- 
tions for Hydraulic Circular Bulges of 3% Inch 2S-O Alumi- 
num Plate. 


at successively lower pressures, and from one specimen, see Fig. 5a, 
to nine specimens, see Fig. 7b, were taken from the pole of each bulge, 
the number of specimens depending upon the uniformity of strain in the 
vicinity of the pole. Each specimen was cut from the bulge so that its 
axis was perpendicular to the top bulge surface. 

Compressive prestrain in each of these specimens was computed 
(a) from thickness measurements made with pointed micrometers and 
(b) from the average strains im the plane of the plate taken on both the 
inside and outside surfaces by the assumption of constancy of volume, 


atete—d0 
e, being the longitudinal strain, e2 the transverse strain and e; the normal 
strain. The results obtained by both methods for each specimen were 
almost identical. 
A considerable strain gradient existed between the top and bottom 
surfaces of each bulge, see Figs. 5,6 and 7, and concomitantly, between 
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Fig. 7—Longitudinal and Transverse Strain Distribu- 
tions for Hydraulic Circular Bulges of 34 Inch 2S-O Alumi- 
num Plate. 


e bases of the tensile test specimens cut from the pole of each bulge. 
1 low hydraulic bulging pressures, the strains in the longitudinal and 
ansverse directions were compressive ® at the bottom surface and ten- 
le at the top surface of the bulge, however, for high pressures, the 
rains at the top and bottom surfaces were both tensile but varied 
reatly in magnitude. 
To determine the strain gradient throughout the thickness, Knoop 
ardness traverses were made on specimens cut from the poles of the 
ulges, Fig. 8. The variation in Knoop hardness was essentially linear 
with respect to thickness, even after taking into account the minima in 
these curves where a transition from compressive to tensile strains 
occurred at some distance from the bottom surface of the bulge. The 
hardness was assumed proportional to the strain, thus the strain at any 
depth could be obtained, Hence, although some of the tensile test speci- 


*The apparently anamalous compressive strains cannot be explained by the author at 
this time; however, their explanation may lie in the realm of bulge mechanics. 
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Fig. 9—Effect of Tensile (e9>O) and Compressive (ep<O) Pre- 
strain in the Normal Direction of 4 Inch Thick 2S-O Aluminum Plate 
Upon the Retained Tensile Ductility in the Normal Direction for Various 
Prestrain States. 
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mens did not fracture at the exact center of the gage length, the magni- 
tude of the prestrain at the point of fracture in the tensile test specimen 
could be determined. 
RESULTS 

The effect of prestrain (¢)) upon various fracture and flow prop- 
erties of 25-O aluminum in tension are represented in Figs. 9 to 24. 
The fracture properties determined were the retained ductility («)?° 
and the fracture stress (S-)'’. The only flow property investigated was 
the yield strength (0.2% offset). 
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Fig. 10—Effect of Tensile (e9>O) and Compressive (ep<O) Pre- 
strain in the Longitudinal Direction of % Inch Thick 2S-O Aluminum 


Plate upon the Retained Tensile Ductility in the Longitudinal Direction 
for Various Prestrain Stress States. 


Fracture Properties 


Retained Ductility—Plots of retained tensile ductility versus pre- 
train for prestrain stress states of simple compression (¢,<0), simple 
ension (€,>0), and cross-compression (¢,>0) are shown in Fig. 9, 

)and 11 for specimens prestrained and tested in the normal, longitudi- 
al and transverse directions, respectively. 

For each of the three test directions the curves for the prestrain 
stress states of simple tension and cross-compression appear to coincide 
in a straight line of 45 degree slope. 

However, for tests taken in the normal direction, Fig. 9, for large 
cross-compressive prestrains in the longitudinal and transverse direc- 
tions, there appears to be a tendency for deviation from the 45 degree 


line in a manner analagous to the curve for biaxial compression, see 
Area After Prestrain _ Ap 
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Fig. 11—Effect of Tensile (e9>O) and Compressive (ep<O) Pre- 
strain in the Transverse Direction of 3% Inch Thick 2S-O Aluminum Plate 
Upon the Retained Tensile Ductility in the Transverse Direction for 
Various Prestrain Stress States. 
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Fig. 12—The Effect of Prestrain in Biaxial Tension (e9<O) and 
in Biaxial Compression (e9>O) (Schematic after Bridgman) upon the 
Retained Tensile Ductility in the Normal Direction of % Inch Thick 
2S-O Aluminum Plate. 


Fig. 12. It was not possible to justify this tendency for deviation from 
the 45 degree line, because of experimental difficulties, e.g., prestrain 
specimen size limitation in the normal direction and buckling tendencies 
in prestraining restricted the magnitude of the prestrains to those 
shown in Fig. 9. In this paper the curves for cross-compressive pre 
strain will be assumed to lie along a line of 45 degree slope for all 
three test directions as shown in Figs. 9,10 and 11. 
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Fig. 13—The Effect of Prestrain in Simple Compression (ep<O) 
or in Simple Tension (e9>O) upon the Retained Tensile Ductility for 
4%, Inch Thick 2S-O Aluminum Plate for Each of the Three Principal 
Directions. The prestrain direction was the same as the direction of the 
subsequent tensile test. 


In these plots the following should be noted for each test direction : 
‘he continuous nature of each of the curves from the tensile prestrains 
«,>O) through zero prestrain (€,—0) to compressive prestrains 
€» <0) ; the maximum in the curve at a simple compressive prestrain 
/ small magnitude; and the subsequent decrease in retained tensile 
uctility (e¢) at larger compressive prestrains. These features have also 
een observed in other investigations (1, 2). 
A plot of the retained tensile ductility versus prestrain under a 
restrain stress state of biaxial tension and a schematic curve of the 
xpected retained tensile ductility (4) versus prestrain under the stress 
tate of biaxial compression are shown in Fig. 12. For compressive 
restrain (biaxial tension), the curve is a straight line of very steep 
lope, i.e., the retained ductility decreases very rapidly with increasing 
ompressive prestrain. For tensile prestrain (biaxial compression ), the 
urve has a smaller slope than the curve for simple tension (45 degrees ) 
ifter exceeding some critical magnitude of prestrain (4). 

The curves in Figs. 9,10 and 11 were combined with similar curves 
tor 24S-T4 aluminum (1) and SAE 1340 steel '* (2) in Fig. 13. 

A comparison of the unworked ductilities of 2S-O aluminum in 
each of the three directions of the plate shows that the ductility in the 
normal direction is somewhat greater than that in either the longitudi- 
nal or transverse direction. At large compressive prestrains, however, 
the retained ductility is greater for the longitudinal and transverse 
directions than for the normal direction. Of course, for the tensile 


‘: For specimens taken in the longitudinal direction of round bar stock. 
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Fig. 14—The Effect of Prestrain in Simple Compression (ep<QO) or 
in Simple Tension (e9>O) upon the Retained Tensile Ductility for %4 
Inch Thick 2S-O Aluminum Plate for Each of the Three Principal Direc- 
tions. The prestrain direction was the same as the direction of the subse- 
quent tensile test. 
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Fig. 15—The Effect of Prestrain Stress State upon the Retained 
Tensile Ductility in the Normal Direction of 4 Inch Thick 28-0 Alumi- 


num Plate. The curve for biaxial compressive prestrain is schematic 
after Bridgman (4). 


prestrains, the ductility in the normal direction for any magnitude of 
prestrain is greater than that in the longitudinal or transverse direc- 
tion because of the relationship between the unworked ductilities 
(€p = 0) in the three directions. 

The general shapes of the curves for 24S-T4 aluminum and SAE 
1340 steel are similar to those for simple tensile or compressive pre- 
strain for 2S-O aluminum. 


Because of the much lower unworked ductilities of 24S-T4 alu- 
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Fig. 16—Effect of Various Prestrain Stress States upon the 
Tensile Fracture Stress in the Normal Direction of 4% Inch Thick 
2S-O Aluminum Plate. 


minum and SAE 1340 steel in comparison with that of 2S-O alumi- 
num, the plots in Fig. 13 are transposed to Fig. 14 where the ratio of 
retained ductility to unworked ductility is plotted versus the ratio 
of prestrain to unworked ductility. 

The curve for SAE 1340 steel is considerably higher than the other 
curves, whereas the curve for 24S-T4 aluminum approximates some- 
what the curve for 2S-O aluminum prestrained and tested in the longi- 
tudinal direction. : 

For comparison purposes Fig. 15 was obtained by combining the 
curves in Fig. 12 with the curve for the prestrain stress state of simple 
compression in the nefmal direction in Fig. 9. 

Fracture Stress—Plots of tensile fracture stress versus prestrain 
under conditions of different stress states are shown for the normal di- 
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Fig. 17—Effect of Various Prestrain Stress States upon the 
Tensile Fracture Stress in the Longitudinal Direction of %4 
Inch Thick 2S-O Aluminum Plate. 
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Fig. 18—Effect of Various Prestrain Stress States upon the 
Tensile Fracture Stress in the Transverse Direction of 4 Inch 
Thick 2S-O Aluminum Plate. 
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Fig. 19—Comparison of Compressive Prestrain Effects Upon 
the Fracture Stress in Tension of 2S-O Aluminum for Various 
Prestrain States and Prestrain Directions. 


rection, Fig. 16, the longitudinal direction, Fig. 17, and the transverse 
direction, Fig. 18. 

For each of the three principal directions for prestrain in simple 
tension, the curve appears to be a horizontal line ; however, for prestrain 
stress states of simple compression and “cross-compression,” each of 
the tensile fracture stress curves exhibits a minimum for each of the 
three test directions. 

Fig. 19 shows plots of tensile fracture stress versus compressive 
prestrain for the prestrain stress state of simple compression in each of 
the three principal directions and for the prestrain stress state of biaxial 
tension in the normal direction. Also included is the curve for 24S-T4 
aluminum (1). The curves for simple compressive prestrain for each 
of three directions in the 2S-O aluminum plate are similar in that 
each exhibits a minimum at a relatively low magnitude of prestrain and 
then rises ; however, the curves for the longitudinal and transverse di- 
rections do show a tendency to flatten out at higher prestrains at a frac- 
ture stress of the order of magnitude of 50,000 psi. The curve for the 
prestrain stress state of biaxial tension for 2S-O aluminum differs in 
that it is a straight lineof steep slope with no minimum and no propen- 
sity towards flattening out. The curve for 24S-T4 aluminum is a 
straight line of gentle slope. 
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Fig. 20—Effect of Various Prestrain Stress States upon the 
Yield Strength (0.2% Offset) in Tension in the Normal Direc- 
tion of % Inch Thick 2S-O Aluminum Plate. 


The Effect of Prestrain Upon Flow Properties 

Yield Strength—Plots of yield strength in tension versus prestrain 
for different prestrain stress states are shown for the normal direction, 
Fig. 20; the longitudinal direction Fig. 21; and the transverse direc- 
tion, Fig. 22. For a given principal direction, there are but slight dif- 
ferences in the yield strength curves for the various prestrain stress 
states. 

Plots of yield strength in tension versus compressive prestrain for 
the prestrain stress state of simple compression in each of the three 
principal directions and for the prestrain stress state of biaxial tension 
in the normal direction are shown in Fig. 23. Also included is the curve 
for 24S-T4 aluminum (1). The curves for 2S-O aluminum for simple 











1955 


PRESTRAIN PROPERTIES OF 2S-O ALUMINUM 



















i. 

Ww 

Qa 

oO 

© 20 

oO 

i | a 

- |0 ¥Prestrain-(Fig.le) ¢ Prestrain-(Fig.!a) 
° Simple Compression Simple Tension 

= 0 Longitudinal Direct. Longitudinal Direct. 
32 Go *3e “Gs +42 © -$Ge- “Ge 1.2 
N 30 

Oo 

& 

= 20 

& 

; / 

a . b 

re 10 $ Prestrain-( Fig.!c) Prestrain -(Fig. 1d) 
= Cross-Compression Cross-Compression 
> 2 Normal Direction Transverse Direction 


O +04 +08 +12 0 +0.4 40.8 41.2 
Prestrain in Longitudinal Direction - €p 
Fig. 21—Effect of Various Prestrain Stress States upon the 


Yield Strength (0.2% Offset) in Tension in the Longitudinal 
Direction of % Inch Thick 2S-O Aluminum Plate. 








30 
oO 
Qa 
O 
20 
© eee 
an} 
< |O © prestrain -(Fig.le) ~Prestrain-(Fig.!a) 
2 Simple Compression Simple Tension 
S 0 Transverse Direction Transverse Direction 
PS oO “ie. “he 2 OO *O@ *O8 41.2 
aN) 
° 
£ 
o 
¢. 
a ior : . e- : : 
© * Prestrain-(Fig.!c) © Prestrain-(Fig.!Id) 
wD Cross-Compression Cross-Compression 
~ Oo Normal Direction Longitudinal Direct. 


0 +04 20.8 4.2 0 20.4 +QO8 +1.2 
Prestrain in Transverse Direction - Ep 


Fig. 22—Effect of Various Prestrain Stress States Upon the 
Yield Strength (0.2% Offset) in Tension in the Transverse 
Direction of % Inch Thick 2S-O Aluminum Plate. 
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Fig. 23—-Comparison of Compressive Prestrain Effects upon the 
Yield Strength (0.2% Offset) in Tension for 3% Inch Thick 28-0 
Aluminum Plate and 24S-T4 Aluminum (1) for Various Prestrain 
Stress States and Directions. The prestrain direction was the same 
as the direction of the subsequent tensile test. 


compression in the three principal directions are all quite similar. This 
similarity can also be shown for the other prestrain stress states. Liu’s 
curve is of course much higher than those for 2S-O aluminum, has a 
minimum at a very small value of prestrain, and has a much steeper 
slope at prestrains of small magnitude. 

No evidence of the Bauschinger effect ’* was apparent for the 
work in this paper. 

DISCUSSION OF RESULTS 

Prestraining in Biaxial Tension—lIt is apparent in Figs. 5,6 and 
7 that the strain anisotropy in the bulge at the vicinity of the pole of the 
bulge is strain dependent; i.e., the greater the longitudinal and trans- 
verse strains in the bulge surfaces, the greater is the strain anisotropy. 

The Effect of Prestrain upon the Retained Ductility—The in- 
herent scatter of the data for the unworked ductility for’2S-O alumi- 
num in each of the three directions of the plate should be noted in 
Figs. 9,10 and 11. This characteristic scatter in unworked ductility is 
an implicit factor in the scatter of the retained ductility versus prestrain 
data for the above curves. 

The relatively large scatter in the retained ductility versus pre- 
strain data for the stress state of biaxial tension, Fig. 12, was probably 


18 Lowering of the yield strength by a difference in stress state between the prestrain and 
the test 
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caused by a combination of variations in the previously mentioned bend 
stresses and by the plate anisotropy. The trend of the data might have 
been more apparent if it had been possible to obtain larger compressive 
prestrains by means of biaxial tension. This condition was not possible 
with the material and equipment used in this investigation. 

The greater unworked ductility in the normal direction than in the 
longitudinal direction of the 2S-O aluminum plate appears anomalous 
when compared with the results in the published literature (11). The 
discrepancy cannot be explained at this time. 

The differences between the curves for retained tensile ductility 
versus prestrain in simple compression in the normal direction and in 
biaxial tension, Fig. 15, seem to be of fundamental significance. The un- 
known mechanism which causes an increase in retained tensile ductility 
for small compressive prestrains for a prestrain stress state of simple 
compression appears to be inoperative for a prestrain stress state of 
balanced biaxial tension. 

The absence of a discontinuity in the prestrain curve from simple 
‘compressive to simple tensile prestrain in Fig. 13 possibly indicates 
that the small increase in retained ductility for small values of com- 
ressive prestrain has only a slight effect upon the fracture mechanism 
n tension. 

A change in prestrain stress state from simple tension to “cross- 
ompression” does not affect the retained tensile ductility, see Fig. 9, 
'O and 11, but a change in prestrain stress state to simple compression 
ir biaxial tension, Fig. 15, modifies the retained tensile ductility curve. 

From Fig. 1 the prestrain stress state of cross-compression is ap- 
arently intermediate between simple tension and biaxial compression. 
he results, however, indicate that for each of the three test directions 
he curve for retained tensile ductility versus prestrain in cross- 
ompression, Figs. 9,10 and 11, coincides with the curve for simple 
tension, rather than lying somewhere between the curves for prestrain 
n simple tension and biaxial compression, Fig. 15. 

Fracture Stress—Although the retained ductility and fracture 
stress are both considered to be fracture properties, the change in pre- 
‘train stress state from simple tension to “cross-compression”’ (for 
both, ¢,>0) caused no change in the retained tensile ductility curve, 
igs. 9,10 and 11, but caused a change in the shape of the tensile frac- 
ture stress curve, Figs. 16,17 and 18. 

These results should be considered from the point of view that the 
fracture stress is not a simple phenomenon. The fracture stress of a 
metal depends upon the ductility, the strain hardening rate and the 
yield strength of the metal. The interrelations between the above vari- 
ables and considerations of their relative magnitudes could certainly 
produce minima in those curves for tensile fracture ductility when the 
prestrain stress state is changed from one of simple tension to simple 
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compression or “‘cross-compression,” see Figs. 16,17 and 18, or change 
the slope of the fracture stress curve from a horizontal line for a pre- 
strain stress state of simple tension to a straight line of steep slope for 
a prestrain stress state of biaxial tension, see Fig. 16. 

The curves for prestrain in simple compression for the three di- 
rections of the 2S-O aluminum plate exhibit certain similarities, see 
Fig. 19. There is a minimum in each of these curves at a small value of 
compressive prestrain. Then the curves for the longitudinal and trans- 
verse directions rise, flattening out at larger prestrains at fracture stress 
values of about 50,000 psi. It seems possible to expect that the curve 
for the normal direction would also have flattened out after rising from 
the minimum, had it been possible to obtain larger prestrains in the 
normal direction. 

Liu’s curve for 24S-T4 aluminum is of different shape from the 
above curves for 25-O aluminum. The difference may be explained by 
the large difference in ductility between 2S-O and 24S-T4 aluminum. 
Koerber (5) found that the tensile fracture stress for a mild steel con- 
sistently decreased with increasing compressive prestrain. But Mc- 
Adam (3) reported that with increasing compressive prestrain, the ten- 
sile fracture stress of an annealed chromium steel first decreased to a 
minimum and then increased continuously. Complex curves for frac- 
ture stress versus prestrain were obtained by Backofen and his asso- 
ciates (12) under conditions of prestrain in torsion and testing in 
tension. It is possible that a difference between the stress state in pre- 
straining and in testing tends to complicate the horizontal curve ex- 
pected when the stress states for prestrain and testing are of the same 
type. 

The curve for fracture stress versus prestrain in balanced biaxial 
tension is significantly different from that for simple compressive pre- 
strain in the normal direction, Fig. 19. Apparently, the effect of the 
balanced biaxial tensile prestrain is to mask completely those charac- 
teristics present in the curve for simple compressive prestrain and to 
cause only a rapid linear decrease in fracture stress with increasing 
compressive prestrain. 

Yield Strength—The evident proximity of the curves for all 
prestrain stress states, see Figs. 20 to 23, indicates that a difference in 
prestrain stress state has no significant influence upon the effect of 
prestrain on the yield strength in tension. 


CONCLUSIONS 


The fracture properties (stress and strain) of 2S-O aluminum de- 
pend not only upon the nature and magnitude of the prestrain, but also 
upon the stress state under which a given prestrain is effected, see 
Fig. 24. 

Thus, for example, for each test direction for compressive pre- 
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strains of the same magnitude, a prestrain stress state of simple com- 
pression resulted in a higher retained tensile ductility than did a 
prestrain stress state of biaxial tension. 

For tensile prestrains of the same magnitude (after a critical 
amount of prestrain) a prestrain stress state of biaxial compression re- 


Simple Compr. 
—-— Biaxial Tension 
---— Simple Tension 
—-— Biaxial Compr. 


Retained Tensile Ductility - €¢ 





— €p,<0 O Ep>O _—_— 
Prestrain- Ep 


Fig. 24—Schematic Representation of Re- 
tained Tensile Ductility Versus Prestrain for 
Various Prestrain Stress States for 2S-O Alu- 
minum Plate. The prestrain direction is the 
same as that of the subsequent tensile test. The 
mean stress (Sm) is given for each prestrain 
stress state in terms of the yield strength in 
tension. 


sulted in a higher retained tensile ductility than did a prestrain stress 
state of simple tension. 

However, for tensile prestrains of the same magnitude, a prestrain 
stress state of simple tension resulted in the same retained tensile duc- 
tility as did a prestrain stress state of cross-compression. 

For compressive prestrains of the same magnitude, a prestrain 
stress state of simple compression resulted in a higher tensile fracture 
stress than did a prestrain stress state of biaxial tension. 

The shapes of the curves obtained for tensile fracture stress versus 
prestrain differed considerably when the prestrain stress state was 
varied. 

No significant changes in the tensile yield strength versus prestrain 
curves were obtained by variations in the prestrain stress states. 
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DISCUSSION 


Written Discussion: By B. B. Hundy, British Iron and Steel Research 
Association, Sheffield, England. 

The problem of the fracture of metals is very complicated and, as yet, is little 
understood. This paper by Dr. Rozalsky is a very interesting contribution to 
our meager knowledge of this subject and may, one day, help toward a fuller 
understanding of the factors governing fracture. 

It is perhaps fortunate that 2S aluminum was chosen as the subject for this 
thorough investigation; our work at Massachusetts Institute of Technology ™* * 
on mechanical anisotropy showed that, of the 6 or 7 different metals tested, only 
2S aluminum exhibited no mechanical anisotropy due to previous processing. Our 


14 W. A. Backofen, A. J. Shaler and B. B. Hundy, ‘Mechanical Anisotropy in Copper,”’ 
TRANSACTIONS, American Society for Metals, Vol. 46, 1954, p. 655. 
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work suggested that most wrought metals contain an oriented system of minute 
flaws or microcracks which are aligned by the processing to give maximum 
ductility in the direction of working and minimum ductility transverse to this 
direction. Thus, in most cases, when a metal is prestrained by cold working, 
reorientation of the microcracks (due to the change in shape of the specimen) 
may possibly affect the fracture behavior and it is difficult to decide on the 
essential effect of the cold work only. As the ductility in the normal direction of 
the 2S plate used in this present work was, if anything, higher than in the 
longitudinal or transverse directions, it seems, in agreement with our own work, 
that the influence of microcracks (if present) was negligible and that in this 
‘ase we can probably consider the effects of prestraining as being due only to 
the cold work. 

On the other hand, however, there is one other factor which complicates 
the results and which has not been eliminated in this work: this is the crystal- 
lographic anisotropy. It is generally recognized that preferred orientation affects 
fracture as well as the flow properties and it is to be expected that prestraining 
vould modify the annealing texture so as to affect the mechanical properties to 
ome extent. It is not impossible, of course, that this is only a minor effect and 
an be ignored. I do feel, however, that the modification of the texture by the cold 

ork of prestraining should not be overlooked. 

Were the true stress-strain curves recorded during the final tensile test? Dr. 
<ozalsky makes no mention of this and only quotes the fracture properties and 
he yield strength. The shape of the stress-strain curve and the rate of work 
iardening are also of very great interest and I would welcome any information 


hat the author might have on the effects of the various methods of prestraining 
n these. 


Authors’ Reply 


The author appreciates the constructive criticisms and comments offered by 
rv. Hundy. 

The primary purpose of this investigation was to determine the effect of 
restraining under different stress states on the fracture properties of 2S-O 
luminum ; the only flow property investigated was the yield strength (0.2% off- 
et). In order to determine the yield strength a true stress-true strain curve was 
ecorded for each prestrained aluminum specimen during the final tensile test 
peration. However, no rigid analysis has as yet been made to determine 
ie effect of the various methods of prestraining on the rate of work hardening 
ind the shape of the stress-strain curve. 








DEFORMATION MECHANISMS IN POLYCRYSTALLINE 
AGGREGATES OF MAGNESIUM 


By F. E. Hauser, C. D. Starr, L. Tietz ann J. E. Dorn 


Abstract 


Deformation mechanisms in polycrystalline magnesium 
at atmospheric temperature were investigated by metallo- 
graphic and X-ray techniques. Basal slip and twinning on 
(1012) planes were observed. In addition deformation took 
place by kinking and grain boundary shearing. Fracturing 
occurred on various crystallographic planes of high index as 
well as by an intergranular mechanism. 


INTRODUCTION 


CIENTIFIC and technical interest have stimulated detailed and 
S extensive investigations directed toward uncovering the fundamen- 
tal processes involved in the plastic deformation of metals. The ma- 
jority of such investigations have been concerned with simple stressing 
of single metal crystals with the objective in mind to simplify the 
analyses by eliminating many of the variables inherent in the more com- 
plex problem of deformation in polycrystalline aggregates; and the 
virtue of thus controlling and reducing the variables has been substan- 
tiated by the definitive correlations that have matured among the crystal 
structure, laws of deformation and the deformation mechanisms. But 
the ultimate objective of all such investigations has been the complete 
rationalization of the plastic behavior of polycrystalline aggregates. 
Whether the plastic behavior of polycrystalline aggregates might be 
completely deduced from singular knowledge of deformation mecha- 
nisms in single crystals has not yet been fully established. Undoubtedly 
the auxiliary knowledge gained from investigations on polycrystalline 
aggregates concerning the more general conditions of stressing encoun- 
tered by each grain and concerning interactions at their mutual bound- 
aries will be required before any extrapolation of the plastic properties 
of single metal crystals to those of the polycrystalline aggregate can be 
made with confidence. 

The investigations described in this report were initiated as pre- 
liminary studies of deformation and fracture mechanisms in poly- 
crystalline aggregates. It was thought that the polycrystalline aggregate 
would exhibit all of the mechanisms of deformation that could be de- 
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tected in single metal crystals and that it might also reveal new mecha- 
nisms or new details of deformation processes fundamental to poly- 
crystalline behavior. High purity magnesium was chosen for this study 
not only because of the extensive interest in this light-weight metal 
but particularly because of the limited number of deformation mecha- 
nisms single crystals of magnesium are known to exhibit at atmospheric 
temperature. For this reason it appeared that polycrystalline magne- 
sium would more readily exhibit new mechanisms of deformation and 
perhaps new details of deformation when deformed as a polycrystalline 
aggregate than metals from other systems that exhibit a greater number 
of deformation mechanisms. 

The known fact that polycrystalline aggregates of magnesium 
undertake general plastic deformations suggests that each grain should 
exhibit at least five independent mechanisms of deformation. This con- 
clusion follows from the argument that a general deformation involves 
six strain components; but the sum of the three normal components 
‘f the strain equals zero due to the fact that the volume remains con- 
stant ; consequently only five independent mechanisms of deformation 
are required to account for the five independently variable components of 
the strain. The three mechanisms of basal slip can account for only two 
{ the five required mechanisms, since all three are coplanar. The de- 
formations arising from twinning in magnesium are negligible in view 
‘f its almost theoretical axial ratio for close packing. This suggests the 
ossible introduction of pyramidal slip, which has been announced for 
single crystals particularly at elevated temperatures as necessary to ac- 
ount for the so-called three missing mechanisms of deformation ; but, 
f pyramidal slip or other slip mechanisms are not found, yet other 
nechanisms of deformation will have to be uncovered to account for 
he facts. 

EXPERIMENTAL PROCEDURE 


The preliminary objective of this investigation was to observe and 
‘valuate the metallographic evidence following tensile straining of poly- 
crystalline magnesium. A high purity magnesium extrusion was se- 
lected in preference to a casting in order to ensure better reproducibility 
of results and to provide for easier grain size control. It was recognized 
that this selection would not provide the most general observations since 
the extrusion would exhibit preferred grain orientations. Furthermore, 
by necessity, the observations would be limited to the surface grains. 
ut it was hoped that such observations as could be made would never- 
theless be somewhat indicative of the general behavior of internal grains 
as well. 

High purity (99.97% magnesium) magnesium was supplied by 
courtesy of The Dow Chemical Company in the form of extruded bars 
0.100 inches thick and 0.75 inches wide. The bars were carefully ma- 
chined into parallel gage section tension specimens 0.375 inches wide, 
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having a gage length of 1.00 inch. The surface of each specimen was 
hand polished to remove the die markings and then given a grain 
coarsening anneal for 6 hours at 600°C (1110°F) in an SOs atmos- 
phere. Following this each specimen was electrolytically polished in an 
ethyl alcohol solution containing 37.5% of orthophosphoric acid using 
1.5 volts and 20 ma per dm?. Etching to reveal the grain boundaries 
was conducted in an aqueous solution containing 10% citric acid. The 
specimens exhibited a mean grain diameter of about 0.05 inches, 
deemed large enough to facilitate this initial study. 

Five specimens were investigated in this study. Specimens 1, 2 and 
5 were tested in the as-etched condition in order to review the general 
characteristics of deformation. In order to provide a basis of local strain 
ineasurements and to assist in relocating interesting grains during in- 
terrupted tensile testing specimens 3 and 4 were lightly scribed with 
a ruling machine to produce a fine 0.0200 inch square grid over the 
gage section. Although some very small mechanical twins were pro- 
duced in the immediate vicinity of the scribed lines by this procedure, 
the deformation observations were identical with those obtained on the 
ungridded specimens. Furthermore the orientations of 39 contiguous 
grains were determined in specimen 4 by microbeam back-reflection 
Laue X-ray technique, using Greninger’s method of analysis, for the 
purpose of facilitating identifications of slip band markings, twin plane 
traces, crystallographically oriented low angle boundaries, fracture 
planes and mutual orientation effects in the vicinity of the grain bound- 
aries. 

Thirty-nine contiguous grains of specimen 4 were identified by the 
numbering scheme presented in Fig. 1. Fig. 2a illustrates the relative 
orientation of the tension axis of the specimen in each grain as viewed 
in terms of a standard projection. For the purpose of revealing more 
rapidly the type of preferred orientation encountered here, these same 
orientation data were plotted as a pole figure for the [0001] and the 
[1120] axes respectively as viewed with the net oriented parallel to 
the flat surface of the extruded bar (Fig. 2b). These data reveal that 
the predominating texture is one in which the basal plane lies in or 
near the extrusion plane with nearly equal scattering in all directions 
from this position while the [1120] slip directions are randomly 
oriented with respect to the extrusion direction. For purpose of discus- 
sion the orientation of each of the thirty nine grains was identified in 
terms of the angle y between the tension axis and the [0001] direction 
and the angle A between the tension axis and the most favorably oriented 
[1120] axis for basal slip as recorded in Table I. Thus the ‘average shear 
stress o on the basal plane in the slip direction is 


o = s sin x cos A Equation 1 


where s is the average tensile stress. Basal slip will therefore be facile 
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Fig. 1 
tions calculated from X-ray Orientations. Specimen 4 at 0%e. (X 100 reduced to 1/5 size). 


-Method of Identification of Grains in Specimen 4. Lines represent slip direc- 


on those grains having the largest values of sin x cos A. The data re- 
corded in Table I reveal an extensive range of values of sin x cos A sug- 
gesting that the specimen contained grains of widely differing orienta- 
tions. 
RESULTS AND DISCUSSION 
As shown in Fig. 3, the tensile properties of the five specimens 
appeared to exhibit rather large scatter from each other. This, however, 
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Orientation of Grains in Specimen 4. Poles of tension axis of each grain 
represented on standard stereographic projection. 
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Sin x 
Cos rN 
0.287 
0.154 
0.017 
0.465 
0.452 
0.334 
0.160 
0.130 


0.218 
0.348 
0.286 
0.249 
0.212 
0.392 
0.017 
0.219 


0.000 
0.092 
0.009 
0.060 
0.172 
0.137 
0.489 
0.407 


0.233 
0.239 
0.064 
0.145 
0.360 
0.151 
0.041 
0.443 


0.083 
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© Poles of (OOO!) Planes 
in Extrusion Plane 

® [1120] Slip Directions in 
Extrusion Plane 


Directions Behind Sphere 


Fig. 2b—Poles of (9001) Axes and [1120] Directions in Extrusion Plane. 


might partly be attributed to the limited number of grains in the section 
and occasional clustering, as shown by review of the data in Table I 
and Fig. 1, of grains of similar orientation. In addition specimens 1 and 
5 were tested without interruption whereas specimens 2,3 and 4 were 
unloaded periodically for removal from the tension testing machine for 
metallographic examination. As will be described more fully later, some 
twinning occurred during loading, but additional twinning was also 
observed to take place on unloading. Consequently both the interrupted 
testing and the resulting twinning might also have contributed to the 
scatter in the stress-strain curves for the various specimens. During the 


metallographic study on the tensile specimens the following observa- 
tions were made. 
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Stress, |OOOpsi 





2 
% Strain 
Fig. 3—Stress-Strain Curves for Pure Magnesium at 


Room Temperature. Curves for specimens, 2, 3, 4 periodically 
interrupted for microscopical examination. 


Slip: All the slip-bands in each grain were parallel as shown by 
the typical photomicrograph in Fig. 4. Furthermore, the slip traces in 
all grains that exhibited slip in specimen 4 were in agreement with the 
(0001) [1120] mechanisms given for single crystals of magnesium at 
low temperatures (1). In specimens 2 and 3 where traces of twins and 
slip bands permitted an estimate of crystal orientation, slip was also ob- 
served to be consistent with the basal mechanisms (0001) [1120]. 
Basal slip was also evident in reoriented twin material. There was no 
evidence of duplex slip on two alternate sets of slip planes. 

Grains A-5, D-10, E-4, E-5, E-7, H-6, IJ-56, and L-6 in specimen 
4 (see Fig. 1) all had the basal plane almost parallel to stress direc- 
tion. Since the resolved shear stress on the basal plane is very small, 
these grains were examined very closely for evidence of slip on pyra- 
midal planes of the first type, (1011). Although striations were ob- 
served on E-7 as shown in Fig. 5, they were identified as noncrystallo- 
graphic cracks. No evidence was found that could be attributed to 
pyramidal slip. This is difficult to reconcile with the observation by 
Burke and Hibbard on single crystals of magnesium where faint stria- 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 4—Basal Slip in Pure Magnesium. Specimen 2 at 0.75%e. X 100. 


tions were identified as traces of pyramidal slip planes (2). They ra- 
tionalized the advent of pyramidal slip at ambient temperature on the 
basis of grip constraint. Their observations seemed confirmed by ad- 
ditional data obtained by Dow Chemical Company during rolling of 
single crystals of magnesium (3), wherein cross slip was observed in 
locally constrained areas. Additional investigations on compression type 
specimens in which the basal planes were parallel to the stress direction, 
ind which correspondingly produced a relatively high resolved shear 
stress on the (1011) planes, failed to exhibit pyramidal slip (4). 

Jillson (5) has questioned the interpretation of similar striations 
as evidence of pyramidal slip. Examination of basally cleaved surfaces 
of zine single crystals which had been subjected to stretching and bend- 
ing revealed, in addition to three sets of (1012) twin markings, three 
sets of striations, two of which were essentially normal and one parallel 
to the twin traces. Although the set of striations parallel to the twins 
might be ascribed to pyramidal slip, the two sets of striations normal 
to the twin traces cannot be accounted for by first order pyramidal slip. 
Instead it was suggested that all three sets of striations were the result 
of bending of the basal plane. 

Examination of Grains E-5 and L-6 in specimen 4 reveals the pres- 
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Table II 
Critical Stress for Slip in Specimen 4 
sin x Tensile Stress Shear Stress 
Grain cos A for Slip for Slip 
A2 0.287 3,716 1066 
A4 0.154 7,544 1160 
A5 0.017 >11,300 — 
A6 0.465 3,013 1401 
Bl 0.452 3,013 1362 
B3 0.334 3,013 1006 
B6 0.160 >11,300 
B9 0.130 5,952 774 
Cl 0.218 3,261 711 
oe 0.348 3,716 1293 
C4 0.286 3,013 862 
C7 0.249 5,952 1482 
D4 0.212 5,952 1262 
D5 0.392 5,952 2333 
D10 0.017 >11,300 -— 
E2 0.219 5,160 1130 
E4 0.000 >11,300 — 
E5 0.092 >11,300 
E7 0.009 >11,300 — 
E8 0.060 511,300 
E9 0.172 5,952 1024 
F4 0.137 9,114 1250 
F6 0.489 5,160 2523 
F7 0.487 5,160 2510 
G2 0.233 3,261 760 
H4 0.239 3,261 779 
H6 0.064 3,261 209 
H8 0.145 5,160 748 
14 0.360 5,160 1860 
15 0.151 7,544 1140 
IJ56 0.041 9,114 374 
J5 0.443 3,013 1335 
K4 0.085 3,716 316 
K7 0.464 3,261 1513 
Ll 0.192 5,160 991 
L6 0.017 >11,360 — 
L8& 0.233 9,114 2120 
M9 0.232 5,160 1200 
M3 0.473 


3,013 1425 





ence of bend planes (Fig. 6). The markings appear to correspond to 
traces from (1010) planes. These will be considered in more detail in a 
later section. 

The advent of basal slip in single crystals has been shown to be 
stress dependent according to the relationship given in Equation 1. The 
critical shear stress law for basal slip in magnesium is well established. 
Deviations from this law in polycrystalline aggregates might there- 
fore be attributed to interactions between conjugate grains. The aver- 
age resolved shear stress at which each grain was first observed to ex- 
hibit basal slip bands was estimated as recorded in Table II. Several 
factors, however, were involved in the accuracy of these estimations: 
First the observation of slip bands was done following each increment 
of tensile stressing (about 1000 psi). Secondly slip bands were detected 
by metallographic examination at 100 diameters. And thirdly slip was 
recorded only when several major slip bands were noted over the cen- 
tral section of the grain. This criterion was adopted because on occa- 
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. Fig. 5—Fine Cracks in Specimen 4 on Grain E7 at 3.3%e. 
X 100. 


sions only one corner of a grain would exhibit a few early slip bands 
due to facile slip in the adjoining grains. The general trends of the data 
recorded in Table II support the thesis that favorably oriented grains 
begin to slip at lower tensile stresses than unfavorably oriented grains. 
On the other hand the resolved shear stress at which slip first became 
prominent exhibits considerable scatter from grain to grain. And al- 
though suspicion is prevalent that this scatter might arise from inter- 
actions between contiguous grains, a review of the data given in Tables 
[ and II with the grain position identified in Fig. 1 suggests that the 
scatter is random. 

Twinning: Mechanical twinning occurs in single crystals of mag- 
nesium on (1012) planes and is assumed to be the result of a simple 
shear in the [1011] direction plus minor atomic readjustments (6). In 
the present investigation all twins formed on the (1012) planes. No evi- 
dence was found to corroborate twin formation on (1011) planes as 
reported on one occasion (7). 
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Fig. 6a—(1010) Bend Planes Indicated by Arrows. Specimen 4, grain 
L6 at 2.4%e. X 100. 


Microscopic examination revealed that twins grow in a uniform 
manner ; bilaterally if no constraints are present or unilaterally in the 
presence of constraints as shown in Figs. 7a and b. 

Magnesium may be detwinned by the application of a reverse 
stress as well as by residual stresses as postulated some years ago (8). 
For example, the large twin present in Fig. 8 at an elongation of 0.52% 
has partially detwinned by subsequent straining to an elongation of 
0.71%. Detwinning can also occur in cases where the twinned material 
has undertaken slip as shown in_ Fig. 9. Thus the original lattice is not 
necessarily restored to its initial conditions since visible microscopic 
features remain on the surface. 

In some grains, such as M-3 as many as 5 different pyramidal 
planes eventually became active twin planes. Although it is possible for 
all six pyramidal planes to be active, only select orientations as shown 
in Fig. 10 (8) might exhibit these mechanisms for uniaxial tensile 
stresses. But as shown in Fig. 10, Grain M-3 lies in region C and should 
therefore exhibit only 2 mechanisms of twinning during tensile straining 
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Fig. 6b- -(1010) Bend Planes Indicated by Arrows. Specimen 4, grain E5 at 2.4%e. 
X 100. 


Fw le ent 





Fig. 7a—Bilateral Twin Growth Specimen 4. X 100. (a)—1.1%e. (b)—1.6%e. 


instead of the 5 observed. Furthermore all grains oriented in region D 
would exhibit contraction in the direction of tensile straining if twins 
were formed. The large number of twins present in grains such as 
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Fig. 7b—Unilateral Twin Growth in Presence of Constraints. Specimen 4. X 100 
(a)—0.25%e. (b)—0.52%e. (c)—0.71%e. (d)—1.1%e. 


H-8 in Fig. 17b which should not exhibit twinning during tensile strain 
ing suggest that either the operative stress direction in polycrystalline 
aggregates must be vastly altered or twins were formed during th 
periodic unloading of the specimen for metallographic examination 
Measurement of the distance between grid lines also revealed that th: 
grains had actually contracted in the tensile direction. Subsequent un 
interrupted tensile stressing of specimen 5 revealed 33 twins in 29 grains 
of known orientation at 3.3% elongation. During the tensile test at con 
stant strain rate 10 twins caused extension while 23 twins produced 
contraction in the stress direction. Thus the overall strain due to twin 
ning in this specimen is actually negative, a fact not easily reconciled 
with strain energy considerations. 

It has been suggested that twinning is a shear stress dependent 
phenomenon although the evidence is not at all conclusive (9-10). In- 
stead, numerous observations suggest that twinning is the result of a 
more complex mode of deformation arising from concurrent bending 
and stressing (2,7,11). For example, irrespective of crystal orientation, 
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Fig. 8—Detwinning During Tensile Straining of Magnesium. Note that low angle 
boundary also disappears. Specimen 4. X 100. (a)—0.52%e. (b)—0.71%e. 


burke and Hibbard (2) observed that twins were formed in single 
rystals of magnesium only near the grips or adjacent to cemented wire 
strain gages where external constraints were present. Since both the 
grips and strain gages restrain the rotation of the slip plane during ten- 
sile straining, it was suggested that some phenomenon such as bending 
existed in conformity with the applied stress to produce twinning. This 
suggestion appeared justified by the observation that the size and num- 
ber of twins decreased as the amount of bending decreased. Additional 
corroboration is afforded by the observations of Bakarian (12) that 
magnesium, regardless of initial orientation, will twin readily when 
suddenly twisted or bent. 
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Fig. 9—Slip Traces Remaining on Surface After 
Detwinning. Specimen 4 at 0.52%e. 100. 





(O00!) (1120) 


Fig. 10—Location of Tensile Stress Axes Governing Extension or Contraction on 
Twinning in Pure Magnesium. Stress axes of grains in specimen 4 plotted. Area A 
twinning on planes I—VI causes extension. Area B twinning on planes II, III, V, VI 
causes extension. Area C twinning on planes I, IV causes contraction. Area D twinning 
on planes I—VI causes contraction. 
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BENDING PLANES ASSOCIATED WITH TWINNING 
The process of twinning also results in a decided bending of the 
basal plane as shown by Jillson’s schematic diagram given in Fig. 11. 
This phenomenon has been termed an accommodation plane or band 
(5), accommodation kink (13), and crystallographic low angle bound- 
ary (14). Numerous such boundaries were observed in twinned areas 
as shown by the typical photomicrograph in Fig. 12. In some cases these 


Bend Plane Wiste 


Basal Planes 


UT 


Fig. 11—Schematic Illustration 
of Bend Plane Associated with Forma- 
tion of a Twin. (After Jillson, ref. 5). 


youndaries were evident at both ends of the twin. In all cases, the 
oundary followed the trace of a (1010) plane. Similar boundaries 
1ave been reported to occur in (1120) planes in single crystals of mag- 
iesium (3). In that instance however it appears that the crystal under 
\bservation was so oriented that the boundary could be attributed to 
ther (1010) or (1120) planes. Since numerous boundaries were eval- 
iated here and since in basally cleaved zinc specimens these boundaries 
ire observed to be parallel to twin traces, it appears that this bending 
‘f the basal plane is about a (1010) plane. 

Metallographic observations reveal that these low angle boundaries 
nove in conjunction with twin growth. Thus as the twin extends, the 
accommodation band likewise appears to grow. During bilateral growth 
the accommodation band increases in width and in angular tilt (13). The 
reverse mechanisms occurred during detwinning (See Fig. 8). Thus 
the existing evidence clearly shows that these low angle boundaries are 
mobile under stress at atmospheric temperature. 


NONCRYSTALLOGRAPHIC Low ANGLE BOUNDARIES 


Another manifestation of the deformation process in hexagonal 
metals has been the occurrence of forked or curved traces on the sur- 
face of grains which have been variously termed rumpling (5), buckling 
(5), cell formation (15), kinking (5), mosaic walls (3,13), and non- 
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es | i. 


Fig. 12—Low Angle Accommodation Boundary Accompanying Growing Twin. Speci- 
men 4. X 100. (a) 1.1%e. (b) 1.6%e. 


crystallographic low angle boundaries (14). The principal distinction 
between these low angle boundaries and accommodation boundaries is 
that the former do not follow well delineated crystallographic planes, 
are not associated with twinning, and exhibit greater angles of tilt than 
the accommodation boundaries (13). The genesis of one such boundary 
(marked A) is shown in Fig. 13. In these figures the stress direction 
is vertical..On initial straining a general undulation is formed with 
one terminus at the junction of three grains. On further straining, a 
sharp noncrystallographic boundary is formed which moves toward 
the grain boundary as shown by the last three micrographs in Fig. 13. 
It will also be observed that increased tilting occurs during successive 
periods of straining. Additional low angle boundaries, B and C, are also 
formed during straining. Although boundary C appears quite mobile, 
boundary B does not advance through the accommodation kink emanat- 
ing from the twin adjacent to the grain boundary. Similar boundaries 
have been observed in zinc at elevated temperatures (15) and it has 
been suggested that these boundaries are introduced by “drag” during 














AGGREGATES 





Fig. 13—The Formation and Movement of a Noncrystallographic Low Angle Bound- 
iry. Specimen 2. (X 100 reduced by 50%). (a) 0%e. (b) 0.14%e. (c) 0.325%e. (d) 0.47%. 
e) 0.75%e. (f) 1.06%e. 


ihe relative motion of the two adjacent grains. Such a process suggests 
that the slope of the undulation would be a maximum near the boundary. 
\lthough this is consistent with the observation for boundaries B and 
C, the postulate is not representative for boundary A. It is possible 
that this boundary might be produced by the nonhomogeneous deforma- 
ion of grains below the surface. In order to maintain continuity across 
the grain boundary under the surface, the surface grain is bent and a 
noncrystallographic boundary is subsequently generated by the appro- 
priate entrapment of like dislocations. Subsequent slip in the grain 
could cause an increase in the number of trapped dislocations in the 
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Fig. 14—-Noncrystallographic Low Angle Boundary of Fig. 15 Crossing Grain Bound 
ary with no Apparent Discontinuity. Specimen 2 at 0.47%e. (X 100 reduced to % size) 


vicinity of the boundary thereby not only causing it to move but also to 
increase the angle of tilt of the boundary. The successive cuts in Fig. 13 
reveal that these boundaries are mobile and the angle of tilt does in- 
crease with increased straining. This hypothesis is substantiated by 
such observations as that shown in Fig. 14 where the low angle bound 
ary crosses a grain boundary. 

Occasionally low angle boundaries appear to originate in the in- 
terior of a grain as shown by Fig. 14, or to start near a grain boundary) 
and traverse from one grain to another with no apparent discontinuity 
at the grain boundary. Again it appears that the formation of a non- 
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Fig. 15—The Effect of Stress on the Displacement of Noncrys- 
tallographic Low Angle Boundaries in Magnesium. 
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crystallographic boundary might on occasion be caused by nonhomo- 
geneous deformation of underlying grains. 

The postulate of bending as a criterion for the formation of a 
nonerystallographic low angle boundary is consistent with the observa- 
tions of Pratt and Pugh (13), Jillson (5), and Washburn (16), etc. 
wherein slight bending readily induces the formation of low angle 
boundaries. The formation of such boundaries has also been shown to 
occur on the opposite faces of specimens subjected to mild indentations. 
Thus the bending can propagate through rather large distances with 
comparative ease. Indirect evidence is also noted from investigations 
on single crystals subjected to uniaxial stressing where bending is 
minimized and the existence of noncrystallographic boundaries is quite 
rare. 

Investigations on the effect of temperature on similar noncrystallo- 
graphic boundaries in zinc have shown that even prolonged heating in 
the vicinity of the melting temperature does not cause a change in the 
shape of these boundaries (13). Although these boundaries are ther- 





TRANSACTIONS OF THE ASM 


. Fig. 16a—Grain Boundary Shear, Stress Direction Vertical, Specimen 3 at 0.93%e. 
100. 


mally stable, they are quite mobile in stress fields as shown in Fig. 13 for 
all three noncrystallographic boundaries. In Fig. 15 are recorded the 
displacements of a number of noncrystallographic boundaries as a func- 
tion of the applied stress. The displacements were measured approxi- 
mately normal to the low angle boundary by utilizing etch pits located 
on each side of the boundary as a traverse for measurement of displace- 
ment after successive amounts of strain. Within the limits of experi- 
mental accuracy, the boundaries move linearly with the applied stress. 


GRAIN BOUNDARY SHEARING 


Although grain boundary shearing is quite common in polycrystal- 
line alloys at elevated temperatures, its occurrence at low temperatures, 
as far as the present authors are aware, has been suggested on only one 
occasion. Gross (17), during an investigation on the elastic straining of 
pure iron and silicon iron, observed a rotation of spots on an X-ray pat- 
tern during stressing. It could not be deduced, however, whether the 
slight rotation was attributable to grains or to mosaic subgrains. 

In the present investigation, extensive evidence of the existence 
of grain boundary shearing was observed. At strains as low as 0.16%, 
shear displacements were observed across the grain boundary between 
grains L-6 and K-4 in specimen 4 (see Fig. 17). Continued straining 
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Fig. 16b—Grain Boundary Shear, Stress Direction Vertical, Specimen 3 at 0.93%e. 
X 500. 


caused an increase in the amount of grain boundary shearing in this 
region as well as the introduction of grain boundary shears in other 
regions of the specimen. Typical examples of shear are recorded in 
Fig. 16. 

Comparison of the crystal orientations of grains L-6 and K-4 
where grain boundary shearing was first observed reveals that both 
grains have their basal planes essentially parallel to the stress direction 
and are therefore not suitably oriented for slip. The respective orienta- 
tions of the two contiguous grains alone, therefore do not appear to 
offer an explanation for the initiation of grain boundary shear. Exam- 
ination of other contiguous grains in Figs. 17a, b and c reveals that both 
M-3 and J-5 are suitably oriented for slip (see Table I1) and do exhibit 
visible slip at 0.16% strain. During stressing, the stress is relieved in 
these two grains by plastic deformation, and, perhaps, concentrated in 
grains K-4 and L-6. The stress concentration thus imposed and the re- 
quirement for continuity across the grain boundaries of all grains could 
lead to the shearing observed. In most cases where grain boundary 
shearing was evident, fracture was also evident. Thus it is possible that 
fracture precedes grain boundary shearing. In this event, it may be that 
stress concentration causes premature fracturing which subsequently 
induces grain boundary shearing to occur. Because of deformation oc- 
curring in underlying grains, it is as yet unknown which phenomenon 
occurs first. The preceding comments are accordingly, apropos for both 
phenomena. 
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The total strain contribution from grain boundary shearing was 
estimated by measuring the displacement across all grain boundaries. 


The mean displacement per boundary is simple d,», If n grain bound- 
aries are encountered per unit distance, the strain contribution from 
grain boundary shearing is 

€z.b. = Ndg.». Equation 2 


Evaluation of ¢,». on specimen 4 at a total strain of 2.4% gave a 
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Fig. 17b—Specimen 4 at 1.1%c. (X 100 reduced to 1/5 size). 


strain of 0.1%. Thus the strain contribution from grain boundary 
shearing is small. But the effect of grain boundary shearing on subse- 
quent deformation appears large. 

Rupturing: In grain K-4 of specimen 4, cracks were first observed 
at strains as low as 0.16%. The cracks appeared to originate at the grain 
boundary and grow towards the interior of the grain. Continued strain- 
ing resulted in additional cracks forming in the same grain which were 
essentially parallel to the initial ones. Fig. 18, taken at 0.53% strain, 





126 TRANSACTIONS OF THE ASM Vol. 47 





Fig. 17c—Specimen 4 at 3.2%e. (X 100 reduced to 1/5 size). 
t 


reveals 10 of these cracks at an angle of 60 degrees to the stress direc- 
tion. Subsequent straining produced a second set of major cracks al- 
most normal to the stress direction and a series of finer branched cracks 
within grain K-4. Concurrently, cracks appeared in both those grains 
favorably oriented for slip, F-6 and G-2, and those unfavorably oriented 
—E-7, E-8, B-9, H-8 and L-1. 

Orientation determinations of the cracks observed at x100 indi- 
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Fig. 18—-Crack Formation at 60 Degrees to Stress Direction in Grain K4 of Speci- 
men 4 at 0.53%e. Stress direction horizontal. X 100 reduced to % size. 
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Fig. 19—Alternate Shear 
on Basal Plane and Cleavage 
or Tearing which Results in 
Noncrystallographic Micro- 
cracks in Specimen. (Speci- 
men surface in plane of pa- 
per). 
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Fig. 20—Parallel Cliffs on Face of Cracks in Grain K4. Specimen 4 at 
0.71%e. X 500. 


cated that the cracks occurred on a number of high index planes such 


as (1019), (2027), etc. But no common orientation of cracks could 
be obtained for all the cracks visible in specimen 4. The parallelism of 
the cracks in K-4 shown in Fig. 18 however suggests an orientation de- 
pendence of the cracks. Perhaps alternate shear and cleavage could pro- 
duce apparent noncrystallographic traces on the surface as shown sche- 
matically in Fig. 19. Various combinations of shear displacements and 
cleavage would thus yield noncrystallographic surface traces. More- 
over, these traces would be more or less parallel in any one grain but 
could alter appreciably from grain to grain due to interaction between 
conjugate grains. Qualitative validity for this postulate is given in Fig. 
20 which shows one of the cracks in grain K-4 at x500. Here it is noted 
that parallel, sharp, cleavage-like cliffs are present in the crack. Be- 
tween these cleavage-like cliffs appears the rough dull surface indicative 
of shear fractures. Since the surface of the crack is inclined to the sur- 
face of the specimen, a true orientation of the facets on the crack cannot 
be obtained. It was estimated, however, that they correspond to (1011) 
traces. 


It is interesting to note that crystallographic low angle boundaries 
are evident at the tip of the cracks and have the same orientation (1010) 
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as the accommodation boundaries associated with twinning. Qualitative 
evaluation of the surface contour on both sides of the cracks revealed 
that the low angle boundaries always occurred on the depressed side of 
the crack. Typical examples are shown in Fig. 18 for the cracks in grain 
K-4. The shear displacement along the crack and downward in the 
grain, as shown in Fig. 20, gives rise to the same geometrical relation- 
ship shown for twinning in Fig. 11. In this case the twin can be re- 
placed by the crack. Thus, it appears that the basal plane is bent by the 
formation of cracks in much the same manner as in the formation of a 
twin. 

The final rupture of specimen 4 occurred primarily by intergran- 
ular fracture of grains whose boundaries were approximately at 45 
degrees to the direction of stressing in such a manner that a macro- 
scopic “saw tooth” rupture normal to the stress direction was obtained. 
This region was outside of the section selected a priori for study. But 
it was interesting to note that a second intergranular rupture started in 
grain L-1 and followed the grain boundary of grain G-2 (just off the 
diagram shown in Fig. 17). This failure extended across approximately 
34 of the specimen. 

CONCLUSIONS 

1. Polycrystalline magnesium was observed to slip exclusively by 
the mechanism (0001) [1010] at room temperature. 

2. Twinning occurred exclusively along the (1012) planes. 

3. Low angle kink boundaries issuing from the spurs of mechan- 
ical twins were found to agree with the hypothesis that they consist of 
a series of edge dislocations on (1010) planes. 

4. Grain boundary shearing was observed at room temperature. 

5. Noncrystallographically oriented low angle boundaries were 
produced during deformation of polycrystalline aggregates of mag- 
nesium. 

6. Rupturing occurred on a number of high order crystallographic 
planes as well as along the grain boundaries. 
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DISCUSSION 
Written Discussion: By C. S. Roberts, The Dow Chemical Co., Midland, 
Mich. 


I am indeed appreciative of the task which the authors set for themselves 


and carried out in such a splendidly systematic way. The results are of consider- 
able value to those of us who are especially concerned with the deformation of 
magnesium. It seems appropriate to summarize briefly the results of similar 
research in our laboratories. Our work is in the process of completion after 
which it will be prepared for publication. The magnesium was of comparable 
purity to that used by the authors and the grains were coarsened by the same 
treatment. The resulting grain size was about twice as large as obtained by them. 
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Fig. 21—High-Purity Magnesium After 0.85% Plastic Strain at Room Temperature. 
Stress axis vertical. & 150. 





Fig. 22—Field of Fig. 21 After Electrolytic Repolishing for 30 Minutes. x 100. 
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Fig. 23—Field of Fig. 21 After Straining Further to 2.0% Total Plastic Strain. 
100. 


Metallographic observations were made on surfaces electropolished by the same 
Jacquet technique. The specimens were strained in tension parallel to the original 
extrusion axis at room temperature. 

The importance of basal slip, twinning and low angle boundaries as observed 
by the authors was confirmed. However, these differences from their results were 
obtained : 

1. Non-basal slip was detectable at about 1% plastic strain and became 
widespread before fracture occurred (5-6% plastic strain). 
2. Cracks were not detectable until plastic strains greater than 3% were 
attained. 
3. Although structural details very similar to those in Fig. 20 were ob 
served, it was not possible to identify them as cracks. 
My conclusions are based on examination at magnifications up to X 1000 sup 
plemented by an additional test which has been found sensitive in our plastic 
deformation studies. This is the use of a light electrolytic repolishing. A suspected 
surface feature will be cavitated if it is a crack and smoothed if it is not. A light 
etch will assist in identifying twins. I should like to know more about the pro- 
cedure which the authors used to identify their cracks. 

The micrograph in Fig. 21 shows a line which proved to be non-basal slip 
at 0.85% plastic strain. X-ray orientation of the grain in conjunction with trace 
analysis showed it to be consistent with slip on a {1010} or type I prism plane. 
Electrolytic polishing smooths it as shown in Fig. 22. Although the detail was 
removed completely with a few more minutes of polishing, some of these slip 
lines reappeared after strain to 2.0%, Fig. 23. The upper left corners of Figs. 
21 and 23 show a feature which elongated on further straining. Trace analysis 
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Fig. 24—(a) Strained as in Fig. 
10 minutes and etched in acetic glycol 





Fig. 2 
Strain). Stress axis horizontal. Approximately « 9 


5—Grain Boundary and Crystallographic Cracking at Fracture (>3% Plastic 
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showed that it could be interpreted ambiguously as either {1010} or {1011} slip. 

The surface features in Fig. 24a are similar to those in the authors’ Fig. 20 
and are typical of many which were observed at 0.85% plastic strain. High 
magnification revealed no surface separation and repolishing followed by light 
etching, Fig. 24b, is confirmatory. The resulting appearance could be explained 
in terms of twins which have been severely deformed and which are fringed 
with distorted subgrains. However, in agreement with the authors, it has not 
been possible to prove these features as {1012} twins by trace analyses. It is 
believed that the symmetry of the networks formed by these elements as shown 
in Fig. 23, for example, argues for crystallographic orientation. A search for a 
systematic interpretation is being continued but at present the authors’ failure to 
find it can not be questioned. In agreement with them, the accommodation kinks 
were found to be on £1010} planes. 

When cracks did appear just prior to fracture (5-6% plastic strain) they 
were sharp enough to be seen directly or with low magnification. The cracks 
preferred to follow grain boundaries and major twin interfaces. As can be seen 
in Fig. 25, the overall fracture appearance conforms to the description given by 
the authors. 


Authors’ Reply 


The contributions and comments made by Mr. Roberts are appreciated and 
the authors are looking forward to the forthcoming publication of his results 
on similar research. 

Since the writing of this paper the occurrence of nonbasal slip has been 
observed by the authors on many occasions at subatmospheric temperatures. The 
secondary slip system at low temperatures was also found to be consistent with 


slip on a first order prism plane (1010) as found by Mr. Roberts. Still other 
investigators have reported slip on first order pyramidal planes (1011) partic- 
ularly at elevated temperatures. Thus the occurrence of duplex slip in mag 
nesium seems to be dependent on temperature in a systematic way. At low 
temperature both basal and prismatic slip occur. Near ambient temperature slip 
is almost exclusively basal and at elevated temperatures pyramidal slip takes 
place in addition to basal slip. But other as yet undetermined variables such 
as strain rate and grain size probably also govern the initiation of the secondary 
slip system and thus tend to mask the temperature effects noted by different 
investigators. 

The identification of the surface features in Fig. 18 as cracks was done 
by microscopic observation at high magnification. It was noted that most cracks 
had sloping sides and since the deepest part of the fissure could not be brought 
into focus, the depth of the cracks could not be determined. The repolishing 
method employed by Mr. Roberts might serve as a useful tool in future investi- 
gations into the nature of these cracks. 





TENSILE AND IMPACT PROPERTIES OF 
LOW CARBON MARTENSITES 


3y C. C. Bussy, M. F. HAWKEs, AND H. W. PAxTon 


Abstract 


The mechanical properties of thirty-eight low carbon 
martensites (0.11 to 0.28% carbon) in the as- quenched and 
quenched and tempered condition have been examined. All 
tempering was done at 212°F (100° C ). It was found that 
the ductility as measured by reduction of area and elongation 
was greater at all tensile strengths from 180,000 to 260,000 pst 
than the average of higher carbon steels (0.3 to 0.5% carbon) 
quenched and tempered to comparable stre ngths. Brine 
quenching gave better properties 5 than oil quenching. The yield 
strength was comparatively low. The yield tensile ratio was 
about 0.7 in the quenched and te mpe red condition; this could 
be increased to any value up to 1.0 by a suitable strain aging 
treatment. The several alloying elements added to obtain the 
requisite hardenability had no appreciable effect on tensile 
properties. They did, however, markedly change the impact 
behavior of the material. Strain aging adversely affected the 
impact properties. 


INTRODUCTION 


HE purpose of this study of the mechanical properties of low car- 
"Bes martensites was primarily to obtain new basic information 
about such martensites and to utilize this information in the develop- 
ment of high strength steels having better ductility and toughness at 
each of several tensile strength levels. Qualitatively, it has been known 
for many years that untempered martensites are tougher the lower the 
carbon; however, the quantitative effect of carbon on ductility and 
toughness in both untempered and tempered martensites had not been 
determined with the precision desired, and, for this reason, as well as 
that of developing better quality steels for high strength aircraft ap- 
plications, the present investigation was made. 


This study forms a part of a larger program sponsored by the Aeronautical Research 
Laboratory, Department of the Air Force, Wright Air Development Center, Wright-Patterson 
Air Force Base, Ohio, under Contract AF 33(038)-10218. 
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MATERIAL 


The chemical compositions of the thirty-eight steels used in this 
investigation are given in Table I; all steels were fine-grained and 
aluminum-killed. The chemical analyses were made on billets rolled 
from the ingots. 

The C and D steels are from two different 15-ton basic electric 
heats, and five different compositions were obtained from each heat by 





Chemical Composition of Steels 


Per Cent of Element 


Steel c Mn P S Si Ni Cr Mo V 
ic 0.16 0.77 0.010 0.015 0.30 0.85 0.70 0.51 0.10 
3C 0.18 0.77 0.010 0.015 0.29 0.85 0.69 0.51 0.09 

*4C 0.14 0.77 0.010 0.015 0.29 0.84 0.69 0.49 0.09 
$C 0.11 0.80 0.009 0.015 0.30 2.63 1.04 0.51 0.10 
6C 0.14 0.80 0.005 0.015 0.30 2.29 1.01 0.51 0.10 
1D 0.20 0.79 0.008 0.014 0.26 2.36 1.07 0.47 0.10 
2D 0.24 0.80 0.010 0.015 0.28 2.35 1.09 0.48 0.10 
3D 0.15 0.81 0.009 0.015 0.26 2.35 1.73 0.49 0.10 
4D 0.19 0.78 0.009 0.014 0.26 2.35 1.85 0.49 0.10 
5D 0.28 0.80 0.010 0.015 0.28 2.36 1.85 0.49 0.10 
V1 0.17 0.82 0.27 2.85 
V2 0.19 0.84 0.012 0.025 0.28 2.86 
V3 0.23 0.82 0.012 0.025 0.24 3.08 
V4 0.24 0.81 0.21 3.08 
V5 0.18 1.55 0.013 0.026 0.26 1.02 
V6 0.19 1.54 0.27 1.03 
V7 0.22 1.62 0.011 0.018 0.26 1.02 
V8 0.25 1.59 0.25 1.03 
V9 0.15 3.01 0.014 0.019 0.31 1.04 

V10 0.22 2.98 0.33 1.04 

Vili 0.22 0.84 0.011 0.025 0.32 1.03 

V12 0.25 0.84 0.35 1.07 

V13 0.16 0.79 0.014 0.020 0.25 2.10 

Vi14 0.21 0.79 0.28 2.08 

V15 0.23 0.86 0.015 0.010 0.19 2.08 

V16 0.26 0.80 0.19 2.08 

V17 0.18 0.74 0.016 0.012 0.25 1.57 1.05 

Vi18 0.21 0.73 0.24 1.68 1.01 

V19 0.19 0.78 0.011 0.015 0.31 3.19 1.01 

V20 0.21 0.76 0.31 3.14 0.99 

V2i1 0.23 0.81 0.011 0.014 0.28 3.19 1.07 

V22 0.25 0.78 0.28 3.22 1.07 

V23 0.23 0.84 0.011 0.009 0.24 5.46 1.04 

V24 0.27 0.88 0.25 5.37 1.04 
6 SAE 2320 
7 SAE 4615 
8 0.26 0.65 3.41 1.28 0.25 
9 0.14 0.55 5.47 1.51 0.05 


* 0.0005 boron added as Grainal #79 


making alloying additions to the mold during teeming. The ingots were 
hot-rolled into 7-inch rounds. 

The V steels were made as 300-pound heats in an induction fur 
nace. Two compositions were made from each heat by pouring one 
ingot at a desired carbon content and then recarburizing to a higher 
carbon content before pouring the second ingot. The ingots thus ob- 
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tained differed essentially only in carbon content. These steels were 
hot-rolled into 144-inch square bars. 

Steels 6, 7, 8, and 9 were used in preliminary work and their history 
is not known; they were in the form of 5¢-inch, 1-inch, and 1% g-inch 
round bars, respectively. 

Unless otherwise noted, the following conditions apply to all tests 
reported : 

1. Tensile tests were 0.252 inch in diameter and in the longi- 
tudinal direction of the billet 
Impact tests were made on V-notch Charpy specimens also 
cut in the longitudinal direction 
3. All specimens were finish-machined and then heat treated 
4. The specimens were austenitized for one hour at 1600 °F 
(870°C) in a controlled atmosphere furnace to minimize 
composition changes. 


? 


TENSILE PROPERTIES OF THE STEELS 

Quenched in Iced Brine—Tensile specimens from thirty-four 
steels were given a standard austenitizing treatment ; those from Steels 
6, 7, 8, and 9 were austenitized for one hour at 1700 °F (925 °C), and 
all specimens were quenched in iced brine. The results of tests in both 
the as-quenched and quenched and tempered conditions were obtained. 

The majority of the steels showed very small amounts of ductility 
is measured by elongation and reduction of area in the as-quenched con- 
lition. Steels 3D, V5, V6, all of the C steels, and the four steels used 
in preliminary work developed appreciable ductility and, with the ex- 
‘eption of 5C which contained only 0.11% carbon, had tensile strengths 
f approximately 200,000 psi or more. However, it should be noted 
that the yield strength of these latter steels (where obtained) was low, 
giving yield-tensile ratios of 0.61 to 0.68 at 0.1% offset. 

It was observed that a relatively short tempering treatment at 
212°F (100°C) improved all of the mechanical properties of the 
steels except the tensile strength of the specimens containing lower 
percentages of carbon. Essentially maximum tensile strength (on a 
basis of carbon content) was obtained on the lower carbon steels in the 
as-quenched condition and this was not improved by tempering. To 
obtain maximum improvement, it was found that four hours at 212 °F 
(100°C) was sufficient for the lower carbon steels, but the higher car- 
bon steels required up to twelve hours in some cases. Tempering times 
greater than this produced no noticeable change in mechanical proper- 
ties. The hardness at the surface and center of specimens was essen- 
tially alike both before and after tempering and, as shown in Fig. 1, fell, 
within experimental error, between the curves of Burns, Moore, and 
Archer (1)! and Hodge and Orehoski (2). 

All the properties are reported in Table II for as-quenched and 


1 The figures appearing in’ parentheses pertain to the references appended to this paper. 
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Table Ii 
Tensile Properties | of As-Quenched and Quenched and Tempered Specimens 
Heat TS YS (0.1% )YS (0. 2%) R. _ Elong. YS (0.1%) YS (0.2% 
Steel Treatment ——————psi/1000——— % TS TS Re 
1C AQ 202 128 147 50 14 0.63 0.73 
T 197 144 159 58 14 0.73 0.81 
3C AQ 221 150 167 44 12 0.68 0.76 
T 217 158 174 55 14 0.73 0.80 
+C AQ 200 129 159 44 12 0.65 0.80 
T 199 141 156 57 14 0.71 0.78 
5C AQ 184 — 140 58 15 0.76 
zr 189 130 147 59 14 0.69 0.78 
6C AO 205 we 47 13 
T 212 155 170 57 i 0.73 0.80 
1D AQ 232 . - 10 5 48 
T 233 164 180 51 13 0.70 0.77 48 
»D AO 230 4 2 
T 250 175 194 48 12 0.70 0.78 50 
3D AO 209 133 155 50 14 0.64 0.74 
x 10 145 162 5 15 0.69 0.77 
4D AO »() : 16 } 
- 230 157 174 55 15 0.69 0.77 
5D AO »()1 - 3 l 49 
z= 255 176 194 52 13 0.69 0.76 50 
Vi AQ 203 142 160 11 4 0.70 0.79 
T 215 155 171 61 16 0.72 0.80 
V2 AO 03 149 165 7 2 0.73 0.81 
T 229 164 181 58 14 0.72 0.79 
V3 AO 172 5 1 
T 244 169 187 53 13 0.69 0.77 
V4 AO 145 3 ] 
7. 263 181 200 41 11 0.69 0.76 
V5 AO 216 134 158 42 12 0.62 0.73 
7 213 145 163 61 15 0.68 0.77 
V6 AQ 227 139 164 52 13 0.61 0.72 
T 221 152 169 57 15 0.69 0.76 
V7 AQ 234 24 g 
T 36 167 188 55 14 0.71 0.80 
V8 AQ 213 } 2 
T 247 162 184 51 14 0.66 0.74 
V9 AQ 144 
T 16 148 164 55 15 0.69 0.76 45 
V10 AQ 93 5 
sy 245 165 185 53 15 0.67 0.76 5( 
Vii AQ 211 9 3 
T 233 159 177 55 14 0.68 0.76 18 
V12 AO 194 5 50 
r 246 160 189 54 14 0.67 0.73 50 


quenched and tempered specimens. The values for tempered specimens 
represent the average of the results of several tempering times after the 
change in properties had occurred, and the as-quenched values are the 
average of two specimens. Yield strengths were not measured on many 
specimens because of the possibility of damage to the extensometer as 
a result of premature fracture in-specimens of lower ductility. 

It will be observed that for those specimens for which yield strength 
data are available in the as-quenched condition, the yield-tensile ratio 
increases considerably after the tempering treatment. It is, however, 
still not as high as is desired. The reduction of area and elongation is 
markedly improved, especially in the higher carbon steels, and the ten- 
sile strength of these steels is significantly increased, probably because 
their better ductility leads to the avoidance of premature fracture. The 
fact that tensile strength does not increase in the lower carbon steels 


Mn leks 
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Table Il (Continued) 


Heat TS YS (0.1%)YS (0.2%) RAL Elong. YS (0.1%) YS (0.2%) 
Steel Treatment psi/1000 J J ro TS 
V13 AQ 205 141 157 16 6 0.69 0.77 
= 209 144 163 61 15 0.69 0.77 
V14 AQ 217 10 5 
7. 225 159 173 59 15 0.71 0.77 
V15 AQ 205 . 6 2 
_ 236 168 185 54 14 0.71 0.78 
V16 AQ 176 5 2 
¥ 25 177 194 5 13 0.70 0.76 
V17 AQ 207 16 ( 
T 205 139 157 61 14 0.68 0.77 
V18 AQ 199 } | 
- 231 157 177 56 14 0.68 0.77 
V19 AQ 198 ‘ { 
= 221 149 167 5 15 U.0/ 0.76 
V20 AO 176 
T 233 150 171 57 15 0.64 0.73 
V21 AQ 172 
T 237 163 181 53 15 0.569 0.76 
V22 AQ 
4 249 166 182 $2 14 0.64 0.70 
V 23 AQ Broke at thread 
z 249 162 185 54 ] 0.65 0.74 
V 24 AO Broke at thread 
= 266 167 189 51 l 0.63 0.71 
6 AQ 210 58 15 
7 AQ 07 - 60 15 3 
8 AO 244 . 49 14 
3 AQ 197 . — 58 15 
RAL reduction of area in the longitudinal direction 
Re hardness on Reckwell “C” scal« 
AQ as-quenched 
= quenched and tempered at 212 °F (100 °C) 


\O yield strength values are single tests; 


all other values are averages of two tests. 
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lempered yield strength values are averages of three to five tests; all other values are averages 


f six to ten tests. 


Rockwell C Hardness 
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0.18 0.22 
Carbon % 
Fig. 1—As-Quenched Hardness of Low Carbon Steels. 


Upper curve—Burns, Moore, and Archer; lower curve Hodge 


and Orehoski 
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Fig. 2—Shows That All Plotted Reduction of Area Averages, Except One, for the 
Low Carbon Steels (0.11 to 0.28% Carbon) Fall Above the Solid Curve. Most of the 
large number of averages for Patton’s 0.30 to 0.50% carbon steels fail below it. 


after tempering could well be also connected with their better ductility 
in the as-quenched condition. 

All plotted reduction of area averages, except one, for the low car- 
bon steels (0.11 to 0.28% carbon) fall above the solid curve in Fig. 2 
while most of the large number of averages for Patton’s (3) higher 
carbon steels (0.30 to 0.50% carbon) fall below it. On the average, 
the reduction of area value at a given tensile strength is 13% higher 
for the lower carbon steels. Steel V4, which has a tensile strength of 
263,000 psi, has a reduction of area value approximately equal to that 
indicated by the appropriate point on Patton’s average line. The values 
for the preliminary specimens from material 6, 7, 8, and 9 are not 
plotted in Fig. 2 since these four steels were not tempered at 212 °F 
(100°C). However, the values in the as-quenched condition were 
above the upper limit of the Patton data, and one might reasonably 
expect that a tempering treatment at 212 °F (100°C) would not make 
these worse. 

It is interesting to note that the amount or type of alloying ele- 
ments studied (other than carbon) appeared to have essentially no 
effect on ductility as measured by the tensile test. 

Brine-Quenched and Refrigerated—A few steels were refriger- 
ated in liquid nitrogen for 15 minutes immediately after brine quench 
ing prior to tempering to see if this treatment had any effect. The re- 
sults are shown in Table III. A comparison of these data with those 
in Table II for the same three steels shows that no significant change 
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Table Ill 
Effect of Refrigeration in Liquid Nitrogen Prior to Tempering On the Tensile Properties 
Heat TS YS (0.1%) YS (0.2%) RAL Elong. YS (0.1%)YS (0.2%) 
Steel Treatment —————psi/1000 — % % TS TS > 
1D AOR Broke at thread 
RT 230 158 173 53 13 0.69 0.75 
3D AOR 215 134 158 24 6 0.62 0.74 
RT 210 148 163 59 15 0.71 0.78 
5D AOR 183 2 2 - - 49 
RT 265 180 194 53 13 0.68 0.73 50 


AQR — as-quenched and refrigerated 
R — as-quenched, refrigerated, and tempered 





Table IV 
Tensile Properties of Low Carbon Steels Quenched in Oil 
Heat TS YS (0.1%) YS (0.2%)RAL Elong. YS (0.1%) YS (0.2%) 
Steel Treatment ——---psi/1000- ~ % % TS TS R. 
ic AQ 195 131 146 56 14 0.67 0.75 
7 196 139 153 57 14 0.71 0.78 
3C AQ 209 145 156 38 10 0.69 0.75 
- 210 150 163 54 14 0.71 0.78 
4c AQ 194 133 150 48 12 0.69 0.77 
; 193 136 152 57 15 0.70 0.79 
V9 AQ 196 - —— . . 43 
1% 206 142 158 60 16 0.69 0.77 44 
V10 AQ 170 - 48 
T 235 157 172 55 15 0.67 0.73 49 
Vii AQ 221 - — 15 6 — . 47 
T 220 158 171 51 14 0.73 0.78 47 
V12 AQ 220 6 3 49 
Zz 233 158 176 50 13 0.69 0.76 49 
V13 AQ 205 131 150 55 15 0.64 0.73 
x 202 140 156 59 15 0.69 0.77 
V14 AQ 217 _ 40 11 . 46 
- 213 147 161 56 14 0.69 0.76 45 
V15 AQ 220 . 9 9 
- 226 151 170 52 14 0.67 0.75 
V16 AQ 225 - -—— 6 4 — 50 
= 240 158 176 50 13 0.66 0.73 49 
V17 AQ 199 116 136 52 14 0.58 0.68 42 
T 196 124 134 56 14 0.63 0.68 41 
V18 AQ 221 124 147 16 6 0.56 0.67 46 
= 219 142 160 53 14 0.65 0.73 45 
V19 AQ 213 110 136 35 9 0.52 0.64 45 
= 209 131 152 58 14 0.63 0.73 44 
V 20 AQ 222 5 4 47 
¥ 220 148 162 56 16 0.67 0.74 47 
V21 AQ 224 10 3 j 47 
T 224 146 164 55 16 0.65 0.73 48 
V22 AQ 236 136 160 & 3 0.5 0.68 50 
T 246 146 171 49 13 0.59 0.70 50 
V23 AQ 209 3 2 49 
T 241 153 161 54 15 0.64 0.67 49 
V24 AQ 167 3 1 , 51 
a 257 168 181 51 14 0.65 0.70 51 


Tempering temperature was 212 °F (100 °C) 


AQ yield strength values are single tests; all other values are averages 
of two tests. 


Tempered yield strength values are averages of three to five tests; all 
other values are averages of six to ten tests. 


in mechanical properties occurred, suggesting that the specimens were 
essentially 100% martensite at room temperature and contained no 
appreciable quantity of austenite which might transform to martensite 
at the lower temperature. 


Quenched in Oil—Specimens from 19 steels were austenitized as 
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before and quenched in Rodman R-2 quenching oil. The results of these 
tests are shown in Table IV. 

The ductility in the as-quenched condition, particularly in steels 
with more than 0.18% carbon, was again poor and in all steels was 
improved by tempering at 212°F (100°C) for the same times given 
the brine-quenched specimens. 

All of the steels gave reduction of area values after tempering 
above those shown by Patton. For the same steels, however, higher 
reduction of area values were obtained with higher yield and tensile 
strengths after brine quenching. Although the tensile strengths and 
yield-tensile ratios are lower after oil quenching, suggesting that the 
quench is inadequate, no significant difference in hardness was obtained 
even for the lower carbon steels. It seems possible that the 0.252 inch 
diameter specimens were just about on the critical size for quenching 
out in oil, since one would expect tensile strength to be a more sensitive 
indicator because of the greater accuracy with which it can be measured. 

The major cause of improved ductility at a given tensile strength 
resulting from tempering low carbon martensites at 212°F (100°C) 
has not yet been isolated and evaluated. Considerable thought was given 
to possible effects on ductility of (a) stress relief, (b) microstructural 
changes—including the formation of the 3-carbide, (c) hydrogen re 
distribution, and (d) disordering of carbon atoms in the martensite 
lattice which occurs during tempering at 212°F (100°C). Unfortu- 
nately, this thought has so far given no satisfactory explanation of the 
marked improvement of ductility observed. 

Microstructural studies were made but led only to negative results. 
The appearance of as-quenched and quenched and tempered (24 hours 
at 212 °F) specimens of Steel 1D which were typical of all steels exam 
ined is shown in Figs. 3a and 3b. Three types of area, each with differ- 
ent etching characteristics, were present both before and after this 
tempering treatment. Even after tempering, there is essentially no dif- 
ference in the microhardness of these areas; each still had maximum 
hardness corresponding to the carbon content of the steel (0.20% ). 
Impressions in the three types of differently etching constituents can 
be seen in Fig. 3b. 


THE EFFect OF SPECIMEN SIZE ON TENSILE PROPERTIES 

It was believed that the higher ductilities at equal tensile strengths 
exhibited by the steels tested in this investigation compared with those 
obtained by Patton might be due, at least in part, to the fact that the 
Patton data resulted from tensile tests on specimens of 0.505 inch 
diameter whereas the present work was carried out on specimens of 
0.252 inch diameter. Therefore, specimens of various diameters, up to 
0.505 inch, were machined from Steels 3D and 5D; the gage length was 
standardized at four times the specimen diameter. The specimens were 
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Fig. 3—Photomicrographs Showing the Structures Developed in (a) As-Quenched 
and (b) Quenched and Tempered Tensile Specimens from Steel 1D. Specimens were 


quenched in iced brine. Etch 2% Nital. X 500. 
VPN Converted Re 
White area 533 51.3 
515 50.1 


Light gray area 
Dark gray area 515 50.1 
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Table V 
Effect of Specimen Size on the Tensile Properties 


Specimen 


Diameter tS YS (0.2%) RAL Elong. 

(inch) psi/1000 psi/1000 % % 
Steel 3D 

0.125 201 - 61.1 14.0 

0.252 199 155 58.2 15.0 

0.357 199 143 58.9 17.0 

0.505 197 135 57.1 15.0 
Steel 5D 

0.252 255 194 52.0 13.0 

0.505 256 177 51.4 14.0 


Values for Steels 3D and 5D are averages of 4 and 3 specimens, 
respectively. 


austenitized as previously described, quenched in iced brine, and tem 
pered at 212 °F (100°C). 

It will be observed that the essential difference between 3D and 
5D is the carbon content, 0.15 and 0.28%, respectively. These composi- 
tions lie near the ends of the range investigated and should form a fairly 
adequate check on the dependence of any size effect on carbon content. 

Table V shows that the properties of each steel, except for yield 
strength, for the sizes tested are essentially the same. Yield strength 
decreases with increasing section size. During the course of this in 
vestigation, an interesting observation was made. While a tempering 
time of four hours was sufficient to give maximum ductility in both 
steels when 0.252 inch diameter specimens were used and five hours 
were sufficient for all sizes in Steel 3D (0.15% carbon), a time be 
tween 8 and 24 hours was necessary in 0.505 inch diameter specimens 
of 5D (0.28% carbon). Maximum tensile strength was attained afte: 
eight hours in these, but the reduction of area was only 5%. Thus, ii 
the carbon content is high, specimen size also has to be considered i1 
determining the tempering time necessary to reach the maximum of al 
properties. 

This effect of carbon content on the time to reach maximum prop 
erties has already been noted in the series of V steels of 0.252 incl 
diameter. In these steels, it was observed that while all the mechanical 
properties reached their maximum in less than four hours with less than 
0.21% carbon, above this composition it was necessary to use 8 and 12 
hour tempering treatments. 


IMPACT PROPERTIES OF THE STEELS 


Impact strength versus testing temperature curves were obtained 
for standard V-notch Charpy test bars of all steels in the as-quenched 
and quenched and tempered conditions. All but three steels were 
quenched from 1600 °F (870°C) in iced brine. Steels V22, 23, and 24 
were quenched from 1600°F (870°C) in Rodman R-2 oil because 
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Table VI 
Summary of Impact Data 
Maximum Maximum if 
Impact Ta Ts Impact Ta Ts 
Steel Type ft. Ibs. mY e Steel Type ft. Ibs. “" ( 
iC AQ I 38 —45 170 V9 AQ 2 32 t+ 60 - 10 
_: 1 36 -35 155 T 2 62 60 60 
3C AQ l 33 35 —140 V10 AQ 2 8 45 
T ] 30 -30 135 ' 2 26 100 10 
4C AQ 2 41 —50 —150 Vil AQ 2 48 — 30 120 
s 2 42 48 170 7 1 49 47 -110 
5c AQ 1 39 -50 140 V12 AQ 2 42 1 ~110 
. 2 44 - 30 150 7 1 43 30 - 90 
6C AO 1 35 37 —140 V13 AQ 2 57 43 —105 
2 38 52 -169 T 53 75 —125 
V1i4 AQ 2 52 43 —100 
iD AQ l 32 18 160 T 1 47 38 70 
T | 30 53 120 vis AQ 15 7 12) 
2D AQ 1 24 33 165 - | 4] 28 —~110 
vi 25 61 165 V16 AQ 2 10 1 23 - 90 
3D AQ 1 38 25 80 T 1 10) 25 75 
7 1 45 10 75 
$D AQ 2 29 5 — 75 V17 AQ 1 57 67 160 
-. T 54 73 —170 
5D AQ 29 8 50 V18 AQ 45 65 ~160 
. 1 40 55 130 T l 47 77 —160 
V19 AQ l 50 60 —105 
V1 AQ l 46 - 5 70 T 52 60 —110 
= ] 51 -16 65 V20 AQ ] $3 55 145 
V2 AQ , 43 -14 115 r 1 48 55 110 
T +3 -12 60 V21 AQ | $5 35 ~145 
V3 AQ 1 38 +40 65 rT 1 47 57 — 160 
z 2 +4 -16 its “V22 AO 1 19 90 — 196 
V4 AQ 2 31 50 0) r 1 51 on ae 
T 2 30 50 0 *V23 AQ 1 0 105 196 
V5 AQ 1 55 2 100 T 1 51 153 ; 
T 1 55 -10 130 *V24 AQ 1 37 67 —196 
V6 AQ 2 54 1.4] 60 . ) 19 142 
= 1 53 =~ tQ ~ 46 
v7 AQ 2 45 +33 — 
r 1 51 +34 95 
V8 AO 2 38 152 30 
T 2 33 +-42 60 


* Oil-quenched. 


specimens quenched in iced brine tended to crack at the base of the 
notch in the finished test piece. The tempering treatment used for all 
the steels was 24 hours at 212 °F (100°C). 

The majority of the steels developed room temperature impact 
strengths which were in most cases higher than steels of higher carbon 
content (0.30 to 0.40% carbon) quenched and tempered to comparable 
hardnesses (4). Tempering at 212 °F (100°C) usually raised the im- 
pact strength at all testing temperatures and slightly lowered the transi- 
tion temperature. To avoid the unjustifiable reproduction of every 
graph of impact strength versus the testing temperature, the following 
procedure was adopted in presenting the complete data. 

Table VI shows pertinent results selected from these impact 
strength versus testing temperature curves. These curves are essen- 
tially of two types, as shown schematically in Fig. 4. By defining the 
maximum impact strength as that at 212°F (100°C), Ta (the transi- 
tion temperature) as the temperature at which the impact value is the 
average of those at 212 and —320 °F (100 and —196 °C), and T; as the 
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testing temperature at which the impact value is 5 ft-lb, the data in 
Table VI may be used to construct sufficiently accurate graphs of the 
effect of testing temperature on impact strength. 

All steels, with three exceptions, gave impact values of 3 to 5 ft-lb 
at —320 °F (—196°C). Tempered Steels V22, 23, and 24 gave values 


Impact Strength 





Ts Ta loo 
Testing Temperature °C 
Type | 


Impact Strength 





Ts Ta 100 
Testing Temperature °C 


Type 2 


Fig. 4—Schematic Diagrams of the Im- 
pact Curves 


of 15, 9, and 9 ft-lb., respectively, at this temperature. Thus this in- 
formation gives one more point on the impact strength—testing temper- 
ature graph. 

Nine steels showed that tempering at 212°F (100°C) changed 
the shape of the curve from Type 2 to Type 1. However, four steels 
showed the opposite effect so no definite statement can be made on the 
effect of this variable. There is no general correlation between Ta and 
per cent carbon, presumably because of the large number of different 
compositions involved. However, within a given heat, i.e., with alloy- 
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Table VII 
Tempered Steels Arranged in Order of Increasing Transition Temperature 





Base Compositions 
Per Cent of Element 
~ 


Steel Mn Si Ni Cr Mo V 
V 0.80 0.30 0.85 0.70 0.50 0.10 
. 0.79 0.26 2.36 1.07 0.47 0.10 
D 0.80 0.30 — 1.00 —— — 
——Steel—— Ta . 77 Varied Alloy %*—— 
\ & °C % V Cc D 
23 —153 0.23 5.5 Ni 
24 —142 0.27 5.5 Ni 
22 — 90 0.25 3.0 Ni 
18 — 77 0.21 1.5 Ni 
13 — 75 0.16 2.0 Cr 
17 — 73 0.18 1.5 Ni 
2 — 61 0.24 Base 
19 — 60 0.19 3.0 Ni 
21 — 57 0.23 3.0 Ni 
0) — 55 0.21 3.0 Ni 
5 — 55 0.28 1.85 Cr 
l — 53 0.20 Base 
6 — 52 0.14 1.0 Cr + 2.3 Ni 
4 — 48 0.14 0.0005 B 
1 — 47 0.22 Base 
4 — 38 0.21 2.0 Cr 
1 — 35 0.16 Base 
3 => 30 0.18 Base 
5 — ae 0.11 1.0 Cr + 2.6 Ni 
2 — 30 0.25 Base 
S — 28 0.23 2.0 Cr 
) — 25 0.26 2:6. Cr 
— 16 0.17 3.0 Cr 
— 16 0.23 3.0 Cr 
— 12 0.19 3.0 Cr 
3 — 10 0.15 1? Ge 
— 10 0.18 1.5 Mn 
— 10 0.19 1.5 Mn 
+ 34 0.22 1.5 Mn 
8 + 42 0.25 1.5 Mn 
} + 50 0.24 3.0 Cr 
+ 60 0.15 3.0 Mn 
+100 0.22 3.0 Mn 


* Approximate total percentage of the varied alloy after addition was made to the base 
mposition. 


ng elements held constant, increasing the carbon content tended to 
raise the transition temperature. 

Arranging the steels in order of increasing Ta shows the general 
effect of alloying elements other than carbon on Ta, as shown in Table 
VII. Eleven of the first twelve steels (lowest Ta) contain nickel rang- 
ing from 1.5 to 5.5% with the largest lowering of Ta apparently occur- 
ring above 3% nickel. In spite of the relatively high carbon content 
(0.27% ), V24, for example, has a Ta of —224°F (142 °C). The next 
in order essentially are the chromium steels. However, here the trend 
appears to be toward higher Ta with higher chromium content. Six of 
the seven steels with highest Ta contain 1.5 and 3.0% manganese, again 
the trend being toward higher Ta with increasing manganese content. 
These effects are for the steels after tempering at 212°F (100°C). 
The order is essentially unchanged in the as-quenched condition, but 
the transition temperatures are raised slightly. 

Thus it appears that nickel is most beneficial in lowering Ta; 
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chromium is permissible in quantities up to about 2% with all carbon 
contents up to 0.26% and to 3% if the carbon content does not exceed 
0.23%, while steels containing 1.5% manganese or more and 0.22% 
carbon or more have transition temperatures which are probably too 
high for many applications. With 3% manganese, even a carbon con- 
tent as low as 0.15% gives the very high Ta of 140°F (60°C). This 
last material is interesting in that it has the highest impact strength of 
all the steels examined at a testing temperature of 212 °F (100°C). 
One surprising result for which no explanation can be offered is 
the high Ta of +14°F (—10 °C) for Steel 3D (0.15% carbon), espe- 
cially when it is noted that Steel 5D (0.28% carbon) from the same 
heat has a Ta of —67 °F (—55 °C). This appears to be the opposite of 
what might be expected on the basis of carbon content alone. It is be- 
lieved that the 3D specimens were quenched out since both steels 
showed essentially maximum hardness on the basis of carbon content. 


EFFECT OF STRAIN AGING ON THE TENSILE PROPERTIES 


In an endeavor to improve the mechanical properties of the low 
carbon martensites, in particular the low yield strength and yield-tensile 
ratio, subsidiary study was made of the effect of strain aging on 
these properties. Twelve steels varying in carbon content from 0.11 
to 0.27% were strained various amounts and aged at low temperatures 
of 70 to 300 °F (21 to 149 °C). Essentially, the technique consisted of 
straining quenched or quenched and tempered specimens until a pre 
determined amount of plastic strain was introduced. This was measured 
either by local necking or by the extension of the gage length. In speci 
mens which were given small amounts of plastic strain, extension coul: 
be measured from the automatically recorded load-extension curv 
(Fig. 5). When local necking was to be used as a measure of deforma 
tion, the specimen diameter was made oversize so that after aging 11 
could be machined to 0.252 inch diameter to remove the necked portion 

Aging in all cases was carried out after the specimens had beet 
removed from the tensile machine. Amounts of deformation varied 
from an extension of approximately 0.1% to a reduction of area at 
the neck of 13%. The results of the tests, together with the strai 
aging treatments, are given in Table VIII. 

All the steels showed aging effects, the amount of whici: depended 
on the amount of deformation and the aging temperature. Specimens 
subjected to reductions of area from 5 to 13% showed increases in ten- 
sile strength up to 34,000 psi with only a slight decrease of reduction 
of area. However, the elongation was greatly reduced and the yield- 
tensile ratio was 1 in all cases. This treatment is obviously useless for 
structural materials. 


The most promising result was obtained on specimens tempered 
at 212° F (100°C) with extensions of 0.12 to 0.25%. After aging, all 
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Fig. 5—Load-Extension Curves. A, initial loading; B, unloading; 
C, after aging at 100 °C (212 °F) for 24 hours. 
the tensile properties remained the same except the yield strength. Th ' 
yield-tensile ratio in all cases examined was raised to approximatel) : 


0.90, which would seem to be a satisfactorily high value for many ap 
plications. 


EFFECT OF STRAIN AGING ON THE IMPACT PROPERTIES 

A few experiments were carried out to determine the effect o! 
strain aging on impact properties. Impact strength versus testing tem 
perature curves were determined for Heat 9 (0.14% carbon, 5.5% 
nickel, and 1.51% chromium). Standard impact specimens were aus 
tenitized one hour at 1700°F (927°C) and quenched in iced brine. 
Some were tested in the as-quenched condition and others after being 
tempered two hours at either 150 °F (65 °C) or 300°F (149 °C). The 
results of these tests were not included in Tables VI and VII because 
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of the different tempering treatments used. They show the beneficial 
effect of nickel on Ta and are as follows: 


Maximum 
Impact Ta 
Treatment Type ft-lb ya 
As-Quenched ] 41 —145 
150°F ] 42 —140 
300 °F l 43 —140 


The impact strengths at —320°F (—196°C) ranged from 7 to 14 
ft-lb. 

Blanks % inch square from the same steel were pulled in tension 
in the as-quenched condition until local necking occurred. The speci- 
mens were then aged for two hours at 150 or 300°F (65 or 150°C) 
ind finish-machined. The notches were placed in the specimens where 
the reduction of area before this machining was 4%. Impact strength 
versus testing temperature curves were then determined for these test 
eces. 

The results of these tests show that strain aging considerably re- 
luced the impact strength by amounts up to 14 ft-lb at all testing tem- 
eratures. The transition temperature was also raised slightly by strain 
ging (15 to 20°C). The effect of the strain was greater the higher 
he aging temperature. Essentially maximum R, hardness was ob- 
ined on all specimens; strain aging did not produce any measurable 
icrease in hardness. 

An attempt to investigate the effect of strain aging on the higher 
irbon steels failed because of the limitation of the testing machine. 
harpy blanks which were compressed using the maximum load of the 
‘nsile machine prior to aging gave test results which were essentially 
ie same as those for quenched and tempered specimens from the same 
teels. 


SUMMARY 


1. Low carbon steels containing 0.16 to 0.28% carbon in the as- 
juenched condition (brine quench) had essentially no ductility as 
neasured by the tensile test. Steels containing 0.15% carbon or less 
iad appreciable ductility in the as-quenched condition. 

2. Tempering at 212 °F (100°C) improved all tensile properties, 
the ductility to values considerably higher than those reported for 0.30 
to 0.50% carbon steels quenched and tempered to comparable tensile 
strengths. However, the yield strength was not as greatly improved 
as the tensile strength and, therefore, the yield strength—tensile 
strength ratio was low (0.70 or so). 


3. The amount or type of alloying element added in the range 
studied had no effect om the tensile properties. 


4. Refrigeration in liquid nitrogen prior to tempering appeared 
to have no effect on the tensile properties. 
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5. Steels containing 0.18% carbon or more and quenched in oil 
had essentially no ductility in the as-quenched condition. Steels con- 
taining less than 0.18% carbon had appreciable ductility in the as- 
quenched condition. 

6. Tempering at 212°F (100°C) after oil quenching improved 
all tensile properties. However, slightly higher ductilities and yield 
tensile ratios at higher tensile strengths were developed by the brine 
quench. 

7. Except for yield strength, the tensile properties of steels of 0.15 
to 0.28% carbon tempered at 212°F (100°C) were unaffected by 
specimen diameter up to 0.505 inch. Yield strength decreased with in 
creasing specimen diameter. 

8. Most of the steels, as-quenched or tempered at 212 °F (100°C), 
developed room temperature impact strengths which were higher than 
those of 0.30 to 0.50% carbon steels quenched and tempered to com 
parable hardnesses. 

9. Tempering at 212°F (100°C) slightly raised the impact 
strength and lowered the transition temperature. 

10. Increasing carbon tended to raise the transition temperature 

11. Nickel was most beneficial in lowering transition temperature 
chromium up to 2% also lowered transition temperature somewhat 
while manganese in an amount between 0.8 and 1.5% or higher raised 
transition temperature quite effectively and to that extent damage 
impact quality. 

12. All of the steels tested showed strain aging effects in both the 
as-quenched and quenched and tempered conditions; the amount in 
creased with increasing deformation and aging temperature. 

13. The few data available suggest that strain aging lowered im 
pact strength and very slightly raised the transition temperature. 
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DISCUSSION 


Written Discussion: By Samuel J. Rosenberg, Metallurgist, National 
3ureau of Standards, Washington, D. C. 

The authors’ data lend added support to the generally accepted thesis that 
the use of steel with as low carbon as is possible to develop the strength properties 
desired is conducive to better toughness. 

In reviewing the tensile data presented in this paper, I note the extremely 
low values (in Table I1) for reduction of area and elongation for steel 6C as 
tempered and for the tensile strength of steel V10 as quenched. Is it possible 
that these values are missprints? Incidentally, the authors do not specify the 
gage length of the specimens used for tensile testing. 

Normal practice in the preparation of impact specimens is to machine the 
notch subsequent to heat treatment. This is done to avoid the concentration of 
stresses at the root of the notch and possibly incipient cracking which must 
inevitably result if quenching is carried out subsequent to notching. The sus- 
picion exists, therefore, that the results of the impact tests may have been 
iffected by such stresses. Corroboratory evidence is furnished by the fact that 
steels V22, V23, and V24 tended to crack at the base of the notch when quenched 
n iced brine. The apparently superior impact properties of these three steels 
nay be, and probably is, due to the fact that they were oil-quenched, with 

orrespondingly lesser stress concentration at the root of the notch. The con- 
lusion is inescapable that the impact data would have been of considerably 
more value had all steels been quenched alike and had the quenching been carried 
ut prior to notching. The wide difference in the transition temperatures of the 
luplicate steels V3 and V4 (—16 and +50 °C, respectively), may be due to 
stresses at the root of the notch. 

Although it might be expected that strain aging would reduce the impact 
strength of steel, | am rather puzzled as to how the author reached this con- 
lusion on the basis of the few data given on page 151, particularly in view of 
the fact that comparable impact data on this steel as quenched and tempered 
but not strain aged are not given. 

It is extremely difficult to evaluate the effect of the various alloying elements 
on the transition temperature of the test steels, mainly because of the variations 
in carbon content. Although it is realized that conclusion 11 of the paper is, 
of necessity, a general statement, a close study of the data shows so many ex- 
ceptions to this conclusion (with respect to the effect of nickel and chromium) 
as to render it questionable. This can best be appreciated by adding the Ta 
temperatures to Table I and noting the effect of composition on Ta. For in- 
stance, steel 3D, with its high nickel and optimum chromium content, has a 
rather high transition temperature (—10°C). Strangely enough, steel 5D, of 
similar chemistry but considerably higher carbon, has a much lower transition 
temperature (—55 °C), which is exactly the opposite of what might be ex- 
pected. 

Written Discussion: By A. E. Nehrenberg, supervisor, Research Labo- 
ratory, Crucible Steel Company of America, Harrison, N. J. 

The authors have carried out a great deal of mechanical testing and have 
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obtained a considerable amount of data on the properties of low carbon mar- 
tensites tempered at 212 °F for extended periods of time. It should be emphasized 
that their conclusions apply for this tempering temperature only and that some- 
what different conclusions might have been reached in some cases if higher 
tempering temperatures had been employed. I am wondering if the authors 
obtained any data for other tempering temperatures during the course of their 
work. 

In our own work we have consistently found that the maximum toughness 
as measured by a notch impact test is obtained at high strength levels if a 
tempering temperature of 350 to 450 °F is employed for steels containing normal 
ranges of silicon. When the silicon content is increased to about 1.5% the 
tempering temperature for maximum notch toughness is increased to 500 to 
600 °F. Also, the ratio of yield to tensile strength, which has been a matter of 
considerable concern to the authors, is improved in low carbon steels by temper- 
ing in these ranges of temperature. 

The effect of specimen diameter on yield strength observed by the authors 
would seem to be of considerable practical significance for their data imply that 
the yield strength of structural components made from high strength steels 
would be expected to decrease with increasing thickness or diameter of such 
parts. We anticipated that the effect observed by the authors might be real when 
a tempering temperature as low as 212 °F was employed, but we felt that any 
such effect would perhaps be destroyed if a higher tempering temperature were 
employed. As a consequence of this reasoning we carried out the following ex- 
periment. Tensile specimens both 0.550 and 0.300 inch in diameter were pre- 
pared from a commercial alloy steel containing 0.15% carbon, austenitized for 
1 hour at 1600 °F and quenched in iced brine. One specimen of each diameter 
was left in the as-quenched condition and other sets of specimens were tempered 
for 16 hours at each of the temperatures 212, 350 and 450 °F. The long temper- 
ing time was used so that our data would be comparable with those obtained by 
the authors. Subsequent to heat treatment the tensile specimens were machined 
to 0.505 and 0.252 inch diameter. 

The analysis of the steel used is as follows: 


S Mn Si Ni Cr V Mo Cu 
0.15 1.03 0.75 0.99 0.88 0.09 0.21 0.48 


The pertinent tensile data obtained are summarized below: 


Tensile 0.1% Yield Ratio 
Spec. Strength Strength 0.1% Yield To 
Dia. Temper, °F psi. psi. Tensile Strength 
0.505 None 202,000 120,000 0.59 
212 198,000 138,000 0.70 
350 197,000 156,000 0.80 
450 195,000 161,000 0.83 
0.252 None 202,000 118,000 0.58 
212 200,000 140,000 0.70 
350 194,000 157,000 0.81 
450 193,000 163,000 0.84 


All of the specimens were found to have good ductility, the elongation values 
being about 15% for all specimens with reduction of area varying in the range 
50 to 60%. 

The data fail to confirm the effect of specimen diameter observed by the 
authors. Note that the ratio of yield to tensile strength is the same for both 
the 0.505 and 0.252 inch diameter specimens in the same condition of heat 
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treatment. Although the above data are the result of a single experiment it ap- 
pears reasonable to conclude that specimen diameter does not always affect the 
yield strength of low carbon martensites. Perhaps further work would show 
that the effect observed by the authors is not attributable to specimen diameter 
per se, but may be the indirect result of some other factor such as inadequate 
hardening of the larger specimens, the presence of more retained austenite in 
the larger specimens because of a somewhat slower cooling rate, etc. I would be 
interested in knowing whether the authors found a relationship between yield 
strength and specimen diameter for steels other than those of their Table V and 
whether there was a consistency in this relationship from steel to steel. 

Note also that the data show that the yield to tensile ratio, as mentioned 
in the first part of this discussion, improves considerably when the tempering 
temperature is increased from 212 to 350 or 450 °F. It would be enlightening, 


therefore, if the authors will give us any data they may have for tempering 
temperatures above 212 °F. 


Authors’ Reply 


The authors wish to thank Messrs. Rosenberg and Nehrenberg for their 
interest and commentaries on our observations. 

Mr. Rosenberg is correct in assuming that the values in Table II for 6C 
are incorrect. The correct RAL should be 57% and elongation 15%. The values 
for Steel V10, however, are real; the low tensile strength is due to lack of 
sufficient ductility. The gage length of all specimens was four times the speci- 
men diameter as stated on page i142. 

The question of whether notches should be machined for impact testing 
in these high strength steels before or after quenching is not so obvious as 
Mr. Rosenberg suspects. It appears to be to some extent a function of the steel. 
Experiments on the same steel in both conditions will differ by 4 or 5 ft-lb at 
any temperature, but the direction of the difference varies from steel to steel. 
The authors would be interested to hear the experience of other laboratories on 
this phenomenon. In passing, it may be mentioned that machining problems are 
simplified if performed before quenching. In summary, then, the conclusion does 
not seem to be inescapable that “the impact data would have been of consider- 
ably more value had all steels been quenched alike (33 of 36 were) and had the 
quenching been carried out prior to notching.” 

With reference to the data listed in the table on page 151, it should be 
pointed out again that these data are for as-quenched and tempered specimens 
and not for those which had been strain-aged. The data for the strain-aged 
specimens are not listed in the paper; it was felt that a brief statement of the 
results was adequate. 

Mr. Rosenberg also points out, as was done in the paper, the peculiar 
behavior of Steels 5D and 3D with respect to Ts. The authors have thought of 
no further possible explanations for this behavior. 

In answer to Mr. Nehrenberg, the bulk of the work was confined to testing 
steels which were either as-quenched or quenched and tempered at 212 °F. How- 
ever, a few data were obtained at higher tempering temperatures. 

The results of V-notch Charpy impact tests on Steel 8 (Table I) tempered 
between 70 and 800 °F:dnd broken at temperatures from 70 to —150 °F indi- 
cated that maximum toughness was obtained after tempering at 400 °F, This 
is in agreement with the results of Mr. Nehrenberg. With reference to the 
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effect of specimen diameter on properties, studies were made only to determine 
whether or not the increased ductility of the low carbon steels over that of 
the Patton steels was due to the use of the smaller specimens. As a result, only 
a few steels were compared. Although the data in the paper show a decrease 
of yield strength with increased specimen diameter, a few data not reported 
show the opposite effect. These latter results on as-quenched Steels 8 and 9 are 


as follows: 


Specimen TS YS (0.1%) 
Steel Diameter psi psi YS/TS 
8 0.252” 243,000 152,000 0.63 5 
0.502 241,000 177,000 0.73 
9 0.252 198,000 122,000 0.62 ; 
0.505 196,000 131,000 0.67 


It is evident that much more data at these high strength levels is necessary 
before a definite conclusion can be made. Mr. Nehrenberg shows the yield- 
tensile ratio to be the same for both the 0.505 and 0.252 inch diameter specimens 
in the same condition of heat treatment. The following data, which had been 
obtained previously but not reported, show the same effect if the 212 °F temper 
is ignored. 


Steel 3D 
Specimen Tempet TS YS (0.2%) 
Diameter °F psi psi YS/TS 
0.252 inch 212 199,000 155,000 0.78 
900 172,000 152,000 0.88 
1200 108,000 95,000 0.88 
0.505 inch 212 197,000 135,000 0.69 
900 166,000 143,000 0.86 
1200 105,000 93,000 0.89 


All values are averages of four tests. 


He also demonstrates that the yield-tensile ratio increases with increasing 
tempering temperature. Data supporting this conclusion had also been obtained 
by the authors in approximately the same tempering range as that used by 
Mr. Nehrenberg and are shown below: 


0.252-Inch Specimens 


Temper TS YS (0.1%) YS/TS ; 
Steel °F psi psi 
8 None 244,000 152,000 0.62 
300 227,000 159,000 0.70 
400 214,000 153,000 0.72 
500 211,000 168,000 0.80 
600 208,000 168,000 0.81 
9 None 197,000 144,000 0.62 
300 188,000 148,000 0.78 
400 185,000 150,000 0.81 
500 179,000 149,000 0.83 
600 174,000 150,000 0.86 


All values are averages of two tests. 














THE TENSILE CHARACTERISTICS OF UNALLOYED 
ZIRCONIUM AT LOW AND MODERATE 
TEMPERATURES 


By J]. H. KEELER 


Abstract 


Increasing strain rate, decreasing test temperature, 
strain, decreasing recrystallized grain size, strong preferred 
orientation and small amounts of oxygen-nitrogen impurity 
(from arc melting) are shown to raise the true-stress level 
and engineering strengths of unalloyed zirconium. A yield 
point was observed and found to decrease with increased 
grain size and decreasing temperature. The tensile behavior 
of severely cold-reduced zirconium at and above 200°C 
(390 °F) shows a maximum load at early strains which is not 
associated with measurable necking and seems to be related 
in some manner to recovery, stress-recovery and strain-aging. 


| NTRODUCTION 

ARLIER investigations by groups at the Phillips Company, Eind- 
hoven, Netherlands ; the Foote Mineral Company ; and the West- 
inghouse Atomic Power Division, producers of crystal-bar zirconium, 
have done much to make the properties of high purity crystal-bar zir- 
conium familiar to the metallurgist and the engineer. Additional 1n- 
formation has been made available from the Massachusetts Institute of 
Technology and from the Battelle Memorial Institute. The U.S. Bu- 
reau of Mines at Albany, Oregon, has made valuable contributions in 
developing the Chloride process of making ductile zirconium and has 

frequently reported the properties of their product. 

This work is intended to supplement existing knowledge by re- 
porting the effects of various metallurgical and test variables upon the 
tensile properties and was conducted in order to establish the behavior 
of unalloyed zirconium (rolled and annealed crystal bar, and arc- 
melted, rolled, and annealed crystal bar) as a basis for evaluating the 
quantitative influence of alloying elements. In these tests, a “standard” 
set of conditions was selected and then each of the variables was altered 
independently of the others to determine its effect. The interdependence 
of the variables was not studied in detail, except in one or two instances, 
since a prohibitive amount of testing would be necessary to establish 


A paper presented ,before the Thirty-sixth Annual Convention of the So- 
ciety, held in Chicago, November 1 to 5, 1954. The author, J. H. Keeler, is as- 
sociated with the Research Laboratory, General Electric Co., Schenectady, N. Y. 
Manuscript received December 29, 1953. 
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the various relations quantitatively. In the particular combination of 
material and test conditions constituting the “standard” test (See Fig. 
2) erystal-bar zirconium was cold-reduced 97% and then annealed (1 
hour at 600°C) to a grain size of approximately 0.005-mm average 
diameter, and tested at room temperature at a strain rate of 0.09 min". 


EXPERIMENTAL PROCEDURE 


The material used in this investigation was crystal-bar zirconium 
prepared by the iodide process. The largest impurity was hafnium, 
which was less than 0.3%. The composition obtained by spectrographic 
analysis is given in Table I. 

Crystal-bar zirconium was cold-rolled from '%-inch to 5¢-inch- 


/# 


diameter bars into sheets 0.020 inch in thickness, about a 97% reduc- 


Table I 





Composition of Crystal-Bar Zirconium 

Element Weight % 
Hf 0.3 maximum 
Fe 0.02 to 0.1 
Al 0.005 to 0.02 
Cr 0.02 to 0.1 
Cu 0.001 to 0.005 
Ni 0.005 te 0.62 
Mg 0.001 to 0.005 
Mo 0.01 
Ne 0.007 * 


* Chemical analysis (oxygen and carbon are estimated at 0.02%). 





Sheet Thickness of 0.020" 
Fig. 1—Drawing and Dimensions of Sheet 
Tensile Specimen. The holes in the grip sections 


are for locating pins to facilitate alignment during 
mounting in grips. 


tion in thickness. Tensile specimens of the dimensions shown in Fig. 1 
were machined from these cold-reduced sheets. 

Arc-melted buttons, weighing 100 grams and made from crystal- 
bar zirconium, were similarly rolled out, with several exceptions, into 
0.020-inch sheet, a reduction of approximately 90%. All but one of the 
melts mentioned in this report were made in a multiple-hearth furnace 
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containing nine replaceable water-cooled copper crucibles. This arc-' 
melting furnace uses a wolfram-tipped electrode in an atmosphere of 
purified argon, and the hearth is rotated after each melting cycle with- 
out opening the seal. The charge in each instance was melted down, 
allowed to solidify, turned over, and remelted. The first of each series 
of nine melts acted as a getter, taking up the contaminant gases, oxygen 
and nitrogen, not removed by the vacuum pumps or subsequent gas 
flush. In this manner, the oxygen and nitrogen impurity in the subse- 
quent melts was greatly reduced. 

Annealing was carried out in evacuated tubes of Vycor or quartz 
containing zirconium foil to take up any remaining oxygen or nitrogen. 

Tensile tests were conducted with Instron Engineering Corpora- 
tion tensile-testing machines, Models TT-B and TT-C. These instru- 
ments provide a constant cross-head motion at any of a number of 
strain rates (jaw speeds) from 0.002 inch per minute to 2 inches per 
minute. Load is measured by the use of one of several interchangeable 
load cells which incorporate an SR-4 strain gage. The load-time curve 
is recorded automatically on a synchronously driven chart. The relation 
of recorder chart speed to jaw speed is known, and, therefore, the time 
axis of the chart can be converted to strain. The instrument was cali- 
brated for each series of specimens tested, and the zero load point was 
checked at desired intervals during the test to insure accurate recording. 

Tensile tests were conducted in liquid nitrogen at —195°C 
(—319 °F) and in air in the temperature range from 25 to 370°C (77 
to 700°F). True stress vs true strain and log true stress vs log true 
plastic strain are plotted for these tests. Yield strength (0.2% offset), 
tensile strength, reduction in area, and elongation are tabulated. The 
strain-hardening exponent “m’’ from the stress-strain relation o = Ke", 
which is obtained from the slope of the log true stress vs log true plastic 
strain plot, is also listed. In those instances where the log-log plot was 
not a straight line, the slope was taken from that portion of the curve 
in the vicinity of the strain at maximum load. 

Preferred orientation determinations were obtained by the quanti- 
tative method of Decker, Asp, and Harker (1), modified by Geisler 


(2) using an X-ray spectrogoniometer with copper K« radiation as 
reported previously (3). 


Annealed Crystal-bar Zirconium 


Crystal-bar zirconium, cold-reduced 97 per cent, was annealed 
one-half hour at 600 °C (1110°F) im vacuo to provide a recrystallized 
grain size of approximately 0.005-mm average diameter. Specimens 
were tested in the temperature range —195 to 370°C (—351 to 
700 °F) in the rolling direction. Typical tensile curves are shown in 
Figs. 2 and 3. Data are listed in Section A of Table II and plots of 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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"Standard" Test 


True Stress x 10°* psi 





O O.| 0.2 0.3 
True Plastic Strain 
Fig. 2—True Stress vs True Plastic Strain Curves Up to Necking 


Strain for Annealed Crystal Bar Showing Variation With Testing 
[emperature. The curve for a “standard” test is indicated 





Table Il 
Tensile Characteristics of Annealed (600 °C) and of Cold-Rolled Crystal Bar 
Test Ultimate 0.2% Offset % Strain 
Temp Strength Yield Strength % Reduction hardenins 
es (psi) (psi) Elongation in Area Exponent 
A. ANNEALED 
—195 58,900 20,800 33 56 0.25 
25 34,700 17,900 30 56 0.21 
200 26,400 13,300 26 75 0.25 
300 24,700 12,900 24 86 0.25 
370 23,000 12,600 27 86 0.26 
B. COLD-ROLLED 
—195 120,000 95,500 7 35 0.06 
25 83,600 70,800 4 60 0.08 
200 49,000 42,300 12 85 0.045 
300 43,400 37,000 14 82 0.04 
370 43,900 35,000 16 84 0.04 


properties vs temperature are given in Figs. 4 and 5. It was observed 
that with decreasing temperature the increase in tensile strength was 
much more pronounced than the increase in 0.2% offset yield strength. 
The strain-hardening exponent and the elongation changed very little 
in this temperature range. 
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True Stress-x |O~* psi 





0.00! 0.01 0.1 | 
True Plastic Strain 


Fig. 3—Logarithmic Plot of True Stress vs True Plastic Strain 
Curves 7 to Necking Strain for Annealed Crystal Bar, Showing 
Variation With Testing Temperature. 


Cold-Rolled Crystal-Bar Zirconium 


Specimens of crystal-bar zirconium cold-reduced 97% were tested 
in the rolling direction. Plots of properties vs temperature for the range 
trom —195 to 370°C (—351 to 700 °F) are given for the severely de- 
formed zirconium in Figs. 4 and 5. Data are presented in Section B, 
Table Il. It can be seen that, as anticipated, the tensile strength and 
the yield strength of the cold-rolled material showed a greater increase 
with decreasing temperature than did these properties of the annealed 
material. 

Tensile tests of 97% cold-rolled crystal-bar zirconium at 200, 
300, and 370 °C (390, 570 and 700 °F ) disclosed interesting character- 
istics. It was observed that the maximum load, Pmax, was obtained very 
early in the test, at a‘strain of about 0.02 to 0.05, after which a long 
gradual falling off of the load occurred. This latter portion of the curve 
is almost a straight line. Finally, localized necking occurred at a strain 
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Crystal-Bar Zirconium 
+,x 97% Cold-Reduced 
@,° Cold-Reduced and 

Annealed at 600°C 
—— Ultimate 
--—- 0.2% Yield 


Stress x 10-4 psi 





-200 -100 O 100 200 300 400 
Test Temperature °C 


Fig. 4—Ultimate Tensile and 0.2% Offset Yield Stress vs Test Tem 
perature for Cold-rolled and for Annealed Crystal-bar Zirconium. 
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Fig. 5—Per cent Elongation and Strain-hardening Exponent vs Test Tem- 
perature for Cold-rolled and for Anneaied Crystal-bar Zirconium. 


as much as five to ten times as great as the strain at Pyax, and the speci- 
men fractured. A typical load-elongation curve of this type is shown in 
Fig. 6. Point A on the curve indicates the point of maximum load. In 
one experiment of this type, the straining was stopped at the point 
indicated by B in Fig. 6, about three or four times the strain at Pmax. 
The load was removed and the specimen was taken out of the furnace. 


CERES 
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Fig. 6—Typical Stress-strain Curve for Severely Cold- 
rolled Crystal Bar in the Temperature Range 200-370 °C. Point 
A indicates maximum load and B indicates strain at which no 
localized necking is discernible. 


Point of Maximum Load 





True Stress x |O-* psi 


0.05 0.10 0.15 
True Plastic Strain 


Fig. 7—True Stress-true Strain Curve for 
Severely Cold-rolled Crystal Bar for the Tem- 
perature Range 200-370 °C. The calculations have 
been carried beyond the maximum load to a point 


where uniform strain was still found to be oc- 
curring. 


An examination of the gage area disclosed no localized necking, the 
straining apparently continuing in a uniform manner. 

True stress vs true strain calculations for curves of this type were 
plotted for points beyond the maximum load, since uniform strain was 
apparently still taking place. These curves exhibited a flattening be- 


yond the maximum load, with the slope of the curve becoming zero and 
then slightly negative (Fig. 7). 
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Elongation - Inches/ Inch 
Fig. 8—Stress-strain Curve for Severely Cold-rolled Crystal 
bar at 300 °C. This test was interrupted twice as indicated by points 


A and B when the load was removed while the specimen remained 
at the test temperature for 36 and 12 minutes respectively. 


The reduction in area that finally occurred in the necked area of 
the specimens was very large, in the vicinity of 85%, resulting in a very 
high value for the apparent true stress at fracture, of the order of 
180,000 to 200,000 psi. 

The recrystallization temperature for this material is approxi- 
mately 400 to 500°C (750 to 930°F) (in one hour), one hour at 
500 °C (930°F) being necessary to obtain a fine-grained recrystal- 
lized structure (as described in the section on annealed crystal bar). 
Metallographic examination of the necked area and adjoining gage 
area of fractured tests bars of the cold-reduced crystal bar did not show 
any evidence of recrystallization. Since it was possible that recovery 
was occurring during the tensile test, one test was halted at a strain of 
about three times the strain at maximum load, and the load was re- 
moved while the specimen remained in the furnace at 300 °C (570°F ) 
for about 36 minutes (Point A, Fig. 8). When the test was subse- 
quently continued, the load rose to a value higher than that removed, 
reached an early maximum load, and continued to display a behavior 
similar to that during the first part of the test (see Fig. 8). Obviously, 
more than recovery alone was occurring. The test was again halted 
(Point B), the specimen was unloaded, and after a period of 12 min. 
utes the test was recommenced. Again, a load greater than that at the 
stop of the previous part of the test was obtained, and on the basis of 
a now smaller cross section the stress was higher than previously. 
These results would suggest that perhaps strain aging was also in- 
volved. However, strain aging is usually accompanied by a transient 
yield point, and no transient yield point was observed in any of the 
interrupted tests of the material. Some combination of strain aging and 
recovery may be causing the peculiar results described above. This 
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Nominal Stress x |O~4 psi 





O 0.05 0.10 
Nominal Strain 


Fig. 9—Stress-strain Curves Showing Yield-point 
Indications in Cold-rolled and Annealed Crystal Bar 
(0.003 mm average grain diameter) with Variation in 
Test Temperature. 


behavior may also be related to stress recovery reported for aluminum 
(4). 

A high rate sensitivity was found for the cold-reduced crystal bar 
it 200 and 300 °C, (390 and 570 °F ), as is discussed in another section. 


YIELD POINT 


The yield point phenomenon was of interest in this investigation. 
Cold-rolled crystal-bar zirconium, annealed to a grain size of approxi- 
mately 0.003-mm average diameter, almost always exhibited a strong 
yield point indication (see Fig. 9). Occasionally in material with a 
slightly larger grain size (approximately 0.005-mm average diameter ), 
a sudden change of slope in the stress-strain curve was observed at 
room temperature, whereas in tests at —195°C (—351°F) a yield 
point was observed. Specimens with a grain size of 0.012-mm average 
diameter and larger exhibited a smoothly continuous tensile curve. 

Fine-grained tests specimens produced from zirconium buttons 
arc-melted after the first “getter” heat in the multihearth furnace did 
not exhibit any evidence of a yield point in tests at 200 or 300 °C (390 
or 570 °F). In one or two instances, very slight evidence was observed 
in tests at room temperature. Other fine-grained test specimens made 
from the “getter’’ heats in the multihearth furnace showed an upper 
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Fig. 10—Stress-strain Curves Showing Yield 


Point Indications in Cold-rolled and Annealed 
“Getter melt”’ with Variation in Temperature. 
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Fig. 11—True Stress vs True Strain Curves up to Necking Strain 
for Cold-rolled and Annealed Crystal Bar Tested at Room Temperature, 
Illustrating the Influence of Strain Rate. 
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Table Ill 
Relation between Yield Strength and Absolute Temperature 
Strain Temp-stress 
Test Temperature Yield Rate Product 
es C"ay Strength (min-") (all values * 108) 
Melt 5061 
—195 78 45,600 0.09 3.56 
ne 296 29,000 0.09 8.86 
200 473 20,600 0.09 9.75 
291 564 16,500 0.09 9.30 
Melt 540B 
—195 78 56,200 0.09 4.38 
23 296 38,600 0.09 11.43 
200 473 24,800 0.09 11.73 
300 573 18,200 0.09 10.42 


and a lower yield point in tests at 200°C (390°F) and exhibited a 
sharp break in the load-extension curve in tests at room temperature 
and at 300°C (570°F) (see Fig. 10). It is of interest that the yield 
point effect seems to occur in a temperature range with the effect 
diminishing at higher and lower temperatures. It is also probable that 
the yield point is associated with presence of gaseous impurities (ox- 
ygen and/or nitrogen) picked up by the “getter” heat. 

According to Fisher (5), the product of the absolute temperature 
T and the yield stress, «, should be almost constant for a given material 
if the yield point phenomenon depends on a Cottrell-type mechanism. 
Table III shows that the product of the yield stress and the absolute 
temperature for the yield stress in two “getter” heats is roughly con- 
stant (with standard deviations of 6.3 and 3.7%) in the temperature 
range from 25 to 300°C (77 to 570°F). A variation by a factor of 
about 3 is encountered at —195 °C (—351 °F). However, this varia- 


tion might be anticipated, since the yield strength will not be infinite 
at absolute zero. 


RATE SENSITIVITY 

To avoid the difficulty of specimen-to-specimen variation, rate 
sensitivity tests were conducted on single specimens with tenfold 
changes in strain rate being made almost instantaneously during the 
test. The change in stress due to a change in strain rate was determined 
in experiments over a 1000-fold variation (0.0009 to 0.9 min™) in 
strain rate. (See Fig. 11) 

The change in stress (in psi) is a measure of the “rate sensitivity”. 
The stress-strain rate relation has been expressed (6) as 


o = Ke“ |e, T . 
where K is a constant, strain and temperature are constant, and n is a 
constant called the strain-rate exponent. The term “rate sensitivity” 
has thus been defined (6,7,8) as the ratio of a small change in log stress 
to the resultant change in log rate for a given strain and temperature: 
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5 log ¢ eal 
n = —— le 1 
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This rate sensitivity n can be obtained from a test wherein strain rate 


is changed quickly from one value to another (9) by the relation 


log S:/ S: 
~ Joge:/ é 
in which So is the stress obtained with strain rate €;, and S, the stress 
obtained with strain rate és. 
It was found that crystal-bar zirconium 97% cold-rolled and an- 
nealed at 600°C (1110°F) had an increase in stress level of 2.5 to 
’ 


5% (830 to 1350 psi) with a tenfold increase in strain rate at room 
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Fig. 12—Portion of Stress-strain Curve Showing Influence of Strain Rate on Stress 
Level. Extrapolations to a strain of 0.136 are indicated by the broken lines. 


temperature. This change corresponds to a rate sensitivity of 0.011 to 
0.021. For crystal-bar zirconium cold-rolled and annealed at 700°C 
(1290°F) (Fig. 12), the effect of three tenfold increases (a 1000-fold 
increase ) in strain rate (interpolated to a strain of 0.136 inch) was an 
increase in stress of 13.6% (4260 psi), or n=0.018. 

Several tests were conducted at room temperature on annealed 
crystal-bar zirconium to see if the amount of strain or the grain size 
influenced the rate sensitivity. The rate sensitivity values varied be- 
tween 0.011 and 0.021 and little, if any, effect was attributable to strain 
or to grain size. 

The rate-sensitivity of annealed and of 97% cold-reduced crystal 
bar was also determined at 200, 300, and 370 °C (390, 570 and 700 °F ) 
and at liquid-nitrogen temperature (—195 °C). The data are listed in 
Table IV and plotted in Fig. 13. The cold-reduced and the annealed 
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Table IV 
Rate Sensitivity 


A. 97% Cold-reduced crystal bar 

B. 97% Cold-reduced crystal bar, annealed at 600 °C 

’. 97% Cold-reduced crystal bar, annealed at 700 ° 

D. 97% Cold-reduced crystal bar, annealed at 800 °C 

©. 50% Cold-reduced crystal bar (longitudinal specimen) 

. 50% Cold-reduced crystal bar (transverse spec.men) 

G. 50% Cold-reduced crystal bar, annealed at 600 °C (long. spec.) 
H. 50% Cold-reduced crystal bar, annealed at 600°C (trans. spec.) 


=) 


Test Temp Rate Sensitivity, n ”* % Change in 
Material (°C) Range Average Stress Level 
A — 195 0.004 0.004 0.8 
25 0.007 to 0.014 0.010 2.4 
200 0.048 0.048 12 
300 0.059 to 0.085 0.070 17 
B -195 0.008 to 0.009 ().0083 1.9 
25 0.011 to 0.021 0.016 2.9 
200 0.015 to 0.019 0.017 4.0 
300 0.013 to 0.014 0.014 3.3 
370 0.011 to 0.015 0.013 3.0 
Cc 25 0.013 to 0.021 0.017 41.0 
D 25 0.016 to 0.018 0.017 4.0 
E 25 0.008 0.008 1.9 
F 25 0.009 to 0.010 0.009 a.1 
G 25 0.011 to 0.017 0.014 3.3 
H 25 0.010 to 0.016 0.013 3.0 
‘ log (Se/S1) 
n A 
log (€2/e1) 
0.14 
0.12 
G. 
! 
> 0.10 
++) 
> 
= 0.08 0 97% Cold-Reduced 
w 
c © Cold-Reduced and Annealed 
& 0.06 
w 
=~ 
3 0.04 
a 





9° 
Oo 8 


- 200 -100 0 100 200 300 400 
Test Temperature °C 


Fig. 13—-Rate Sensitivity vs Temperature for Severely Cold-rolled 
and for Annealed Crystal-bar Zirconium. 


crystal bar have nearly the same rate sensitivity values at room tem- 
perature. It can be seen that the annealed material showed little, if 
any, change in rate sensitivity with increased temperature, whereas 
the severely cold-reduced crystal bar showed considerable increase in 
rate sensitivity with increased temperature. The rate sensitivity at 
— 195°C (— 351 °K) was about one-half to one-third that at 25 °C 
for both annealed and for cold-reduced crystal bar. 

In another test of 97% cold-reduced crystal bar at 300°C 
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Table V 


Room-temperature Tensile Properties of 97% 
Cold-reduced Unrecrystallized Crystal Bar 


Annealing Ultimate 0.2% Offset % Strain- 
Temp Strength Yield Strength % Reduction hardening 
CL) (psi) (psi) Elongation in Area Exponent 

- 83,600 70,800 4 60 0.08 
300 79,200 60,800 4 53 0.09 
400 69,700 56,500 5 55 0.045 


* See section concerning influence of texture on tensile properties. 





(570°F), rate sensitivity increased with decreasing average strain 
rate. With changes in strain rate of 0.09 to 0.9 min’, 0.009 to 0.09 
min, and 0.0009 to 0.009 min*™, the rate sensitivity values were 0.059, 
0.085, and 0.127, respectively. 

Differences in texture, differences in test direction (transverse vs 
longitudinal) for specimens having a weak texture, and small differ- 
ences in grain size (0.005—.037-mm average diameter ) resulting from 
annealing at 600, 700 and 800°C (1110, 1290 and 1470°F) did not 


produce a significant change in rate sensitivity, as shown in Table IV. 


ANNEALING TEMPERATURE 

Test specimens of 97% cold-reduced crystal bar were annealed 
at 300, 400, 500, 600, 700, and 800 °C (570, 750, 930, 1110, 1290 and 
1470 °F) in evacuated Vycor or quartz tubes. Annealing at 300 and 
at 400 °C (570-750 °F) for one hour did not change the tensile prop- 
erties appreciably from the properties exhibited by the unannealed 
crystal bar, as shown in Table V and Figs. 14 and 15. (Pole figure 
studies also showed these specimens to exhibit the same type of de- 
formation texture (3).) Recrystallization had just begun in the speci- 
mens annealed at 400 °C (750 °F), as shown in Fig. 16a. 

Specimens annealed one hour at 500°C (930°F) or one-half 
hour at 600, 700, or 800°C (1110, 1290 or 1470 °F) were recrystal- 
lized to grain sizes with average diameters of 0.003 mm, 0.005 mm, 
0.012 mm, and 0.037 mm, respectively, as shown in Fig. 16b, c, d, and 
e. The variations in strain-hardening exponent, per cent elongation, 
and per cent reduction in area, were not large for these materials. 
Specimens were also annealed for 48 hours at 500 or 600°C (930 or 
1110°F). It was found that the grain size was larger (0.007 and 
0.084mm. average diameter respectively, Fig. 17a and b) and the 
hardness and tensile strength were considerably lower than for crystal- 
bar zirconium annealed only % to 1 hour at the corresponding temper- 
atures. See Table VI. The fine-grained recrystallized specimens were 
significantly stronger than the coarse-grained materials. The ultimate 
strength increased from 24,000 psi to 43,000 psi with decreasing grain 
size, and the 0.2% offset yield stress almost tripled in value, increasing 
from 9400 psi to 26,000 psi with decreasing grain size (see Table VI). 
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Fig. 14—Ultimate Tensile and 0.2% Offset Yield Stress vs An- 


nealing Temperature for Cold-rolled and for Annealed Crystal Bar 
Tested at Room Temperature. 
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Fig. 15—Per cent Elongation and Strain-hardening Repent vs Annealing 
Temperature for Cold-rolled and for Annealed Crystal Bar Tested at Room Tem- 
perature. 


(It was of interest that the specimens having the finest grain size ex- 
hibited an unmistakable yield point, as discussed in another section of 
this report ). Typical true stress vs true strain curves showing the varia- 


tion of room-temperature properties with prior annealing temperatures 
are given in Fig. 18. 
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Table VI 
Hardness and Tensile Properties of Crystal-bar Zirconium Annealed 
for Various Time-temperature Combinations 





> 


97% Cold-reduced and Annealed 1 hour at 500 °C 

B 97% Cold-reduced and Annealed 48 hours at 500 °C 
C 97% Cold-reduced and Annealed ™% hour at 600 °C 
D 97% Cold-reduced and Annealed ™% hour at 800 °C 
E 97% Cold-reduced and Annealed % hour at 700 °C 
F 97% Cold-reduced and Annealed 48 hours at 600 °C 


Vickers Ultimate 0.2% % Strai: 

Grain Size Hardness Tensile Offset Yield % Reduction harder 

History (mm avg diam.) Number * Stress (psi) Stress (psi) Elongation in Area Expor 

A 0.003 121-145 42,900 26,000 25 60 0.22 : 

B 0.007 92-110 35,900 16,900 30 64 0.2¢ 
C 0.005 96-109 34,100 18,800 30 55 0.2 
D 0.012 92-99 31,200 13,200 30 51 0.2 
E 0.037 96-104 31,600 15,100 24 48 0.21 


F 0.084 78-80 24,000 9,400 21 45 0.2 


* 10-Kg load: hardness impressions taken on plane of rolling. 


TEXTURE 

Most of the early test specimens were produced by severe cold 
reduction (97% ) of the ductile crystal bar, and any annealing was 
performed after completion of the rolling. This practice resulted in a 
strong texture, as was shown previously (3). 

However, strong texture in a material is often undesirable, par- 
ticularly when forming operations are planned. To obtain sheet with a 
weaker texture, crystal bar was rolled into sheet by alternately cold 
reducing by 50% and then annealing in vacuo for one-half hour at 
600 °C (1110 °F). 

Pole figures of specimens cold-rolled and annealed in this manner 
(3) showed that this material was considerably more isotropic than 
material prepared by a single cold reduction and then annealing. The 
double texture produced by the 38- to 40-degree rotations of the basal 
plane out of the rolling plane about the rolling direction was also pres 
ent in the material prepared by the cold-reduce and anneal cycle. The 


<1010> direction of the cold-rolled material and the <1120> direc- 
tion of the annealed material were approximately in the rolling direc- 
tion. 

The influence of texture on tensile properties can be seen from 
the data in Table VII, obtained from crystal-bar zirconium specimens 
prepared by different rolling schedules. (The grain size finally ob- 
tained by the two methods was about the same, both being about 0.005 
mm in diameter). The 97% cold-reduced zirconium was considerably 
stronger than the material cold-reduced 50%. The elongation and re- 
duction in area were about the same for the cold-rolled materials. In 
the transverse specimens, the reduction in area of the 97% cold-reduced 
material was much lower. The 0.2% offset yield strength and the ulti- 


mate tensile strength of annealed material was considerably higher for 
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Table VII 
Comparison of Properties in Cold-Rolled and in Annealed 
Crystal-bar Zirconium as a Function of Texture 





Cold-rolled Recrystallized 
Long. Trans. Long. Trans. 
Reduction (Strong Texture) 
ystallographic direction of stress axis < 160 > eae <a: <—~t6te > 
train-hardening exponent 0.07 to 0.08 0.14 to 0.17 0.21 to 0.22 0.10 to 0.11 
ensile strength (psi) 84,500 83,800 35,300 29,600 
% offset yield strength (psi) 72,000 71,000 19,300 22,700 
elongation in 2 inches 4 1 30 16 
reduction in area 60 8 55 70 
reduction in width 15 to 20 2 to 3* 30 to 40 45 to 65 
reduction in thickness 45 to 65 ot 7” 30 to 40 15 to 20 
Reducticn and Anneal Cycle (Weak 
xture) 
tallographic direction of stress axis =: ee. S < 3128. > Cc .11g0. > <= wt > 
n-hardening exponent 0.04 to 0.05 0.04 to 0.08 0.24 to 0.32 0.15 to 0.23 
ile strength (psi) 59,400 58,000 28,500 24,300 
offset yield strength (psi) 49,000 50,000 10,700 13,500 
mgation in 2 inches 4 to 6 4 36 to 54 18 to 37 
duction in area 49 to 60 59 to 73 59 to 68 64 to 73 
luction in width 33 to 42 50 to 64 44 to 50 55 to 68 
juction in thickness 24 to 33 13 to 25 24 to 35 18 to 20 


hese small changes can be considered approximately equal on the basis of the accuracy of the measure- 
nents. 


specimens previously cold-reduced 97% than for specimens previously 
prepared by the 50% cold-reduce and anneal cycle. The reduction in 
area was about the same for the annealed specimens, and the material 
with a previous cold-reduction of 50% exhibited slightly greater elonga- 
tion. Typical true stress vs true strain curves for annealed longitudinal 
and transverse specimens possessing these textures are shown in Fig. 
19. 

It was observed that the necking characteristics of the severely 
cold-reduced and of the recrystallized crystal-bar zirconium differ and 
that there is considerable evidence of anisotropy. Here correlations 
may be observed between the strain anisotropy and the previously de- 
termined textures. The initial cross section of the sheet tensile speci- 
mens was rectangular, being nominally 0.200 by 0.020 inch, a dimen- 
sional ratio of 10:1. The percentage reductions in width, thickness and 
area* were measured for cold-reduced or recrystallized conditions of 
the metal in the longitudinal and in the transverse orientations. These 
results are tabulated in Table VIII, which also illustrates the correla- 
tion with the texture. Specimens with the [1120] direction parallel to 
the stress axis in both instances gave about equal percentage reductions 
in width and thickness, whereas pronounced differences in width and 
thickness changes were observed for those with <1010> in the stress 
axis. For those specimens with the [1010] direction parallel to the 
stress axis, the larger percentage reduction was in the thickness dimen- 
sion for the cold-rolled longitudinal specimens, and in the width dimen- 
sion for the annealed transverse specimens. For each crystallographic 
orientation of the stress axis, the greatest over-all reduction in area 
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Fig. 16—Crystal-bar Zirconium, 97% Cold-reduced and Annealed as Indicated. 
Electropolished, longitudinal sections. 
. 1000x, bright field. Recrystallization just started. Annealed 1 hour at 400 °C 
b. 250x, Polarized light, annealed 1 hour at 500 °C 
c. 250x, Polarized light, annealed % hour at 600 °C 
d. 250x, Polarized light, annealed ya hour at 700 °C 
e. 250x, Polarized light, annealed % hour at 800 °C 
The average grain diameters are approximately : (b) 0.003 mm, (c) 0.005 mm, (d) 
0.012 mm, and (e) 0.037 mm. 
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Fig. 17—Crystal-bar Zirconium, 97% Cold-reduced and Annealed 48 
Hours at (a) 500 °C, and (b) 600 °C. X 250, Polarized light, electropolished, 


longitudinal section. The grain diameters are approximately (a) 0.007 mm, 
and (b) 0.084 mm. 





was found for the annealed condition, although the differences are less 


marked with the [1010] orientation than with the [1120] orientation. 
Obviously, effects of the specimen geometry are also involved in these 
changes. These effects should be identified before analysis of the strain 
during necking is studied in detail. 

The necking characteristics of the zirconium with the weaker tex- 
ture was more readily related to the position (transverse or longitudi- 
nal) of the specimen in regard to the rolling direction than to the crys- 
tallographic orientation of the stress axis during testing (see Table 
VIIL). The reduction: area for all specimens with the weaker texture 
Was approximately the same. The per cent change in width was seen to 
be greater in all instances than the per cent change in thickness, and the 
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Table VIII 
Relations between Piastic Strain and Crystallographic Orientation of Test Specimen 


~aneen sn sss ssessesesnsesnsen teens 


Crystallo- 


OR 


Specimen graphic Strain 
Direction Direction of Per Cent Reduction in: hardenin; 
Condition in Sheet Stress Axis Width Thickness Area Elungation Coeffici 
a. 97% Reduction (Strong Texture) 
Cold-rolled Long. 1010 15 to 20 45 to 65 60 4 0.076 to 
Cold-rolled Trans. 1120 2 to 3° 5 to 77 8 l 0.14 t 
Annealed Long. 1120 30 to 40 30 to 40 55 30 0.21 to 
Annealed Trans. 1010 45 to 65 15 to 20 70 16 0.10 t 
b. 50% Reduction and Anneal Cycle (Weak Texture) 
Cold-rolled Long. 1010 33 to 42 24 to 33 49 to 60 5 0.04 ¢ 
Cold-rolled Trans. 1120 50 to 64 13 to 25 5) to 73 4 0.04 ft 
Annealed Long. 1120 44 to 50 24 to 35 59 to 68 36 to 54 0.24 t 
Annealed Trans. 1010 55 to 68 18 to 20 64 to 73 18 to 37 0.15 t 





* These small changes can be considered approximately equal on the basis of the accuracy of the n 
ments. 

+ In the cold-reduced longitudinal specimens, the measurement of the reduction in area at fracture 
handled in several ways, because the fracture surface was not perpendicular to the stress axis. H 
it was thought best to measure the area of the fracture surface and then compare it with the origi: 
of the same cross section. 
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True Plastic Strain 
Fig. 18—True Stress vs True Strain Curves Up to Necking Strain 


for Crystal-bar Zirconium Annealed at Various Temperatures, Show- 
ing the Influence of Grain Size. 


difference in per cent change was much greater for transverse speci 
mens than for longitudinal specimens. 


Other observations that may be made of these same specimens per 
tain to the elongation behavior, also summarized in Table VIII. Re 
gardless of orientation, the specimens in the annealed condition gave 
greater elongation than those cold-rolled, as might be expected. How- 
ever, the cold-rolled longitudinal specimens show a combination of a 
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Fig. 19—True Stress vs True Strain Curves for Transverse and 
Longitudinal Specimens of Recrystallized Zirconium Possessing a Strong 
Texture (97% reduced material) and Specimens Possessing a Weak 
Texture (50% ‘Cold Reduction and Anneal C ycle). 
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—--— Transverse 


True Stress x 10°* psi 
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0.001 0.0! 
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20—True Stréss-true Plastic Strain Up to Necking Strain Plotted Loga- 
cithmically for Cold-reduced and for Annealed Crystal-bar Zirconium, Curves for 


= specimens (broken lines) and for longitudinal specimens (solid lines) are 
shown 
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True Stress x 1O~* psi 
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—-—-— Transverse 
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Fig. 21—Logarithmic Plot of True Stress vs True Plastic Strain Up to Necking 
Strain for Crystal-bar Zirconium Reduced by the 50% Reduction Plus Anneal Cycle. 


Curves for transverse (broken lines) and longitudinal specimens (solid lines) are shown 
for cold reduced and for annealed specimens. 


high reduction in area with a low elongation, i.e., limited strain harden 
ing. The recrystallized longitudinal specimens, on the other hand. 
strained considerably during testing, often exhibiting necking in two 
or three regions before fracture, and thus showed a high elongation 
and a high reduction in area. 

It was also observed that the strain-hardening exponent of the 
material with a strong texture can be related to the texture of the ma- 
terial. Cold-reduced or annealed specimens pulled in tension with the 


<1120> direction along the stress axis had a strain-hardening expo- 
nent about twice the value of the equivalent material pulled with the 


<1010> direction along the stress axis. A comparison of these ob- 
servations is found in Table VIII; see also Fig. 20. 
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It is apparent that for the zirconium with a weak texture, the 
strain-hardening exponent was only slightly greater for specimens 


tested with the <1120> direction in the stress axis, and was increased 
by strain (see Fig. 21). For this material, the plot of log true stress 
vs log true strain was not a straight line as shown in Fig. 21. This de- 
viation from the conventional straight-line relation was not due to the 
presence of a yield point, and the cause of this lack of linearity is not 
established. The strain-hardening exponent for these instances was 
obtained from the slope of the log true stress vs log true strain curve 
at the strain where maximum load occurred. 

From the previous observations, it can be seen that the texture of 
zirconium sheet governs its deformation characteristics to a consider- 
able extent. Control of the drawing properties of zirconium sheet may 
thus be possible if careful control of the texture of the sheet is main- 
tained. 

Arc-MELTING 


If high purity zirconium could be melted without the introduction 
f any impurities, there would be no need to study the product of the 
nelting operation, provided the effects of grain orientation during 
olidification could be removed by subsequent working operations. Zir- 
‘onium, because of its great affinity for oxygen, nitrogen, carbon, and 
ther elements, picks up impurities readily, and so the melting process 
iust be carefully controlled. For arc-melting in an inert atmosphere 
n a water-cooled copper crucible, as described in the section on experi- 
ental procedure, contamination by oxygen and/or nitrogen must be 
onsidered. 

In spite of the fact that the multihearth furnace was evacuated to 
| pressure of less than a micron and then flushed with purified argon, 
here was significant oxygen and nitrogen remaining in the furnace to 
e taken up by the first getter melt. Material from “getter” melts had a 
iardness of about VHN 1607, whereas that from subsequent melts in 

the same series exhibited hardness in the range VHN 120 to 135, as 
compared with the hardness of unmelted crystal bar of VHN 90 to 
105.8 

In studying the influence of arc-melting (the effect of oxygen 
and/or nitrogen pickup during arc-melting) on tensile properties, it 
was not possible to hold constant all the variables maintained in pre- 
paring samples of unmelted crystal bar. For instance, the unalloyed 
melts having a hardness of VHN 160 could not be cold-rolled 97% to 
the final specimen thickness. Instead, these melts were cold-rolled as 
far as feasible (about 70% ) and then annealed and rolled again. The 
reduction after annealing amounted to approximately 65%. In these 
2 These hardness values: Were obtained on specimens arc-melted, severely cold-reduced, and 
then recrystallized. 

The crystal-bar material had been severely cold-rolled and then recrystallized. All hard- 


ness indentions were taken in the plane of rolling, and thus to a first approximation in a direc- 
tion perpendicular to the basal planes. 
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Fig. 22—Ultimate Tensile and 0.2% Offset Yield Stress vs Test Temperature 
for Arc-melted Zirconium. 

cases, the annealing textures may not be exactly like that in the rolled 
and annealed crystal-bar material ; and thus far texture studies of the 
arc-melted material have not been carried out. However, the grain size, 
strain rate, and test temperature were made comparable to the condi- 
tions maintained in tests on unmelted zirconium. 

Tensile tests were conducted in the range from —195 to 300°C 
(—351 to 570°F) on arc-melted zirconium, cold-rolled and then an 
nealed in vacuo to a grain size of approximately 0.005-mm average 
diameter. The melts with a hardness about VHN 150 to 160 had a 
considerably higher tensile strength and yield stress than the melts with 
a hardness in the range VHN 120 to 135, as shown in Fig. 22. The 
differences between the yield strengths of the two materials decreased 
markedly with increasing test temperature. It would appear that 
strengthening by the oxygen and nitrogen impurities may be insignifi 
cant at temperatures as high as 450 or 500°C (840 or 930°F). The 
per cent elongation and the strain-hardening exponent of the two ma- 
terials did not differ a great deal, as shown in Fig. 23. The peak in 
elongation at 200°C (390°F) may be due to some strain-aging phe- 
nomena. Fig. 24 shows typical true stress vs true strain curves for arc- 
melted zirconium having these two hardness levels. Average tensile 
properties for these materials are presented in Table IXa. It was ob- 
served that the melts having a hardness in the range VHN 120 to 130 
exhibited engineering strengths slightly below that of crystal-bar ma- 
terial in the temperature range 25 to 300°C (77 to 570°F) (compare 
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Fig. 23—Per cent Elongation and Strain-hardening Exponent vs Test 
Temperature for Arc-melted Zirconium. 
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Fig. 24—True Stress vs True Strain Curves for Arc-melted 
Crystal-bar Zirconium Cold-rolled and Annealed to Obtain an Average 
Grain Diameter of 0.005 mm. A curve for cold-rolled and annealed 
crystal-bar is added for comparison. 
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Tables II and IXa). A difference in texture may account for this ob- 


servation. 


Cold-reduced samples of arc-melted zirconium were also tested 
at —195 °C, room temperature, and at 300 °C (570 °F). No significant 
difference in properties was observed between cold-reduced specimens 
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Table IX 
Tensile Properties of Arc=-Melted, Crystal-Bar Zirconium, Annealed, and Coid-Rolled 
Test Ultimate 0.2% Offset % Strain- 
Temp Tensile Strength Yield Strength % Reduction hardening 
Ci) (psi) (psi) Elongation in Area Exponent 


a. Cold-rolled and Annealed 


Arc-melted in Single-hearth Furnace (VHN 150 to 160) 
—195 95,000 56,000 27 43 0.178 


25 54,000 40,000 29 61 0.143 
200 36,000 25,000 38 73 0.18 
300 29,000 18,000 29 81 0.20 
First or Getter Melt in Multihearth Furnace (VHN 150 to 160) 
—195 84,000 46,000 26 35 0.21 
25 50,000 30,000 30 65 0.175 
200 33,000 21,000 40 75 0.21 
300 29,000 17,000 29 78 0.23 
Regular Melt in Multihearth Furnace (VHN 120 to 130) 
—195 67,000 29,000 18 39 0.21 
25 39,000 17,000 26 51 0.17 
200 23,000 13,000 32 56 0.19 
300 18,000 10,000 27 70 0.25 


b. Cold-rolled 
Getter Melts 


—195 125,000 113,000 7 32 0.04 
25 99,000 83,000 5 57 0.04 
300 71,000 60,000 8 74 0.03 
Regular Melts 
—195 130,000 111,000 6 35 0.07 
25 97,000 80,000 5 67 0.04 
Table X 


Rate Sensitivity of Arc-Melted Unalloyed Zirconium 


Rate Sensitivity, n 


Test Temp % Change 
og Range Average in Stress Level 
High Oxygen-nitrogen Melt, 70% Cold-reduced, Annealed at 800 °C 
—195 0.006 to 0.008 0.007 1.6 
25 0.019 to 0.024 0.021 5.0 
200 0.019 to 0.024 0.022 5.2 
300 0.009 to 0.014 0.011 2.5 
Low Oxygen-nitrogen Melt, 90% Cold-reduced, Annealed at 760 °C 
25 0.017 to 0.022 0.019 4.6 
200 0.029 to 0.034 0.031 7.4 


300 0.013 to 0.017 0.014 3.3 


trom getter melts and from regular melts (see Table IXb). 

The rate sensitivity of annealed, arc-melted unalloyed zirconium, 
either high in oxygen and nitrogen (getter melts) or low in oxygen 
and nitrogen (melted after a getter melt), generally did not vary a great 
deal from that of rolled and annealed crystal bar zirconium in the tem- 
perature range from —195 to 300°C (—351 to 570 °F). Comparison 
of the values obtained for arc-melted zirconium in Table X with those 
for annealed crystal bar in Table IV shows that only the “low” nitro- 
gen and oxygen arc-melted material at 200 °C (390 °F) varied signifi- 
cantly from the values for the rolled and annealed crystal bar. It is not 
known why this result averaged from four separate tests should be 
about twice that of crystal-bar material. 
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SUM MARY 


True stress vs true strain curves and engineering data have been 
presented, showing the influence, within prescribed limits, of some test 
variables and metallurgical variables on the tensile properties of un- 
alloyed zirconium. The influence of the test variables, test temperature, 
and strain rate are summarized in Fig. 25, showing the range of the 
true stress vs true strain curves obtained by changing these variables 


Temperature 


— Strain Rate 


True Stress x 10~* psi 





O 0.1 0.2 0.3 0.4 
True Plastic Strain 


Fig. 25—Summary True Stress vs True Strain Curves Showing 
Range of Values Resulting from Changes in Test Variables. 


within the limits described in this report. The influence of metallurgical 
variables, texture, oxygen and nitrogen impurity (arc-melting), and 
recrystallized grain size (as altered by prior annealing) are similarly 
summarized in Fig. 26. 

In addition, the following summarizing statements can be made 
concerning the properties of unalloyed zirconium, keeping in mind the 
limits of the variables employed. 

The tensile behavior of severely cold-reduced zirconium tested at 
and above 200°C (390°F) shows a maximum load at early strains 
which is not associated with measurable necking and seems to be 
related in some manner to recovery, stress-recovery, and strain-aging. 

The yield point effect was emphasized by decreasing grain size 
and was diminished at lower temperatures. Calculations indicate a 
Cottrell-type mechanism. 

The rate sensitivity of recrystallized material was only slightly 
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affected by changes in temperature, texture, grain size, and relatively 
small amounts of oxygen and nitrogen impurity. The rate sensitivity 
of cold-reduced crystal bar increased rapidly at 200°C (390°F) and 
above. 

Recrystallization occurred between 450 and 500°C (840 and 
930°F) in annealing treatments of one hour’s duration. Increasing 
the size of the recrystallized grains appreciably decreased the strength 
properties, but did not greatly affect ductility and the strain hardening. 

The presence of a strong texture was found to increase the stress 
level at a given strain and also to increase directionality. Relations of 
the inhomogeneous strain during necking and of the strain-hardening 
exponent to the relative locations of crystallographic orientation and 
stress axis were observed. 
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Fig. 26—Summary True Stress vs True Strain Curves Showing 
Range a Values Resulting from Changes in Metallurgical Variables. 


Arc-melting and the accompanying pickup of small amounts of 
oxygen and nitrogen were found to raise the hardness and strength 
level without greatly diminishing the values of elongation and reduc- 
tion in area. The significant strengthening of zirconium by oxygen and 
nitrogen impurities decreases with increasing temperature, indicating 
that at elevated temperatures small amounts of oxygen and nitrogen 
are not effective strengthening elements. 
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DISCUSSION 


Written Discussion: By F. Forscher, senior engineer, Atomic Power 
Division, Westinghouse Electric Corp., Pittsburgh. 

The author has shown that annealing treatment and impurities (“getter” 
melts) have a pronounced effect on the mechanical properties. He has selected 
a “standard” set of conditions and set out to investigate a number of variables 
(“recrystallized” grain size, strong preferred orientation, strain rate, etc.) in- 
dependently from each other. However from the data available in the literature 
and at our laboratory the writer believes that the “standard properties” are not 
at all typical of “unalloyed” zirconium, and therefore are of questionable value 
as a basis for quantitative evaluation of the influence of alloying elements. A 
yield point was never observed in our laboratory on unalloyed zirconium and 
the tensile behavior (as shown by the author’s Fig. 6) showed no anomalies 
although the author’s conditions were intentionally duplicated on our material to 
reproduce the reported effect. 

All data reported in this discussion are based on results from arc-melted 
crystal bar zirconium tensile specimens with an original cross sectional area of 
0.05 in?. Most of the author’s material is crystal bar which is formed by vapor 
deposition ; it is not typical of commercial metals and contains a fair amount of 
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Fig. 27—Arc Melted Crystal Bar Zirconium. 


hydrogen impurity. It is believed that the crystal bar material which has been 
subsequently arc-melted is more representative as an “alloy base” and also more 
homogeneous than crystal bar zirconium. In spite of possible oxygen and nitro- 
gen pick up it compares favorably in mechanical properties to crystal bar 
zirconium reported by the author (Fig. 27). 

In Fig. 27 is shown the effect of annealing treatments on the tensile strength. 
Results from Dr. Keeler’s equivalent series (of arc-melted crystal-bar zirconium, 
cold-rolled and annealed, Table IX) are shown by the dashed curves. From 
the solid curves it is apparent that an annealing treatment of % hour at 600°C 
(in vacuum) is not sufficient to bring the material into its “base annealed” 
state. The annealing of crystal bar zirconium has been shown to occur in four 
successive experimentally distinguishable stages‘ in which the second stage is 
characterized by a considerable softening and the appearance of a completely 
equiaxed grain structure. Additional heat treatment however will further anneal 
the metal until the “base annealed” condition is reached and grain growth is 
about to occur. The importance of the state of anneal on the mechanical prop- 
erties has been reported and its effect on creep and hardness was pointed out.° 


4R. K. McGeary and B. Lustman, “Kinetics of Thermal Reorientations in Cold-Rolled 
Zirconium,” Journal of Metals, February 1953, p. 284. 

5M. J. Manjoine and W. L. Mudge, Jr., “Creep Properties of Annealed Unalloyed 
Zirconium,” Presented at the 1954 Annual Meeting of American Society for Testing Materials; 
to appear in Transactions, American Society for Testing Materials, Vol. 54, 1954. 
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But even when comparing equivalent heat treatments in Fig. 27 it is seen 
that the dashed curve is above the solid line, which increase is probably due to a 
higher impurity level. This is also indicated by the author’s higher hardness 
values (VHN 120 to 130 vs. VHN 93+ 3). For base annealed zirconium a 
Vickers Hardness Number of 70 to 80 is reasonable, considering an oxygen 





Table XI 
Comparison of Composition and Room Temperature Properties 
(Arc melted crystal bar zirconium) 





Author WAPD (F544) 
weight % Hf 0.3 max 0.04 
a 0.02 — 0.1 0.05 
Al 0.005 — 0.02 0.004 
Cr 0.02 — 0.1 0.005 
Cu 0.001 — 0.005 0.0005 
Ni 0.005 — 0.02 0.005 
Mg 0.001 — 0.005 not reported 
Mo 0.01 0.001 
Si not reported 0.003 
Sn not reported 0.001 
Ti not reported 0.001 
C estimated 0.02 0.01 
Ne 0.007 0.001 
Oo estimated 0.02 0.023 
Ne — 0.0034 
0.2% Yield Strength (1000 psi) 17.0 77 
Tensile Strength (100 psi) 39.0 24.8 
Elongation (%) 26 40 
Reduction in Area (%) 51 37 
Strain hardening exponent 0.17 0.22 
7HN 120-130 732 
Average grain diameter (mm) 0.005 0.05 
Annealing treatment (in vacuum) Y% hr—600 °C 20 hr—750 °C 











content of 0.02 w/o,® although the writer also has found values as low as 
VHN 55 on some arc-melted crystal bar stock. 

A numerical comparison of room temperature properties of arc-melted 
crystal bar zirconium is tabulated in Table XI. Such differences as are shown 
cannot solely be due to grain size effects in view of the differences in chemical 
composition and the state of anneal. It is also interesting to note that heat treat- 
ment No. 2 and 3 (Fig. 27) resulted in the same average grain size. 

In spite of the pronounced texture of cold-rolled zirconium’ we have found 
only minor variation in strength properties between the longitudinal and trans- 
verse direction, which is in agreement with the reported values in Table VII. 
Similarly, we have found only slight differences in ductility properties, e.g. 
elongation and reduction in area, which is not borne out by Table VII. Our tests 
were performed on duplicate specimens taken in increments of 10 degrees to the 
rolling direction. The difference between longitudinal and transverse properties 
of cold-rolled specimens are within the statistically expected band of values. 
Similar observations are reported by the Bureau of Mines.* Under such con- 
dition it seems unreasonable to correlate strong texture with mechanical 
anisotropy. 

The interesting observation on the yield point phenomenon and anomalous 
necking behavior, although we feel they are not typical of unalloyed zirconium, 

®R. M. Treco, “Some Properties of High-Purity Zirconium and Dilute Alloys with 
Oxygen, - TRANSACTIONS, American Society for Metals, Vol. 45, 1953, p. 872. 

7R. K. McGeary and ‘B. Lustman, ‘‘Preferred Orientation in Zirconium,” Transactions, 
— Institute of Mining and Metallurgical Engineers, Vol. 191, 1951. 


G. Nelson, H. Kate and R. I. Carpenter, ““The Mechanical Properties of Consumable- 
Arc-Melted Kroll-Process Zirconium,’’ Bureau of Mines, Report No. 5063, June 1954. 
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warrant further investigation. It is hoped that the author will continue his 
investigations on arc-melted crystal bar zirconium with low impurity content. 


Written Discussion: By R. M. Treco, research section head, Bridgeport 
Brass Co., Bridgeport, Conn. 

Dr. Keeler is to be complimented on this exhaustive study relating to the 
mechanical and metallurgical properties of pure zirconium. Tables VII and VIII 
are of particular interest since they show clearly the interdependence of these 
properties with crystallographic orientation of the lattice structure and the 
effects of annealing. 

In comparing the effects of melting technique on mechanical properties, the 
author has rightly attributed the increased strength properties of the single- 
hearth and getter melts to gas absorption. However, in comparing the prop- 
erties of the so-called regular melt with the original crystal bar it is shown 
that the strength properties of the melts are somewhat below those of the crystal 
bar when tested in the range of 25 to 300°C. A comparison of these room 
temperature tests with previous work® indicates that the original crystal bar 
of the present investigation had slightly higher strength properties than would be 
anticipated for the nominal 0.02% oxygen suggested in Table I. The lower 
strength values of the earlier work are probably due to a high temperature de- 
gassing operation, which removes hydrogen. Comparison data are grouped below 
in Table XII. 

Remelting with a good clean vacuum system has an effect similar to de- 
gassing so that, if hydrogen were present initially, a general softening could 





Table XII 
Room Temperature Tensile Properties 

Material Oxygen, wt. % 0.2 Y.S. ae. % EI. 
Regular Melt 0.02 * 17,000 39,000 26 
Original Crystal Bar 0.02 * 17,900 34,700 30 
Degassed Crystal 0.021—0.026 11,180- 21,750- 16—43 

Bar 4 14,850 32,400 
* Estimated 


occur, although the data shown in Table IX suggest that there was some oxygen 
pickup even in the regular melt material. 

In respect to the effects of oxygen at elevated temperatures, the tests here 
confirm previous work*® showing a strengthening effect with little decrease in 
ductility. In the earlier work, it was shown that oxygen does enhance the strength 
of zirconium up to 300°C, but has little effect at 400°C. Thus the statement 
that “small amounts of oxygen and nitrogen are not effective strengthening 
elements at elevated temperatures” must be considered questionable in the present 
work in view of the absence of any actual gas analyses and the rather limited 
range of gas content. 

Finally, it would be highly desirable to include typical values of Young’s 
modulus of elasticity, both for the record and to show the agreement of the 


®R. M. Treco, “Some Properties of High Purity Zirconium and Dilute Alloys with 
Oxygen,” Transactions, American Society for Metals, Vol. 45, 1953, p. 872. 
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author’s method of strain measurement with conventional extensometer tech- 
niques. 


Written Discussion: By Arthur J. Opinsky, Sylvania Electric Products, 
Inc., Bayside, N. Y. 

The author has given evidence that necking need not begin at maximum 
load; this is contrary to the general presumptions concerning necking and hence 
requires a different outlook on the problem of the beginning of necking. The 
tensile autographic curve is the complete record of the strain of the specimen, in- 
cluding the necking deformation, and thus should permit an analysis which would 
determine the point of the beginning of necking. If L is the load, a the instan- 
taneous area, and o the true stress, 


L= age. Equation 1 
Taking logarithms and differentiating with respect to dlnd (6 is the true or 


logarithmic strain) 


dinL __ dine dina 


=... wai 
dlné dina din quation 








e 
Sut s=(< and v=al (where 1 is the length). 


eo 
V a 
: dv da 
Thus a= [2 (2, 
V a 
Vo ao 


Vv ao = . 
or 8=In—-+I1n —; Equation 3 
y a 


therefore di = dlnV — dlna, 
dina = dinV _ | 





7 ae ae 
Therefore os a 6= a 5. Equation 4 
diné diné 


Substituting Equation 4 into Equation 2, 
dinL __ dine 
ding ~— din 

If constancy of volume be assumed, 


dinL _ ding _ Equation 6 
diné 


diné 
dinL aa dine 
ding ” diné 


true strain curve at maximum load is equal to the true strain at maximum load 
regardless of the functional relation between o and 4. 


dinV 


— er ae’ 


Equation 5 








At maximum load, 








= 8: the slope of the log true stress-log 
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calculated by Equation 7 only in the region of uniform deformation. When a 
neck forms, the value calculated from Equation 7 plotted against apparent 6 
(calculated from e) begins to deviate downward from a straight line. 

Since the author apparently has some data as to where the neck did form 


in the “early Pmax” curves, it would be interesting to see if the results predicted 
by the above mathematical analysis are in agreement with his observations. 

This analysis was developed under contract AF 33(616)2352, and the Air 
Force is thanked for permission to discuss it at this time. 


Authors’ Reply 


Dr. Forscher’s discussion is interesting, but several of the comments result 
from a misunderstanding of the purpose of this study. The selection of “standard 
properties” was only to serve as a starting place for examination of metal- 
lurgical and test variables on the flow characteristics. This selection, although 
arbitrary, was made with the realization that knowing the characteristics im- 
posed by a range of metallurgical variables would be most useful for subsequent 
comparison with alloys. 

It is not intended that this study should be considered as representing results 
on commercial material since, as Dr. Forscher must realize, arc-melted sponge 
process zirconium would then be a preferable choice to arc-melted crystal bar. 

Unfortunately, the influence of impurity content has received more attention 
in the discussion than is warranted. Certainly the two compositions cited in the 
discussion are somewhat different. However, the crystal-bar zirconium used in 
the investigation reported in the paper was obtained through the Atomic Energy 
Commission and was received from Westinghouse in Pittsburgh. We had no 
control of its purity. 

The so-called “base-annealed” zirconium properties given in the discussion 
are not inconsistent with the data in the paper. The grain size of the “base 
annealed” material was 0.05 mm average diameter, ten times larger than the 
0.005 of the arc-melted material described in the paper. Obviously, the yield 
strength and tensile strength are much lower for the large-grained material. 
Approximately the same differences in grain size for the crystal-bar materia! 
can be seen in Table VI of the paper to give about the same difference in prop- 
erties. 


Crystal Bar * Arc-Melted Crystal Bar ** 
Yield Tensile Yield Tensile 
Grain Str., otr., Grain Bir. Str., 
Size psi psi VHN Size psi psi VHN 
0.005 18,000 34,100 96-109 0.005 17,000 39,000 120-130 
0.084 9,400 24,100 78— 80 0.050 7,700 24,800 73 


The “base-annealed” zirconium, which according to Dr. Forscher is reached 
when “grain growth is about to occur,” has a grain size ten times greater than 
the arc-melted zirconium reported in the paper. To obtain this large grain size 
prior to grain growth suggests that there was only a small amount of cold 
deformation before the annealing. This in turn indicates a small amount of 
preferred orientation. Here again would be a reason for the lower strength 
values. 

Needless to say, I do not agree with Dr. Forscher that the annealing of 
crystal-bar zirconium has been shown to occur in four successively experimen- 


= Table VI in Paper 
xx Table by Dr. Forscher 
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tally distinguishable stages. The discussion by Geisler, Keeler and Hibbard of 
his Ref. 1 in which the data of McGeary and Lustman are replotted indicates 
our view on this subject. 

The ductility differences in the cold-reduced material were not in agreement 
with Dr. Forscher’s results. Obviously, the elongation differences are not signifi- 
cant, but, on the other hand, the reduction in area values, particularly when re- 
lated with the specific dimensional changes, were striking. Specimen geometry 
has something to do with this as pointed out in the text of the paper, and without 
knowing more of Dr. Forscher’s specimens I cannot compare his results with 
those of the sheet specimens used in the present investigation. 
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Fig. 28—97% Cold-Reduced Zirconium Tested at 300 °C. 


Mr. Treco’s and Dr. Forscher’s comments on the possible contribution of 
hydrogen are well taken. That the strength of this regular melt was slightly 
below that of the original crystal bar may be due to hydrogen as Mr. Treco 
suggests. However, I had considered this as perhaps resulting from less preferred 
orientation in the arc-melted material since experimental work performed after 
the paper was submitted has indicated a less strong preferred orientation in arc- 
melted zirconium containing oxygen and nitrogen impurities. 

The degassed crystal bar in Table XII of Mr. Treco’s discussion has lower 
yield stress values which he attributes to prior degassing. This lower yield stress 
may also be due to less preferred orientation since the samples were cold re- 
duced only 20% prior to annealing or to the larger grain size which in his 
reference is stated to be relatively coarse. 

Unfortunately, at the time of the investigation reported in the paper, facilities 
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were not available for accurate oxygen analyses. I would like to have made 
direct comparison with the quantitative results of Mr. Treco’s earlier investi- 
gation. 

Values for Young’s modulus cannot be obtained using the Instron Testing 
Machine, since the strain measurement also includes any strain and take-up 
in the pull rods and linking members. As a result, a straight line is drawn through 
the elastic portion of the recorded load-extension curve, the slope of this line 
is ignored, and only the plastic strain portion of the remainder of the curve is 
considered. All plastic strain is measured from the corresponding stress level 
of this straight line which is drawn through the elastic portion of the curve and 
is extrapolated to stress levels higher than the initiation of plastic flow. 


Dr. Opinsky’s analysis was of interest, and his suggested plot of d In L 


In ¢ 
versus true plastic strain, e, was tried with data from two tests of 97% cold- 


reduced zirconium tested at 300 °C. Both plots were similar, and, as shown in 
Fig. 28 which includes a schematic inset of the load-extension curve for this test, 
din L 
d 


ne 
maximum load point, but occurred near point B. Point B is the point where a 


straight line drawn through the linear decreasing load portion of the load- 
extension curve begins to break away from the actual load-extension curve. 
It is estimated that true localized necking began near this point. Thus, it is ap 
parent that the test results agree with Dr. Opinsky’s analysis. 


deviation from a straight line relation of 





versus e did not occur at the 
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THE EFFECT OF COLD WORK AND RECRYSTALLIZA- 
TION ON THE FORMATION OF THE SIGMA PHASE IN 
HIGHLY STABLE AUSTENITIC STAINLESS STEELS 


By A. J. LENA ann W. E. Curry 


Abstract 


A study of the effect of cold work on sigma formation 
in Type 310 and chromium-manganese stainless steels has 
shown that recrystallization is essential for pronounced ac- 
celeration of sigma formation in highly stable austenitic statn- 
less steels. A recrystallization transformation is described in 
which sigma and unstrained austenite of an equilibrium com- 
position are produced by the recrystallization of highly 
strained austenite of a nonequilibrium composition. If the 
amount of cold work is less than that required for recrystal- 
lization at a given temperature, then the accelerating effect of 
cold work is very small or nonexistent. Actually, small degrees 
of cold work may retard sigma formation by restraining or 
preventing the formation of Widmanstitten type precipitates 
which form in annealed steels at certain aging temperatures. 


HE accelerating effect of cold work on the rate of formation of 

sigma has been recognized for some time and numerous investi- 
gators have made use of this effect in establishing the compositional 
limits of sigma formation in various alloy systems. Because of the diffi- 
culties encountered in measuring the amounts of sigma, much of the 
early work on the effect of cold working was qualitative in nature and 
only recently have quantitative rate curves been obtained (1,2). The 
amount of data available, however, is sparse and there has been no 
systematic investigation of the effects of cold work on any single alloy 
over a large range of deformation. Guarnieri (1) and co-workers have 
derived rate curves for a Type 314 stainless steel with 25 and 50% 
deformation and have shown an accelerating effect for both cases in 
the temperature range of 1200 to 1800 °F (650 to 980 °C). Morley and 
Kirkby (3) have shown that 5% deformation has no effect on the rate 
of formation of sigma in Type 310 and state that large amounts of 
deformation are necessary before sigma formation is enhanced. On the 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 





Composition of Steels 
Type Heat c Mn Si Cr Ni Ne 
310 44122 0.033 1.81 0.44 25.26 20.91 — 
310 98077 0.06 1.54 0.48 24.90 19.87 — 
CM 23433 0.095 16.83 0.54 15.12 1.03 0.21 








basis of their results with a 36% cold drawn Type 310 steel aged at 
1300 °F (705°C), Dulis and Smith (2) suggest that the effect of 
cold work is to form additional nuclei for subsequent sigma growth. 
This suggestion, however, is at variance with the work of Morley and 
Kirkby unless one assumes that a certain minimum amount of cold 
work is necessary before any increased nucleation effect is observed. 

The research reported in this paper was conducted in order to pro- 
mote a better understanding of the effect of cold work on sigma forma- 
tion and is the first part of an overall project which is intended to in- 
clude all types of stainless steels. The results described in this paper 
pertain to highly stable austenitic stainless steels which do not transform 
to ferrite during cold working ; hence, the accelerating effect which fer- 
rite formation is known to exert on sigma formation was not a con- 
sideration in this work. 


EXPERIMENTAL PROCEDURE 


Two heats of commercial Type 310 and one heat of a commercial 
grade of an austenitic chromium-manganese steel were employed in 
this investigation. The composition of each of these alloys (Table 1) 
was such that no ferrite was present in the annealed condition and the 
austenite stability was sufficiently great to prevent any ferrite forma- 
tion during subsequent cold rolling. 

Sections of 0.064 inch thick mill annealed sheets from each of these 
heats were cold rolled various amounts as listed in Table II. No change 
in permeability as a result of cold working was observed in any of the 
heats. Samples 1 x 2 inches were cut from the annealed and the cold- 
rolled sheets and were aged at the temperatures shown in Table II for 
times ranging from 1 to 500 hours. Hardness and bend tests were made 
on each sample after which they were sectioned and prepared for metal- 
lographic examination. Various etchants were used to differentiate the 
carbides from sigma. Best results were achieved in the Type 310 steels 





Table Il 
Cold-Rolled Conditions and Aging Temperatures 
Type Heat Cold-Rolled Conditions — % Aging Temperature —°F 
310 44122 0,25,50,75,90 1475 
310 98077 0,5,10,20,40 1250, 1475, 1600 


CM 23433 0,10,25,50,75,90 1200, 1400 
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Fig. la—Effect of Cold Work on the Rate of Formation of Sigma in Type 310 
i (Heat 98077) Aged at 1250 °F. 
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Fig. 1b—Effect of Cold Work on the Rate of Formation of Sigma in Type 
310 (Heat 98077), Aged at 1475 °F. 
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Fig. 1c—Effect of Cold Work on the Rate of Formation of Sigma in Type 
310 (Heat 98077), Aged at 1600 °F. ‘ 


with the electrolytic hydroxide solutions suggested by Gilman (4) who 
found that strong hydroxide solutions used electrolytically color the 
sigma phase more rapidly than the carbides if the solutions are concen- 
trated and have the opposite effect if they are diluted. In the case of the 
CM steel, electrolytic 10% chromic acid attacks the carbides vigorously 
while leaving the sigma unattacked but outlined and in relief. 

The amount of sigma in samples from Heat 98077 was estimated 
by comparison with standard charts provided by G. J. Guarnieri of 
the Cornell Aeronautical Laboratory, Inc. The percentage of sigma 
was determined by averaging the estimated amount of sigma in at least 
fifty fields of view at a magnification of X500. The start of sigma forma- 
tion in samples aged at 1250 and 1475 °F (675 and 800 °C) was deter- 
mined by X-ray diffraction of extracted residues obtained by elec- 
trolysis in a 10% sodium chloride solution. 


EXPERIMENTAL RESULTS 


Because of the difficulty in determining the percentage of sigma, 
the quantitative work was confined primarily to Heat 98077. All of the 
steels were subjected to a metallographic study and photomicrographs 
of the other two heats are used to substantiate the conclusions derived 
from the work on Heat 98077. 

The effect of cold working on the rate of sigma formation in Heat 
98077 at 1250, 1475 and 1600°F (675, 800 and 870°C) is shown by 
the rate curves of Fig. 1. Examination of these curves discloses that a 
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Fig. 2—Photomicrographs Showing Extent of Sigma Formation in 40% Cold-Rolled 
Type 310 (Heat 98077) Aged at 1475 °F. (a) 2 Hours. (b) 48 hours. (c) 500 hours. 
Etchant—electrolytically in saturated sodium hydroxide. X 250. (d) 500 hours. Etchant 
—electrolytically in 10% oxalic acid. X 1000. 
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Fig 
Type 310 (Heat 98077) Aged at 1475 °F. (a) 2 hours. (b) 48 hours. 


. 3—Photomicrographs Showing Extent of Sigma Formation in 20% Cold-Rolled 


. (c) 500 hours. 
Etchant—electrolytically in saturated sodium hydroxide. X 250. 


certain minimum amount of cold work is necessary for pronounced ac- 
celeration of sigma formation in this type of steel. This is particularly 
true at 1250 and 1475 °F (675 and 800 °C) where cold rolling to the 
extent of 20 and 40% promotes sigma formation whereas 5 and 10% 
has either no effect or as is the case at 1475 °F (800°C), actually re- 
tards the formation of sigma. The equilibrium amount of sigma 1s at- 
tained in the 40% cold worked samples within 200 hours at 1475 °F 
(800°C) but is not reached in any of the other samples aged at 1250 


or 1475 °F (675 or 800 °C) within 500 hours. 
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Fig. Snes ee the Formation of Sigma in Type 310 (Heat 
ged for oO 


98077) which had been urs at 1250 °F. (a) 40% Cold-Rolled. (b) 20% 
Cold-Rolled. Etchant—electrolytically in saturated sodium hydroxide. X 250. 


A study of the metallography of this steel has provided an insight 
nto the nature of the effect of cold work on sigma formation. Figs. 2 
and 3 show that sigma begins to form in a concentrated form in sporadic 
ireas in the 20 and 40% cold-rolled steel during aging at 1475°F 

800 °C). (The sodium hydroxide etchant attacks the sigma vigorously 
with only slight attack on the carbides (4) ; hence, the sigma particles 
etch black as shown in the photomicrographs. However, it is necessary 
not to confuse sigma with the dark etching inclusions such as those in 
‘ig. 3a where no sigma is present). The concentrated formation of 
sigma in isolated areas is even better shown in samples aged at 1250 °F 
(675 °C) (Fig. 4) for at this temperature the rate of coalescence is less 
and the particles retain their original shape and distribution for much 
longer periods of time. These isolated regions are areas where recrystal- 
lization has occurred. The relationship between recrystallization and 
accelerated sigma formation is discussed in more detail later in this 
paper. 

Although cold working 20 and 40% promotes the formation of 
sigma at 1600 °F (870°C), the effect on structure is somewhat differ- 
ent from that which gecurs at lower temperatures in that no areas of 
high sigma concentration are observed. This can be attributed to the 
relatively small amount of stable sigma at this temperature which per- 
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g. 5—Photomicrograph Showing Formation of Sigma in 20% Cold-Rolled Type 310 
(Heat 98077) Aged for 72 hours at 1600 °F. Etchant—electrolytically in 10% oxalic acid 
X 500. 





Fi 


mits large quantities of recrystallized austenite to form in association 
with only small amounts of sigma. That accelerated sigma formation 
at this temperature is also related to recrystallization is shown in Figs. 
5 and 6. In the case of Fig. 5, one grain can be seen where two plates of 
sigma have formed in conjunction with an advancing recrystallized 
grain * interface while a second recrystallized grain is almost completel; 
surrounded by sigma. Fig. 6 shows the sequence of events in 40% cold- 
rolled samples aged at 1600°F (870°C) and it can be seen that re 
crystallization is extensive (Fig. 6b) before sigma formation is ob- 
served in the recrystallized grain boundaries (Fig. 6c). In order to show 
the grain boundaries in these samples it was necessary to etch electro- 
lytically in 10% oxalic acid which attacks both sigma and carbides. The 
use of the sodium hydroxide etchant as well as X-ray analysis of ex- 
tracted residues confirmed the absence of sigma in the sample of Fig. 6b. 
After longer aging times, essentially all of the sigma can be found in a 
coalesced form at the grain boundaries of the completely recrystallized 
steel (Fig. 6d). 

In contrast to the behavior of the 20 and 40% cold-rolled material, 
the 5 and 10% samples did not recrystallize within 500 hours at any of 
the temperatures investigated and there was no pronounced effect on 
increasing the rate of sigma formation. At 1475°F (800°C) it was 
observed that small degrees of cold work restrained or prevented the 
formation of a Widmanstatten type precipitate which formed in the 
annealed steel at this temperature (Fig. 7). This effect, which accounts 


2 The recrystallized grains can be recognized by their lack of carbide precipitation along 
slip planes. 
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_ Fig. 6—Photomicrographs Showing Sequence of Recrystallization and Sigma Forma- 
tion in 40% Cold-Rolle ype 310 (Heat 98077) Aged at 1600°F. (a) As cold-rolled. 
(b) 1 hour. (c) 4 hours. (d) 400 hours. Etchant—electrolytically in 10% oxalic acid. X 500. 
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7. iheieihidiliaacte Showing Extent of Sigma Formation in Type 310 (Heat 
98077) Famer 500 Hours at 1475 °F. (a) Annealed. (b) 5% cold-rolled..(c) 10% cold- 
rolled. Etchant—electrolytically in saturated sodium hydroxide. X 250. 


for the more rapid rate of sigma formation in annealed steels than in 


those which were cold-rolled 5 or 10%, was observed only at 1475 °F 


(800 °C) because it was the only temperature at which the Widman- 
statten type precipitate was found. A slightly increased rate of sigma 
formation was observed in the 5 and 10% samples aged at 1600°F 
(870 °C) where sigma formed exclusively at the grain boundaries but 
the effect was minor in comparison to that which occurred in recrystal- 
lized samples. 
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DISCUSSION OF RESULTS 


The Effect of Cold Work and Recrystallization 
Suitable etching of those samples which contain localized regions of 
high sigma concentration reveals that these are regions where recrystal- 
lization has occurred. An example of this is the photomicrograph of 
Fig. 8b which shows that all of the sigma is contained within newly re- 
crystallized grains whose advancing boundaries are very irregular. The 
photomicrographs of Fig. 8 are of samples from the low carbon heat of 





Fig. 8—Photomicrographs Showing Extent of Sigma Formation and Association With 
Recrystallization in Type 310 (Heat 44122) which had been 25% Cold-Rolled and Aged 
at 1475 °F. (a) 8 hours. (b) 24 hours. Etchant—(a) Electrolytically in 10% Chromic Acid: 
X 1000 (b) Electrolytically in 10% oxalic acid. X 500. 


Type 310 (Heat 44122) which displayed the same characteristics with 
respect to cold work and sigma formation as the higher carbon heat. The 
morphology of the sigma and the recrystallized matrix in the early 
stages of formation (that is, before appreciable coalescence of the sigma 
destroys the original morphology) is often similar to that of pearlite 
formation in that alternate plates of sigma and recrystallized matrix are 
observed (Fig. 8a). Accordingly, the accelerated formation of sigma in 
this manner can be attributed to a recrystallization transformation 
which can be described by the following reaction: 
Strained Austenite of Composition C: > Sigma + Unstrained 
Austenite of Composition C, 


This reaction is one in which the nuclei of the recrystallized matrix and 
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Fig. 9—Rate of Sigma Formation and Rate of Recrystallization in Type 310 
(Heat 98077) which had been 40% Cold-Rolled and Aged at 1475 °F. 


sigma are of the equilibrium composition for a particular aging tem 
perature. Support for this is given by the fact that a single curve can 
describe the rate of formation of sigma and the rate of recrystallization 
of the 40% cold-rolled material from Heat 98077 which had undergone 
complete transformation at 1475 °F (800 °C) (Fig. 9). Since the ac 
celerated formation of sigma in this manner requires recrystallization, 
it becomes apparent that if the amount of cold work is not sufficiently 
great to cause recrystallization at a given aging temperature, then cold 
work can have no effect on increasing the rate of sigma formation which 
is the case for 5 and 10% cold-rolled steels aged at 1250 and 1475 °F 
(675 and 800 °C). It can perhaps be said that cold working itself does 
not have a pronounced effect on accelerating sigma formation but re- 
crystallization does. 

The retarding effect of small degrees of cold work in samples aged 
at 1475 °F (800 °C) can be attributed to the fact that the Widmanstat- 
ten precipitate forms more readily in annealed materials than in those 
which have been cold-worked. Apparently the lattice distortion intro- 
duced by cold working restrains or prevents the precipitate from form- 
ing with the proper orientation relationship with respect to the matrix. 
The effect increases with increasing amounts of cold work (the 10% 
cold-rolled samples contained less of this type of precipitate than the 
5% cold-rolled samples ) and it was observed only at 1475 °F (800 is). 

Actually, the 10% material contained more grain boundary sigma than 
the annealed see! but this was more than offset by the amount of Wid- 
manstatten precipitate in the annealed steel. In view of this effect on 
grain boundary sigma in the samples annealed at 1475 °F (800 °C) and 
the previously mentioned results at 1600 °F (870°C), it appears that 
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cold working may increase the tendency toward grain boundary sigma 
formation but the accelerating effect is small in comparison to that 
which is due to recrystallization. 

The effect of cold work and recrystallization on pronounced sigma 
acceleration at 1600 °F (870°C) is identical to that at lower temper- 
atures but the morphology of sigma formation is somewhat different. 
Instead of pearlitic-like-sigma within the boundaries of recrystallized 
grains, the sigma is located at the grain boundaries of the recrystallized 
austenite. This condition occurs as a result of the partitioning of alloy- 
ing elements during recrystallization in which case the unrecrystallized 
austenite approaches the composition of sigma as recrystallization pro- 
gresses. If sigma has not formed by the time that two recrystallizing 
grains approach impingement, the grain boundary area must be of a 
suitable composition for sigma formation. This mechanism is indicated 
by the microstructures of Figs. 5 and 6. At the start of sigma formation 
(Fig. 6c) the recrystallized grain boundaries have appreciable width 
indicating a difference in composition which is not apparent after longer 
aging times when sigma formation is complete (Fig. 6d). Fig. 5 shows 
a recrystallizing grain interface which is almost completely surrounded 
by sigma. 

The morphological formation of grain boundary sigma in this 
manner may apply to a lesser degree to 40% cold-worked material aged 
at 1475 °F (800 °C) for, in addition to the pearlitic sigma, some grain 
boundary sigma is observed after long aging times (Fig. 3d). This may 
be partially due to coalescence but the presence of some small particles 
suggests that they were initially formed at the grain boundaries. The 
results at 1600°F (870°C), however, indicate that the formation of 
grain boundary sigma in the manner prescribed above may be most pro- 
nounced when conditions of deformation and aging temperature are 
such as to produce rapid rates of recrystallization with a resultant fine 
grain size. Accordingly, one should expect to find large amounts of 
grain boundary sigma in heavily cold worked steels aged at temper- 
atures lower than 1600 °F (870 °C). This was confirmed by the micro- 
structure of 75 and 90% cold-rolled samples from Heat 44122 which 
had been aged at 1475 °F (800°C), an example of which is shown in 
Fig. 10. The grain size after recrystallization was calculated to be 
ASTM 20 and 22 in the 75 and 90% cold-rolled samples respectively. 

There is one major difference in comparing the formation of grain 
boundary sigma at 1600°F (870°C) with that at 1475 °F (800°C); 
the difference in equilibrium amounts of sigma at these temperatures. 
Because of the small amount of stable sigma at 1600 °F (870°C) (ap- 
proximately 5% as compared to 30% at 1475 °F), the composition of 
the equilibrium austenite is closer to that of sigma than it is at lower 
temperatures and the amount of partitioning of alloying elements be- 
tween the unrecrystallized and recrystallized austenite must be cor- 
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Fig. 10—Photomicrograph Showing Sigma at Grain Boundaries of a Sample from 
Heat 4412 22 which had been Cold-Rolled Hy and Aged at 1475 °F for 100 Hours. Etchant— 
electrolytically in 10% oxalic acid. X 1000 


® | Hour 
o 24 Hours 


% Sigma 





O 25 ; w 7S 90 
% Cold-Rolled 


Fig. 11—Effect of Cold Work on the Rate of _om Formation in Type 310 
(Heat 44122) after 1 Hour and 24 Hours at 1475 ° 


respondingly less. Under these conditions recrystallization can progress 
further before sigma formation occurs and the final recrystallized grain 
size can be larger at high temperatures and still have the sigma located 
at the grain boundaries. In the case of the 40% cold-rolled material 
aged at 1600 °F (870°C), the recrystallized grain size was ASTM-8 
It is because of this condition that it takes longer for the start of sigma 
formation in the 40% cold-rolled steel at 1600 °F (870°C) than at 
1475 °F (800°C) in spite of the fact that recrystallization begins in 
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Fig. 12—-Photomicrographs Showing Formation of Sigma in Recrystallized Regions 
of Chromium—Manganese Steel which had been Cold-Rolled 50% and Aged for 200 Hours 


at 1200 °F. Etchant—(a) Electrolytically in 10% chromic acid. X 1000 (b) Electrolytically 
in 10% chromic 10% oxalic acid. X 1000. 


shorter times at the higher temperature. If it were not for this differ- 
ence in equilibrium amounts of sigma, one should expect the rate of 
sigma formation to increase with increasing rates of recrystallization. 
This is true for samples aged at a single temperature where the equilib- 
rium amount of sigma is a constant which is shown in Fig. 11 where 
the percentage of sigma obtained by aging Heat 44122 for 1 and 24 
hours at 1475°F (800°C) is plotted as a function of the degree of 
deformation in the range of 25 to 90%. Within this range the acceler- 
ated formation of sigma was associated with recrystallization. 


Effect of Cold Work on Sigma Formation in Austenitic 
Chromium-Manganese Steel 


In order to determine if the same effects of cold work and re- 
crystallization observed in the Type 310 steels applied to other highly 
stable austenitic steels, a study was made of the chromium-manganese 
steel listed in Table I. Microscopic examination of cold worked speci- 
mens after aging showed that a similar effect existed in this steel in that 
recrystallization was required for pronounced sigma acceleration in 
cold-worked samples. The pearlitic-like-sigma which formed in the re- 
crystallized areas of a.50% cold-rolled sample that had been aged for 
100 hours at 1200 °F (650 °C) is shown in Fig. 12. (The 10% chromic 
acid etch attacks carbides vigorously but does not attack sigma in this 
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Effect of Sigma Formation on Hardness and Bend Angle of Type 310 (Heat 98077) 





Hardness* 


Aging Time 


Aged at 1475 °F 


Bend Angle (degrees) ** 


(Hours) Annealed 10% CW 20% CW 40% CW Annealed 10% CW 20% CW 40% CW 

0 78 96 Re22 Re34 180 180 180 90 

1 78 89 93 95 180 180 180 180 

8 79 85 91 85 180 180 180 180 

100 79 85 90 86 180 180 180 180 

500 86 87 86 86 180 180 180 180 
Aged at 1250 °F 

1 78 93 98 32 180 180 180 80 

8 79 92 97 27 180 180 180 80 

100 82 93 98 27 180 180 180 85 

300 82 96 98 27 180 180 180 100 

500 82 95 97 25 180 i80 180 115 
Aged at 1600 °F 

1 79 89 93 81 180 180 180 180 

8 78 88 91 80 180 180 180 180 

100 80 87 85 77 180 180 180 180 

500 80 86 85 80 180 180 180 18( 





* Rs unless otherwise noted , : 
** Bent over pin whose diameter was twice the thickness 


steel). Because of the large amount of carbide in this steel, no quanti- 
tative work was attempted. 


Carbide Precipitation and Resolution 


The precipitation of chromium carbide (Cro3Cg) preceeds the 
formation of sigma in both Type 310 and the chromium-manganesé« 
steel regardless of initial condition and aging temperature. In the case 
of Type 310, the alteration in composition of the austenite as a result 
of sigma formation apparently increases the solubility of carbon because 
much of the chromium carbide is taken back into solution during th: 
recrystallization transformation. Microscopic evidence of this can bx 
seen in Fig. 8a which shows essentially no chromium carbide in the re 
crystallized region where the sigma exists but appreciable amounts ot 
carbide in the surrounding regions. This observation was confirmed by 
the X-ray diffraction patterns of extracted residues where the line in 
tensities for chromium carbide after 500 hours at 1475°F (800°C) 
were much weaker than after 1 hour at 1475 °F (800°C). In the case 
of the low carbon heat (44122), the lines were extremely faint after long 
time aging which would indicate that the solubility of carbon in the 
recrystallized austenite may even be greater than the initial carbon con- 
tent of the steel provided the solubility of carbon in sigma is very low 
as has been reported (5). 


Effect of Sigma Formation on Hardness and Bend Angle 


Some of the hardness and bend data which illustrate the changes 
observed in Type 310 (Heat 98077) as a result of aging at 1250, 1475 
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and 1600 °F (675, 800 and 870 °C) are given in Table III. These data 
show that the formation of sigma, even in amounts as large as 30%, 
has very little effect on the hardness and bend ductility of Type 310 
steel treated in the manner described in this paper. Aging at 1475 °F 
(800°C) results in a slight hardening of annealed samples while soften- 
ing is observed in all of the cold-worked conditions. After long time 
aging, all of the samples regardless of initial condition have essentially 
the same hardness and bend 180° without breaking in spite of large 
differences in amounts of sigma. At 1250 °F (675 °C) the transforma- 
tion produces a continual increase in bend angle in the 40% cold-worked 
material but due to a slower rate of softening and recrystallization, a 
full 180° bend is not attained within 500 hours. 


SUMMARY 


The increased rate of sigma formation in cold-worked austenitic 
stainless steels which do not form ferrite during cold working can be 
attributed to a recrystallization transformation according to the follow- 
ing equation : 

Strained Austenite of Composition C; — Sigma + Unstrained 

Austenite of Composition C2 
If the conditions of deformation and aging temperature are such that 
recrystallization does not occur, then the accelerating effect of cold work 
is at most very small. Actually, small amounts of cold work may retard 
sigma formation by restraining or preventing the formation of oriented 
Widmanstatten precipitates which occur in annealed steels at certain 
aging temperatures. 

The recrystallization transformation results in at least two mor- 
phological forms of sigma. One of these is similar to pearlite with alter- 
nate plates of sigma and recrystallized austenite while the other has the 
sigma predominantly at the recrystallized grain boundaries. This latter 
form is favored by rapid recrystallization rates with a resultant fine 
grain size such as is obtained with moderately cold-worked samples 
aged at high temperatures or heavily cold-worked samples aged at mod- 
erate temperatures. 

As a result of this work, it can be concluded that the effect of cold 
work is not to simply produce more nuclei of sigma which grow after 
recrystallization as postulated by Dulis and Smith (2) but rather that 
recrystallization itself accelerates the formation of sigma. 
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THE LAVES AND Chi PHASES IN A MODIFIED 
12 Cr STAINLESS ALLOY 


By F. L. VERSNYDER AND H. J. BEATTIE, JR. 


Abstract 


The phases Ti(C,N), Chi, and a Laves phase (AB,) 
have been identified in a series of 12 Cr-4Mo heats with vary- 
ing additions of titanium as the precipitation promoting ele- 
ment. The composition of the Laves phase was determined 
approximately as (Tig:M05) (FesoCrsSis). Increasing the ti- 
tanium content in these heats appeared to promote the for- 
mation of the Chi phase. 


INTRODUCTION 


| ANY a design engineer and metallurgist has no doubt dreamed 
L of the desirability of a practical precipitation or age hardenable 
‘erritic stainless steel (12 Cr variety ). However, very little information 
; available in the literature concerning attempts to devise such an alloy. 
ithough the idea has certainly been advanced in a general form (1-2).' 
\n evaluation of just such a series of alloys is being conducted in our 
iaboratory. 

One aspect of such a study is the need for information concerning 
he phases present and their relationships. Recently considerable in- 
ormation concerning the Fe-Cr-Mo and Fe-Cr-W equilibrium struc- 
ures has become available (2-6) which has been most helpful in the 
resent study. This paper presents information concerning the phases 
ncountered in a 12Cr-4Mo ferritic stainless alloy with varying 
mounts of titanium as the precipitation promoting addition. 


EXPERIMENTAL PROCEDURE 


The heats or alloys studied were air induction melted, with the 
customary procedure used in melting titanium containing melts. The 
resulting castings were 25-pound ingots. The titanium was added to 
the melt just prior to pouring as a ferro-titanium addition. The chro- 
mium was added as a low nitrogen ferro-chromium alloy. 

The ingots were subsequently preheated at 1650°F (900°C) for 
5 hours and equalized at 2050 °F (1120°C) for 3 hours prior to forg- 
ing. Swaging was performed at 1975 to 2050 °F (1080 to 1120 °C) to 


' The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 
Chemical Composition in Weight Per Cent 
Heat No. SG Mn Si P S Cr Ni Mo Ti Al 
SM185 0.05 0.43 0.34 0.017 0.034 11.40 0.12 4.06 0.11 0.71 
SM186 0.08 0.63 0.81 0.006 0.028 11.70 0.11 4.06 0.74 0.07 
SM187 0.04 0.65 0.47 0.005 0.028 11.35 0.12 3.92 2.53 0.62 
SM188 0.07 1.75 0.42 0.006 0.026 11.80 0.08 4.12 3.14 0.21 
SM189 0. 05 1.65 0.40 0.005 0.018 12.00 4.17 4.06 2.87 0.58 


| 
| 
j 








34 inch square size. The stock was annealed after forging at 1700 °F 
(925 °C) for 1 hour and air-cooled. 

The specimens studied in this investigation were all oil-quenched 
after 1 hour at 1700°F (925 °C). 

The method of study of the phases present was essentially the 
complementary use of X-ray diffraction and metallography. Samples 
were first studied microscopically to determine the number of micro- 
constituents present, and to estimate the number and possibly the iden- 
tity of the phases present in the microstructure. The samples were then 
electrolytically digested to separate the microconstituents from the 
matrix as an insoluble residue. Electrolytic digestion of heat SM187 was 
performed in a 10% HCl electrolyte while heat SM188 was digested 
using a 5% HCl electrolyte. Drying of the collected residue resulted in 
a powder suitable for subsequent X-ray diffraction analysis using the 
Debye-Scherrer powder method. Both a photographic camera and a 
Geiger counter spectrometer (G.E. XRD-3) were used in obtaining the 
diffraction patterns. 

Differentiation of the phases in the microstructure, in correlation 
with X-ray diffraction results, was accomplished by the use of metal- 
lographic techniques. 

The preceding X-ray and nnnagrageee techniques are described 
in detail elsewhere (7). 

Standard quantitative chemical analysis was determined on each 
heat studied in this investigation. Results of the analyses are listed in 
Table I. 

The Laves phase (ABz), identified in this work, was essentially 
the only phase recovered in the electrolytic residue of heat SM187. As 
a consequence it was decided to obtain a quantitative chemical analysis 


of this residue. 
RESULTS 


Examination, in the unetched condition, of metallographic speci- 
mens taken from forged bars revealed the presence of titanium carbon- 
itrides in all of the heats. Since this constituent is considered as mechan- 
ically included in the alloys during their melting and casting, it is not 
believed to play a significant role in the phase relationships of the 
alloys (7) and will henceforth be ignored in the discussion presented 
in this paper. 
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MODIFIED 12 CR STAINLESS ALLOY 





Fig. 1—Specimens Solution Treated at 1700 °F for 1 Hour and Oil- 
Quenched. Electrolytically etched in 10% chromic acid, 4.5 volts, platinum 
the cathode. X 500. a—0.11% titanium, heat SM185; b—0.74% titanium, 
heat SM186; c—2.53% titanium, heat SM187. 
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Fig. 1 (Con’t)—Specimens Solution Treated at 1700 °F for 1 Hour 
and Oil-Quenched. Electrolytically etched in 10% chromic acid, 4.5 volts, 
platinum the cathode. X 500. d—2.87% titanium, heat SM189. e—3.14% 
titanium, heat SM188. 


A forged specimen from each heat was examined microscopically 
after being oil-quenched from 1700°F (925 °C). It is observed that 
one may arrange the microstructures in an orderly succession accord- 
ing to increasing titanium content (Fig. la-e). One notes only a small 
amount of minor phase and grain boundary precipitation in the heat 
with the lowest titanium content (Fig. la). The heat containing 0.74% 
titanium has an increased amount of minor phase distributed through- 
out the structure (Fig. 1b). The appearance of a profuse fine spheroidal 
phase both at the grain boundaries and throughout the structure is evi- 
dent in the 2.53% titanium heat (Fig. 1c). Up to this point one might 
consider that the increasing titanium content is bringing about an in- 
crease in a single secondary phase. However, a further increase of 
titanium content to 2.87% results in the appearance of a second minor 
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Table Il 
Electrolytic Extract of SM187 





Laves phase ABez 
Hex; C6/mmc 





photo- Geiger- ao = 4.768A 
graphic counter co = 7.79A; co/ao = 1.63 
d oe: I/Ih (hkl) 

2.390A ms 50% (110) 
2.198 s 82 (103) 
2.070 w 14 (200) 
2.034 st 100 (112) 
1.998 s 94 (201) 
1.943 mw 20 (004) 
1.826 mw 12 (202) 
1.760 mw— 6 (104) 
1.377 w 4 (300) 
1.338 ms+ 18 (213) 
1.298 ms 18 (006) (302) 
1,242 ms 19 (205) 
1.215 mw 4 (214) 
1.191 ms 14 (220) 
1.098 mw 4 (206) 
1.047 m 7 (313) 
1.020 mw — (401) 
1.010 mw _- (224) 
0.898 w (118) (410) 
0.887 mw -- ? 
0.877 m — (208) 
0.858 mw — (405) 
0.8226 w -- (218) 
0.8065 vw — (406) 
0.795 Ww - (330) 
0.780 Ww -— (0,0,10) 
0.7795 m — (420) 
0.777 s — (421) 

*s — strong 

ms — moderately strong 

m — medium 
mw — moderately weak 
w — weak 


vw — very weak 


hase (Fig. 1d). An increase in the amount and particle size of this 
itter appearing phase is noted as the titanium content is increased to 
14% (Fig. le), with a corresponding decrease in the initial minor 
phase. 

As to the identity of the two significant minor phases : 

The Laves Phase—The X-ray diffraction data on the electrolytic 
extract from alloy SM187, the microstructure and thermal treatment 
of which is indicated in Fig. 1c, are shown in Table II. A photographic 
pattern using nickel-filtered copper radiation was taken first to reveal 
the maximum number of lines. The relative intensities in the second 
column and the interplanar spacings less than 1.04A in the first column 
are taken from this pattern. 

Next, the powder was mixed with a thin binder and pressed into 
a shallow recessed trough in a Textilite block for use with the General 
Electric XRD-3 Spectrogoniometer. From the latter instrument, again 
using nickel-filtered copper radiation, a recording was made, and the 
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Fig. 2—-The Laves Phase ABz. 


interplanar spacings greater than 1.04A were determined from this. A 
3 degree beam slit and 0.1 degree detector slit were used for the re 
cording. 

The detector slit then was changed to 0.3 degree, and, setting th 
goniometer on each of the 16 peaks observed in the recording, the in- 
tensities were determined by noting the time intervals required to count 
65,536 pulses from the Geiger counter. The background intensity, whic! 
was constant over the entire range of angles, was subtracted from thes« 
intensities, and the net relative intensities are given as a fraction of th: 
strongest intensity in the third column of Table II. Since the diffraction 
peaks were less than 0.3 degree in width, these values should represent 
the integrated intensities. They ranged from 12 to 282 counts per second 
above background (406 cps.). 

In the last column are listed the indices for the hexagonal lattic: 
whose parameters are given at the top of the column. Note that all lines 
(with one large angle exception from the photographic pattern) can 
be indexed to this lattice, which is characteristic of a Laves phase sim- 
ilar to one found previously in modified M252-type alloys (7). 

Since the patterns indicate that this is essentially the only phase 
present in the electrolytic extract, it was considered that a quantitative 
chemical analysis of the extract would provide important information. 
This yielded the following quantitative analysis for the electrolytic 
extract : 


Element Fe Ti Mo Cr Si Ni Al 


% Weight 54.25 19.00 16.60 5.06 3.11 0.06 0.07 
Laves phase/alloy 0.675 7.5 4.24 0.45 5.0 0.5 0.113 
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The last row is the ratio of per cent weight in extract to per cent 
weight in alloy, and indicates the tendency for each element to concen- 
trate in the Laves phase. Thus titanium, molybdenum, and silicon 
strongly tend to concentrate in the phase; iron, chromium, and nickel 
remain at about the same composition with respect to each other ; and, 
surprisingly, aluminum prefers to remain in the matrix. 

The Laves structures represent a close packing of spheres of two 
sizes, there being about a 20% difference in diameters. This geometrical 
close packing requires that the smaller atoms be twice as numerous as 
the larger atoms ; this gives a chemical formula of ABe, where B repre- 
sents the smaller atom. 

Since the chemical analysis of the electrolytic extract shows the 
presence of more than two elements, the components must be divided 
into two groups according to atomic size. Below are given the two 
sroups of elements, their Goldschmidt atomic radii, and their atomic 

er cent based on the above chemical analysis : 








A-atoms B-atoms 
ction nie diapeliallaa a Ran sania nciaanditiesiiainninianine, iianebinaniabinitihiiilnnciniguamaall all enlaces 
atomic atomic atomic atomic 
ement radius % element radius % 
Ti 1.494 22.63% Fe 1.26A 55.45% 
Mo 1.36 9.87 Si 1.18 6.32 
Al 1.43 0.15 Cr 1.25 5.55 
betel Ni 1.24 ae 
tal atomic % NE ME Sissy Sa ob sce kobe a 20s obaee 67.38%B 


From their total atomic per cent values it is seen that the composi- 
m of the extract corresponds to ABs within the uncertainty of the 
nalysis. 
Further confirmation has been obtained by considering the inte- 
rated intensities of the X-ray diffraction peaks. 
This Laves phase is isomorphous with MgZng reported by Friauf 
8) and also with WFez reported by Arnfelt and Westgren (9). There 
re 4 A-atoms and 8 B-atoms per unit cell positioned as follows, accord- 
ng to the Wyckoff nomenclature : 
2B in 2a: 0,0,0;0,0,% 
6B in 6h: x, 2x, 4%; 2x, x, %; x, 
x, 2x, 3/4; 2x, x, 3/4; 
4A in 4: 1/3, 2/3, z; 2/3, 1/3, z; 
2/3, 1/3, %-z; 1/3, 2/3, % +z. 
This gives the structure depicted in Fig. 2. Friauf gives x=0.170; 
z=0.062 for MgZno, while Arnfelt and Westgren give x= & ; z=0.067 


— ae 
for WFe2. With the axial ratio c/a very close to the ideal value\/%4 = 
1.633 setting x= places all B atoms equally distant from each other. 
The axial ratio of the electrolytic extract is within experimental error 
of this value. For this reason, and because the electrolytic extract is 


more similar to WFege than it is to MgZne, the Arnfelt-Westgren pa- 
rameters are used. 


oe eat: 
x,% 
xX, 








218 TRANSACTIONS OF THE ASM Vol. 47 


The intensities of the first 16 lines of Table II were computed ac- 
cording to the formula for powder patterns 
1 + cos?2 6 
sin? 6 cos 6 
where 6 is the Bragg angle, p (nx) is the multiplicity of the planes (hkl), 
and F (nx) is the structure factor for the planes (hkl) determined by 
the X-ray atomic scattering factors and the atomic positions summed 
over the unit cell. Following the chemical analysis, it was assumed that 
the B-atoms consisted of iron, chromium and silicon in the ratio of 
10:1:1, and the A-atoms were titanium and molybdenum in the ratio 
21:9. The atoms were assumed to occupy their respective A- or B- 
group positions at random. 

Under the experimental conditions, viz., reflection from a thick 
block of powder with the incident and reflection angles maintained 
equal, the absorption factor is constant over the entire angular range 
and therefore need not be considered for relative intensities. However, 
the temperature correction factor to these calculated intensities is a func- 
tion of the interplanar spacing and must be applied to the calculated 
intensities. This factor is 

—2B sin? 0\ 
exp( 35°), 


A2 } 
where B is related to the mean square atomic displacement due to ther- 
mal motion. By assuming the value B=2 x 10°'*® cm.?, good agreement 
with the observed intensities is brought about. 

Having chosen the temperature parameter B, the relative intensi- 
ties were calculated for all indices whose spacings are greater than 
1.04A, except those forbidden by the extinction rules, viz, 

(hhl1) ; 1 odd, and (3h 0 1); odd. 
These intensities were calculated for the extremities of the A-atom 
composition (Ti Fez and Mo Fee) as well as for the complex composi- 
tion assumed from the chemical analysis (Tig3Mo09) (FesoCr;Sis). 
These three sets of calculated intensities as well as the observed intensi- 
ties (including that for the (100) planes taken later) are given in 
Table III. The reliability indices, 


T(nx1)—™ 


P(ne1) F?(nx:), 


R = Zl Lore. — Ieate.| 
y lebe: 


are given at the bottom of each calculated-intensities column ; the low- 
est value for the assumed complex composition shows that it is the best 
choice of the three. 

The satisfactory agreement of observed and calculated intensities 
shows that the Arnfelt-Westgren positional parameters for WFez is a 
good choice for the electrolytic extract, for the relative intensities are 
much more sensitive to atomic position than they are to composition. 
Witi the positional parameters and unit cell dimensions determined, 
the internuclear distances of nearest neighbors to the three positional 
types (the 2-fold B-atoms, the 6-fold B-atoms, and the 4-fold A-atoms ) 
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Comparison of Observed Intensities of Laves Phase With Those 


Table Ill 


Calculated for Various Compositions 
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leale. lealc. Teale. 
(hkl) Ti Fes Mo Fea Complex lobs. 
(100) 21.8% 0.6% 4.7% §4 
(002) 8.8 0.4 2.5 — 
(101) 5.2 3.6 0.3 
(102) 0.1 7.0 aie — 
(110) 25.8 56.7 38.5 50 
(103) 68.9 101.0 83.7 82 
(200) 10.0 14.6 11.8 14 
(112) 100.0 100.0 100.0 100 
(201) 98.5 73.2 87.5 94 
(004) 41.8 9.6 15.7 20 
(202) 25.3 5.9 15.3 12 
(104) 14.7 8.4 11.7 6 
(203) a1 0.3 1.5 _- 
(210) 1.5 0.1 0.3 
(211) 0.5 0.5 0.06 
(114) 0.1 0.2 0.2 -— 
(105) 0.3 4.1 1.4 — 
(212) 0.02 1.2 0.3 — 
(204) 0.4 0.1 0.2 - 
(300) 2.7 6.4 4.1 4 
(213) 17.1 24.5 20.8 18 
(006) (302) 17.3 17.8 17.6 18 
(205) 18.4 18.3 18.3 19 
(106) 1.7 2.4 2.1 — 
(214) 5.9 3.4 4.7 4 
(220) 16.3 14.9 15.0 14 
(310) 0.4 0.03 0.08 — 
(116) 0.3 0.3 0.00 — 
(222) 0.7 0.06 0.13 
(311) 0.1 0.07 0.00 — 
(304) 0.03 0.07 0.04 
(215) 0.2 2.4 0.8 
(312) 0.00 0.4 0.08 — 
(206) 7.3 5.8 6.8 4 
(107) 0.9 0.7 0.8 = 
(313) 6.0 9.1 a 3 
reliability 





index 0.301 0.232 0.118 





re readily calculated. These are tabulated in Table IV. This informa- 
tion is condensed in the following list of distances between neighboring 
pairs of atoms: 
atomic pair types: A-A A-B B-B 


285A 2.78A 2.38A 
2.95 2.80 
2.83 


These internuclear distances may be checked with the Goldschmidt 
atomic radii of the elements already given in this paper. 

The Chi Phase—Table V is a composite of X-ray diffraction data 
from two photographic patterns, one taken with nickel-filtered copper 
radiation and the other with vanadium-filtered chromium radiation. 
The specimen is the electrolytic extract of alloy SM188, the microstruc- 
ture and thermal treatment of which is indicated in Fig. le. 
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Table IV 


Neighboring Atoms 


Internuclear Distances for Laves Phase 





6B\in|6h 2.38 
6A|in|4f 2.80 
2B in 2a 2.38 
4B in 6h 2.38 
4A in 4f 2.78 
2A in 4f 2.83 
3B in 2a 2.80 
3B in 6h 2.83 
6B in 6h 2.78 
1A in 4f 2.85 
3A in 4 2.95 
Table V 


Electrolytic Extract of SM188 


Chi-phase 
cub.; I 43m 
a4 = 8.885A 


rh? (hkl) 

12 (222) 

14 (321) 

16 (400) 

18 (330) (411) 
22 (332) 

24 422) 

26 (510) (431) 
36 (442) (600) 
44 (622 

48 (444) 

50 (550) (543) (710) 
54 (721) (552) (633) 
56 (642) 

62 (732) (651) 
66 (811) (741) (554) 
72 (660) (822) 
114 (855) (871) 
118 (10,3,3) (961) 
120 (10,4,2) 
122 (11,1,0) (954) 
126 (10,5,1) (11,2,1) (963) 


* 


vs — very strong 
s — strong 
ms — moderately strong 
m — medium 
mw — moderately weak 
w — weak 





Laves phase 
hex.; C6/mmce 


aO = 4.768A TiC 
cO = 7.79A cub.; Fm3m 
e/a =. 3468 aQ 4.32+A 
(hkl) (hkl) 
(111) 
(110) 
(103) 
(200) 
(200) 
(112) 
(201) 
(004) 
(220) 
(300) 
(213) 


(006) (302) ° 


(205) 
(220) 


(206) 
(313) 











Fig. 3—Specimen Solution Treated at 1700°F for 1 Hour and Oil- 
Quenched. Electrolytically etched in 10N NaOH, 1.5 volts, 90 seconds, 
— the cathode. Heat SM188. Microconstituent (a) Chi phase, (b) 

aves phase, and (c) Ti(C,N) particles. X 500. 


.. Fig. 4—Specimen Solution Treated at 1700°F for 1 Hour and 
Oil-Quenched. Electrolytically etched in saturated Ba(OH)s2, 4.5 volts, 20 
seconds, platinum the cathode. Heat SM188. X 500. 

Fig. 5—Specimen Solution Treated at 1700°F for 1 Hour and Oil- 
Quenched. Electrolytically etched in saturated Ba(OH)s, 4.5 volts, 20 
seconds, platinum the cathode. Heat SM187. X 500. 
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The third and fourth columns list the indices for the Chi phase 
and the Laves phase respectively. Three of the lines belong to titanium 
carbide, TiC (indexed in last column). From the relative intensities 
(second column) it is noted that the Chi phase is much more abundant 
than the Laves phase. 

Chi phase was first reported by K. W. Andrews (11) as being 
present in Cr-Ni-Mo steels. Andrews did not give the molybdenum 
content, but the stated presence of the carbide Mo3Cz. suggests that it 
was 5% or less by weight. (More than 5% Mo usually causes the MgC 
carbide to appear instead.) Chi phase has also been reported by others 
(12), (3), with support for Andrews’ tentative conclusion that Chi 
phase is isomorphous with alpha-Mn. 

Recently, J. S. Kasper analyzed powdered specimens from an 
homogenous Chi-phase alloy by X-ray and neutron diffraction (13). 
He found Chi phase to be completely isomorphous with alpha-Mn, with 
the positional parameters within +0.005 of those found by Bradley 
and Thewlis for alpha-Mn (14). The composition of the homogenous 
alloy corresponded to the formula ( Feg¢g Crig Mojo), in consistence with 
the 58 atoms per unit cell. The phase was found to be ordered with the 
10Mo atoms occupying the 2a and 8c positions, these positions having 
the greatest space available in the structure to accommodate the larger 
Mo atoms. The lattice parameter for this alloy was 8.920A. 

The lattice parameter of the Chi phase found in Andrews’ steel was 
8.878A (reported as 8.860kX.), while that found here in alloy SM188 
is 8.885A, which, like that of Andrews, is appreciably smaller than that 
found by Kasper. Note that the molybdenum content of Kasper’s alloy 
is greater than that of the other two. 

As to differentiation of the phases in the microstructure and cor- 
relation with X-ray diffraction results : 

Preliminary identification of the Chi phase by metallographic 
means was performed using the selective etching technique adapted 
from Gilman (10) by McMullin, Reiter, and Ebeling (3). A forged 
specimen of heat SM188 was oil-quenched from 1700 °F (925°C) 
and etched according to the procedure outlined (3). The Chi phase in 
this specimen was, using the 10% chromic etchant (Fig. le), at least 
partially recognizable due to its somewhat angular form and the marked 
difference in its particle size from that of the Laves phase (compara- 
tively small spheroids). When the 1ON NaOH etchant was applied 
the Chi phase passed through the light tan color stage and eventually 
achieved the blue-gray tint as expected (Fig. 3). The three minor con- 
stituents present in this series of alloys have been labeled in this photo- 
micrograph. However, the length of etching time necessary for this to 
occur was at variance with the etching time reported by McMullin, 
Reiter, and Ebeling although identical conditions were used. This can 
most likely be explained by the fact that most stain etchants are ex- 
tremely sensitive to slight variations in technique and are not precisely 


| 
| 
. 
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reproducible when applied to similar yet different alloys whose thermal 
treatments are not the same. In addition, there was a lack of sensitivity 
of differentiation between the Chi and Laves phase which was disturb- 
ing. This was particularly true when attempting to determine if there 
might be minute amounts of Chi phase in heat SM187 (Fig. 1c) which 
had not been recovered in the electrolytic extract but which might be 
observed in the microstructure. In Fig. 1c one notes some comparatively 
large rather spheroidal particles within the grains as well as a rather 
heavy grain boundary precipitation, either of which might be Chi phase. 
It was not possible to discern the exact nature of these particles using 
the NaOH selective etchant. 

The problem was resolved by experimenting with various selective 
etchants, eventually successfully using the barium hydroxide etchant 
described by Gilman (10). 

Since the Chi phase had been reasonably well ascertained in heat 
SM188 (Fig. 3) this specimen was re-etched using the Ba(OH)>» 
etchant. It was found that the Chi phase stained mottled-purple, the 
matrix stained tan, and the Laves phase remained unstained, i.e., white 
(Fig. 4). When this same etching procedure was applied to the speci- 
men of heat SM187 (Fig. lc) the matrix stained darkish-tan, but all 
of the secondary phase remained unetched (Fig. 5). Naturally in both 
specimens which were etched using this procedure, the “dot-size’’ par- 
ticles appear dark. This is true of only those particles whose size causes 

hem to appear as dots. Particles with a resolvable interior remained 
unetched. This problem of “dot-size” particles is quite common and 
loes not seriously interfere with the interpretations presented here. 

It would seem, then, that excellent correlation is obtained between 
the microscopic observations and X-ray diffraction results. There is but 

me secondary phase (Laves) in heat SM187 and two well-distin- 
guished phases in heat SM188 (Chi and Laves). 


DISCUSSION 


The first item to bring to the reader’s attention is that the heat 
treatment of the specimens studied did not bring about equilibrium 
conditions, nor was this intended. Rather, it was thought to study the 
results of a more or less practical heat treatment in an attempt to ascer- 
tain the phases present after a rather low solution anneal. Nevertheless. 
the results obtained should be of general interest. 

A consideration of the equilibrium diagrams of the Fe-Cr-Ti (1) 
and the Fe-Cr-Mo systems would seem to indicate that the Laves phase 
described by Witte and Wallbaum (15) should be one of the secondary 
phases observed in this series of heats. That such a phase was identified 
in these heats is not surprising. However, in view of the complexity of 
these analyses, it was thought significant that a quantitative chemical 
determination revealed the Laves phase as being essentially Fe2Ti, with 
small amounts of chromium and silicon replacing iron as the B atoms 
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and molybdenum substituting for almost one-third of the titanium as 
A atoms. This last observation is somewhat surprising in view of the 
fact that one would expect aluminum to substitute for titanium, but in 
this case the aluminum seems to prefer to stay in solid solution. Since 
aluminum and molybdenum atoms are similar in size, the definite pref- 
erence of the Laves phase for molybdenum indicates that forces other 
than geometric packing are involved. Such a force is indicated by the 
apparent characterization of each of the three Laves structures (all of 
which have the same local packing principle but differ in stacking ar- 
rangements of the hexagonal layers) by ranges of valence-electron 
densities among the elements magnesium, aluminum, cobalt, nickel, 
copper, zinc and silver (16). In dealing with transition metals, however, 
there is considerable difficulty in deciding on the number of “valence 
electrons.” There is a regular succession of the Laves structures in the 
series with titanium as the A atoms and the B atoms ranging from 
chromium and nickel as follows (17) : 
TiCre TiMnz TiFe. TiCos TiNis 

Structure type: MgCu. MgZnz MgZnz MgNiv No Laves phase 

The Laves phase observed in this work has an over-all electron 
structure * between that of TiMnge and TiFes; and, since the observed 
structure is of the MgZne type, it would seem to fit into the above series. 

As titanium is added to this series of heats, the appearance of first 
the Laves phase followed by the three phase structure containing Laves 
plus Chi was observed. Titanium, therefore, is apparently established 
as a Chi phase promoter. Without a chemical analysis of this phase, 
however, it cannot be established whether titanium is to be found in 
Chi phase. The observed lattice parameter is smaller than that found 
elsewhere (3), (13) for Chi phase in the Fe-Cr-Mo system ; and since 
titanium atoms are larger than molybdenum atoms, it seems unlikely 
that titanium could be present in the Chi phase to any large extent. 
Titanium may, for instance, occupy the 2-fold (a) positions (which 
are the most roomy ones), with molybdenum occupying the 8-fold (c) 
positions, but not to saturation. Alternatively, the titanium may not be 
in Chi phase at all; but its presence in the matrix may give the molyb- 
denum an increased effective concentration, moving the system toward 
the alpha/alpha-plus-chi phase boundary for 12% chromium in the 
Fe-Cr-Mo system (3). Again, perhaps the Chi phase is present as a 
strictly nonequilibrium product ; however, this seems unlikely. 


nh MATT es Nace la Ce rs 


CONCLUSION 


The results of applying the techniques involved in identification 
of the phases present in these modified 12Cr Stainless heats have led 
to the following conclusions : 

(a) An hexagonal Laves phase (ABz2) has been identified in the 


2 Taking the average number of electrons per atom outside of closed shells. 
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various heats by both metallographic and X-ray diffraction techniques. 

(b) The Chi phase has been identified in the heats of higher 
titanium content by both X-ray diffraction and metallographic tech- 
niques. 

(c) The presence of the Laves phase (AB2) in heat SM187, hav- 
ing the approximate composition (Tiz3 Mog) (Feso Crs Sis), has been 
established. 

(d) It would appear that increasing the titanium content in these 
heats promoted the formation of the Chi phase. 
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DISCUSSION 


Written Discussion: By K. W. Andrews, The United Steel Companies 
Limited, Research and Development Department, Rotherham, England. 
It is gratifying that since the existence of chi phase was first reported, 
several investigators, including the present authors, have provided further | 
evidence of its nature, constitution and mode of occurrence. This paper would ) 
have been of interest to me on that account alone but becomes of double interest 
because we too have encountered a hexagonal Laves type phase under similar 
conditions. 
Our earlier experience with steels containing chi phase was gained with 
compositions including nickel as well as chromium and molybdenum,* but we 
were then unable to reach any definite conclusions about its composition or 
whether it was a stable phase. The work of McMullin and colleagues * established 
that it was a stable constitutent. Although it exists in a definite composition and 
temperature range in the system Fe-Cr-Mo, it is also clear that chi phase can 
vary considerably in composition in some of the steels in which it has been ob- 
served. More recently we have been interested in chromium base steels contain- 
ing molybdenum and titanium, including compositions of both higher and lower 
chromium than those of the authors. The higher chromium steels show that 
chi phase, the carbides MeC, MasC.s and possibly other constituents may appear 
(the work is still in hand). We do not find chi phase in the lower (8% chromium) 
range but here the constituent based on FesTi is important. 
This Laves phase is probably of similar composition to that of the authors 
Its lattice parameters are a = 4.770 A and c = 7.780 A. It is intended to publis! 
further details later. In the meantime, it is of interest to refer to the first sentence 4 
in the introduction to the paper—concerning the desirability of producing a 
practical precipitation hardenable ferritic stainless steel. In our experience the 
presence of the strong ferrite formers molybdenum and titanium means that the 3 
chromium content can be considerably lower than 12, e.g. 7 or 8, and still main . 
tain the ferritic condition. It is of interest that although some of the titanium is 
combined as TiC this phase does not have a very marked effect on the properties 
of the steel and does not generally undergo appreciable solution or re- 
precipitation. On the other hand, the Laves phase does dissolve or precipitate . 
readily, but it does not act as a precipitation hardening constitutent. In fact, 
although it is the main precipitating phase between 1050 and 750 °C, it weakens 
the alloy by removing titanium from solid solution. Hence the role of titanium 


8K. W. Andrews and P. E. Brooks, “Chi Phase in iiter Steels; Its Relationship to Sigma 
Phase,” Metal Treatment and Drop Forging Vol. 18, Jul 1951, p. 301. 
. W. MecMullin, S. F. Reiter and D. G. Ebeling, ‘ quilibrium Structures in Fe-Cr-Mo 
Alloys,” Transactions, American Society for Metals, Vol. 46, 1954, p. 799 
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in a steel of this kind is in a solid solution hardening capacity, and precipitation 
of the intermetallic phase should be avoided. 

Appreciable precipitation hardening is obtained at 750°C or below by 
precipitation of the carbide (Cr, Mo, Fe)2 Cs. Considerable amounts of this 
carbide can precipitate, in spite of the presence of titanium, which although still 
regarded in many quarters as a “carbide stabilizer” is quite clearly only partially 
effective in this capacity. This fact has been noted in connection with many other 
types of titanium bearing steel. Titanium itself is, however, beneficial in other 
ways and the chromium base carbide can itself be a valuable constituent. We 
hope to publish fuller details of this work in due course. 

Written Discussion: By Kehsin Kuo, research metallurgist, Royal Insti- 
tute of Technology, Stockholm. 

The authors are to be complimented on their excellent correlation of the 
hemical, microscopic, and X-ray examinations of the minor phases existing in 
1 modified 12 chromium stainless alloy. 

The authors’ finding of the existence of the Laves phase ABz with a compo- 
ition very close to (TinMos) (FesCrsSis) is most interesting. Though the 
1uthors have mentioned the composition limits for this compound as TiFee and 

foFes and have also used these formulae for the intensity calculations, they 
ive not taken into consideration the existence of the binary phase MoFe». 

According to earlier works on the constitution of the Fe-Mo binary system,* 
1e existence of MoFes has not been confirmed. Recently Zaletaeva, Lashko, 
‘esterova and Inganova * reported that they have found this compound together 

ith carbides in a steel with a nominal composition of 0.1% carbon, 16% chro- 
ium, 25% nickel, and 6% molybdenum after annealing for 100 hours at 700 °C 
r 6 hours at 850°C. The reported lattice constants are: a= 4.73 A and c= 
72 A, comparable to those of WFe: found by Arnfelt and Westgren,’ a= 
727 A and c = 7.704 A. Zaletaeva et al. mentioned nothing about the chemical 
mposition of this Laves phase, and since their steel contains besides molyb- 
‘num also chromium and nickel, we cannot be certain that their Laves phase is 
binary compound of molybdenum and iron, especially when quite a large num- 

r of ternary Laves phases of transition metals are known to exist.® 
A Laves phase has also been found by this writer to exist together with the 
eC carbide in a molybdenum-nickel steel with 0.17% carbon, 0.38% silicon, 
40% manganese, 0.006% phosphorus, 0.013% sulphur, 10.1% molybdenum, and 
27% nickel after annealing at 800 °C for 25 hours and the lattice constants are: 
= 4.738 A, c= 7.740 A. The nickel content of the extracted mixture of carbide 
ind Laves phase was only about 1-2%; in other words, nickel is not an essential 
element for the formation of these phases. This may perhaps be considered as an 
indirect evidence of the existence of MoFes in the molybdenum-iron binary 
system and may also serve to explain why in the authors’ alloy SM187 it is 
molybdenum but not aluminum that substitutes for titanium in TiFes. Have the 


authors also found this compound in the low-titanium alloys (SM185 and 
SM186) ? 


5M. Hansen, “Der Aufbau o Sp ye 7" a. pees 1936. 
os. ei Zaletaeva, H. F. Lash D. Nesterova, and S. nganova, ““A New Inter- 
mz vee ne in The Bie p Bo, Fe-Mo,” Bobled> Abaden Nauk SSSR, 1951, 
o 1, p. 415-416. 
action and A. Westgren, JERNKONTORETS ANNALER, Vol. 118, 1935. 
p. 
__ §K. Kuo, “Ternary Laves And Sigma-Phases of Transition Metals,’”” ACTA METALLURGICA, 
Vol. 1, 1953, p. 720-724. 
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Besides the Chi phase in the Fe-Cr-Mo ternary system, an analogous phase 
has also been found by the present writer in the iron-chromium-tungsten ternary 
system with a composition very close to 40% iron, 20% chromium, and 40% 
tungsten. 

Written Discussion: By A. G. Allten and P. Lillys, Crucible Steel Co. 
of America Research Laboratory, Harrison, N. J. 

We were considerably interested in this paper and, particularly, in the work 
reported on the Chi phase. We have studied an experimental steel analyzing 
0.04% carbon, 1.0% manganese, 4.0% nickel, 16.0% chromium, 3.0% molybde- 
num. Chi phase was found in this steel after treatments of 16 hours at tempera- 
tures between 1400 and 1700 °F from the as-forged condition. 

The amount of Chi phase present after a 16 hour treatment at 1400 °F, was 
sufficient to permit complete identification of the phase from an X-ray diffraction 
pattern obtained from a microsection of the steel. However, an electrolytic ex- 
traction of the Chi phase was also made. The extracted Chi phase had a lattice 
parameter of 8.887A. The line intensities of the diffraction pattern compared 
well with the intensities reported by Ver Snyder and Beattie for the Chi phase 
extracted from their steel, SM188. 

The steel studied by us is similar in composition to the authors’ steel, 
SM189, except that our steel contained no titanium or aluminum. The chemical 
composition of SM189 suggests that this steel was completely ferritic at 1700 °F. 
Our steel, on the other hand, contained both austenite and ferrite in the 1400 to 
1700 °F temperature range. 

Also, we found only traces of Chi phase after a 1700 °F, 16 hour treatment, 
whereas the authors show a considerable amount in their Fig. 1d for the titanium 
bearing SM189 steel as treated 1700 °F, 1 hour. This observation may be in 
terpreted as favorable evidence for the authors’ conclusion that titanium supports 
the formation of Chi phase. 

The amount of Chi phase present in our steel in the range 1400 to 1700 °F 
was greatest at 1400 °F and decreased markedly as the temperature was raise: 
to 1700 °F. Also there was somewhat more Chi phase present after 16 hours at 
1600 °F than after only one hour. 

The Chi phase formed initially in the boundaries between the austenite and 
ferrite. Lineal analysis of samples heated for 1 and 16 hours at 1600 °F indicate: 
that the amount of austenite in the steel increased slightly with an increase i 
time. Thus, the steel became less ferritic as the amount of Chi phase increased 
We attribute this increase in amount of austenite to removal of some of the 
chromium and molybdenum from solution in the ferrite by formation of the 
Chi phase. 

We found that extreme brittleness was associated with the presence of 
large amount of Chi phase in our steel and we would be interested to know if 
the authors found this brittleness in the steels which they studied. 


Authors’ Reply 


The authors are grateful to the discussers for their valuable contributions. 

Dr. Kuo’s information about Laves phases close to the MoFes composition 
is enlightening. We did not mean to imply that such a phase exists when we 
calculated its theoretical X-ray intensities for comparison with those of other 
compositions. 

Dr. Kuo’s data from nickel-molybdenum steels appear to give strong evi- 
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dence for the existence of MoFes. The discovery of a Laves phase in 16-25-6 by 
Zaletaeva et al, however, is surprising. We have observed a minor phase other 
than the carbides in this alloy during aging and interpret it as a double nitride 
of chromium and molybdenum (Reference 7). 

In reference to the chi phase of the approximate composition—40% iron, 
20% chromium, and 40% tungsten, we presume these are weight percentages of a 
homogenous chi phase. This leads to the unit cell atomic formula Fes:.s Criz Wo.s, 
as compared with the molybdenum ternary chi phase formula Fess Criz Moi 
(Reference 13). It might be interesting to see whether the X-ray intensities of 
the iron-chromium-tungsten chi phase indicate that the essentially ten tungsten 
atoms are ordered at the 2a and &c positions, where Dr. J. S. Kasper finds the 
ten molybdenum atoms. 

The Laves phase was identified in Heats SM-185 and 186 by metallographic 
means only and was not correlated with X-ray diffraction. 

We are pleased that Dr. Andrews’s work on similar steels agrees generally 
vith the work reported in this paper. 

Apparently, Dr. Andrews’s steels were higher in carbon content than ours. 
Ve are particularly interested in Dr. Andrews’s indication that MaC. is a more 
table carbide in these ferritic alloys than TiC. We have had similar indications 
oncerning MeC in higher molybdenum austenitic alloys. 

The view that titanium is a “carbide stabilizer” can lead to quite erroneous 
npressions—particularly if one relies on titanium to carbon ratios for an indi- 
ition of expected room or high temperature physical properties. Actually, in 
e “superalloy” class of materials considering titanium as a carbide stabilizer is 
ite unjustified, for the reactions occurring in these alloys cannot be compared 

those of a titanium stabilized 18-8 stainless. 

The more complicated lattice structures appear to be very stable. The 
npler intermediate structures like TiC precipitate more rapidly, but their 
rmation is only temporary until the complicated, sluggishly formed structures 
-e¢ MesCe and MeC replace them. The steel tempering reaction martensite ——~> 
silon carbide > FesC is another example of this, as it proceeds from the 
nplest, least stable to the most complicated, most stable lattice structure. 

Thinking along these lines, a structure as complicated as chi phase should 

very stable. Since writing this paper we have obtained further evidence of 
ts stability in these stainless alloys. As stated in the paper, all heats had been 
innealed for one hour at 1700 °F (925 °C), and heat SM-187 gave a profuse 

recipitation of Laves phase only. Reannealing this heat for 200 hours at the 
ame temperature caused the precipitation of the chi phase. The X-ray diffraction 
pattern of its electrolytic extract is very similar to that of SM-188 shown in 
lable V. The lattice parameters of the Laves phase remained unchanged, while 
the lattice parameter of chi was 8.90A. 

We are grateful to Messrs. Allten and Lillys for reporting the similarity in 
lattice parameter and X-ray intensities between their chi phase and ours. As 
their steel contained no titanium or aluminum but was otherwise similar to 
ours, this further suggests the lack of participation in this phase by titanium 
even when it is present in the alloy. 

Allten and Lillys give our annealing temperature as the upper limit for 
the appearance of chi pHase in their steel. Apparently the addition of titanium 
extends this limit in our steels. 


As to the mechanical properties of these alloys, those having lower titanium 
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concentrations are brittle and have poor high temperature strength properties. 
Perhaps the latter is due to the removal of titanium from solid solution by the 
precipitation of the Laves phase, as suggested by Dr. Andrews. Those heats 
having enough titanium to precipitate the chi phase had good high temperature 
properties and were ductile at elevated temperatures but were quite brittle at 
room temperature. 
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AUSTENITIC CHROMIUM-MANGANESE-NICKEL 
STEELS CONTAINING NITROGEN 


By RussE.Lt Franks, W. O. BINDER AND JAMES THOMPSON 


Abstract 


A comprehensive study has been made of the structure 
of chromium-manganese-nickel steels containing nitrogen in 
view of the interest in developing high manganese stainless 
steels to conserve nickel. The principal object of this investi- 
gation was to determine the composition ranges which provide 
stable austenite, optimum mechanical properties, and corro- 
sion resistance. Stable austenitic structures are desired be- 
cause the presence of critical amounts of delta ferrite at grain 
boundaries during hot working is known to promote hot work- 
ing difficulties due to cracking. The investigation deals prin- 
cipally with steels of high nitrogen content thus taking ad- 
vantage of the improved hot workability imparted to the steels 
by nitrogen because of its stabilizing influence on austenite. 

To establish the austenitic regions, the structural constt- 
tution of steels containing 0.10% carbon was studied in the 
range of 12 to 18% chromium, 1 to 22% manganese, and 0 to 
14% nickel to evaluate the influence of chromium, manganese, 
and nickel on austenite formation. The formation of austenitic 
structures in the cast condition requires greater amounts of 
nickel and nitrogen than in the hot-worked condition. 
It was found that steels containing 16 to 17.5% chro- 
. mium, 3.5 to 4.5% nickel, 7 to 9% manganese, 0.06 to 0.12% 
carbon, and 0.12 to 0.18% nitrogen have excellent austenitic 
stability, and the mechanical properties and work hardening 
characteristics of these steels are comparable to those of the 
austenitic 18% chromium—8% nickel steels. Large ingots of 
these steels should exhibit good hot working properties tf 
their initial hot working temperature is kept at a maximum 


of 1225 °C (2235 °F). 


Poe ne See aR RE 9 


HE first semicommercial experiments made on the chromium- 
manganese-nickel steels were started in December of 1930(1).! 
Many of the early steels investigated contained up to slightly over 1% 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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copper in addition to chromium contents between about 12 and 25%, 
with manganese contents between 5 and 20%, and nickel contents up 
to about 10%. This work showed that while copper (2,3) had a stabi- 
lizing influence on the austenitic structure, it was necessary to add more 
than 5% nickel, with chromium contents in the vicinity of 17 to 18% 
and an excess of 6% manganese to obtain an austenitic structure. 
These steels also contained up to 0.20% carbon, and it was observed 
that, as the carbon approached this value, less difficulty was encountered 
in securing the austenitic structure. 

The austenitic structure obtained in these steels was not so stable 
as that of the well known 18% chromium—8% nickel steel, especially 
at the hot-rolling temperatures. Further, it was observed that the 
chromium-manganese-nickel steels had a tendency to tear during the 
initial hot working into bars, rods, and strip. The investigation of these 
steels was continued, and it was subsequently found that nitrogen (4,5), 
also, was effective in stabilizing the austenite, which resulted in im- 
proved hot workability. The nitrogen was found to be far more in- 
fluential than copper in promoting austenite formation, and while the 
investigation strongly indicated commercial possibilities for austenitic 
stainless steels of this type, full information was not obtained on the 
structural constitution of the steels as influenced by changes in the 
contents of the major and minor elements. 

The present study of the chromium-manganese-nickel steels con- 
taining nitrogen has been prompted by an effort to conserve nickel, and 
at the same time, to aid in expanding the utilization of stainless steels. 
The chief object has been to investigate the structure and mechanical 
properties of a number of steels containing different percentages of 
chromium, manganese, nickel, and carbon, with and without nitrogen, 
to take advantage of the improved hot-workability imparted to the 
steels by nitrogen because of its stabilizing influence on the austenitic 
constituent. The data in this paper represent results of a recent investi- 
gation of the chromium-manganese-nickel steels conducted by the 
Technical Service and Development Laboratory of the Electro Metal- 
lurgical Company. 


STEELS INVESTIGATED 


The work was conducted on a series of steels containing 12 to 18% 
chromium, 1 to 20% manganese, 0 to 14% nickel, and 0.06 to 0.12% 
carbon with nitrogen contents between about 0.03 and 0.18%. The 
majority of the heats were melted in a high frequency induction furnace 
using charges weighing about seventeen pounds. The basic raw mate- 
rials consisted of Armco iron, low carbon ferrochromium, high nitrogen 
ferrochromium, or high nitrogen manganese bearing alloys, low carbon 
ferromanganese metal, electrolytic nickel, and silicon metal. 

The steels were cast into 2-inch square ingots, which were hot- 
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Fig. 1—Phases Present in 12% Chromium Steels Containing 0.10 to 0.12% 


Carbon and 0.08 to 0.09% Nitrogen After Heating 15 Minutes at 1075 °C and 
Air Cooling. 


vorked at an initial temperature of 1150 to 1175 °C (2100 to 2145 °F) 
nto % and 4¢-inch thick strips. After hot working, these were 
olution-treated fifteen minutes at 1075°C (1965 °F) and air-cooled 
rior to testing. Some of the steels were cold-reduced 20% in thickness 
y cold rolling for austenite stability tests. In these cases, the steels were 
iot-rolled to 0.075-inch thick strip, heat treated at 1075 °C (1965 °F), 


ir-cooled, and subsequently cold-rolled to 0.06-inch thick strip after 
lescaling. 


PHASES IN WROUGHT STEELS AFTER HEATING AT 1075 °C 
AND AIR COOLING 

All the steels were examined by means of a magnetic test for the 
presence of the delta ferrite constituent, after the heat treatment at 
1075 °C (1965 °F). On a number of occasions, the magnetic test was 
checked by metallographic examination. The relative magnetism was 
measured by using a magnetic balance that determined the force in 
grams necessary to separate a 44-inch thick sample 1l-inch square from 
the pull of a small electromagnet. The steels that exhibited no readily 
detectable quantity of the delta ferrite constituent at X500 magnifica- 
tion were separated from the magnet by a weight of 0.1 gram or less. 
With increasing quantities of ferrite in the structure, the force required 
to separate the sample increased proportionately. 

The information obtained from these tests was used to construct 
the diagrams illustrated in Figs. 1 through 8. The numerals on the dia- 
grams represent the grams force necessary to separate the steel from 





234 TRANSACTIONS OF THE ASM Vol. 47 










100 + 





% Nickel 


100+ 53 

Ss 06 Zo 

O 2 6 8 10 12 14 I6 18 20 22 
% Manganese 

Fig. 2—Phases Present in 14.3% Chromium Steels Containing 0.10 to 0.12% 


Carbon and 0.12 to 0.15% Nitrogen After Heating 15 Minutes at 1075 °C aad 
Air Cooling. 


% Nickel 




















0 2 4 6 8 10 4 14 I6 1g 20 22 
% Manganese 
Fig. 3—Phases Present in 15.3% Chromium Steels Containing 0.10 to 0.12% 


Carbon and 0.12 to 0.15% Nitrogen After Heating 15 Minutes at 1075 °C and 
Air Cooling. 


the magnet. The diagrams are, to a large extent, self-explanatory, but 
it is worthwhile to discuss them briefly. 

The influence of chromium at levels of 12,14,15,16, and 17% on 
the extent of the austenitic region at 1075 °C (1965 °F) is illustrated 
in Figs. 1 through 5, inclusive. These steels contained about 0.10% 
carbon and from 0.08 to 0.15% nitrogen with the different percentages 
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Fig. 5—Phases Present in 17.3% Chromium Steels Containing 0.10 to 0.12% 
Carbon and 0.12 to 0.15% Nitrogen After Heating 15 Minutes at 1075 °C and 


Air Cooling. 
of manganese and nickel designated on the diagrams. It is observed 
that, when chromium exceeds about 15%, it is no longer possible, with 
manganese alone, to make the steels fully austenitic by rapid cooling 
from 1075 °C (1965 °F). Also, there is a tendency for the delta ferrite 
constituent to increase with increasing manganese content. On the 
other hand, it will be shown later that increasing the manganese content 
increases the relative stability of the austenite in the steel. The figures 
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Fig. 6—Phases Present in 18.5% Chromium Steels Containing 0.05 to 0.08% 
Carbon and 0.03 to 0.05% Nitrogen After Heating 15 Minutes at 1075 °C and Air 
Cooling. 
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Fig. 7—Phases Present in 18.5% Chromium Steels Containing 0.65 to 0.08% 
Carbon and 0.12 to 0.15% Nitrogen After Heating 15 Minutes at 1075 °C and 
Air Cooling. 
further show that a fully austenitic steel cannot be secured at the 1% 
nickel level without decreasing the chromium content below 16% or 
increasing the nitrogen beyond 0.15%. 
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Fig. 8—Phases Present in 18.5% Chromium Steels Containing 0.10 to 0.12% 
Carbon and 0.12 to 0.15% Nitrogen After Heating 15 Minutes at 1075 °C and 
Air Cooling. 


Fig. 6 presents the significant structural features of the 18% 
iromium steels containing 0.05 to 0.08% carbon and about 0.03% 
trogen. It is shown here that increasing manganese at a constant 
ckel content increases the relative quantity of the delta ferrite in the 
eel. The increased size of the delta ferrite-austenite field was not an- 
cipated in view of the austenite forming tendency of manganese when 
lded to iron and iron-chromium alloys. Thus, it appears that at this 
iromium level manganese functions primarily as a stabilizer of the 
istenite formed through the influence of carbon, nitrogen, and nickel. 

Fig. 7 shows the structure of steels of similar compositions to 
hich 0.12 to 0.15% nitrogen has been added. The outstanding differ- 
nce between Figs. 6 and 7 is in the size of the delta ferrite-austenite 
egion. This region is greatly contracted by the increase in nitrogen, 

ind, depending upon manganese content, the boundary up to 14% man- 
anese for an austenitic structure lies between 6.5 and 7.5% nickel. 

The foregoing data reveal the effectiveness of nitrogen as an 
\ustenite-former and indicate the significant savings in nickel to be 
gained by incorporating nitrogen in steels of this kind. 

In the next series, the carbon content was increased to 0.10% with 
about 18% chromium and 0.12 to 0.15% nitrogen. The data on these 
steels are illustrated in Fig. 8, which show that carbon also markedly 
contracts the delta ferrite-austenite region. It is clear that in the pres- 
ence of 0.10% carbon only 4 to 5% nickel is required to produce a fully 
austenitic structures "A greater reduction in nickel would require a 
lowering of the chromium or an increase of the nitrogen content. 

Fig. 9 is a summary chart showing the structures of the chromium- 
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Fig. 9—Structure of 12 to 18% Chromium—0 to 22% Manganese—0 to 10% 
Nickel S Steels Containing 0.10 to 0.12% Carbon and 0.08 to 0.15% Nitrogen 
After Heating 15 Minutes at 1075 °C and Air Cooling. 
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Fig. 10—-Effect of Manganese or Size of Austenitic Region in Steels 


Containing 0.10 to 0. 12% Carbon and 0.08 to 0.15% Nitrogen After Heat- 
ing 15 Minutes at 1075 °C and Air Cooling. 


manganese-nickel steels air-cooled from 1075 °C (1965 °F) that con- 
tain from 12 to 18% chromium, 0 to 22% manganese, 0 to 5% nickel, 
about 0.10% carbon, and 0.12 to 0.15% nitrogen. It is clear from this 
diagram that the austenitic region is greatly expanded by the addition 
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of nickel and that increasing manganese above 6% at chromium levels 
above 15% causes a slight contraction in the austenitic region. 

Fig. 10 gives further information, showing the effect of manganese 
in reducing the size of the austenitic region. 


PHASES IN CHILL-CAST INGOT SAMPLES AT VARIOUS TEMPERATURES 


This series of tests was conducted to secure data on delta-ferrite 
formation in cast sections of the steels heated to temperatures normally 
used in hot rolling stainless steels. Information of this type is of practi- 
cal importance in view of the detrimental influence of delta-ferrite on 
hot workability. It is known that large ingots with a mixed structure 
generally exhibit poorer hot workability than those of fully austenitic 

teels or the fully ferritic steels. The samples for the tests represented 
g-inch thick transverse sections of the 2-inch square ingots. They were 
eated at 1175, 1225, and 1300°C (2145, 2235 and 2370°F), respec- 
ively, for 2 hours followed by water quenching. The samples were 
eated in an argon atmosphere to retard decarburization and to avoid 
itrogen pickup. They were selected from steels containing 16 to 18% 
hromium, 1.5 to 4.5% nickel, 7 to 9% manganese, 0.06 to 0.10% car- 
on, and 0.15 to 0.18% nitrogen. 

Table I and Fig. 11 summarize the results of the magnetic tests, 
hile Fig. 12 describes the structural features of the cast specimens 
fter the heat treatments at 1175 and 1225°C (2145 and 2235°F). 
t is evident from these data that the nickel and chromium contents 
{ the steels and the rolling temperatures must be controlled to ensure 
fully austenitic structure in the hot rolling temperature range. For 
nstance, a steel containing 17% chromium requires about 4.75% 
ickel when heated to 1225°C (2235°F), but only 4% nickel when 
eated to 1175 °C (2145 °F), to maintain a fully austenitic structure. 
‘nitial temperatures of 1150 to 1200 °C (2100 to 2190 °F), therefore, 
ppear to be the optimum range for hot rolling steels containing 16 
0 17.5% chromium, 6 to 9% manganese, and 3.5 to 4.5% nickel. 


MECHANICAL PROPERTIES 


Information on the mechanical properties of the steels was ob- 
tained from tensile tests conducted on 0.06-inch thick standard ASTM 
sheet specimens of 0.5-inch wide reduced section. In preliminary tests, 
it was established that 18% chromium steels containing 2 to 6% nickel 
in the solution-treated condition were extremely susceptible to work 
hardening unless manganese was present to stabilize the austenite. The 
amount of manganese required to decrease work-hardening was not 
linear, as shown in Fig. 13. These tests placed the manganese content 
of steels containing.4% nickel at between 7 and 9% for satisfactory 
work hardening characteristics. 


In view of the great effect of composition on work hardening, the 
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Table I 

















Results of Magnetic Pull Tests 
Cast Condition, g. Wrought Condition, g. 
! 2 Hr. at 2 Hr. at 2 Hr. at 15 Min. 15 Min. 15 Min. 
Heat Nominal Composition, % As- tive & Ises & Faee "C.. 1075 °C 1325. °C 1175 % 
No. Cr Ni n c* N* Cast W.O. W.Q. we Se ee UA 
R898 16 3.5 7 0.083 0.15 1.9 0.08 0.08 4.1 0.05 we 
R892 16 3.5 7 0.066 0.19 1.3 0.09 0.07 16.4 0.05 a 
R886 16 3.5 9 0.096 0.15 2.1 0.07 0.07 4.7 0.05 as 
R880 16 3.5 9 0.063 0.17 2.2 0.07 0.09 5.7 0.05 lies 
R899 16 4.5 6.53* 0.098 0.14 0.5 0.07 0.06 0.4 0.05 ae 
R893 16 4.5 7 0.061 0.18 0.4 0.09 0.05 1.0 0.05 ome 
R887 16 4.5 9 0.098 0.15 0.5 0.08 0.06 0.23 0.05 iis 
R881 16 4.5 9 0.060 0.17 0.7 0.06 0.13 0.5 0.05 ai 
R838 16.25 1.5 9 0.11 0.14 16 7.5 18 100+ 0.20 0.24 75 
R858 16.40* 2.47* 6.63% 0.094 0.14 7.4 0.33 0.90 31 0.07 0.09 7 
R859 16.25 2.5 a 0.099 0.14 7.9 0.65 2.2 33 0.06 0.11 7 
R839 16.25 2.5 8.9* 0.11 0.14 6.5 0.20 0.9 49 0.05 0.04 05 
R860 16.25 2.5 12 0.11 0.11 6.7 0.90 1.3 42 0.07 0.08 18 
R861 16.25 2.5 14.77* 0.11 0.13 8.7 1.5 3.9 27 0.17 0.18 7 
R840 16.25 3.5 9 0.11 0.14 3.2 0.04 0.13 24 0.03 0.04 5 
R841 16.25 4.5 9 0.10 0.14 1.5 0.04 0.04 7 0.04 0.04 5 
R842 16.75 1.5 9 0.13 0.14 30 24 60 100+ 3.0 4.7 5 
R843 16.75 2.5 9 0.09 0.15 16 2.6 10 81 0.25 0.30 60 : 
R844 16.75 3.5 9.34" 0.12 0.14 7.0 0.15 1.0 25 0.05 0.05 5 : 
R845 16.75 4.5 9 0.11 0.14 3.0 0.05 0.10 10 0.04 0.03 14 i 
we 
R900 17 3.5 7 0.096 0.16 8.7 0.50 0.9 32 0.06 —_ 3 . 
R894 17 3.5 7 0.069 0.16 9.4 0.30 2.2 58 0.07 : 
R88s 17 3.5 9.46" 0.11 0.15 9.4 0.36 0.86 19 0.08 oo aj 
R882 17 Bee 9 0.059 0.18 9.9 0.44 0.60 36 0.06 =, 
= 
R901 17 4.5 6.49* 0.10 0.16 4.2 0.06 0.20 19 a Z & 
R895 17 4.5 7 0.063 0.18 4.2 0.10 0.20 9 0.05 fen ‘ 
R839 17 4.5 9 0.10 0.15 3.3 0.08 0.10 3 0.05 juss a 
R883 17 4.5 9 0.066 0.19 4.1 0.08 0.06 1.6 0.06 a 5 
R846 17.5 1.5 9 0.10 0.14 52 63 85 100+ 12 17 
R847 17.5 2.5 9 0.13 0.14 29 15 25 100+ a 82 g 
R848 17.5 3.5 9 0.11 0.13 14 2.5 6.0 84 0.18 0.14 26 : 
R849 17.5 4.5 9 0.09 0.14 8.0 0.11 0.4 27 0.05 0.04 5 
R902 18 3.5 7 0.098 0.16 12 1.3 2.5 58 OS). ad } 
R896 18 3.5 6.87* 0.064 0.18 24 9.1 18 100+ 1.0 io ‘ 
R890 18 3.5 9 0.098 0.16 21 10 12 54 1.6 oil ; 
RR84 18 35 9 0.064 0.19 25 11 14 89 1.8 k 
R903 18 4.5 6.93* 0.099 0.16 5 0.10 0.2 7 0.05 ~ — E 
R897 18 4.5 7 0.066 0.15 15 1.8 1.9 28 0.25 : 
R891 18 4.5 9 0.091 0.15 13 2.8 2.6 27 0.40 é 
R8ss 18 4.5 9 0.066 0.15 18 6.2 5.5 45 0.50 noe “ 5 
R850 17 7 0.10 0.027 90 0.06 0.07 0.30 010 014 010 § 
R862 16.25 0.75 17.93% 0.11 0.14 os si 42 78 23 2.9 § 
i *Actual analysis ‘ 
shana . a = a ae - ® 
= a = eS — — an — a = -_ is = 3 


mechanical properties of 9% manganese steels in the solution-treated 
condition were studied in detail at various chromium and nickel levels, 
maintaining carbon at about 0.10% and nitrogen at 0.15%. These data 
are summarized in part (a) of Table II and in Fig. 14, and show that 
work hardening, as measured by tensile strength, decreases rapidly 
with increasing chromium, particularly in the range of 1.5 and 2.5% 
nickel, but above this level of nickel, chromium is less influential. 

To further examine the stabilization of austenite with manganese, 
tests were conducted on a series of 16.25% chromium steels containing 
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Table Il 
Mechanical Properties of 0.060-Inch Thick Sheet 
Heated 15 Minutes at 1075 °C. and Air-Cooled 











Yield Tensile Izod Imp. a 
Heat Nominal Composition, % Strength, Psi Strength Jo R.B Ft.-lb. ae Erich. 
No. Cr Ni Mn os N* (0.2% Offset) Psi Elong. Hard. R.T. —183°C mm. 
—(a)— 
R838 16.25 1.5 9 0.11 0.14 48,000 154,600 64 88 120 15-24 15.3 
R839 25 29 8.90* 0.11 0.14 45,300 119,800 63 87 120 30-34 14.7 
R840 16.25 3.5 9 0.11 0.14 45,600 107,500 60 86 120 62-73 13.2 
R841 16.25 4.5 9 0.10 0.14 44,200 103,200 S wo 120 84-85 12.7 
R842 75 1.5 9 0.13 0.14 48,400 133,000 58 90 120 22-30 14.6 
R843 75 2.9 9 0.09 0.15 47,700 114,400 60 89 120 30-36 13.9 
R844 75 3.5 9.34* 0.12 0.14 44,400 105,000 60 86 120 68-72 12.9 
R845 75 4.5 9 0.11 0.14 44,000 102,200 59 84 120 89-120 13.0 
R846 5 1.5 9 0.10 0.14 52,300 119,900 55 94 120 15-22 13.6 
R847 5 2.5 9 0.13 0.14 48,100 111,200 59 89 120 29-59 13.5 
R848 3.5 9 0.11 0.13 44,400 103,000 57 85 120 62-62 13.2 
R849 4.5 9 0.09 0.14 43,200 100,800 60 82 120 85-117 12.7 
—(b) - 
R858 * 2a 6.63* 0.094 0.14 45,000 136,500 41 92 120 12-12 14.9 
R859 5 2.5 8 0.099 0.14 45,600 135,200 77 87 120 23-34 14.5 
R839 2.3 8.90* 0.11 0.14 45,300 119,800 63 87 120 30-34 14.7 
R860 2.5 12 0.11 0.11 41,800 101,000 66 82 120 51-54 13.1 
R861 2.5 14:77" 6.31 0.13 43,100 102,700 66 83 120 64-75 13.1 
—(c)— 
i R898 3.5 7 0.083 0.15 46,500 115,700 62 86 120 32-35 15.1 
% R892 3.5 7 0.066 0.19 47,200 115,700 64 87 120 28-32 15.2 
= R886 3.5 9 0.096 0.15 46,300 108,300 61 84 120 54-70 13.9 
= R880 3.5 9 0.063 0.17 46,100 113,200 69 83 120 82-116 14.0 
R899 4.5 6.53* 0.098 0.14 45,400 103,600 60 84 120 56-58 13.8 
R893 4.5 7 0.061 0.18 46,500 104,000 60 85 120 42-61 13.9 
' R&87 4.5 9 0.098 0.15 44,200 104,300 59 83 120 81-82 33.9 
» R881 4.5 9 0.060 0.17 47,000 105,200 60 82 120 95-115 13.7 
= R900 RS 7 0.096 0.16 46,000 110,200 62 86 120 38—41 14.2 
= R894 3.5 7 0.069 0.16 47,100 108,800 62 85 120 62-108 14.4 
= R888 3.5 9 0.11 0.15 48,500 108,900 58 86 120 56-58 13.6 
R882 9 0.059 0.18 48,500 108,300 60 86 120 54-82 hae 
R901 4.5 6.49* 0.10 0.16 45,900 103,300 61 84 120 69-71 13.9 
R895 4.5 7 0.063 0.18 46,600 103,200 56 83 120 72-77 14.5 
f R889 4.5 q 0.10 0.15 45,000 104,000 60 84 120 92-94 13.9 
R883 4.5 9 0.066 0.19 47,500 104,800 61 84 120 120-120 13.1 
R902 3.5 7 0.098 0.16 45,200 102,600 59 83 120 42-68 13.8 
= R896 3.5 7 0.064 0.18 49,700 108,300 56 &7 120 61-79 14.0 
=» R890 3.5 9 0.098 0.16 48,900 108,900 59 7 120 40—46 13.7 
i R884 3.5 9 0.064 0.19 50,000 106,700 49 7 120 91-102 13.2 
¢ R903 4.5 6.93* 0.099 0.16 48,900 108,900 58 86 120 74—75 14.0 
= R897 4.5 7 0.066 0.15 47,700 103,200 56 84 120 74-79 13.4 
— R891 4.5 9 0.091 0.15 46.000 103.400 57 83 120 42-68 13.5 
R&85 4.5 9 0.066 0.15 49,800 105,900 56 86 120 119-120 13.0 
—(d)— 
R850 17 7 1 0.10 0.027 29,200 129,200 55 76 87 38—44 15.6 
R862 1 0.75 17.93* 0.11 0.14 44,600 104,000 62 86 120 48—52 12.6 


ial analysis 


mens prepared from 5%-Inch diameter hot-rolled bar 
8-Inch thick sheet 


cof 


2.5% nickel, 0.10% carbon, and 0.15% nitrogen, in which the manga- 
nese content was varied from 6 to 14%. The results are summarized 
in part (b) of Table IT and in Fig. 15. With an increase in manganese, 
there is a sharp decrease in tensile strength, but the improvement in 
ductility is also very noteworthy. For example, increasing the manga- 
nese content from 6 to 8% almost doubles the elongation of the steel. 
seyond 8%, however,ananganese has a greater effect on tensile strength 
than on ductility. 


The mechanical properties of the 7 and 9% manganese, 3.5 and 
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Fig. 11—Relative Magnetism of Cast Specimens Machined From 2-Inch Square 
Ingots. Steels contained 9% manganese, 0.10% carbon and 0.15% nitrogen. 
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Fig. 12—Structure of Cast 16 to 18% Chromium—1.5 to 4.5% Nickel 


—9% Manganese Steels Containing 0.10% Carbon and 0.15% Nitrogen. 
zg 
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_ Fig. 13—Effect of Manganese on Work Hardening of 18.5% 
Chromium Steels Containing 2 to 9% Nickel, 0.05 to 0.08% Carbon, 


and 0.12 to 0.15% Nitrogen. Specimens Reduced 20% by Cold 
Rolling. 
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Fig. 14—Effect of Chromium and Nickel on the Tensile 
Strength of Austenitic Steels Containing 9% Manganese, i 
0.10% Carbon, and 0.15% Nitrogen After Heating 15 Minutes j 
at 1075 °C and Air Cooling. t 
4.5% nickel, 16, 17, and 18% chromium steels were studied in greate 
detail at the 0.06 and 0.10% carbon levels. The nitrogen content of th 
0.10% carbon steels was held at 0.15%. To compensate for the loss o 
austenite-forming power due to the reduction of carbon, the nitroge: 
content of the 0.06% carbon steels was raised to 0.18%. The results o 
these tests are summarized in part (c) of Table II. 

The chief point of interest in part (c) is that variations in chro 
mium between 16 and 18% do not affect tensile strength or ductility 
significantly. Steels containing 3.5% nickel are somewhat stronge! 
than similar steels containing 4.5% nickel; and steels containing 7% 
manganese are slightly stronger than steels containing 9% manganese ; 
however, these variations do not have a great effect on the elongation. 
The differences in mechanical properties attributable to the differences 
in the carbon and nitrogen contents of the steels are relatively insig- 
nificant. 

It is worthwhile to mention the high yield strength of the high 
nitrogen steels before discussing some of the other mechanical proper- 
ties listed in Table II. This is a characteristic of these steels, and un- 
doubtedly will be advantageous when utilizing them’ for structural 
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Fig. 15—Effect of Manganese on Tensile Strength and 
Elongation of 16.25% Chromium Steel Containing 2.5% Nickel, 
0.10% Carbon, and 0.15% Nitrogen After Heating 15 Minutes 
at 1075 °C and Air Cooling. 


irposes in the solution-treated condition. Nitrogen also increases the 
rdness of the steels in the solution-treated condition. 
The Erichsen values of the steels after heat treatment at 1075 °C 
965 °F) are recorded in Table II. The highest values are exhibited 
the steels most susceptible to work hardening, and they decrease 
ightly with increasing chromium, nickel, or manganese, but carbon 
d nitrogen exert relatively little influence. The Erichsen values are 
|| good, although somewhat lower than those for the 17% chromium— 
nickel steel. This is in agreement with the observed influence of 
work hardening since the 17-7 steel is a high work hardening steel. 
The foregoing data were obtained from samples air-cooled from 
1075 °C (1965 °F). The effects of cold working on strength and duc- 
tility were also examined in view of the interest in this type of steel 
(6,7). These samples were cold-rolled 20% to a final thickness of 0.06 
inch, and the results of the tensile tests made on them are given in 
Table III. 
Those steels which exhibited high strength in the solution-treated 
condition increased greatly in strength when cold-worked, as a result 
of austenite decomposition. It is again apparent that to avoid excessive 
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Table Ill 
Mechanical Properties of 0.06-Inch Thick Sheet Cold-Rolled 20% 
Yield Tensile 
Heat Nominal Composition, % Strength Strength % R.c Mag. 
No. Cr Ni Mn Sy N* Psi Psi Elong. Hard. Pull, g. 
R898 16 3.5 7 0.083 0.15 107,000 164,300 32 34 6.4 
R892 16 3.5 7 0.066 0.19 91,000 163,700 28 33 7.9 
R886 16 33 9 0.096 0.15 111,700 147,500 28 32 2.3 
R880 16 3.5 9 0.063 0.17 107,300 148,000 28 31 2.1 
R899 16 4.5 6.53* 0.098 0.14 107,700 145,200 30 32 2.1 
R893 16 4.5 7 0.061 0.18 101,400 146,300 30 33 1.9 
R887 16 4.5 9 0.098 0.15 107,200 139,000 27 30 0.52 
R881 16 4.5 9 0.060 0.17 104,000 136,500 27 29 0.35 
R838 16.25 2.5 9 0.11 0.14 107,200 199,500 30 42 28 
R858 16.40* 2.47 6.63* 0.094 0.14 106,000 198,500 30 40 31 
R859 16.25 2.5 8 0.099 0.14 104,000 174,000 27 37 9.3 
R839 16.25 2.5 8.90* 0.11 0.14 104,700 172,000 29 38 9.1 
R860 16.25 2.5 12 0.11 0.11 105,200 140,200 25 32 0.50 
R861 16.25 2.5 14.77* 0.11 0.13 98,500 131,000 29 29 0.08 
R840 16.25 3.5 9 0.11 0.14 116,800 165,200 24 37 5.9 
R841 16.25 4.5 9 0.10 0.14 117,100 154,000 23 34 1.1 
R842 16.75 1.5 9 0.13 0.14 110,700 184,000 27 39 16 
R843 16.75 2.5 9 0.09 0.15 115,000 171,000 26 37 6.9 
R844 16.75 3.5 9.34* 0.12 0.14 111,000 148,000 28 34 a7 
R845 16.75 4.5 9 0.11 0.14 106,300 138,200 28 31 0.30 
R900 17 3.5 7 0.096 0.16 104,800 158,500 31 34 4.8 
R894 17 3.5 7 0.069 0.16 110,300 153,200 31 33 3.7 
R&88s 17 3.5 9 0.11 0.15 106,800 142,200 29 31 a 
R882 17 3.5 9 0.059 0.18 99,700 138,000 29 31 0.84 ; 
R901 17 4.5 6.49* 0.10 0.16 108,300 144,100 35 31 1.1 é 
R895 17 4.5 7 0.063 0.18 106,000 141,800 30 30 a2 5 
R889 17 4.5 9 0.10 0.15 106,200 136,200 29 29 0.17 : 
R883 17 4.5 9 0.066 0.19 107,700 132,200 30 30 0.2( : 
R846 17.5 5 9 0.10 0.14 121,000 178,800 25 39 19 
R847 17.5 2.5 9 0.13 0.14 107,100 155,200 31 34 aa 
R848 17.5 3.3 9 0.11 0.13 105,800 140,600 30 32 21 
R849 17.5 4.5 9 0.09 0.14 102,500 130,400 31 29 0.14 
R902 18 a5 7 0.098 0.16 103,500 153,500 33 31 2.9 
R896 18 a5. 7 0.064 0.18 104,200 155,200 28 33 4.7 
R890 18 3.5 9 0.098 0.16 113,400 145,600 25 31 ha 
R884 18 3.5 9 0.064 0.19 111,600 141,000 27 31 1.0 
R903 18 4.5 6.93* 0.099 0.16 107,000 140,200 31 32 0.5! i 
R897 18 4.5 7 0.066 0.15 109,000 138,200 30 31 0.5 
R891 18 4.5 9 0.091 0.15 105,700 136.500 28 29 0.2 
R885 18 4.5 9 0.066 0.15 109,500 131,500 24 28 0.17 
R850 17 7 1 0.10 0.027 107,200 182,400 27 36 50 
R862 16.25 G75: 17938" €.33 0.14 108,700 143,300 22 33 1.1 


* Actual analysis 


work-hardening, the composition of the steel must be balanced with 
respect to chromium, manganese, and nickel. 

From the standpoint of uniformity after cold rolling, the 16 to 
18% chromium steels containing 7 to 9% manganese and 3.5 to 4.5% 
nickel show promise. Some significant differences in strength exist 
among the steels falling within this range, but they are not excessive, 
especially when the nickel, manganese, and chromium are on the high 
side of the range. 
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Fig. 16—True Stress-Strain Curves. 
TRUE STRESS-STRAIN TESTS 
Information on total work hardening of a selected group of the 
els was obtained because of the importance of this property in the 
application of the steels. The true stress-strain tension test was selected 
instead of the ordinary stress-strain test to show total work hardening, 
because it has the advantage of revealing the influence of composition 
and strain on both work hardening and rate of work hardening. True 
stress is the load divided by the minimum area prevailing at the instant 
of loading, and true strain is defined as 
(Ao) 
(A) 
where Ao is the original cross sectional area and A the area at the 
instant of loading. Total work hardening is defined as the combined 


effects of ordinary strain hardening and the work hardening due to 
transformation of austenite to ferrite. 


loge 











248 TRANSACTIONS OF THE ASM Vol. 47 


400 


300 





200 








True Stress, LOOOps 





| 
| 


| ' 
Nominal Composition % 


H 
Ne Cr Ni Mn C¥ = NX 
100 - Me 2 
. R901 7 010 O16 


4.5 
R895 4.5 7 0.063 0.18 
R889 4.59 0.10 0.15 
R883 4.5 9 0.066 0O.I9 
*actual Content 





O 0.5 1.0 LS 1.75 
True Strain 
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Figs. 16 through 19 show the true stress-strain curves obtained : 
room temperature from specimens of 17% chromium steel containin; 
3.5 to 4.5% nickel, and 7 to 9% manganese, heat treated fifteen minute 
at 1075 °C (1965 °F) and air-cooled. Similar tests were conducted on 
the 17% chromium—/7% nickel and 18% chromium—9% nickel steels 
and on the 16% chromium—16% manganese—1% nickel steel, and 
these data are also included in the figures. The 17-7 steel is designed 
for applications requiring a combination of high strength and good 
formability, and its composition is balanced so that it retains good 
ductility at high strength levels. The 18-9 steel is generally more de- 
sirable for deep drawing operations because it work hardens more 
slowly. Experience has shown that the 15.5% chromium—16% manga- 
nese—1% nickel steel has good forming qualities. 

From Figs. 16 and 17, it is evident that the 0.06 and 0.10% carbon 
steels show similar total work hardening characteristics. Increasing 
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Fig. 18—True Stress-Strain Curves. 
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anganese from 7 to 9% decreases work hardening slightly, particu- 
rly in the steels containing 3.5% nickel. When the steels are compared 
ith the commercial steels ( Figs. 18 and 19), it is observed that the true 
tress-strain curves fall between those of the 17% chromium—7% 
ickel and 18% chromium—9% nickel steels, and slightly above that of 
he 16% chromium—16% manganese—1% nickel steel. Based on this 
comparison, it may be stated that 17% chromium steels containing 7 to 
°% manganese and 3.5 to 4.5% nickel are well suited for severe cold 
lorming operations, and should display forming characteristics similar 
to those of the 18% chromium—9% nickel and 16% chromium—16% 


manganese—1% nickel steels. 


INFLUENCE OF COMPOSITION ON IMPACT PROPERTIES 


Nickel, carbon, and nitrogen are austenite formers and chromium, 
silicon, and, to a certain extent, manganese are ferrite formers. These 
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latter elements lower the temperature of spontaneous martensite form: 
tion on cooling the austenitic stainless steels from elevated tempera 
tures. They also decrease the tendency of the austenite to transform t: 
martensitic ferrite during plastic deformation of the steel. Changes i: 
composition can, therefore, have a significant influence on the notcl 
sensitivity of the austenitic chromium-manganese-nickel stainless steels 

Izod impact tests were made, and Table II summarizes the results 
obtained at room temperature and at —183°C (—300°F) on steels 
varying in austenite stability. The specimens were machined from 
3¥g-inch diameter hot-rolled bars solution-treated fifteen minutes at 
1075 °C (1965 °F) and air-cooled. 

All the steels exhibited high toughness at room temperature despite 
the wide range of compositions tested. The values exceeded 120 ft-lb. 
reflecting the high strength of the austenitic chromium-manganese- 
nickel steels containing nitrogen. 
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Fig. 20—Effect of Nickel and Chromium on Izod Impact 
Toughness of Steels Containing 9% Manganese, 0.10% 
Carbon, and 0.15% Nitrogen at—183 °C After Heating 15 
Minutes at 1075 °C and Air Cooling. 


The effect of composition on the notch sensitivity of the steels was 
more noticeable at —183°C (—300°F) than at room temperature. 
[his was expected for two reasons: (a) low temperatures favor the 
transformation of austenite to martensitic ferrite by plastic deforma- 
tion, and (b) low temperatures promote the spontaneous transforma- 
tion of austenite to ferrite. The greatest loss of toughness was exhibited 
by the high work hardening steels containing austenite of the lowest 
stability. This is revealed in Fig. 20 which shows that the toughness 
decreases to between 10 and 20 ft-lb when the nickel content of the steel 
is lowered to 1.5%. Chromium is not very critical in the range of 16 to 
18% although there appears to be some advantage in keeping the 
chromium in the neighborhood of 17%. 

Fig. 21 reveals the improvement in toughness in a 16.5% chro- 
mium—2.5% nickel steel gained from manganese. The improvement 
in toughness is undoubtedly due to the increase in the stability of the 
austenite since it will be recalled that manganese lowered the work 
hardening and greatly improved the room temperature tensile duc- 
tility of this steel. 

Fig. 22 shows the beneficial effect of lowering carbon and increas- 
ing nitrogen on toughness at —183 °C (—300°F). The lower tough- 
ness of the 0.10% carbon steels is believed to be due to a small amount 
of carbide precipitation occurring at the grain boundaries during cool- 
ing. The effect of carbide precipitation is to raise the M, temperature of 
the metal at the grain boundaries. 
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Fig. 21—Effect of Manganese on Izod Impact Toughness 
of 16.5% Chromium—2.5% Nickel Steels Containing 0.10% 
Carbon and 0.15% Nitrogen at—183 °C After Heating 15 
Minutes at 1075 °C and Air Cooling. 


The foregoing data show that steels falling within the ranges of 
16 to 18% chromium, 3.5 to 4.5% nickel, and 7 to 9% manganese pos- 


sess good toughness at low temperatures and should be suitable for 
applications requiring this characteristic. 


INFLUENCE OF TEMPERATURE ON IMPACT PROPERTIES 


The effect of exposure at temperatures between 538 and 815°C 
(1000 and 1500°F) on impact toughness at room temperature was in 











Table IV 
Izod Impact Values at Room Temperature After Exposure to Elevated Temperatures 
Heat Time, Temperature, °C 
No. Hours 538 593 650 704 760 815 
Sl 0 120 120 120 120 120 120 
4 120 120 111 106 112 115 
8 120 120 110 113 117 112 
16 120 120 116 105 110 108 
32 120 118 105 113 109 99 
64 120 102 91 112 91 82 
128 120 94 109 100 70 69 
256 120 99 82 90 72 76 
S2 0 120 120 120 120 120 120 
4 120 120 120 120 120 117 
8 120 120 117 119 118 112 
16 119 117 118 119 116 109 
32 120 120 120 116 112 105 
64 120 118 120 113 107 98 
128 119 120 116 100 82 79 
256 119 119 113 91 81 82 
Heat Composition, % 
No. Cr Ni Mn Si Cc N 
Sl 17.60 3.93 7.58 0.40 0.051 0.16 


S2 17.50 4.00 9.46 0.40 0.070 0.16 
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Fig. 22—-Effect of Carbon and Nitrogen on Izod Impact Toughness at—183 °C 
After Heating 15 Minutes at 1075 °C and Air Cooling. 


4 
Curve 1 0.08 Per Cent C—0.18% N Curve 2 0.10 Per Cent C—0.15% N 


vestigated since it is important to know what changes in mechanical 
properties occur when the steels are held at elevated temperature for 
extended periods. These tests were made on steels containing 17.5% 
chromium, 4% nickel, 7.5 and 9.5% manganese, 0.06% carbon, and 
0.15% nitrogen, hot-rolled to 54-inch diameter bars. Prior to exposure, 
the steels were solution-treated one hour at 1065°C (1950°F) and 
air-cooled. 

Table IV shows the changes in impact strength at room tempera- 
ture after aging for time periods up to 256 hours. The maximum effect 
of aging occurs at 760 and 815 °C (1400 and 1500 °F), but the impact 
values do not decrease significantly within the total time period investi- 
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Table V 


Mechanical Properties of %2-Inch Thick Plate Welds q 
By Yield % 
Nominal Condition Str. 0.2% Tensile Elong. Charpy Keyhole 
Heat Composition, % oO Offset Strength in % Impact Value, Ft.-Ib. 
No. Cr Ni Mn C* N* Metal Psi Psi 1%” R.A.Room Temp. —183 °C 
R922 17 3.5 7 0.05 0.14 <As-welded 67,200 112,700 45 43 52-59 14-18 
R922 7- 3.5 7 @28: G84 Bie) 54,500 109,000 55 54 58-59 26—43 
R923 17 3.55 9 0.05 0.13 As-welded 66,300 105,400 47 60 53-56 17-18 F 
R923 7 35 9 G0. 6.13: 3.24 53,600 100,000 57 65 54-55 40-43 
R924 17 4.5 7 0.053 0.15 As-welded 63,600 101,800 48 64 53-55 35—4( 
R924 17 4.5 7 0.053 0.15 §.H.T.(1) 47,200 95,400 60 66 65-66 43-5 : 


* Actual analysis 
(1) Heated %-hour at 1075 °C. 
and air-cooled 











gated. The 9.5% manganese steel shows a slight superiority over the 
7.5% manganese steel in retaining its impact toughness. 








WELDING CHARACTERISTICS 


Consideration must be given to welding in the development of a 
steel for structural purposes. Since joining by arc welding is one of the 
most extensively used procedures in the fabrication of structures, tensile 
and impact tests were conducted on inert gas arc-welded samples of a 
selected group of the steels. The welds were made in 14-inch thick plate, 
air-cooled from 1075°C (1965 °F) prior to welding, with electrodes 
of the same composition as the base metal. The tensile and Charpy im- 
pact tests were made on all-weld-metal specimens in the as-welded 
condition and after heat treatment at 1075 °C (1965 °F) and air cool- 
ing. The results of the tests and the nominal compositions of the steels 
are shown in Table V. 

The weld metal possessed high yield and tensile strength coupled 
with good ductility in the as-welded condition, indicating high quality 
weld metal relatively free of fissuring. Solution treating at 1075 °C 
(1965 °F) lowered the yield strength about 20% and raised the elonga- 
tion about the same amount. 

At room temperature, the Charpy impact values ranged between 
52 and 59 ft-lb in the as-welded condition and between 58 and 66 ft-lb 
in the solution-treated condition. At —183 °C (—300°F), the impact 
values of the welds containing 3.5% nickel fell to between 14 and 18 
ft-lb in the as-welded condition. Increasing the nickel content to 4.5% 
raised the impact value at —183°C (—300°F) to between 35 and 
40 ft-lb in the as-welded condition. The toughness of the 3.5% nickel 
steel welds was considerably improved at —183 °C (—300°F) by solu- 
tion treating at 1075 °C (1965°F), particularly when the manganese 
content was increased to 9%. 

It is apparent from these tests that steels containing 17% chro- 
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Fig. 23—Boiling 65% Nitric Acid Corrosion Tests. 18% 
Chromium, 0.05 to 0.08% Carbon, and 0.12 to 0.15% Nitrogen. 


mium, 3.5 to 4.5% nickel, and 6 to 9% manganese possess adequate 
weldability for all types of practical applications. 


CORROSION RESISTANCE 


The general corrosion resistance of the chromium-manganese- 
nickel steels was investigated. It is recognized that actual service tests 
ire the most satisfactory means of determining the suitability of a steel 
tor a given environment, but at least laboratory data serve to indicate 
the relative resistance of a steel in different types of environments. 

The steels were tested in boiling 65% nitric acid for five periods of 
{8 hours each and in air-free 10% sulphuric acid at 70°C (158 °F) for 
2 periods of 16 hours each. The former acid represents strongly oxidiz- 
ing acid conditions toward which the stainless steels containing 16% 
or more chromium are usually extremely resistant. The second solu- 
tion represents a nonoxidizing acid environment. Nickel is the chief 
element in the stainless steels imparting resistance to nonoxidizing 
acids. Usually, the stainless steels are not suited for such environments 
except where the concentration or temperature is low, as they destroy 
the passivity of the steel. Tests in dilute sulphuric acid are helpful, how- 
ever, in showing the influence of composition on the resistance of the 
steel to reducing acid conditions. 

In Fig. 23, the average corrosion rate in boiling 65% nitric acid, 
expressed as mils per month, is shown for several of the 18% chromium 
steels. Other factors being the same, resistance to nitric acid decreases 
with lowering the nickel and remains essentially unchanged over the 
range of 2 to 14%. manganese at any given concentration of nickel. 
Despite some slight loss of resistance to nitric acid as the nickel content 
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Fig. 24—Air-Free 10% Sulphuric Acid at 70 °C Corrosion 
Tests. 18% Chromium, 0.05 to 0.08% carbon, and 0.12 to 0.15% 
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Corrosion Test Results 
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is lowered, the steels modified with manganese and nitrogen are prob- 
ably suitable for resisting this acid over a wide range of concentrations 
and temperatures. 

The effect of dilute sulphuric acid at 70°C (158 °F) is summar- 
ized in Fig. 24. The corrosion rate increased approximately tenfold 
when nickel was lowered from 9 to 2%, and although it did not offset 
this loss, manganese in the range of 1 to 14% was not detrimental to 
corrosion resistance in this acid. 

Table VI summarizes the results of similar tests on steels con- 
taining 16,17, and 18% chromium. This phase of the investigation was 
limited to steels containing 3.5 and 4.5% nickel, 7 and 9% manganese, 
0.06 and 0.10% carbon, and 0.15 and 0.18% nitrogen, heated fifteen 
minutes at 1075°C (1965°F) and air-cooled after hot rolling to 
'4-inch plate. 

These data show that the 16% chromium steels are somewhat less 
resistant to boiling 65% nitric acid than similar steels containing 17 or 
18% chromium, but in the range of 16 to 18%, lowering chromium 

ias relatively no effect on the resistance of the steels to reducing acid 
onditions. 

It is clearly seen in all these tests that manganese has little or no 
‘fect on the corrosion resistance of the steels in oxidizing or reducing 
ids. Lowering chromium to 16% reduces the resistance of the steel 
) nitric acid somewhat but not to dilute sulphuric acid. 


INTERGRANULAR CoRROSION TESTS 


The strong austenitizing power of carbon and nitrogen in aus- 
nitic chromium-manganese-nickel steels has been discussed. The use 
' carbon for this purpose involves disadvantages since chromium car- 
de precipitation can destroy the excellent corrosion resistance of these 
eels. The presence of carbide precipitation is undesirable in steels to 
used at low temperatures because of the detrimental effect chromium 
irbide precipitation may have on impact toughness. Also, the corrosion 
esisting properties of the austenitic chromium-manganese-nickel steels 
innot be properly judged without including data on the influence of 

carbide precipitation. 

Steels containing 0.06 and 0.10% carbon were selected for this 
study. The nitrogen content of the 0.06% carbon steel was placed at 
0.18% and that of the 0.10% carbon steels at 0.15%. The aging treat- 
ments employed were twenty minutes at 650°C (1200°F) and two 
hours at 550 °C (1020 °F). The results of the third period of 48 hours 
in boiling 65% nitric are recorded in Table VI which shows that the pre- 
cipitation of carbides resulted in an increase in corrosion rate at 650°C 
(1200°F) but not at 550°C (1020°F). It further shows that the 
lowering of carbon to 0.06% produced a marked improvement in re- 
sistance to intergranular corrosion. 
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The relatively insignificant effect of 0.15 to 0.18% nitrogen in the 
steels, as compared with that of carbon, is in agreement with previous 
experience which has shown that the precipitation of chromium nitrides 
is not so detrimental to corrosion resistance as the precipitation of 
chromium carbides. 

Although carbon and nitrogen are effective austenite formers and 
stabilizers, it is evident that low carbon steels utilizing nitrogen are pre- 
ferred to those containing higher carbon for stainless steel applications 
involving corrosive atmospheres and solutions. 


SUMMARY 


The structural constitution of high nitrogen (0.15% ), chromium- 
manganese-nickel steels containing about 0.10% carbon has been de- 
termined at chromium levels of 12,14,15,16,17, and 18%. with 0 to 22% 
manganese, and 0 to 14% nickel to determine the influence of chro- 
mium, manganese, and nickel on austenite formation. 

The austenitic region is greatly restricted by increasing the chro- 
mium content and expanded by raising the nickel content. Manganese 
in excess of 8% tends to enlarge the delta ferrite-austenite region at 
chromium levels in excess of 15%. The latter is the maximum chro- 
mium content in which a fully austenitic structure can be produced with 
manganese alone. 

An increase in austenite stability takes place with an increase in 
manganese in steels containing 15% or more chromium. But contrary 
to expectations the austenite forming capacity of manganese is weak, 
as it acts primarily as an austenite stabilizer rather than as an austenite 
former in the relatively low carbon steels of this type. 

Both nitrogen and carbon generally expand the austenitic regio1 
in steels falling within the above composition range, and they are mor: 
potent in this respect than nickel. Of the two, carbon is somewhat th: 
stronger. 

The formation of a fully austenitic structure in the cast conditio: 
in steels of the above composition range requires greater amounts 0! 
nickel and nitrogen than in the hot-worked condition. The homogeniz 
ing action of hot working is probably responsible for the difference 
Since the presence of too much delta ferrite may cause hot working diff 
culties, the composition of the steel must be adjusted to ensure a sub 
stantially austenitic structure in the cast condition. 

Steels within this category are those containing 16 to 17.5% chro- 
mium, 3.5 to 4.5% nickel, 7 to 9% manganese, 0.06 to 0.10% carbon, 
and 0.12 to 0.18% nitrogen, and ingots of the steels should exhibit good 
hot working characteristics if their initial temperature is kept at a 
maximum of 1225 °C (2235 °F). 

The latter steels have good mechanical properties in the hot- 
worked, solution-treated condition. A solution treating temperature of 
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about 1075 °C (1965°F) has been found suitable for imparting high 
ductility and toughness, and in this condition, the mechanical properties 
of the steels are comparable to those of the austenitic chromium-nickel 
steels. The work hardening properties of the chromium-manganese- 
nickel steels containing nitrogen are intermediate between those of the 
17% chromium—7 % nickel and the 18% chromium—9% nickel steels. 

The steels have good welding characteristics, and welds made in 
them have high toughness both at room and subzero temperatures. The 
stabilizing influence of manganese on the austenitic constituent is par- 
ticularly helpful in retarding notch sensitivity at the low temperatures. 

The general corrosion resistance of the steels in oxidizing solutions 
and atmospheres is comparable to that of the 17% chromium—7/% 
nickel steel. As would be expected, chromium-manganese-nickel steels 
containing up to 0.08% carbon are more resistant to intergranular at- 
tack than similar steels of higher carbon content. 
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DISCUSSION 


Written Discussion: By J. M. Bates, Carbide and Carbon Chemicals Co., 
South Charleston, W. Va. 

I feel sure that the users of the stainless steels owe a great deal to the 
authors of this paper for presenting in such clear and concise form a large 
amount of significant data on the properties of the chromium-nickel-manganese 
stainless steels containing nitrogen. If these steels are commercially accepted 
and properly used in applications where the corrosive resistance is sufficiently 
great, it seems that significant quantities of strategic nickel may be conserved. 

Several questions have been raised concerning this paper because of our 
interest in fabricating problems as well as the proper use of the stainless steels 
in the chemical industry. Since nitrogen is such a strong austenite former, has 
any work been done in further increasing the nitrogen content and decreasing the 
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nickel and/or manganese content of these steels to such a point that straight 
chromium austenitic steels may be produced? Would the authors anticipate that 
the properties of such steels would be attractive? Since the chromium-nickel- 
manganese stainless steels containing nitrogen are as susceptible to carbide 
precipitation as the regular grades of 18-8 stainless steels, has any work been 
done to determine the effect of columbium or titanium additions in preventing 
this precipitation? Would the addition of these alloying constituents appreciably 
affect the composition and mechanical properties of such steels? Would the 
lowering of the carbon content to 0.03% maximum to minimize carbide pre- 
cipitation require a major readjustment in the chemical composition of the 
alloys? 

A limited number of corrosion tests have been made by our laboratory in 
order to compare the corrosion resistant properties of these steels with that of 
the regular grades of 18-8 types 304 and 316 stainless steels. Samples have been 
exposed both in laboratory equipment and in plant equipment under actual op- 
erating conditions at random locations where it was thought that the stainless 
steels might be used successfully. These tests have indicated that in severely 
corrosive media the corrosion resistance of the chromium-nickel-manganese 
steels containing nitrogen is not as great as is that of the regular grades of stain- 
less steels. Under mildly to slightly corrosive conditions, however, the corrosion 
resistance of these steels compares favorably with that of the regular grades. As 
would be expected, the overall corrosion resistant properties of these alloys ap- 
proached more closely those of the type 304 stainless steel than those of the 
usually more corrosion resistant type 316 alloy. From the very limited data 
obtained so far it appears that these steels may have an important field of appli- 
cation in mild to slightly corrosive media but the greater corrosion resistance of 
the regular grades will still be required in highly corrosive environments. Tests 
are being continued in order that more data concerning the potential uses for 
this relatively new family of stainless steels may be obtained. 

Written Discussion: By Samuel J. Rosenberg, Metallurgist, National 
Bureau of Standards, Washington, D. C. 

It is fair to presume that many of the graphs given in this excellent paper 
will find their way into other articles and reviews concerned with stainless 
steels. Because of the predilection of some writers to reproduce such graphs with- 
out careful consideration of the conditions under which the originals were ob- 
tained, errors of fact frequently creep into the technical literature. In an effort 
to minimize such possibilities, it behooves the original researchers to present 
their data in such a manner that misinterpretation is impossible. 

The authors’ Fig. 10 is of particular interest, fixing, as it does, the austenite 
region of the various alloys as a function of chromium, nickel, and manganese. 
This austenite region, however, also is influenced by the carbon and nitrogen. 
By checking against some of the other figures, I believe that this graph applies 
to the alloys of 0.10 to 0.12% carbon and 0.08 to 0.15% nitrogen. This information 
should be incorporated in the legend and the austenite field should be labelled. 
The manganese, carbon and nitrogen levels also should be specified in Fig. 11. 
Apparently, these values are 9%, 0.10 to 0.12%, and 0.13 to 0.19%, respectively. 

Other figures that need attention are Fig. 13 (is the stress the tensile 
strength?) and Fig. 14, which apparently applies to the steels as heated 15 
minutes at 1075 °C and air-cooled. 

The authors specify that the Izod impact tests summarized in Table II were 
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made on specimens machined from ™%-inch diameter bars—an obvious impossibil- 
ity for standard size specimens. I hope that the authors were in error in respect 
to the size of the original bars so that the impact specimens were not subsize. 
This hope is strengthened by the fact that the impact tests reported in Table IV 
were made on specimens machined from 54-inch diameter bars. Incidentally, why 
did the authors change to Charpy keyhole specimens for the data given in Table V 
and thus make it impossible to make any comparisons with their other impact 
data? 

The authors state that they believe that the lower toughness of the 0.10% 
carbon steels was due to carbide precipitation at the grain boundaries. It is 
apparent that some metallographic examination should have been made to estab- 
lish the validity of this belief. 

The data presented in Table VI are of considerable interest and re- 
emphasize the deleterious effect of carbon on intergranular corrosion. It should 
be noted, however, that the sensitizing treatments used were relatively mild, such 
is might be encountered during fabrication. For evaluation of performance at 

levated temperatures, more severe sensitizing treatments should be used, such 
is several days exposure at 550°C. It is possible that after such a treatment all 
f the steels would have exhibited a high degree of susceptibility to intergranu- 
r corrosion, particularly if subjected to the boiling copper sulphate-sulphuric 
cid test. This possibility leads to the conjecture as to whether these steels could 
stabilized by the addition of titanium or columbium. In view of the high 
trogen contents, I imagine that considerably larger amounts of stabilizing 
‘ments would be required than would appear necessary from the carbon con- 
nts alone. This, in turn, might introduce problems in fabrication of the steels. 
he authors, having made such a notable contribution to the metallurgy of these 
w stainless steels, should be encouraged to study the possibilities of stabilizing 
ditions. 

Written Discussion: By D. J. Carney, chief development metallurgist, 
nited States Steel Corp., South Works, Chicago. 

The United States Steel Corporation has been conducting studies of many 
riations of austenitic chromium-manganese-nickel steels for the past six years. 
hese studies have been greatly intensified in the past three years. The prime 
ason for initiating these studies was, of course, to conserve nickel. This is 
ill an excellent objective since it appears that manganese and nitrogen will 
more plentiful than nickel in the future, particularly in view of the fact that, 

or many expanding applications, nickel is almost essential, while for many other 
applications such as architectural trim, pots, pans and silverware, nickel may 
not be necessary. It has been demonstrated even at the present time that in 
periods of emergency the supply of nickel is not adequate to meet the demand. 
(hus, it is an obligation of the steel producing and steel consuming industries to 
test and evaluate substitute stainless steels in those periods when nickel is more 
readily available so that we may be prepared for emergency restrictions, and for 
the years ahead when the world supply of nickel may not be adequate. 

In the recent work of the United States Steel Corporation, we have studied 
considerably wider variations in chemical composition than the steels reported 
by the present authors. We hope to publish results of our studies in the near 
future. However, our studies of steel compositions very similar to those re- 
ported by Franks, Binder and Thompson, confirm their observations. For ex- 
ample, we have observed the powerful influence of carbon and nitrogen on ex- 
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panding the austenite field at high temperatures and the slight tendency of 
manganese to narrow rather than to expand the austenite field at high tempera- 
tures. Manganese has been found, as the authors stated, to be an austenite stabi- 
lizer and not an austenite former in these steels. We have also confirmed certain 
portions of the phase diagrams given in Fig. 9 of the present paper. Further, the 
authors recommended, on the basis of their laboratory study, a steel containing 
0.06 to 0.10% carbon, 7.0 to 9.0% manganese, 3.5 to 4.5% nickel, 16.5 to 17.5% 
chromium and 0.12 to 0.18% nitrogen. Steels of this type have been produced 
on a commercial basis by the United States Steel Corporation and have been 
very successfully processed to sheet product. Other types of chromium- 
manganese-nickel-nitrogen steels have also recently been successfully produced 
in commercial quantities. We have found that, while there are certain problems 
in producing these new types of steels, these problems are not insurmountable. 

While our work and that of the Electro-Metallurgical Company was 
initially directed at developing substitute steels for AISI Types 301 and 302, 
our present data and the data given in the above paper suggest that these new 
chromium-manganese-nickel-nitrogen steels may be more than just substitutes, 
but actually may be better steels for certain applications. It is almost essential 
that the stainless steel consuming industry conduct as careful an evaluation of 
these new steels as has been conducted by certain of the steel producing com- 
panies. If cooperative effort is attained, it is not without the realm of possibility 
that a new series of useful austenitic stainless steels may be developed. 

We would like to ask the present authors if they have any information 
concerning the elevated temperature strength and oxidation resistance of the 
steels they recommend. We have observed that these steels with high nitroget 
have markedly superior high temperature tensile and creep rupture propertie: 
to those of 301,302 and 304, at least up to 1200°F. Further, such nitrogen 
additions in the order of 0.15 to 0.20% appear to enhance the room temperatur: 
ductility and the yield strength as much as 10 to 15,000 psi in the annealed con 
dition. 

Authors’ Reply 


The authors wish to thank the discussers for their interesting and con 
structive comments. It is very gratifying to know that the results of the studie 
made by the United States Steel Corporation are in good agreement with thos 
presented in the paper. Such confirmation strengthens the value of the in 
vestigation. That the commercial problems connected with the production « 
these steels have not been serious is also of extreme interest. 

We agree with Dr. D. J. Carney that the properties of the austeniti 
chromium-manganese-nickel steels are sufficiently different from the austenitic 
chromium-nickel steels that they deserve special consideration to avoid needless 
difficulties in their adoption. It is believed that these steels will find wide use in 
structural parts operating at room temperature and at elevated temperatures, 
since they possess interesting creep-rupture properties at elevated temperatures 
and high yield strength coupled with good ductility at room temperature. 

Data on the elevated temperature properties of the steels falling within the 
recommended ranges are given in Figs. 25 and 26. The tests were conducted on 
14-inch diameter tensile specimens machined from 14-inch diameter hot-rolled bar 
stock solution heat treated 1 hour at 1960 °F. and air-cooled. Prior to stressing, 
the specimens were heated %4 hour at the test temperature. 
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As shown in Figs. 27 and 28, the stress-rupture strength of the steels is 
comparable to that of Type 347 steel in the range 1200 to 1500 °F and is higher 
than that of Type 304 steel. The marked influence of nitrogen on elevated tem- 
perature is apparent from these data. No evidence of serious loss of ductility at 
fracture was observed after prolonged exposure to stress (see Figs. 25 and 26), 
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and subsequent metallographic examination did not reveal any major change in 
microstructure forewarning embrittlement. 

Since good surface stability is required for service at elevated temperature, 
some consideration also was given to the oxidation resistance of the austenitic 
chromium-manganese-nickel steels. The oxidation tests were conducted in ai: 
for a continuous period of 144 hours. Descaling was accomplished by light sand 
blasting. The oxidation specimens were cylindrical in shape and were 1 inch 
in diameter by 1% inches long. 

Table VII summarizes the results of the oxidation tests. At 1350 °F, the 
oxidation resistance of the chromium-manganese-nickel steels is comparable to 
that of Types 301,304, and 347 steels but is lower at 1550 and 1750 °F. Metal- 
lographic examination indicated that the steels have a high order of intergranular 
oxidation resistance up to 1500 °F. Increasing the manganese content from 7.5 
to 9.5% improves oxidation resistance at 1750 °F. 

In reply to Mr. Bates’ comments, the formation of a fully austenitic 
chromium-manganese steel without the use of nickel is feasible and has been 
demonstrated in the Laboratories. Such steels require somewhat higher man- 
ganese and nitrogen than those described in the paper. It is anticipated that such 
steels will be useful for structural parts operating at normal and elevated tem- 
perature strength; however, further work will be required before the full possi- 
bilities of these steels are known. 
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The conjecture raised by both Messrs. Bates and Rosenberg, whether these 
steels could be stabilized by the addition of titanium or columbium so as to im- 
prove their resistance to intergranular corrosion, has received some considera- 
tion. The tests made at the Electro Metallurgical Company Laboratories show 
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that the addition of these elements significantly improves the resistance of the 
steels to such attack. The steels require somewhat larger proportions of the 
stabilizing elements than indicated by the carbon content alone due to the fact 
that the stabilizing elements combine with nitrogen as well as carbon. The 
formation of carbides and nitrides of columbium and titanium, however, un- 
balances the structure of the steels, and they contain delta ferrite. The formation 
of delta ferrite may cause hot working difficulties under commercial conditions 
and constitute a disadvantage. The transformation of the delta ferrite to sigma 
during subsequent heat treatment also may be detrimental to corrosion resistance 
and toughness. To avoid the formation of delta ferrite, it is necessary to increase 
the nickel content. The lowering of carbon to 0.03% maximum to minimize 
carbide precipitation also causes delta ferrite formation unless a readjustment of 
chemical composition is made. 

The results of the corrosion tests being conducted by Mr. J. M. Bates will 
be of considerable interest and value to the consumer, and it is hoped that the 
results will be published when completed. It is quite apparent that these steels 
can be improperly applied if they are considered substitutes for the austenitic 
chromium-nickel steels. It is hoped that in the development of these new steels 
their inherent properties will be recognized and that they will not necessarily 
be considered as substitutes. 

In reply to Mr. Rosenberg, it is customary to express the toughness of 
weld metal in terms of Charpy keyhole notch values, and we were simply fol- 
lowing custom. While direct comparison with the base metal is impossible, the 
data show that the toughness of the austenitic 17% chromium—3.5 to 4.5% 
nickel—6 to 9% manganese steels weld metal is comparable to that of 18-8 
steel weld metal. 

In regard to the toughness of the 0.10% carbon steels at low temperatures, 
no attempt was made metallographically to establish the validity of our postu- 
lation that the low toughness was due to carbide precipitation at the grain 
boundaries since previous experience had shown that the high carbon steels in 
the form of relatively heavy sections are prone to show susceptibility to inter- 
granular corrosion when air-cooled from the solution heat treating temperature 
range and that rapid cooling of the steels eliminates the susceptibility and im- 
proves their low temperature toughness. 

The data presented in Table VI of the paper were intended to show the 
probable intergranular corrosion susceptibility that might be encountered during 
fabrication. They should not be interpreted to show that the low carbon steels 
would be resistant to such attack after longer periods of exposure at elevated 
temperature. The time of exposure to elevated temperatures of the low carbon 
steels is subject to the same limitations as those for unstabilized 18-8 steels of 
similar carbon content. 





THE EFFECT OF DEFORMATION ON THE MARTEN- 
SITIC TRANSFORMATION IN AUSTENITIC 
STAINLESS STEELS 


By H. C. Frepter, B. L. AVERBACH AND Morris COHEN 


Abstract 


The martensitic transformation in austenitic stainless 
steels on cooling and on deformation was investigated in 18-8 
alloys containing 0.006 to 0.127% carbon. The M, tempera- 
ture is found to decrease markedly with increasing carbon 
content, and the isothermal formation of martensite is ob- 
served on holding at subzero temperatures. The amount of 
martensite produced by plastic tensile strain increases as the 
temperature of deformation is lowered. Small amounts of 
plastic strain in the austenite have a stimulating effect on 
the subsequent transformation during cooling ; the maximum 
stimulation is attained after elongations of 2-4%. Mechanical 
stabilization of the austenite, or even complete suppression of 
the martensitic transformation during subsequent cooling, 1s 
achieved by larger plastic strains. 


INTRODUCTION 


-YTAINLESS steels of the 18% chromium, 8% nickel type are nor- 
S mally austenitic at room temperature. A portion of the austenite 
‘an, however, be transformed to martensite by plastic deformation un- 
ler suitable conditions of temperature and strain. Numerous investi- 
gators have been concerned with the mechanical properties of these 
steels and with an evaluation of such variables as the temperature of 
deformation (1—4),! the composition of the alloy (5-9), the composi- 
tion and temperature of deformation (10,11), and the rate of deforma- 
tion (12). There is general agreement that unusually high strength 
properties are produced at subatmospheric temperatures and that these 
properties are associated with the presence of a magnetic phase, re- 
ferred to either as ferrite or martensite. 

Krivobok and Talbot (13) and Ziegler and Brace (14) have 


' The figures appearing in parentheses pertain to the references appended to this paper. 
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demonstrated that austenitic stainless steels mechanically worked at 
liquid nitrogen temperature exhibit greater strengthening and harden- 
ing compared to steels worked at room temperature. The latter investi- 
gators also fixed the composition limits within the iron-chromium- 
nickel ternary system which displayed the most pronounced effects. 
Starr, Reporter and Dorn (15) determined the relative amount of 
martensite by magnetic measurements as a function of plastic strain 
over a range of temperatures. While their data indicated that the Mg 
(the temperature above which martensite is not formed by plastic de- 
formation) lies below room temperature, severe reduction in thick- 
ness by rolling at room temperature did produce martensite, from which 
it was concluded that a “plastic critical point” does not exist. 

Little has been reported on the martensitic transformation in 18-8 
stainless steels which transform during cooling, inasmuch as the com- 
mercial materials remain austenitic down to at least liquid nitrogen tem- 
perature in the absence of strain. Uhlig (16) demonstrated the influence 
of nitrogen on the transformation in high purity carbon-free alloys. 
Eichelman and Hull (17) have evaluated the effect of chromium, nickel, 
manganese, silicon and carbon plus nitrogen on the M,. Smith, Wycke 
and Gorr (18) utilized the martensitic transformation in hardening 
steel containing both titanium and aluminum. The kinetics of the iso- 
thermal formation of martensite in a 14% chromium, 9% nickel alloy 
have been reported by Kulin and Speich (19). 

The work reported here was undertaken with the object of acquir- 
ing some understanding of: (a) the characteristics of the martensitic 
transformation in high purity alloys of the 18-8 type which transform 
spontaneously on cooling, and (b) the effect of plastic deformation on 
the transformation in these alloys both during the deformation and 
during subsequent cooling to subatmospheric temperatures. 


MATERIALS AND PROCEDURE 


The alloys used in this investigation are listed in Table I, and 
except for the commercial alloy, will be designated by their carbon con- 
tents. The first four are high purity alloys prepared by the Vacuum 
Metals Corporation, using vacuum melting and casting methods. The 
last alloy is 304 ELC (extra low carbon grade) ; however, the nickel 
content is somewhat lower than ts typical for this material. 





Table I 
Composition of Alloys 
¢ N Cr Ni Mn Si Mo 0 
0.127 0.0004 19.76 8.06 0.003 —- -— 0.028 
0.058 0.0002 18.50 8.48 —- -- --- 0.056 
0.016 0.0001 18.60 8.42 — — -- 0.045 
0.006 0.0011 18.09 8.33 _ -- 0.031 


0.04* 0.020 18.5 9.1 0.56 0.59 0.20 
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After being reduced to 0.04—0.06 inch diameter rods by swaging, 
samples were sealed in evacuated Vycor tubes and austenitized for 
20 minutes at 1090°C (1995 °F). The tubes were quenched into oil 
and broken beneath the surface. The heat treatment produced an 
ASTM No. 3 grain size in the high purity alloys and No. 5 in the 304 
ELC steel. It was found unnecessary to stress relieve the samples to 
obtain reproducible results. Usually a surface layer of 0.001—0.003 inch 
was removed by electropolishing. 

Changes in electrical resistance were found to give a satisfactory 
measure of the inception and the amount of the transformation, with 
the formation of martensite producing an increase in resistance. The M, 
was determined by a deviation in the linear relationship between re- 
sistance and temperature on cooling. A Kelvin double bridge was used 
to measure resistance values to four significant figures on specimens 
which were two inches long. 

The relationship between the amount of martensite and the per- 
cent increase in resistance as compared to the austenitic state was de- 
termined from room temperature down to —195°C (—317°F) as 
follows: (a) Lattice parameter measurements were made of the aus- 
tenite and martensite, and from these values the specific volumes of the 
two phases at room temperature were calculated. The lattice parameters 
were 3.588 and 2.870 x 10° cm for the austenite and martensite, re- 
spectively, and the specific volumes were 0.1256? and 0.1286 cm ® per 
sram. (b) The change in resistance at room temperature of samples 
).25 inch diameter was compared to the change in density as the amount 
‘{ martensite was increased by cooling below My. (c) The percent in- 
‘rease in resistance at various temperatures below room temperature 
vas compared to the increase at room temperature for the same change 
in amount of martensite. 

A linear relationship was found between the percent increase in 
esistance at 20 °C and the percent martensite as determined by density 
neasurements; the formation of 2.1% martensite increased the re- 
sistance 1%. From a consideration of the accuracy of the lattice para- 
meter and specific volume measurements, this relationship is believed 
accurate to +0.1% martensite. The percent increase in resistance per 
percent martensite as measured at temperatures from 20 to —195 °C 
(68 to —317 °F) is shown in Fig. 1. The sensitivity of the bridge and 
galvanometer was such that a relative change of 0.1% in the amount 
of martensite could readily be detected. All resistance measurements 
were made in agitated liquid baths. Alcohol cooled by powdered dry ice 
was used down to —75 °C (—103 °F), and a mixture of 75% petro- 
leum ether and 25% methyl cyclohexane from —75°C to —150°C 
(—103 to —238°F). 


2 The peaie volume of the austenite was also measured directly and this value (0.1257) 
checked with that calculated from the lattice parameters. 
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Wire samples 0.04 inch in diameter were conveniently elongated 
up to 45% by a lever device. The load was measured with a spring scale, 
and the strain was obtained from the change in length between gage 
marks scratched in drops of solder two inches apart. 

Electropolishing and electroetching were performed in a solution 
of 25 gram of chromium oxide, 133 milliliters of glacial acetic acid and 
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Fig. 1—The % Increase in Resistance Per Per Cent of Martensite 
Formed Between 20 and — 195 °C. 


/ milliliters of water (23). A current density between 1.5 and 1.9 
amperes per square inch for polishing and between 0.3 and 0.4 amperes 
per square inch for etching gave good results. 


RESULTS AND DISCUSSION 


The Transformation in Undeformed Austenite 


Table II compares the M, as determined by resistance measure- 
ments and as calculated from the equation of Eichelman and Hull (17) 
relating M, and composition. The range of values shown for the meas- 
ured M, temperature of each alloy is believed to result from slight dif- 
ferences in composition. However, samples from the same length of 
forged bar usually had M, temperatures within a few degrees of one 
another. The M, values of the 0.058% carbon and 0.016% carbon 
alloys, which are nearly matched in chromium and nickel, indicate the 


‘Table Il 








Comparison of Measured and Calculated Values of Ms 

Alloy Measured Ms, °C Calculated {} Ms, °C 
0.127C <—195 —227 

0.058C —45 to —60 —8l 

0.016C 0 to —20 —9 

0.006C +3 to +10* +33 
304ELC <—195 —170 


7 From the equation of Eichelman and Hull ©” 
* These Ms values are uncertain because the as quenched 0.006 C alloy was slightly ferro- 
magnetic at room temperature prior to the subatmospheric cooling. 
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Fig. 2—Upper: Martensite in 0.058% Carbon Formed by Cool- 
ing to —195 °C for 15 Seconds. X 150 Lower: Surface markings on 
electropolished and electroetched sample of 0.058% carbon after 
cooling to —195 °C. Oblique illumination. X 500 
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Fig. 3—-The Isothermal Formation of Martensite in the 0.006% Carbon Steel 
at the Temperatures Indicated. Each specimen was first quenched to —195 °C for 20 
seconds. At “zero’’ time there was between 27 and 34% martensite present as a 
result of the first quench. 
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Fig. 4+—The Isothermal Formation of Martensite in (a) 0.016% Carbon and 
(b) 0.058% Carbon at the Temperatures Indicated. Each specimen was first quenched 
to —195 °C for 20 seconds. At “zero” time there was between 12 and 14% martensite 
present in the 0.016% carbon alloy and between 3 and 4% in the 0.058% carbon alloy 
as a result of the first quench. 
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strong influence of carbon content on the transformation. The M, is 
lowered approximately 10 °C for each 0.01% carbon. 

The nature of the martensitic product in these alloys is shown in 
Fig. 2 for the 0.058 C alloy after cooling to —195 °C (—317 °F). The 
lath-shaped plates usually extend entirely across the grains, being ter- 
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Fig. 5—The Amount of Martensite Produced in 0.016% Carbon by Plastic 
Deformation at the Temperatures Indicated. 


minated by twins or grain boundaries. Although the narrow plates are 
predominant, chevron-shaped plates are sometimes seen at twin bound- 
aries. The surface upheavals produced by the transformations are 
clearly illustrated in Fig. 2b. The hardness of the plates, as measured 
with a Tukon Tester equipped with a Knoop indentor and loaded with 
100 gram, was 310 as compared to 210 for the austenite. 

The isothermal transformation in the 0.006, 0.016 and 0.058% 
carbon alloys was measured during a period of one hour and are 
shown in Figs. 3 and.4. All the samples were first prequenched to 
-~195 °C (—317 °F) for 20 seconds and then upquenched to the hold- 
ing temperatures. As a result of the prequench, at “zero” time there was 
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Fig. 6—The Amount of Martensite Produced in 0.058% Carbon by 
Plastic Deformation at the Temperatures Indicated. 


between 3 and 4% martensite present in the 0.058% carbon alloy, b: 
tween 12 and 14% in the 0.016% carbon alloy, and between 27 an 
34% (exclusive of what may already have been present prior to tli 
prequench) in the 0.006% carbon alloy. The amount of martensite 
formed during the prequench is small as compared to that in other iron 
base alloys with similar M, temperatures. The maximum initial trans- 
formation rate occurs at --195°C (—317°F) (the lowest tempera- 
ture studied) for each of the three alloys. It is possible that the initial 
transformation rate would eventually decrease at some lower tem- 
perature. 

The initial transformation rates are of the order 107% marten- 
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Fig. 7—The Amount of Martensite Produced in 0.127% Carbon by Plastic 
Deformation at the Temperatures Indicated. 


ite/second in the 0.058 and 0.016% carbon alloys, and 10'% marten- 
site/second in the 0.006% carbon alloy. Zanardi (20) found a maxi- 
mum initial rate of the order 107 at —120°C (—184°F) in a high 
chromium steel, and Machlin (21) found a maximum initial transfor- 
mation rate of the order 10° at —120°C (—184 °F) in an iron-nickel 


alloy. In all these instances, athermal martensite was present prior to 
the isothermal transformation. 


The Transformation During Deformation 


The amount of martensite produced during deformation as a func- 
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Fig. 8—The Amount of Martensite Produced in 304 Extra Low Carbon j 
Grade by Plastic Deformation at the Temperatures Indicated. : 


tion of elongation for a range of deformation temperatures is presente« 
in Figs. 5,6,7,8. The quantity of martensite increases as the strain is 
increased and as the temperature of straining is lowered. The relative 
strain sensitivity among the alloys is consistent with their M, tempera 
tures and with the extent of martensitic transformation during cooling 
to —195 °C (—317 °F). The 0.127% carbon alloy and the 304 ELC 
steel are nearly identical in their sensitivity to strain in forming marten- 
site. 
Fig. 9 was derived from Fig. 5 to illustrate the percent martensite 
in the 0.058% carbon alloy as a function of temperature of deformation 
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Fig. 9—The Amount of Martensite Produced During Deformation of 


0.058% Carbon as a Function of Temperature for 10, 20, 30 and 40% Elonga- 
tion. 


for 10,20,30 and 40% elongation. Similar curves were obtained for 
the other alloys but are not shown here. The curves extrapolate to zero 
percent martensite in the vicinity of 80,75,25 and 30°C for the 0.016, 
0.058, 0.127% carbon and 304 ELC alloys, respectively. These tempera- 
tures appear to*be considerably less sensitive to composition than are 
the M, temperatures. 

Mg is defined as the temperature above which the martensitic trans- 
formation cannot be induced by deformation. The concept of an Mg 
arises from Scheil’s (22) view that the martensitic transformation and 
slip are competing mechanisms of yielding under stress, each having 
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ig. 10—Martensite in 0.058% Carbon Produced by Deformation at 20 °C. Oblique 
illumination. X 500 (A) Elongated 6%; 4% martensite. (B) Elongated 10%; 8% martens 
ite. (C) Elongated 25%; 26% martensite. (D) Elongated 35%; 56% martensite. 
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Fig. 11—The Amount of Martensite Formed by First 
Elongating at 93°C and then Cooling to —195 °C for 15 
Seconds. No martensite was formed during the elongation. 


haracteristic dependence upon temperature. The maximum deforma- 

n of 40% elongation employed in this investigation was insufficient 

to ascertain the Mg temperatures. For example, although the elongation 

experiments indicated that no martensite is produced in the 0.127% 

carbon alloy by strains up to 40% elongation at temperatures above 

25 °C, cutting a wire sample at 100°C caused the cut edges to be mag- 

netic. Thus, the extrapolated temperature cited above should not be 
construed as Mg temperatures in the general sense. 

Photomicrographs of the 0.058% carbon alloy elongated between 

6 and 35% at 20°C are shown in Fig. 10. The number but not the 

width of the plates increases with deformation. Observation under the 

microscope indicated that up to and including 25% elongation some 

whole grains or twins within a grain exhibit no evidence of transforma- 
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Fig. 12—The Effect of Plastic Deformation at 
93 °C on the Formation of Martensite for the 0.058% i 
Carbon Steel. The % elongations are shown at the left 
of the curves. 


tion. Apparently such orientations were highly unfavorable for slip : 
transformation or both. 


Effect of Plastic Strain on Subsequent Transformation 


It is found that small plastic strains favor whereas larger strai 
hinder the subsequent transformation on cooling. Within limits, the 
effects of plastic strain become more potent as the temperature of strai 
ing is increased and are greatest for temperatures at which no marté . 
site forms during the deformation. 

The influence of plastic deformation at 93°C on the amount 
martensite formed during cooling to liquid nitrogen temperature |: ; 
shown in Fig. 11, while the effect of plastic deformation on the range . 
curve of the 0.058% carbon alloy is given in Fig. 12. M, in the 0.058‘ 
carbon alloy is raised about 8 °C by 2% elongation and then decreases 
almost linearly with strain up to 11% elongation. The amount of 
martensite formed on quenching below M, is a maximum after 24% 
elongation. The transformation on cooling is completely suppressed 
after 16% or more elongation. The 0.016% carbon alloy strained at 
93°C also exhibits maximum stimulation on cooling after 2-4% elon- 
gation. However, approximately 40% elongation is necessary to cause 
complete inhibition of the cooling transformation. 

The photomicrographs in Fig. 13 a,b,c,d depict the change in the 
martensite which appears on cooling. With increasing deformation, the 
plates appear to broaden as the result of many parallel plates forming 
close together, and the plates are more likely to terminate short of a 
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Fig. 13—Martensite in 0.058% Carbon Formed by Cooling to —195 °C. for 15 Seconds 


After Deforming at 93 °C. Oblique illumination. 500. (A) 2.8% elongation; 19.0% 


martensite. (B) 4.7% elongation; 19.7% martensite. (C) 10.0% elongation; 6.0% martens- 
ite. (D) 16.0% elongation; no martensite. 
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Fig. 14—The Effect of Plastic Deformation at 93 °C on the Isothermal Trans- 
formation in 0.058% Carbon Steel at —195 °C. The % elongations are shown at the 
right of the curves. The amounts of martensite present at ‘“‘zero’”’ time are shown in 

ig. 11. 


grain or twin boundary. Although Fig. 13d shows some roughening oi 
the surface, there was no change in resistance after cooling to —195 °C 
and thus no martensite formation. 

The isothermal transformation is similarly affected. Samples « 
the 0.058% carbon alloy were elongated between 0 and 15% at 93 °( 
and cooled to —195 °C. As can be seen in Fig. 14, small amounts of def 
ormation favor and larger amounts hinder the isothermal transforma 
tion, with the stimulation reaching a peak at 24% elongation. Samp: 
elongated 2.5—3.0%, prequenched to —195°C (—317°F), and hel 
at temperatures between —195 and —70° C (—317 and —94 °F) hav: 
a maximum transformation rate at —195 °C (—317 °F), as do the un 
deformed samples. 

The stimulating effect of plastic strain may be attributed to: (a 
the formation of strain embryos during the deformation from whic! 
the martensite is nucleated, and (b) the introduction of residual stresse« 
which promote the transformation by raising the free energy of th: 
embryos. The potency of residual stresses may be demonstrated b) 
straining samples in elastic tension. Stressing at 10,000 psi raises the 
M, by 4°C, and 15,000 psi raises the M, by 10°C. 

These “acceleration” phenomena are also characteristic of nuclea 
tion and growth reactions which occur more rapidly in cold worked 
than in annealed materials. However, the opposite effects due to greater 
amounts of plastic deformation would not normally be expected with 
nucleation and growth reactions. On the other hand, “mechanical stabi- 
lization” as a result of plastic deformation is well known in the case of 
martensitic transformations. 
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The usual explanation given for mechanical stabilization originated 
with Scheil (22) who presented metallographic evidence that slip or 
deformation bands act as barriers in limiting the size of the plates that 
can form. However, it was observed in the present work that marten- 
sitic plates in deformed specimens frequently stop short of any detect- 
able obstruction. This suggests that mechanical stabilization may be 
related to the distortion or to the substructure existing in the cold- 
worked austenite. Possibly the propagating mechanism which depends 
upon precise cooperative displacements tends to become clogged in a 
severely distorted lattice. 

It was thought that the role of the fine distorted structure, as com- 
pared to gross slip or deformation bands, in hindering transformation 
on cooling could be pointed up by annealing experiments below the 
recrystallization temperature. Such a heat treatment would not be ex- 

ected to disturb the configuration of the slip and deformation bands, 
ut the local distortions and the substructure might be altered. It was 
ound that the transformation was restored in the 0.058% carbon 
lloy elongated 16 to 19% by heat treating for one hour at 650°C 
1200 °F) or higher (the recrystallization temperature being approxi- 
ately 925°C). However, carbide precipitation occurred in the same 
‘mperature range, and it was thus impossible to determine unambigu- 
usly whether the restoration was due solely to structural changes in 
1e austenite or to changes in the chemistry of the austenite. The trans- 
mation was also restored in deformed samples of the 0.016% carbon 
lloy, but carbide precipitation also occurred in the same temperature 
inge. 
SUMMARY AND CONCLUSIONS 

The martensitic transformation has been investigated in four high 

urity alloys of the 18-8 type and one commercial alloy, 304 ELC. The 
irbon contents of the high purity alloys ranged from 0.127 down to 
006% carbon. The following conclusions can be drawn: 

(a). The M, is highly sensitive to the carbon content ; each 0.01% 
-arbon lowers M, approximately 10 °C. The M, of 0.127% carbon and 
104 ELC is below —195°C (—317 °F). 

(b). The amount of martensite which forms isothermally is 
greater and the initial transformation rate is higher, the lower the car- 
bon content. The isothermal transformation rate is, however, in each 
case most rapid at —195°C (—317°F), the lowest temperature 
studied. | 

(c). The amount of martensite produced by plastic tensile strain 
is increased as the temperature of deformation is lowered and as the 

amount of deformation is increased. 

(d). Small amounts of plastic strain have a stimulating effect on 
subsequent transformation during cooling. Maximum stimulation is 
achieved by elongations of 2-4%. 
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(e). Mechanical stabilization, or complete suppression of the 
transformation during cooling, can be achieved by large elongations. In- 
creasing amounts of deformation are required to achieve mechanical 
stabilization as the carbon content is decreased. It is suggested that this 
inhibiting effect of plastic strain is due to the distorted or subgrain 
structure of the deformed austenite which may interfere with the propa- 
gation of the martensite. 
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DISCUSSION 

Written Discussion: By B. J. Connolly, research manager, Engineering 
search Department, Billingham Division, Imperial Chemical 
nited, Billingham, England. 

The authors have demonstrated the powerful effect of carbon in causing a 
id change in the stability of austenite and this is confirmed in some work 
it we have done recently at Billingham. 

As part of a program to determine the subzero temperature mechanical 
perties of various metals, we have tested a number of chromium-nickel 
istenitic steels and the results obtained with three of these confirm the powerful 
ibilizing effect of carbon. Analyses of the steels were: 


Industries 


Type G Si Mn Cr Ni Mo Cu N 
18/8 0.10 0.21 0.80 17.9 8.6 0.16 0.22 0.03 
EI C 18/8 0.021 0.40 0.47 17.1 8.0 0.05 0.08 0.01 
ELC 18/10 0.022 0.48 0.49 17.4 10.2 0.05 0.06 0.01 


Soaking these steels for 4 hours at —195 °C (without any straining) produced 
some transformation of the austenite to martensite as judged by magnetic testing 
at room temperature after warming up from —195 °C; and the relative stabilities 
of the three austenites can be judged from the following figures : 

% Ferromagnetism 


After Soaking at —195 °C 


% Ferromagnetism (due to initial ferrite and 


Before Soaking at —195 °C 


transformed austenite 
Type (due to initial ferrite) (martensite) 
4, 2 45% 
ELC 18/10 Nil ; 


25% 


When the analyses of the three steels are compared, the effect of carbon on 
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austenite stability becomes evident, although it should be noted that the most 
stable austenite (18/8) also contains the higher nitrogen content which, of 
course, makes the austenite more stable. However, the ELC 18/10, even with its 
extra 2% nickel, is much less stable than the higher carbon steel. 

No precise figures are available for the amount of ferromagnetism induced 
by deformation at —195 °C but the heavily necked ends of the braken —195 °C 
tensile testpiece in the stable 18/8 were strongly magnetic at room temperature, 
and exhibited much martensite when examined microscopically. Other parts of 
the specimen not heavily deformed at the low temperature were nonmagnetic. 

The extreme stability of the more highly alloyed austenites was demon- 
strated in some further tensile tests which we did on 25/20 and 25/27 chromium- 
nickel steels. Neither of these steels showed any martensite at all, even at the 
fractured ends of the —195 °C testpiece which had necked considerably. 

It would be very interesting indeed if the authors could provide some in- 
formation on the amount of ferromagnetic phase present in their alloys initially. 
The 0.006 and 0.016% carbon alloys should contain an appreciable amount of 
ferrite in the initial fully softened condition, and it would be interesting to know 
what their microstructures were like. 

Written Discussion: By C. H. Shih, Department of Metallurgy, Massa 
chusetts Institute of Technology, Cambridge, Mass. 

Experimental results which have been obtained recently on studies of mar 
tensite formation in high manganese steels are quite similar to the data reporte: 
here on stainless steels. There has also been a report* that the M, temperatur: 
may be raised on the application of elastic tensile stress and additional evidenc: 
on this point has been obtained with manganese steels. Duplicate wire sample 
of one of these steels (0.78% carbon, 6.16% manganese) were plastically elo: 
gated various amounts in the same apparatus used by the authors. In one cas 
the sample was unloaded and immediately quenched to the normal M, tempera 
ture (—65 °C), while in the other case the sample was quenched to the san 
temperature with the load being maintained. Fig. 15 shows that more martensit 
was formed in the specimen quenched in the loaded condition than in the wu 
loaded condition. In the loaded condition, both elastic and plastic stresses wer 
affecting the martensitic transformation, whereas in the unloaded condition on! 
the plastic strain and residual elastic stresses were active. It is also evident tha 
the discrepancy between the loaded and unloaded samples increased as the plasti 
extension was increased. These samples were loaded at a series of temperature 
from room temperature down to —50 °C and Fig. 15 also shows that the lowe: 
the temperature the greater was the effect of the elastic component of the strain 
The reversal in the unloaded curves signified the onset of mechanical stabili- 
zation. 

Observations were also made on the formation of martensite in specimens of 
another manganese steel (0.6% carbon, 7.94% manganese) which had been 
deformed in compression at 50 °C above its M, temperature (—50 °C). Fig. 16 
shows that the martensite plates were nucleated at slip bands and propagated to a 
limited extent from these sites. It thus appears that the propogation may be in- 
hibited in these cases by another slip band or by some other defect arising from 
cold work in the austenite. Hence mechanical stabilization such as that reported 


3S. A. Kulin, M. Cohen and B. L. Averbach, “Effect of Applied Stress on the Martensitic 
Transformation,” Transactions, American Institute of Mining and Metallurgical Engineers, 
Vol. 194, 1952, p. 661. 
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Steel No.35(O0.78%C, 6.16% Mn) Mg=-65°C 
Quenched to -65°C when load is on 
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Fig. 16—Steel 33 (0.60% Carbon, 7.94% oa en. Ms: —50 °C. 


Martensite formed on compression to 50% at 0 °C. 
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by the authors in stainless steels might be influenced by the presence of slip band 
barriers to the propagation or by the relaxation of elastic strains through slip 
band formation. 

Written Discussion: By B. Cina, Brown-Firth Research Laboratories, 
Sheffield, England. 

The authors’ paper was read with considerable interest and it was gratifying 
to note the many observations in it which confirmed those recently obtained by 
the writer.* 

There are several points, however, on which some clarification or comment 
by the authors is sought. 

With regard to the isothermal formation of martensite, no explanation is of- 
fered for the prequenching of all the alloys to —195 °C for 20 seconds. As Cech 
and Hollomon’® have shown that the initial rate of isothermal martensite forma- 
tion in an iron-nickel-manganese alloy first increases, and eventually decreases 
with decreasing holding temperature, the authors have not demonstrated that by 
their prequench they have not affected the initial rate of martensite formation at 
the several holding temperatures. The lower carbon alloys in particular would 
be expected to be most affected by this prequench as the authors’ results actually 
show. Thus, with the 0.006% carbon alloy, between 27 and 34% martensite were 
formed on cooling to and holding for 20 seconds at —195°C (the prequench 
treatment) whereas less than 7% martensite was formed on subsequent holding 
for about 1 hour at this temperature. For the low carbon alloys at least, the 
rates of isothermal martensite formation illustrated in Figs. 3 and,4 therefore 
represent those obtained toward the end of the possible extent of transformation 
at the particular holding temperatures. 5 

It would be interesting to know whether the rates of isothermal formation of 
martensite were determined for the several temperatures investigated without the 
prequench to —195 °C and whether any such results were obtained at tempera- 
tures higher than —70 °C, the lowest reported, at least for the low carbon alloys. 
Could the authors also give the constitution of their low carbon alloys at R.T. 
prior to any subzero treatment. The authors have shown that the Ma point is one 
which it is most difficult to determine and can be placed at higher and higher 
temperatures if one troubles to deform the alloy by greater and greater amounts. 
The writer suggests that the M, point may also be less simple to determine ac- 
curately than has previously been supposed. Thus the authors have clearly shown 
the stimulating effect of only about 2 to 4% deformation at 93 °C on the forma- 
tion of martensite on cooling to —195 °C, the effect being most marked on the 
alloy of lower carbon content. Therefore stresses set up on cooling, for example 
by quenching, would also be expected to affect the M, point determined. Recent 
work * has shown what a marked effect quenching stresses can have on the extent 
of martensite formation, the magnitude of the stresses being determined both by 
cooling rate and the mass of the sample. Thus a small sample of an alloy of the 
following composition 


a ee eee 
0.0097 18.01 8.14 0.009 





«4 B. Cina, “Effect of Cold Work on the Gamma ——-> Alpha Transformation in Some Fe- 
Ni- Cr Alloys,” Journal, Iron and Steel Institute, Vol. 177, 4954, p. 406. 
5R. E. Cech and H. Hollomon, “Rate of Formation of Isothermal Martensite in Fe- 
Ni-Mn Alloy,” Journa ‘of Metals, Vol. 5, May 1953; Transactions, American Institute of 
Mining and Metallurgical Engineers, Vol. i97, 1953, p. 685. 
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was found to contain 7% a on furnace cooling from 850 °C to R.T. but 43.3% a 
on water quenching. 


Authors’ Reply 


We wish to thank the discussers for their interest in this paper. Dr. Shih’s 
comments nicely supplement our own data, and Dr. Cina and Mr. Connolly raise 


x <8’ 
Ree se 





Fig. 17—Microstructure After Oil Quenching from 1090 °C (20 Minutes). (a) 0.006% 


carbon; (b) 0.016% carbon; (c) 0.058% carbon. Electropolished and electroetched as 
described in text of paper. X 150. 

a pertinent question concerning the structure of the alloys in the quenched con- 

dition. The microstructures of the 0.006, 0.016 and 0.058% carbon alloys after 

austenitizing and quenching to room temperature are shown in Fig. 17. The 

0.006% carbon alloy was invariably ferromagnetic at room temperature, and 

occasionally this was also the case for samples of the 0.016% carbon alloy. The 
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precipitated phase observed in the two lower carbon alloys is apparently ferrite. 
However, the marked difference in morphology between these structures and 
those formed in the 0.058% carbon alloy on cooling to subatmospheric tempera- 
tures suggests that the major portion of the ferrite in the low carbon alloys on 
quenching to room temperature is the result of another type of transformation at 
an elevated temperature. 

Dr. Cina raises an interesting question regarding the isothermal formation 
of martensite. The object of the prequench to —195 °C was to provide approxi- 
mately the same amount of martensite in all of the samples at “zero” isothermal 
holding time, regardless of the temperature at which the isothermal transforma- 
tion was measured. This was deemed advisable since the martensitic transforma- 
tion is known to be autocatalytic, and we wanted to measure the effects of 
temperature alone without the complicating factor of a variable amount of 
initial martensite. The isothermal transformation in the 0.058% carbon alloy 
was also determined without the prequench and the maximum transformation 
again occurred at —195 °C, the lowest testing temperature. However, the initial 
amount of austenite varied with the holding temperature because the athermal 
component of the transformation was not suppressed. No measurements were 
made at holding temperatures above —70 °C. 

The authors agree in general with Dr. Cina’s remarks on the influence of 
quenching stresses on the M, temperature. These effects were investigated; but 
stress relief heat treatments made no discernible difference in the M,, and it was 
concluded that residual quenching stresses were not a problem in the smal! 
diameter specimens used for this investigation. 
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FURTHER STUDY OF MICROSTRUCTURAL CHANGES 
ON TEMPERING IRON-CARBON ALLOYS 


By B. S. LeMeEntT, B. L. AveERBAcH, AND Morris CoHEN 


Abstract 


This investigation represents the continuation of a pre- 
vious study of the microstructural changes that occur in high 
purity tron-carbon alloys during tempering. Such changes 
were followed by means of both the electron and light micro- 
scopes in the tempering range of 700 °F (370°C) to Acy. It 
was found that coarsening and extension of grain boundary 
cementite films take place concurrently with solution of ce- 
mentite particles within the acicular grains inherited from the 
tempered martensite. These phenomena are accompanied by 
coalescence and spheroidization, which occur more readily the 
lower the carbon content of the alloy. On the basis of inter- 
facial energy considerations, an expression was derived for 
the minimum stable size of spheroidized cementite particles 
that eventually form at ferritic grain boundaries. Such factors 
as small carbide size, coherency strain, and a departure in 
carbon content of cementite from the formula FesC are con- 
sidered responsible for the enhanced solubility of carbon in 
ferrite that is reported to occur tn plain carbon steels during 
tempering. 


INTRODUCTION 


“THIS paper is a continuation of an investigation of the tempering 

of high purity iron-carbon alloys. A previous paper (1)?! dealt 
vith tempering in the range of room temperature to 700 °F (370 °C). 
vhereas the present study covers the range of 700 °F (370 °C) to Acy. 
t was shown that the first stage of tempering in iron-carbon alloys 
containing above about 0.25% carbon consists of the formation of an 
«-carbide network at subboundaries in martensite and is completed at 
350-400 °F (175-205 °C) in a tempering time of about 1 hour. This 
is followed by the initial part of the third stage? of tempering, which 
starts at a tempering temperature of about 400°F (205 °C) and in- 
volves precipitation of cementite concurrently with solution of the 


! The figures appearing in parentheses pertain to the references appended to this paper. 


_  ® The second stage of tempering, transformation of retained austensite to bainite, was not 
investigated in reference (1). 





A paper presented before the Thirty-sixth Annual Convention of the Society, 
held in Chicago, November 1 to 5, 1954. Of the authors, B. S. Lement is on the 
research staff (Division of Industrial Cooperation), B. L. Averbach is asso- 
ciate professor, and Morris Cohen is professor of physical metallurgy, Massa- 


a Institute of Technology, Cambridge, Mass. Manuscript received April 5, 
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e-carbide. Complete solution of e-carbide occurs at a tempering tem- 
perature of about 600 °F (315 °C) or lower. Cementite forms initially 
as elongated films at martensitic boundaries, and as both platelets and 
globules within the martensite. The boundary films coarsen and the 
amount of cementite formed within the martensitic plates increases 
as tempering is continued up to 700°F (370°C). 

In the present investigation, the microstructural changes in four 
high purity iron-carbon alloys on tempering above 700°F (370°C) 
were investigated by means of both electron and light microscopy. 
Supplementary measurements of hardness were also made. The most 
pertinent features of this study were the observations on the carbide 
morphology, on ferritic grain growth, on rates of softening, and on the 
completion of the third stage of tempering. 


EXPERIMENTAL DETAILS 


Metallographic Techniques—Specimens were etched in a modi- 
fied picral solution consisting of 4% picric acid and 0.01% hydro- 
chloric acid in ethyl alcohol to reveal carbide morphology, and in a 
combination of 2% ammonium persulphate in water and 3% nital 
recommended by Fisher (2) to delineate ferritic boundaries for grain 
size determinations. ; 

Electron Microscopy—tThe details of electron microscopy which 
involved use of negative parlodion replicas and rotary shadowing with 
chromium are given elsewhere (1). 

Hardness Tests—Rockwell A hardness tests were carried out on 
the tempered specimens and the hardness values obtained were con- 
verted to Rockwell C units. The precision of these measurements is 
estimated to be about + 0.3 Rockwell C unit. 


EXPERIMENTAL RESULTS 
Chemical Composition and Grain Size—The chemical composi 


tion, austenitizing treatments, and resulting austenitic grain sizes of 


the four high purity iron-carbon alloys are listed in Table I. 





Table I 
Carbon Content, Hardening Treatment, and Grain Size of Iron-Carbon Alloys 
Nominal Actual ASTM 
Carbon Carbon Austen- Austenitic 
Content, Content,* itizing Grain Size 
% Jo Temp.** No. 
1.4 1.43 2200 °F <1 
0.8 0.78 1500 °F >8 
2200 °F <i 
0.4 0.39 1550 °F 6-7 
2200 °F 1-3 
0.15 0.14 1650 °F 3-4 
2200 °F 1-2 


*Mn, S, P <0.001 % 
Si, O <0.01 % 
N <0.0002% 
** Quenched into 10% brine at 40 °F. 
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60 1.4% Carbon 


50 0.8% Carbon 


0.4% Carbon 
0.15% Carbon 
40 


Measured Rockwell A Hardness 
Equivalent Rockwell C Scale 


30 





20 
700 900 1100 1300 1500 
Tempering Temperature °F (| Hour Time) 
Fig. 1—Hardness Versus Tempering Temperature for Four Iron-Carbon 
Alloys. 


Hardness Results—The effect of tempering temperature on the 
rdness of the four iron-carbon alloys tempered in the range of 700 
1300 °F (370 to 705°C) is shown in Fig. 1. All specimens were 
bcooled in liquid nitrogen at —320°F (—196°C) after hardening 
order to minimize the amount of retained austenite. The curves in 
g. 1 exhibit a progressive decrease in hardness with increase in 
npering temperature ; however, the rate of softening in the range of 

ut 700 to 900 °F (370 to 480°C) is lower for the 1.4 and 0.8% 

rbon alloys than for the 0.4 and 0.15% carbon alloys. This observa- 

n will be shown to correlate with the difference in microstructural 

ange of high carbon as compared to low carbon alloys. 

Microstructural Changes on Tempering at 700 to 1000 °F—The 

mucrostructural changes that occur on tempering the four iron-carbon 
alloys in the range of 700 to 1000 °F (370 to 540 °C) are shown by the 
series of electron micrographs in Figs. 2 to 17. 

1.4% Carbon Alloy—The structure of the 1.4% carbon alloy 
tempered at 7OO°F (370°C) (Fig. 2) is characterized by elongated 
cementite films and numerous smaller cementite particles in a matrix 
that may be either body-centered tetragonal martensite or body-centered 
cubic ferrite, or both. For the sake of convenience, the matrix will be re- 
ferred to as ferrite even though it is believed that there is an appreciable 
amount of carbon in, solid solution even after a 700°F (370°C) 
temper. The grains of ferrite comprising the matrix inherit an acicular 
shape from the plate-like structure of the tempered martensite. 





294 






TRANSACTIONS OF THE ASM Vol. 47 


vy 
i 


4 

a 
- 
« 


ie id i 
4 
Pr ae 
<heatel 
«2° % 


sa pe s 
te . 
4 RAS 
re *<@ 
ss 


pe ee 
Seas 





= ci % . La . ' 
Jat Wan , A i 


Figs. 2—5—Electron Micrographs at X 5000 of 1.4% Carbon Alloy Quenched 
From 2200 °F and a 1 Hour at Temperatures fadlented. Negative 
Parlodion replica rotary shadowed with chromium. Fig. 2—Tempered at 700 °F. 
Cementite present both as particles within grains and as elongated films at 
grain boundaries of matrix. Fig. 3—Tempered at 800 °F. Partial solution of 
cementite particles within grains along with extension of grain boundary 
cementite films has occurred. Fig. 4—Tempered at 900 °F. Pronounced coarsen- 
ing of grain boundary cementite films has occurred concurrently with solution, 
coalescence and spheroidization of cementite particles within grains. Fig. 5— 
Tempered at 1000 °F. Virtually all of the cementite is present as films at grain 
boundaries. A few globular particles remain within grains. 


As pointed out previously (1), the elongated cementite films are 
at ferritic boundaries whereas the smaller particles are mainly in the 
form of platelets within the ferrite. Tempering at 800 and 900 °F (425 
and 480°C) (Figs. 3 and 4) results in marked coarsening and exten- 
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sion of the grain boundary films along with increasing solution and 
spheroidization of the particles within the grains. Although the total 
volume of the particles within the grains of ferrite decreases, the 
average particle size* increases due to coalescence. This phenomenon 
involves growth of the larger size particles at the expense of the smaller 
ones which selectively dissolve. The overall result of this process is for 
most of the cementite to collect in the form of grain boundary films, as 
is virtually the case after a 1000°F (540°C) temper (Fig. 5). These 
cementite films are discontinuous and vary in thickness. Some indica- 
tions of initial spheroidization of the grain boundary films can also be 
seen in Fig. 5. 

0.8 and 0.4% Carbon Alloys—The structures of the 0.8 and 0.4% 
carbon alloys after a 700°F (370°C) temper have been shown (1) 
to consist of cementite films at ferritic grain boundaries and a mixture 
of platelets and globules within the grains. Marked coarsening and ex- 
tension of the grain boundary cementite films at the expensé of cementite 
solution within the grains occur in these lower carbon alloys. This 
feature is evident in Figs. 6,7, and 8 for the 0.8% carbon alloy and in 
Figs. 10,11, and 12 for the 0.4% carbon alloy. However, this process 
ccurs more rapidly than in the 1.4% carbon alloy and is virtually com- 

leted at 900°F (480°C) in the 0.8% carbon alloy (Fig. 8) and at 
300 °F (425°C) in the 0.4% carbon alloy (Fig. 11). Due to the oc- 
urrence of marked spheroidization accompanied by coalescence, the 
‘rain boundary cementite films in these lower carbon alloys are con- 
iderably less continuous than in the 1.4% carbon alloy. Further 
alescence of the grain boundary cementite occurs after a 1000 °F 
540 °C) temper, which is illustrated in Figs. 9 and 13 for the 0.8 and 
!.4% carbon alloys respectively. 

0.15% Carbon Alloy—As shown in Fig. 14, tempering of the 
.15% carbon alloy at 700°F (370°C) results in the formation of 
longated cementite films at grain boundaries and numerous fine 
cementite particles within the grains. It had been previously shown 
(1) that these fine particles are mainly in the form of globules after a 
600°F (315°C) temper. Tempering at 800°F (425°C) (Fig. 15) 
causes the displacement of most of the cementite particles within the 
grains to the grain boundaries. Partial spheroidization and coalescence 
of the cementite at grain boundaries also occurs. Further coalescence 
of the grain boundary cementite particles results from 900 and 1000 °F 
(480 and 540 °C) tempers (Figs. 16 and 17). 

Light Micrographs—Light micrographs at & 2000 of the four 
iron-carbon alloys tempered 1 hour at 1000°F (540 °C) and 24 hours 
at 1300 °F (705 °C) are shown in Figs. 18 to 25. The micrographs of 
specimens tempered at 1000°F (540°C) (Figs. 18,19,20, and 21) 





’This refers to the average size of the globules resulting from spheroidization of the 
cementite platelets within the grains. 
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Table Il 
Ferritic Grain Size of Tempered Iron-Carbon Alloys 





Average Interfacial Equivalent 
eek an. 











Linear Area Per 5 / 
Carbon Austenitizing Tempering Intercept, Unit Volume, Grain Size 
Alloy Temperature Treatment Cm. Cm." No. 
1.4 2200 °F 900 °F-lhr. 2.7 xX 10 7.4 xX 10° 13.5 
1000 °F-1hr. [Oo S 16* | 6F X10 13.5 
1100 °F-1hr. LD % 24 33501 12.5 
1200 °F-1hr. 47 30" 43 12 
1300 °F-1hr. 5.6 X 10 3.6 X 10% 11.5 
1300 ° F-24hrs. 5S xX 16° 3.6 xX 16 11.5 
0.8 1500 °F 900 °F-1lhr. 2.2 X 10+ 9.1 X 108 1 
1000 °F-1hr. 5.0: xX 1 67.X% 16 13.5 
1100 °F-1hr. 3.4 X 10% 5.9 X 10 13 
1200 °F-1hr. 3 Xx 20° Sx 36 13 
1300 °F-1hr. 33 <M 16+. 5.7 X36 13 
1300 °F-24hrs. 7.00 X 10+ 2.9 * 108 11 
0.4 1550 °F 900 °F-lhr. ae See SF 13 
1000 °F-1lhr. 3.6 X 10+ 5.5 X 108 12.5 
1100 °F-1lhr. 4.2 xX 10 4.7 < 108 12 
1200 °F-1hr. 3.7 xX 10+ 5.4 xX 108 12.5 
1300 °F-1lhr. 3. X 404 5.1 xX 16 12.5 
1300 °F-24hrs. tam te 2K Oe 11 
0.15 2200 °F 900 °F-lhr. 6.5 xX 10 3.1 x 108 11 
1000 °F-1hr. 7.0 X 10+ 2.9 x 108 11 
1100 °F-1lhr. 4.6 X 10+ 4.4 X 108 12 
1200 °F-1hr. PA mh Tem: 24360 11 
1300 °F-1lhr. a ee ee 11.5 
1300 °F-24hrs. S27. -30S 33: 11.5 


| 
| 


reveal that cementite films are present at prior austenitic as well as 
prior martensitic boundaries of the matrix. Tempering above 1000 °F 
(540°C) produces further spheroidization and coalescence of the 
grain boundary cementite in all steels. However, as shown in Figs 
22,23,24 and 25, remnants of cementite films are present at prior 
austenitic grain boundaries even after a temper of 24 hours at 1300°1 
(705 °C) which is just below the Ac; point (1333°F) (722 °C). 

Ferritic Grain Size—Determination of the ferritic grain size of th 
matrix was accomplished by counting the number of intercepts wit! 
ferritic grain boundaries in a lineal traverse of known distance over th« 
polished and etched surface of tempered specimens under the light 
microscope. Measured values for the four iron-carbon alloys tempered 
in the range of 900 to 1300 °F (480 to 705 °C) are reported in Table IJ. 
From these data, it is possible to calculate the ferritic interfacial area 
per unit volume using the relation of Smith (3) : 


Sue = - Equation | 


where S, = Interfacial area per unit volume. 


= Average number of grain boundary intercepts in 

a lineal traverse of distance L. 
L 
N 


= Average linear intercept. 


The resulting values of interfacial area per unit volume and equivalent 
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Figs. 6—9—Electron Micrographs at X 5000 of 0.8% Carbon Alloy 
Quenched From 1500 °F and Tempered 1 Hour at Temperatures Indicated. Neg- 
ative parlodion replica rotary shadowed with chromium. Fig. 6—Tempered at 
700 °F. Cementite present both as particles within grains and as elongated films 
at grain boundaries of matrix. Fig. 7—-Tempered at 800 °F. Coarsening of grain 
boundary cementite films has occurred concurrently with partial solution and 
coalescence of cementite particles within grains. Fig. 8—Tempered at 900 °F. 
Most of the Cementite is present as films at grain boundaries. Fig. 9—Tempered 
at 1000 °F. Spheroidization of grain boundary cementite films has occurred to an 
appreciable extent. 


ASTM grain size numbers are also given in Table II. The ASTM ; 
grain size numbers were determined by the method of Rutherford (4,5) 
who computed interfacial areas per unit volume on the assumption that 
the grains are essentially equiaxed and have the shape of Kelvin’s cubo- 
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Figs. 10-13—Electron Micrographs at X 5000 of 0.4% Carbon Alloy 
Qeencien from 1550°F and Tempered 1 Hour at Temperatures Indicated. 
egative a replica rotary shadowed with chromium. Fig. 10—Tem- 
pered at 700°F. Cementite present both as particles within grains and as 
elongated films at grain boundaries of matrix. Fig. 11—Tempered at 800 °F. 
Virtually all of the cementite is prezent as partially spheroidized grain boundary 
films. Fig. 12—Tempered at 900 °F. Extent of spheroidization of grain bound- 
ary cementite films has increased and coalescence has occurred. Fig. 13— 
Tempered at 1000 °F. Further spheroidization and coalescence has occurred. 


octohedra. Since the ferritic grains are derived from martensitic plates 
which are acicular rather than equiaxed, the ASTM grain size num- 
bers reported in Table II are only approximate. However, they serve 
for comparison of grain size in familiar terms. 

As shown in Table II, the ferritic grain size of the 1.4, 0.8, and 
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3 % 
Figs. 14-17—Electron Micrographs at X 5000 of 0.15% Carbon Alloy 
uenched From 2200°F and Tempered 1 Hour at Temperatures Indicated. 
egative parlodion replica rotary shadowed with chromium. Fig. 14—Tempered 
at 700 °F. Cementite present both as spheroidal particles within grains and 
elongated films at grain boundaries of matrix. Fig. 15—-Tempered at 800 °F. 
Cementite present mainly at grain boundaries. Partial spheroidization of grain 
boundary films and coalescence of globules have occurred. Fig. 16—Tempered 
at 900 °F. Further coalescence of cementite globules at grain boundaries has 


occurred. Fig. 17—Tempered at 1000 °F. Still further coalescence of cementite 
globules at grain boundaries has occurred. 


0.4% carbon alloys after a 900°F (480°C) temper are approximately 
equivalent, ASTM No. 13-14; whereas the ferritic grain size of the 
0.15% carbon alloy after a 900°F (480°C) temper is appreciably 
larger, ASTM No. 11. Tempering for 1 hour at temperatures in the 
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Figs. 18—21—-Light Micrographs at X 2000 of 1.4, 0.8, 0.4 and 0.15% Carbon Alloys 
Tempered at 1000 °F Showing enenne of Cementite Films at Prior Austenitic Grain 
Boundaries. Etched with 4% picral containing 0.01% hydrochloric acid. Fig. 18—1.4% 
Carbon Alloy. Quenched from 2200 °F and tempered one hour at 1000 °F. Fig. 19—0.8% 
Carbon Alloy. Quenched from 1500 °F and tempered one hour at 1000°F. Fig. 20— 
0.4% Carbon Alloy. Quenched from 1550 °F and tempered one hour at 1000 °F. Fig. 21— 
0.15% Carbon Alloy. Quenched from 2200 °F and tempered one hour at 1000 °F. 


range of 900 to 1300°F (480 to 705 °C) produces only a slight in- 
crease in grain size as evidenced by a change of 1-2 ASTM units for 
the 1.4, 0.8, and 0.4% carbon alloys, and practically no change for the 
0.15% carbon alloy. Increasing the tempering time at 1300°F (705 °C) 
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Figs. 22—25—Light Micrographs at X 500 of 1.4, 0.8, 0.4, and 0.15% Carbon Alloys 
lempered 24 Hours at 1300 °F Showing Persistence of Elongated Cementite Films at 
Prior Austenitic Grain Boundaries. Etched with 4% picral containing 0.01% hydrochloric 
acid. Fig. 22—1.4% Carbon Alloy. Quenched from 2200 °F and tempered 24 hours at 
1300 °F. Fig. 23—0.8% Carbon Alloy. Quenched from 1500 °F and tempered 24 hours at 
1300 °F. Fig. 24—0.4% Carbon Alloy. Quenched from 1550 °F and tempered 24 hours 


at 1300 °F. Fig. 25—0.15% Carbon Alloy. Quenched from 2200 °F and tempered 24 
hours at 1300 °F. 


from 1 to 24 hours causes an increase in the grain size of the 0.8 and 
0.4% carbon alloys corresponding to 1.5-2 ASTM units, but virtually 
no alteration in grain size of the 1.4 and 0.15% carbon alloys. These 
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findings indicate that grain growth of the ferritic matrix is a relatively 
slow process on tempering at temperatures up to about 1300°F 
(705 °C). Presumably, the presence of carbide at ferritic grain bound- 
aries is responsible for inhibiting grain growth. 

The ferritic grain size is considerably finer than the prior austentic 
grain size in each of the four iron-carbon alloys. As indicated by a 
limited number of experiments, raising the austenitizing temperature 
to increase the austenitic grain size in a given alloy does not appear to 
appreciably affect the ferritic grain size that results after tempering to 
900°F (480°C). This lack of correlation between prior austenitic 
grain size and the ferritic grain size that develops by tempering was 
reported also by Baeyertz (6). 


DISCUSSION OF RESULTS 


Microstructural Changes—Based on previous evidence obtained 
principally with the light microscope, tempering has been regarded as 
a relatively simple process. It was generally believed that virtually all 
of the carbon in solid solution in the as-hardened martensite eventually 
appears in the form of extremely fine cementite particles at some inter- 
mediate tempering temperature, and that spheroidization occurs on 
tempering at higher temperature. Thus the process called spheroidiza- 
tion was considered to be synonomous with coalescence, involving 
merely the solution of smaller cementite spheroids simultaneously 
with the growth of larger ones. This accounted for the microscopic 
evidence that the total number of cementite spheroids decreases wherea: 
their average size increases on tempering at relatively high tempera 
tures. 

As revealed by electron and light microscope in this investigation 
the microstructural changes that occur on tempering are more complex 
than indicated by the foregoing description. During the early part o! 
the third stage, cementite forms both as extremely small platelets and 
globules within martensitic plates and as elongated thin films at marten 
sitic boundaries. On further tempering the cementite particles within 
the plates dissolve concurrently with coarsening and extension of the 
boundary films. Solution of the cementite particles within the grains 
of what becomes essentially a ferritic matrix is accompanied by 
spheroidization and coalescence of the remaining particles. Coarsening 
of the films at the ferritic boundaries is also attended by spheroidization 
and coalescence ; however, the latter processes occur more slowly the 
higher the carbon content of the alloy. Thus a situation can be attained 
in hypereutectoidal alloys in which virtually all of the cementite is in 
the form of a discontinuous network at ferritic boundaries. In lower 
carbon alloys, all of the cementite also forms eventually at ferritic 
boundaries ; however, due to the occurrence of more rapid spheroidiza- 
tion, this grain boundary carbide takes the form of globular particles 
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as well as films. With further tempering, spheroidization of cementite 
films continues concurrently with coalescence of the globular particles 
that result. All of these carbide particles remain at grain boundaries, 
but their number decreases as their average size increases. Some rem- 
nants of elongated films at prior austenitic boundaries persist even at 
tempering temperatures close to Ac). 

The eventual location of cementite at grain boundaries can be 
understood on the basis of interfacial energy considerations. Although 
most of the cementite is initially precipitated within the grains, the 
sum total of ferrite-cementite and ferrite-ferrite interfacial energy 
can be decreased by displacement of these particles to ferritic grain 
boundaries. In this fashion, lower energy ferrite-cementite interfaces 
are substituted for higher energy ferrite-ferrite interfaces. While this 
displacement process is going on, an additional decrease in interfacial 
energy can result from spheroidization and coalescence of the remain- 
ing cementite particles within the grains. The geometrical shape of 
the cementite at grain boundaries depends on the relative rates of 
iucleation, growth, spheroidization, and coalescence at such locations. 
Che fact that cementite films at martensitic boundaries are observed 
-ven before the precipitation of cementite particles within the marten- 
sitic plates in the 1.4% carbon alloy indicates that a relatively high 
ate of grain boundary nucleation is involved. Although coarsening 

f these films occurs simultaneously with precipitation of cementite 
articles within the grain, the rate of coarsening markedly increases 
luring the displacement of the cementite particles to grain boundaries. 
his thickening of the cementite films at the expense of the numerous 
articles within the grains is probably a consequence of the attendant 
eduction in interfacial area between the cementite and ferrite. How- 
ver, grain boundary films may still be considered unstable since a 
urther decrease in total interfacial energy results if spheroidization 
nd coalescence take place. As will be shown later, the grain boundary 
ementite globules that eventually form must be above a certain size in 
der for the total interfacial energy to be lower than for the condi- 
tion corresponding to uniform and completely continuous grain bound- 
ary cementite films. 

As the cementite globules at grain boundaries continue to coalesce 
during further tempering, many of the particles tend to remain at grain 
corners where three or more ferrite grains meet because these locations 
offer the greatest replacement of ferrite-ferrite interfacial area for a 
given size of cementite particle. Prior austenitic grain boundaries also 
appear to be favored sites, presumably because of higher ferrite-ferrite 
interfacial energy due to greater differences in grain orientation on the | 
average than exist between ferrite grains derived from neighboring 
martensitic plates within a prior austenitic grain. The state of minimum 
interfacial energy should result from the removal of all the ferrite- 
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ferrite boundaries by grain growth and coalescence of all of the cemen- 
tite into a single particle. This condition has never actually been 
attained. 

Growth of the ferritic grains on tempering, in the range of 900 to 
1300°F (480 to 705 °C) was found to be a relatively minor process in 
the high purity iron-carbon alloys studied. Even less growth would be 
expected if alloying elements were present, as in commercial steels. The 
ferritic grains tend to maintain the acicular form inherited from the 
initial martensitic plates over a wide range of tempering temperatures 
due to the fact that the grain boundary carbide particles are quite potent 
in controlling grain growth. However, some readjustments in grain 
shape occur even below 900 °F (480 °C), apparently because the grain 
boundary intersections strive to attain equilibrium angles. Long temper- 
ing times at temperatures close to Ac; are evidently required for the 
grains to coarsen appreciably and to become essentially equiaxed. 

Relation of Microstructure to Hardness Changes—It was found 
that the hardness of iron-carbon alloys progressively decreases as a 
result of tempering above 700°F (370°C). In the range of 700 and 
1000 °F (370 to 540 °C), the factors considered responsible for soften- 
ing are as follows: a) decrease in carbon content of the matrix: 
b) solution, spheroidization, and coalescence of the cementite particles 
within prior martensitic plates ; and c) spheroidization and coalescenc: 
of cementite at the boundaries of prior martensitic plates. These soften 
ing factors are opposed by a hardening effect due to formation and 
extension of cementite films at the prior martensitic boundaries. How 
ever, even in the 1.4% carbon alloy where the cementite films are foun: 
to be most pronounced, no overall hardening is observed. This signifies 
that the formation of cementite films is not a dominant factor althoug! 
it acts to retard the rate of softening. 

The rate of softening was found to be higher for the 0.15 and 0.4% 
carbon alloys than for the 0.8 and 1.4% carbon alloys on tempering i: 
the range of about 700 to 900 °F (370 to 480°C). This would be ex 
pected on the basis that thinner grain boundary cementite films which 
form in the lower carbon alloys are less resistant to spheroidization anc 
coalescence. Furthermore displacement of the small cementite particles 
from within the grains to grain boundaries of the matrix occurs more 
readily in the lower carbon alloys. As will be discussed later, this may 
permit greater depletion of the carbon content of the matrix and may 
consequently result in softening. Above 900°F (480°C), the ob- 
served softening in all the alloys is probably due mainly to increased 
spheroidization and coalescence of the grain boundary cementite par- 
ticles, although ferritic grain growth may also be a factor on tempering 
at temperatures close to Ac}. 

Minimum Size of Stable Cementite Particles at Ferritic Grain 
Boundaries—According to Smith (7), a stable form of cementite at 
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ferritic grain boundaries should have a lenticular shape with a dihedral 
angle that is dependent on the ratio of the interfacial energy between 


cementite and ferrite to that between two ferrite grains, =. Phe 





Ya-a 
average dihedral angle in an SAE 1020 steel spheroidized at 1275 °F 


(690 °C) was found to be 115°, which corresponds to “** — 0.93. 


Ya-a 
As shown in Appendix A, the ratio of thickness to diameter of such a 


lenticular cementite particle should be 0.54 assuming its two surfaces 
are spherical. 

In order to determine the stable dimensions of lenticular particles 
it ferritic grain boundaries, a comparison was made of the total inter- 
acial energy for this case and that corresponding to all of the cementite 
1 the form of a uniform and completely continuous grain boundary 
lm. It is demonstrated in Appendix A, that lenticular particles are 


vored if their size is above the minimum value given by the follow- 
o> 4 


~ ° 





dmin. = 4.4 t Equation 2 


where d = One half the sum of the diameter and thickness 
of a lenticular particle. 


t = Thickness of a uniform and completely continuous 
cementite film at ferrite grain boundaries. 


sed on the carbon content and interfacial grain boundary area, the 
‘lowing expression gives the value of t: 


_ 0.15, 
t= S. 


where p = Weight % carbon in alloy. 


S, = Interfacial ferritic area per unit volume. 


Equation 3 





mbining Equation 2 and Equation 3: 


— 6 ss ; 
dmia. = “or Equation 4 





Thus both the thickness of a grain boundary cementite network 
ud the minimum size of stable grain boundary lenticular cementite 
hould increase with carbon content and ferritic grain size. In Table ITI 
these calculated quantities are compared with actual measurements on 
specimens tempered to deposit virtually all of the cementite at ferritic 

grain boundaries. The thickness of a cementite network and the mini- 
mum stable size of lenticular cementite particles were calculated from 
[Equations 3 and 4 respectively using values of S, obtained from 
Table II. The measured average thickness of the grain boundary 
cementite films is 10 to 20 times larger than the calculated thickness 


* An analysis similar to that in Appendix A shows thar if the stable form of cementite 
at grain boundaries were a sphere, the minimum stable diameter would equal 4.8 t. 
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Table Ill 
Size of Cementite Films and Globules in Iron-Carbon Alloys 


Comparison of Calculated and Measured Film Sizes. 
Measured Average 


% Interfacial Calculated Thickness Thickness of Grain 
Carbon Tempering Area per Unit of Grain Boundar Boundary, Cementite 
Alloy Temperature Volume, Cm.-? Cementite Network, Cm. Films, Cm. 

1.4 1000 °F 6700 3.3° R30" 33 X 10-4 

0.8 900 °F 9100 i 2 x coe 27 X 10-4 

0.4 800 °F 5700* Lia 465 21 X 10° 

0.15 800 °F 3100* oF «MM 11 X 10-4 

Comparison of Calculated and Measured Globular Particle Sizes. 
Calculated 
. Minimum Size of Stable Measured Average 

% Interfacial _ Grain Boundary Diameter of Grain 
Carbon Tempering Area per Unit Cementite Lenticular Boundary Cementite 
Alloy Temperature Volume, Cm.-? Particles, Cm. Globules, Cm. 

1.4 1100 °F 5100 «= x 46° 30 x 10-8 

0.8 1000 °F 6700 $7. °x< AG 25 xX 10-4 

0.4 900 °F 5700 48 xX 10% 20 x 10-4 

0.15 900 °F 3100 3.1-« 10-6 20 xX 10° 


* Assumes that ferritic grain size is the same for 800 °F as that measured for a 900 ° 
temper. 





of a cementite network, which is in line with the observation that t! 
films are neither uniform nor continuous. On the other hand, the mea 
ured average diameter of the grain boundary particles in each of tl 
four alloys is only 2 to 7 times larger than the calculated minimum si: 
of stable grain boundary lenticular cementite. This is considered qui 
good agreement because the actual cementite films undergoit 
spheroidization were thicker on the average than would have been t! 
case starting with a continuous and uniform network. Thus as shov 
in Table ITI, the size of the actual cementite globules that resulted fro 
spheroidization are more in line with the measured average thickne 
of the observed grain boundary films. 

Effect of Particle Size on Solubility of Cementite in Ferrite—A 
cording to Konobeevski (8) and Cottrell and Leak (9) the Thomso: 
Freundlich relation which is based on vapor pressure consideratio: 
can be utilized to determine the solubility of carbon in ferrite as 
function of the size of the cementite particles present. In this relatio: 
it is assumed that the strain energy between cementite and ferrite is 
zero. 


Ma scat + 8 al 





- C.=2M %e- Equation 5 
Ce R Tops 


where C, = Carbon concentration of supersaturated ferrite in 
metastable equilibrium with cementite particles of 
size s. 


C. = Carbon concentration of ferrite in equilibrium with 
cementite particles of infinite radius. 


s = Size parameter of cementite particles in cm. 


‘Ya-c = Interfacial energy per unit area between cementite 
and ferrite. 
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M = Molecular weight of cementite (180 grams). 
p = Density of cementite (7.7 grams/cm*). 
R = Gas constant (8.3 x 10’ ergs/mol/K °). 
T = Absolute temperature. 
a-c 


On the assumptions that ——— = 0.93 as determined by Smith (7) and 


Ya-a 





ya-a = 765 ergs/cm. as determined by Van Vlack (10) are relatively 
independent of tempering temperature in the range studied, a value of 

ya-c = 710 ergs/cm.? can be used in Equation 5. Making the indicated 
ubstitutions : 

C, _ 0.00040 Equation 6 

ee i ee 








In 


he variation of C,, with temperature has been found by Wert (11) 
he 
In C. = 0.936-4850 Equation 7 


T 


nbining Equations 6 and 7: 


In C, = 0.936 + 0.00040-4850s Equation 8 
Ts 


Based on Equation 8, the carbon concentration of ferrite due to 
ll carbide size is plotted in Fig. 26 as a function of the particle size 
umeter for a series of temperatures ranging from 500 to 1000 °K 
0 to 1340 °F). The particle size parameter depends on the shape of 
cementite particles. By derivations similar to that of Equation 5, 
s-equivalents for five possible cases can be shown to be as follows: 


Case Shape Size Parameter 
1 Sphere of radius r s=r 
2 Long cylindrical rod of radius r neglecting area s=—2r 
of flat ends 
3 Thin circular plate of radius r and uniform s=2r 


thickness assuming flat faces are coherent with 
matrix, and the corresponding interfacial energy 


is zero 

4 Thin circular plate of uniform thickness t neg- s=t 
lecting area of cylindrical surface 

5 Thin lenticular plate of maximum thickness t s= a 


2 


According to observations made with the electron microscope, the 
cementite particles in iron-carbon alloys tempered below about 
800-900 °F (425-480°C) are in the form of platelets and globules 
within the grains of the matrix. The thickness of these platelets and 
the radius of the globules were found to vary from the limit of resolu- 
tion, about 10% cm. to as high as 10° cm. Assuming the lower extreme, 
thin lenticular platelets 10-* cm. in thickness with a size parameter of 








308 TRANSACTIONS OF THE ASM Vol. 47 


5 x 10°‘ cm., the enhanced solubility at 900 °F (480°C) is only about 
0.02% according to Fig. 26. 

Crangle (12) has reported that measurements of the intensity of 
magnetization made on a 1.7% carbon steel tempered at 570°F 
(300°C) can be explained if (a) the precipitated phase is cementite 
containing 6.7% carbon and the matrix contains 0.20% carbon in solu- 
tion; or if (b) the precipitated carbide contains 7.7% carbon and 
the matrix is essentially pure ferrite. He rejects the first possibility on 


0.30 


0.25 


1000°K (1340°F) 
poi 800°K (980°F) 

nut 700°K (800°F) 

- ae -600°K (620°F) 

0.05 





1077 5x1077 i076 ‘5x107 
Size Parameter in Cms 


Fig. 26—Solubility of Carbon in Ferrite as a Function of 
Cementite Particle Size. 


the ground that Kurdjumov (13) found the matrix to contain less 
than 0.05% carbon after a 570°F (300°C) temper, and therefore 
accepts the second possibility as being more likely. On this basis, 
Crangle postulates that the Hagg carbide rather than cementite forms 
during the early part of the third stage. However, as previously dis- 
cussed (1), the results of X-ray and electron diffraction studies indi- 
cate that cementite forms right at the beginning of the third stage; 
whereas no such direct evidence was found for the occurrence of the 
Hagg carbide. Furthermore, a recent investigation by Bokshtein (14) 
has indicated that the carbon content of the matrix of 0.4 and 0.7% 
carbon steels is about 0.15% after a 570 °F (300°C) temper, and con- 


Sie ete 


ein AAR n ehlleririaeapepenennetin ces 
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ceivably the matrix of Crangle’s 1.7% carbon steel could be even higher 
in carbon content. 

In order to have a 0.20% carbon in the matrix at a temperature of 

570 °F (300 °C), the effective particle size parameter would have to 
equal 10-7 cm. according to Equation 5. Although such a small value 
is below the resolution of the electron microscope, it is unlikely that a 
sufficient number of particles of this size could be present to affect the 
solubility to the required extent. On the other hand, if the effective size 
parameter were 5 x 10—‘ cm. as considered previously, Equation 5 indi- 
cates that yg. would have to be about 3000 ergs/cm? in order to 
achieve a carbon solubility of 0.20%. This value of ya is at least 4 
times greater than the probable value of 710 ergs/cm.”? Thus it would 
ppear that the magnitude of the increased solubility cannot be ex- 
lained on the basis of interfacial energy alone. However, inasmuch as 
1e matrix may still be martensitic rather than ferritic after a 570 °F 
300 °C) temper, it is possible that the value of the interfacial energy 
tween matrix and cementite may actually be higher than 710 
os/cm.” 

As suggested by Wilson (15), the existence of strain due to co- 
rency between cementite particles and the ferritic matrix could also 
sult in increased solubility. Although strain energy was disregarded 
deriving Equation 5, it may have a larger effect than interfacial 

rgy. Wilson (16) has recently demonstrated that plastic deforma- 
n due to a hardness indentation significantly retards the carbide 
cipitation associated with the tempering of martensite up to at least 
)°F (450 °C). Ina previous investigation (17), he found that sub- 
ting a high carbon steel to either elastic or plastic deformation re- 
ted in a small increase in the Curie point of cementite. For a tensile 
ess of 120,000 psi. which was in the elastic range, an increase of 
ut 15°F was reported; whereas after 80% reduction in compres- 
n, an increase which estimated to be about 40 °F was obtained. Bal- 
fi (18) showed that the Curie point of cementite in a 1% plain carbon 
‘el decreased on tempering up to at least 1100°F (595°C) by an 
nount which is estimated to be about 70°F. A check of the 0.8% 
carbon alloy used in the present investigation revealed that the Curie 
point of cementite decreased about 30 °F on tempering in the range of 
800 to 1200 °F (425 to 650 °C).® In view of all this evidence, it is con- 
ceivable that coherency strains associated with the precipitation of ce- 
mentite particles within the grains of the matrix may be at least par- 
tially responsible for both the enhanced carbon solubility of the matrix 
and the higher Curie point of cementite which are observed in tempered 
steel. 


The fact that a decrease in the Curie point of cementite occurs 





‘ oe Curie point of cementite was not detected after tempering 1 hour at 600 °F (315 °C) 
or Delow. 
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somewhat beyond the tempering temperature corresponding to virtually 
complete displacement of this carbide to ferritic boundaries suggests 
that some other effect is occurring in the cementite phase than merely 
loss of coherency. This raises the possibility that the initial cementite 
to form may differ somewhat in carbon content than the value of 6.7% 
that corresponds to FesC. Although Popova (19) has reported that 
the carbon content of cementite remains constant at a value of 6.7% 
on tempering above about 400 °F (205°C), the estimated uncertainty 
of this value amounts to about + 0.3% carbon and may mask small 
changes in carbon content that occur as a result of tempering. An initial 
divergence in the carbon content of cementite is reasonable on the 
grounds that this phase forms at a much lower temperature during 
tempering than in the case of annealing for which the formula FesC has 
been better established. 

From the available evidence it is not possible to decide whether an 
increase or decrease in the carbon content of cementite actually occurs 
during tempering. However, any change in the carbide composition 
would be expected to influence the carbon content of the matrix be- 
cause of the condition of metastability that is eventually established on 
tempering. Based on an analysis of Balluffi’s (18) results, Owen (20) 
concluded that the main portion of the third stage reaction in plain 
carbon steels is controlled by the diffusion of carbon in the matrix, but 
that a marked retardation in the rate of the reaction occurs during the 
end of this stage. Although Owen’s results on silicon steels indicated 
that transfer of silicon atoms from the cementite phase to the matri» 
was responsible for retardation of the third stage, no explanation wa: 
offered for the retardation effect in the absence of a significant amount‘ 
of silicon. The retardation effect in plain carbon steels might be ex 
plained on the basis that with continued tempering the cementite phas: 
tends to approach the FesC composition. Diffusion of either carbon o: 
iron atoms within the cementite lattice would be required to effect th 
change in composition. Either process is likely to be slower than dif 
fusion of carbon in ferrite and therefore would be expected to contro! 
the reaction rate during the end of the third stage. 


CoNCLUSIONS 


1. On tempering iron-carbon alloys above about 700 °F (370°C), 
coarsening and extension of cementite films at grain boundaries of the 
ferritic matrix occur at the expense of cementite particles which dis- 
solve within the acicular grains inherited from the martensite. Cement- 
ite films form at both prior martensitic and prior austenitic grain 
boundaries, but appear to be more persistent at the latter locations on 
tempering at higher temperatures. 

2. The process of displacement of cementite to grain boundaries is 
accompanied by spheroidization and coalescence of cementite both 
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within the grains and at grain boundaries. All of these processes occur 
more readily the lower the carbon content of the alloy. Although forma- 
tion of cementite films may be a hardening factor during the tempering, 
it is apparently overbalanced by such softening effects as spheroidiza- 
tion, coalescence, and depletion of the carbon content of the matrix. 

3. On the basis of interfacial energy considerations, spheroidized 
cementite particles at ferritic boundaries must be above a certain mini- 
mum size in order to be favored over cementite films. The calculated 
minimum size increases with both the carbon content of the alloy and 
the ferritic grain size. 

4. Ferritic grain growth in the tempering range of 900 to 1300°F 
(480 to 705 °C) is relatively small due to the inhibiting effect of grain 

oundary cementite. 

5. The enhanced solubility of carbon in the matrix reported to 
xist in plain carbon steels during tempering is attributed to the pres- 

ice of small, coherent particles of cementite which may differ in 
mposition from the formula Fes3C. 


Appendix A 


MINIMUM SIZE OF STABLE CEMENTITE LENTICULAR PARTICLES AT FERRITIC 
BouNDARIES 


Let ya-a = Interfacial energy per unit area between two ferritic grains. 
ya-c = Interfacial energy per unit area between ferrite and cementite. 
S, — Ferritic grain boundary interfacial area per unit volume. 
t = Thickness of uniform and completely continuous cementite films 
at ferritic grain boundaries. 
n= Number of lenticular cementite particles at ferritic grain bound- 
aries per unit volume. 

\, h, d, r, @ = Volume, surface area, thickness, diameter, radius of curvature of 
spherical surfaces, and dihedral angle respectively of each lenticu- 
lar cementite particle. 

E, = Total interfacial energy per unit volume with uniform cementite 
film completely covering ferritic grain boundary surface. 

E, = Total interfacial energy per unit volume with n_ lenticular 
cementite particles at ferritic grain boundaries. 


om the geometry of a lenticular particle: 


2 
we a 1 = acl 
1) sin 5 =5, and h=d i (ss) 
2 2 
or 6 = 115° as determined in reference No. 7: 
2) r =0.60 d, and h=0.54 d 
The surface area and volume of a lenticular particle are given by: 
2 
3) Aaterh: and V=2/3e (3) [3r=3 | 
Substituting for r and h from (2) : 
4) A =0.65xd? and V =0.07479d* 


For cementite film completely covering ferritic grain boundary surface: 
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5) Ei =2 Sy Ya-—c 
For n lenticular particles at ferritic grain boundaries : 
2 
6) E,= (s aks are ) Ya-a+n 0.652d? Ya—c 
To obtain n in terms of t: 
Sy t 
1) "*0.074rd! 
8) E2=Syya-e— 3.3 S, t Ya-a , 8.8 Sy t Ya—c 
d d 
Equating (8) and (5) to obtain minimum d: 
9) dmia = $5 ve —3.3 Ya-a t 


2 Ya-—c — Ya-—a 





Since ei 0.93 from reference No. 12: 
ya-a 


10) Canin =5.7t and huis =3.1 t 
The mean linear size of a cementite lenticular particle d, may be taken as 
11) danin = Sin thio 4.4 t* 
*Equation 2 of text. 
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DISCUSSION 


Written Discussion: By Stuart T. Ross, project engineer, Chrysler 
rp., Detroit. 
The authors are to be congratulated for noteworthy additions to the knowl- 
ge of phenomena concerned with tempering of steel. As in a previous paper ° 
ey have divided microstructural changes associated with tempering into three 
iges as functions of temperature. The time of tempering has been held constant 
one hour. 
Since tempering operations are usually performed at constant temperature, 
seems logical to consider microstructural changes as being not only 
temperature-dependent but also time-dependent. The work of Engel,’ for example, 
indicates that Rc hardness of martensite tempered at a given temperature is a 
function of the time the work is held at that temperature. Therefore, as an ad- 
dition to the above paper, work done in our laboratories concerning the time- 
dependence of tempering operations is presented for consideration. 
Recently, an investigation by our laboratory on a commercial SAE 1090 





®* B. S. Lement, B. L. Averbach and M. Cohen, “Microstructural Changes on Tempering 
Iron- ‘Carbon Alloys’? Transactions, American Society for Metals, Vol. 46, 1954, p. 851. 

7E. H. Engel, “The Softening Rate of a Steel When Tempered from Different Initial 

Structures,” TRANSACTIONS, American Society for Metals, Vol. 29, 1937, p. 
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steel indicated dependence of its microstructure on the time of tempering. Disks 
of this steel 0.10 inch thick and 1.0 inch in diameter were austenitized at 1500 °F 
for 16 hours and water-quenched. They were then tempered at 800 °F in molten 
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Fig. 27—SAE 1090 Steel Quenched from 1500 °F and Tempered 1 minute at 
800 °F. Formvar replica, chromium shadowed at 45 degrees. Original magnification 
X 15,000, reduced 1/3. A lacy, film-like constituent is present in the habit of martensite 
subgrain structure. Elongated cementite films are seen at matrix boundaries. 


salt for times varying from 1 to 60 minutes. Table IV indicates the Rc hardness 
obtained at various tempering times. 

Electron micrographs of these tempered specimens were taken at X 15,000. 
Replication was accomplished by casting Formvar onto surfaces etched with 4% 
picral containing 0.1% zephiran chloride. The replicas were dry-stripped and 
shadowed with chromium at an angle of approximately 45 degrees. 


Table IV 
Hardness of SAE 1090 Steel Specimens Tempered Various Times at 800 °F 
Tempering Time Hardness 
(at 800 °F) (Re) 
iq Duntelied 66.0 
1 Minute 50.0 
15 Minutes 47.0 
30 Minutes 45.5 
60 Minutes 45.0 


Fig. 27 indicates that a lacy, film-like constituent remains after tempering 
for 1 minute at 800 °F. It is in the habit of the martensite subgrain structure re- 
ported both by the above and work done at the Chrysler Corporation. Elongated 
cementite films are also present at matrix boundaries. 

Fig. 28 shows that evidences of martensite subgrain structure remain even 
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Fig. 28—SAE 1090 Steel Quenched from 1500 °F and Tempered 15 Minutes at 
00 °F. Formvar replica, chromium shadowed at 45 degrees. Original magnification 

15,000, reduced 1/3. Evidence of martensite subgrain structure remain. Most of the 
arbides appear to be cementite. 


Fig. 29—SAE 1090 ‘Steel Quenched from 1500 °F and Tempered 30 Minutes at 
800 °F. Formvar replica, chromium shadowed at 45 degrees. Original magnification 
X 15,000, reduced 1/3. More elongated cementite yerae have formed along prior grain 


boundaries. The fine, lacy constituent has virtually disappeared. 
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Fig. 30—SAE 1090 Steel Quenched from 1500 °F and Tempered 60 Minutes at 
800 °F. Formvar replica, chromium shadowed at 45 degrees. Original magnification 
< 15,000, reduced 1/3. Cementite particles have begun to agglomerate and broaden. Fewer 
a particles are present and no remnants of the martensite subgrain structure 
can be seen. 


after tempering for 15 minutes at 800 °F. However, most of the carbides appea: 
to be cementite. 

In Fig. 29, it can be seen that more of the elongated cementite particles hav: 
formed along prior grain boundaries. This has been accomplished at the expens: 
of the fine, lacy constituent which has virtually disappeared after tempering fo 
30 minutes at 800 °F. 

The last micrograph, Fig. 30, indicates that after 60 minutes of tempering 
at 800 °F, cementite particles have begun to agglomerate and broaden. Fewe: 
elongated particles are present and no remnants of the martensite subgraii 
structure can be seen. 

Thus, it is suggested that when the time factor is considered, temperatur: 
limits dividing tempering into several stages are either extremely wide or non 
existent. The authors’ previous paper indicates that the structure precipitated 
in martensite subgrains is found after tempering at 250 to 350 °F for an hour o1 
more. This discussion indicates that stich a structure can persist up to 15 minutes 
at a tempering temperature of 800°F. It is reasonable to predict that this 
structure can form and remain on the order of 30 to 60 seconds even at temper 
ing temperatures of 1000 °F or higher. Therefore, transitory formation of epsilon 
carbide and decomposition of austenite could well take place as intermediate 
stages no matter what the tempering temperature. Relative duration of these 
phenomena must, of course, depend upon the temperature at which the tempering 
operation is performed. 

Written Discussion: By Cyril Stanley Smith, director, Institute for the 
Study of Metals, The University of Chicago, Chicago. 
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The authors make a most important point in remarking that under some 
conditions discrete lenticulate particles can be replaced with a plate-like form at 
a saving of surface free energy. However, one should be careful to avoid the 
impression that the dihedral angle is size dependent or that at some particular 
dimension the dihedral angle changes from a positive value to zero. Under 
surface tension forces with particles more than a few atoms in diameter there 
will be no change in shape with size. The change in geometry occurs only because 
boundaries of a different type are involved in equilibrium. The “cementite film” 
appears only when the ferrite boundary disappears from the system. Actually, 
the authors’ effect is in essence the same as the redistribution that occurs when 
two lenticulate particles meet and merge under surface-tension forces into 
ontiguous crystals with a new grain boundary between them but with a decrease 
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total surface area and energy. This saving of surface energy will occur re- 
‘dless of scale and regardless of number of particles whenever two or more 
ticles touch provided only that y<2ya-. In the case under consideration this 
ing of energy can occur only if there is multiple nucleation and only if and when 
particles have grown or moved until they come into contact. It is unreason- 
e to depend upon the miracle which would produce a full-grown single crystal 
ite or film over the whole a-a boundary. The “cementite film” of the authors 
actually many crystals of cementite in contact with each other and completely 
‘tting out the original ferrite grain boundary. The cementite must contain an 
proximately hexagonal network of its own grain boundaries, the energy of 
hich cannot be ignored. Moreover, its interface with ferrite cannot be flat 
ut must be covered with a series of nearly spherical “hills” meeting in an ap- 

proximately hexagonal valley network at the correct dihedral angle 
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If two ferrite-cementite interfaces meet with a ferrite grain boundary, the 
dihedral angle will be the proper one, and the spreading of the “plate” over the 
grain boundary will be hindered by surface energy forces not helped, except for 
a moment following contact with a pre-existing adjacent particle. 

Fig. 31 illustrates this point. A shows a series of discrete particles on the 
boundary. B represents the effect of merging them if the effect of orientation 
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difference is ignored and they are replaced with a single crystal. C shows the 
polycrystalline plate that would result in practice by merging many separate 
crystals. To a first approximation it is the plate of the authors, but the details 
necessary for surface energy equilibrium are important. Configuration B, of 
course, represents the ultimate equilibrium configuration for a given amount of 
precipitate at the grain boundary and eventually configuration C will transform 
into this by slow diffusion. 

The above discussion, like that of the authors’, is based on elementary 
surface energy equilibrium, using an essentially fluid model, and neglecting 
orientation effects. On the whole, I believe that the plate-like precipitate at the 
grain boundaries that the authors observe and which is not infrequently seen in 
other systems is more a kinetic than an equilibrium phenomenon. A real film or 
plate of a single orientation could, however, result from growth from a single 
nucleus which had a low-energy coherent interface with one crystal, growing 
rapidly as a result of a high diffusion rate along the incoherent boundary. This 
would be approximately of uniform thickness if the coherent interface coul: 
form approximately parallel to the grain boundary. 

The authors’ relation for the surface energy involved in a grain boundar) 
containing lenticulate particles might be of wider value if it was not associate 
with the particular energies involved in the iron-carbon system. Rewritten fo 
the general case it becomes 


6 6 
E, = ya-a —ngrr? (1-cos*5, )ya-a + 4nn,r? (1-cos a )ya-e Equation 12 


where E, and n, related to a unit area of grain boundary (i.e. E:/S, and n 
in the authors’ nomenclature). By substituting the basic relation between dihed: 
angle and energies and simplifying, this becomes 





3q- 
E, = ya-a + nar? (4ya-- —3ya-a + : ‘ =~? Equation 12 
y"a-e 


The assistance of Messrs. Lement and Cohen in eliminating errors in a p 
liminary form of this discussion is gratefully acknowledged. 


Authors’ Reply 


As Mr. Ross points out, there is a time as well as temperature depender 
associated with the reactions that occur during the tempering of steel. His stud: 
of the solution of e-carbide at 800 °F is interesting since it indicates that this 
carbide is more persistent than one might expect on the basis of our previous 
paper (1). However, one should not overlook the possible role of residual alloy- 
ing elements in commercial 1090 steel. In the presence of extraneous elements 
and particularly if microsegregation occurs, solution of e-carbide may be delayed 
somewhat. Therefore a direct comparison with the kinetics of the high purity 
iron-carbon alloys used in the present investigation should be regarded with 
caution. 

In the previous paper, it was shown (1) that e-carbide in a 0.8% carbon 
alloy virtually disappears after 1 hour at 550 °F, which corresponds to a hard- 
ness of Rockwell C-52. In the 1090 steel of Ross, e-carbide virtually disappears 
after 30 minutes at 800 °F, with a corresponding hardness of Rockwell C-45. If 
both sets of data are assumed to reflect the role of carbon and not alloy content, 
it may be concluded that an increase in tempering temperature has the effect of 
speeding up cementite formation (as well as the subsequent changes in 
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morphology and distribution) relative to the solution of e-carbide. In addition to 
explaining the lower hardness after obtaining complete solution of e-carbide at 
800 °F, this viewpoint indicates that a given hardness achieved by different 
time temperature tempering combinations does not necessarily represent a 
definite microstructure. 

Dr. Smith points out that it is possible to form a polycrystalline or multi- 
lenticular plate of cementite by merging of pre-existing lenticulates of cementite 
at grain boundaries. He further states that a multi-lenticular plate could trans- 
form to a single crystal lenticulate by slow diffusion, which may be interpreted 
as grain growth within the carbide or removal of cementite-cementite bound- 
aries. However, the films of cementite that form at ferritic grain boundaries are 
ibserved to “spheroidize” eventually or break up into globular particles which 
are much smaller than one would expect on the basis of a change from a multi- 
enticulate to a single lenticulate. Therefore, it seems unlikely that the process 

stulated by Dr. Smith actually occurs during the tempering of iron-carbon 
loys even if it is energetically possible. 

The authors agree with Dr. Smith on the exceeding low probability of 
ming a single crystal cementite film over the whole a-a boundary even though 
is energetically possible. For the purpose of simplicity, a comparison was 
ile of the total interfacial energy corresponding to a uniform and continuous 
| of cementite with that of an equal volume of lenticulates in order to show 
t their size is of importance. However, it can likewise be shown that if the 
1 is discontinuous or plates form, a lower total interfacial energy also results 
‘ompared to a system of lenticulates below a certain minimum size. In fact, 
s possible for a system of grain boundary cylindrical plates (discs) to be 
e stable than a continuous grain boundary. For the case of a comparison 
1 a system of cylindrical plates of cementite, the minimum diameter of 
le lenticulates can be shown to be given by: 


49h 
0.86 + : Equation 14 


min 


re h is the thickness and R is the radius of the plates. If 2 is very small, 
.» = 5.7 h which is the same result obtained in Appendix A for the case of a 
tinuous film of thickness t. However, more stable plates result if + is in- 


ased. It can be shown that for the most stable system of grain boundary 
lindrical plates, 
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2 ap Se eee ee Equation 15 
Ye-e 





Substituting this ratio of = in Equation 14: 


dmin = 2.7 h Equation 16 


V (0.93)? 
where h now equals |“ 


new 





14 
3 : 
| or depends on the volume of cementite 


(V) and number of plates (n) per unit volume of alloy. 
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As suggested by Dr. Smith, the formation of grain boundary plates might 
occur by the growth of nucleus possessing a coherent interface with one grain 
and an incoherent interface with the adjoining grain of the matrix. However, in 
view of the fact that diffusion of carbon atoms is probably faster along a-a 
boundaries than within a-grains, it does not appear necessary to make assump- 
tions regarding the state of coherency of the cementite interfaces. If carbon 
atoms were supplied edgewise at a sufficiently rapid rate, a cementite nucleus 
could spread along the a-a interface and thereby result in a film or plate. 
Thickening would presumably result from bulk diffusion as well as grain 
boundary diffusion of carbon atoms. 

Equations 12 or 13 given by Dr. Smith for the case of lenticular particles 
at grain boundaries can be made even more general by taking into account 
the total volume of precipitate (V) per unit volume of alloy: 
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Equation 17 


For a given dihedral angle 6, E, increases with n!/* and is a minimum if 


5 6 : ; = 

1 = 1 (one particle). To find the value of — which makes E a minimum for a 

dE, 
given value of n, dc @) is set equal to zero. 

2 
This gives the dihedral angle relation: 
cos & = insta Equation 18 
2 2 Ya-c 


Thus it is possible to derive the dihedral angle relation on the basis of energ 
considerations as well as on the basis of an equilibrium of interfacial tensions a 
Dr. Smith has done. 














EFFECTS OF COLD WORK ON CEMENTITE IN STEEL 


By D. V. Wirson 


Abstract 


The influence of cold work on cementite in steel has been 
explored, using the methods of magnetic analysis and X-ray 
diffraction. 

When a carbon steel is plastically deformed the cementite 
Curie point changes. The extent of this change is strongly 
dependent on the microstructure of the steel and the amount 
of deformation applied. On heating a cold-worked steel in the 
temperature range 200 to 500°C (390 to 930°F), progres- 
sive recovery of the Curie point occurs. 

The observed magnetic intensity/temperature relation- 
ships demonstrate the existence of structural conditions of 
the carbide intermediate between that of undeformed cemen- 
tite and the state produced by severe cold working. It has been 
shown that the displacements of the cementite Curie point are 
mechanically reversible and there is some evidence that this 
Curie point may be directly influenced by elastic distortion of 
the cementite. These observations are consistent with the pos- 
sibility that elastic textural strains present in the cementite 
particles may provide a sufficient explanation of the Curie 
point displacements. 

Cold working also causes a small increase in the intensity 
of magnetisation which persists up to temperatures approach- 
ing 500°C (930°F). The characteristics of this change are 
considered in relation to the possibility of decomposition of 
cementite in cold-worked steels. 

X-ray examination has confirmed that the textural stress 
system, set up between the ferrite and cementite as a result of 
cold working, may impose intense elastic strains on the cemen- 
tite particles. These textural stresses may have an important 
influence on mechanical properties. 


INTRODUCTION 


HE changes in the saturation intensity of magnetization and in the 
cementite Curie point of a steel which occur as a result of plastic 
deformation (1)? are of particular interest because these two prop- 





' The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirty-sixth Annual Convention of the Society, 
held in Chicago, Novembér 1 to 5, 1954. The author, D. V. Wilson, is lecturer, 
Department of Industrial Metallurgy, The University ‘of Birmingham, ee 
Birmingham, England. Manuscript received August 3, 1953. 
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erties are generally regarded as being dependent only on chemical 
composition and crystal structure. 

The saturation intensity /temperature relationships shown by cold- 
worked carbon steels bear resemblance to those shown by similar steels 
which have been quench-hardened and subsequently tempered at a 
temperature in excess of about 280°C (535 °F). In the case of the 
heat treated steels, the occurrence of a modified carbide Curie point 
has been ascribed to the initial precipitation of carbides having crystal 
structures different from that of cementite (2). That the first precipi- 
tate occurring during the low temperature tempering of martensite is 
the hexagonal e-iron carbide has been established by the structural 
investigations of Heidenreich, Sturkey and Woods (3) and of Jack 
(4). More recently it has been suggested that another intermediate 
carbide, resembling iron percarbide, may occur during the third stage 
of tempering carbon martensites (5), (6). 

The possibility that similar modifications in the carbide structure 
may underlie the magnetic behaviour of cold-worked steels has been 
considered. Andrew, Lee and Wilson (7), in an X-ray crystallographic 
examination of cold-worked high carbon steels, found no evidence of a 
new carbide phase but they observed that the residual textural stress 
system, set up between the cementite and the ferrite as a result of cold 
working, may impose intense strains on the cementite particles. As a 
result of this observation a second possible cause of the displacement of 
the cementite Curie temperature was suggested, namely, that the 
changes in interatomic distances in the carbide structure, due to the 
textural stresses, might in themselves sufficiently modify the exchange 
interaction factor to give rise to a significant change in Curie tempera- 
ture. 

However, a new carbide phase would probably occur in the form 
of small, highly strained particles, therefore the absence of X-ray dif- 
fraction evidence of a new carbide cannot be regarded as conclusive 
evidence that a structural transformation does not occur during cold 
working. 

In the present investigation, thermomagnetic analysis, supple- 
mented by some X-ray observations, has been used in an examination 
of the effects of cold work on cementite in steel. 


EXPERIMENTAL METHODS 
The Thermomagnetic Balance 


The general principles involved in the method of thermo-magnetic 
analysis, using the Sucksmith magnetic balance, have been outlined 
in (8) and in subsequent papers describing experimental investigations 
in which this method has been used (9,10,6). 

The magnet constructed for the present research was similar in 
principle to that developed by Sucksmith but a considerably larger 
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specimen, suitable for cold working by compression, was used: this 
was in the form of a disk of 0.2 inch diameter and 0.1 inch thick. 

The arrangement of the specimen assembly and the furnace be- 
tween the pole-pieces of the electromagnet is illustrated in Fig. 1. The 
specimen was set up with a diameter in the field direction, therefore no 
angular setting of the specimen in the horizontal plane was required 
Despite the relatively large magnetic moment of the specimen and the 
variations in the field gradient over distances of the order of the dimen- 
sions of the specimen, tests demonstrated that no serious inaccuracies 
resulted from the use of the larger specimen provided a ‘null’ method 
of force measurement was employed. 

The magnet coils were water-cooled at their inner surfaces and a 
coil current of 15 amps could be used giving a field strength of 17,500 
oersteds between the ferrocobalt pole faces. 

The specimen “1,” contained in a platinum thimble “4,”’ was placed 
symmetrically in the pole gap in the region of minimum variation in 
field gradient with vertical displacement. The field gradient, provided 
by the shaping of the pole faces, was so arranged that the magnetic force 
pulled the specimen upward against the lower end of the silicia tube 
2,” which was ground flat. The force on the specimen was communi- 
cated to the copper-beryllium ring balance “3” by the silica tube, lateral 
movement being restrained by spiral springs “5.” The elastic distortion 
of the ring balance was measured by means of an optical lever. Light 
from a projection lamp passed through lens “7,” was reflected by the 
mirrors “6” and was then brought to focus in the plane of a graticule, 
which was observed through a microscope. This arrangement per- 
mitted the observation of a specimen movement of 10—° cms. 

A steel specimen, weighing 44 gram, experienced a force equiva- 
ent to about 60 grams weight at room temperatures : This was counter- 
balanced to the nearest gram by weights placed on the platform “8,” the 
residual force being taken up by distortion of the ring balance. The 
vertical setting of the silica tube “2,” hence that of the specimen, was 
checked to 2 x 10—-* cms. by means of a second optical system employing 
a fine cross-wire mounted directly on the silica tube at “11” : and a lens 
“10” which focused an enlarged image of this cross-wire onto the 
microscope graticule. 

During an experiment the specimen was heated by means of a 
small, externally water-cooled, furnace mounted vertically between 
the pole faces: the Nichrome tape heating element was wound non- 
inductively. The specimen’s temperature was measured by means of a 
platinum, platinum/rhodium thermocouple which passed down the 
inside of the specimen-supporting tube, the hot junction “9” being in 
direct contact with the specimen. At elevated temperatures a stream 
of purified nitrogen was passed through the furnace tube to protect the 
specimen from oxidation. 
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Fig. 1—Thermomagnetic Balance. Diagram of specimen 
y and furnace: 
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Tests using specimens having known mass ratios and intensity 
ratios demonstrated that errors due to magnetic image effects were 
negligible in the range of variation of magnetic moment met with in 
the research. An applied field in excess of about 5000 oersteds was suf- 
ficient to overcome the self-demagnetizing field of a soft iron specimen, 
but with magnetically hard materials a considerably higher applied field 
was required to achieve a close approach to saturation. The achieve- 
ment of approximate saturation intensity was tested by observing the 
variation of the force ratios with applied fields in the range 8000 to 
17,000 oersteds. 

With a single specimen a magnetic intensity change of 0.15% 
could be detected with certainty in the normal working range. Re- 
sroducibility of results obtained with different specimens was normally 
vithin + 0.4%. Reduced accuracy in the latter case was largely due to 
he influence of small errors in specimen setting. 


Preparation of the Specimens 


The majority of the experiments made in this research have em- 
oyed one of the following steels, which were originally in the form of 
t-rolled rods. 


0.50% C 0.70% C 1.26% C 15% Cr 
C% 0.50 0.70 1.26 1.00 
Mn% 0.30 0.66 0.31 0.69 
Si% 0.09 0.15 0.27 0.55 
S% 0.007 0.010 0.012 0.029 
P% 0.03 0.015 0.023 0.020 
Cr%& — — ~- 14.9 
Ni% — _- 0.05 — 


After machining, heat treatments were carried out using a vertical 
ibe electric furnace. The specimens were heated in evacuated silica 
ibes which were arranged to fracture as they entered the quenching 
ith. This gave uniformly quenched specimens free from surface oxida- 
m and decarburization. 

With few exceptions, cold working was carried out by slow com- 
ression using a hydraulic testing machine. 


EXPERIMENTAL RESULTS 
Preliminary Observations 


The first magnetic experiments were made in order to explore the 
general characteristics of the changes in the saturation intensity/ 
temperature relationships of plain carbon steels which occur as a 
result of cold working. 

Tests, made with 1.26% carbon steel specimens of fine carbide 
particle size and having heavy reductions, demonstrated that the 
intensity/temperature relationships shown by the cold-worked steel 
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Fig. 2—Influence of Initial Microstructure on the Change 
in the Magnetic Intensity/Temperature Relationship of a 1.26% 
Carbon Steel Due to Cold Working. Curve 1—Fully softened 
condition (annealed 680 °C). Curve 2—Spheroidized micro- 
structure, 89% reduction. Curve 3—Fine pearlitic microstructure, 
87% reduction. Curve 4—Fine sorbitic microstructure, 87% 
reduction. Curves 2, 3 and 4 were obtained on heating. Curve 1 
represents a reversible relationship. 


were essentially independent of the relationship between the directio: 
of magnetization if an applied field in excess of about 15,000 oersted 
was used. Subsequently, with one exception, all experiments were mac: 
using an applied field of 16,000 oersteds. The rate of heating and coo! 
ing was approximately 2 °C per minute. 

It was found that the initial condition of the steel exerted : 
marked influence on the extent of the change which resulted from ; 
given degree of deformation. Fig. 2 illustrates the results obtaine 
with the 1.26% carbon steel after cold working to similar extents 11 
three different conditions. These were: 

a) Annealed at 680°C (1255°F) for 8 hours, (spheroidizec 
microstructure ). 

b) Isothermally transferred at about 600°C (1110°F) (fine 
pearlitic structure). 

c) Water-quenched from 950°C (1740°F) and tempered at 
480 °C (895 °F) (fine sorbitic structure). 

After these heat treatments each specimen received approximately 
88% reduction by compression. In their undeformed conditions the 
spheroidized and pearlitic materials gave intensity/temperature rela- 
tionships similar to that of the “fully softened” material (annealed at 
680 °C after cold working), but the relationship of the hardened and 
tempered material in the undeformed condition showed some differ- 
ences from that in the softened condition (this is shown in Fig. 5.) 
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Fig. 3—Comparison of the Effects of Cold Work on Steels of 
Differing Carbon Content. (The scales are adjusted to represent 
samples having equal quantities of ferrite). Curve 1—Carbon free 
iron. Curve 2—0.70% carbon steel; fine pearlitic structure; unde- 
formed. Curve 3—0.70% carbon steel ; fine pearlitic structure; 84% 
reduction. Curve 4—1.26% carbon steel; fine pearlitic struc- 
ture; undeformed. Curve 5—1.26% carbon steel; fine pearlitic 
structure; 85% reduction. 
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Fig. 4—Influence of Cold Working on Intensity/Temperature Relation- 
ship of 15% Chromium, 1% Carbon Steel. The specimen was quenched from 
1000 °C, tempered at 600 °C and then received 63.5% reduction. 


In addition to the 1.26% carbon steel, a carbon-free iron, an 
0.50% carbon steel and an 0.70% carbon steel were examined; the 
steels being treated to give fine pearlitic microstructures. Carbon-free 
iron showed no detectable change in the intensity /temperature rela- 
tionship after reductions of up to 93% by compression. With steels of 
differing carbon contents, but otherwise comparable microstructures, 
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Fig. 5—lInfluence of Differing Degrees of Deformation on Cementite 
Curie Point Change. Relationships observed on heating. 


the changes due to cold working became more apparent with increasing 
carbon content, but, with similar degrees of deformation, the tempera 
ture displacements of the apparent cementite Curie point appeared t 
be roughly similar. 

The curves shown in Fig. 3 have been derived from the experi 
mental results to illustrate the relationships which would be obtaine: 
with specimens having differing proportions of carbide but with th 
same weight of ferrite present in each case. The relation betwee: 
magnetic moment and temperature is plotted so that, in the case of th: 
undeformed conditions, the three curves coincide at temperatures at 
which the cementite is not ferromagnetic. Curve 1 represents the re 
lationship shown by carbon-free iron; this is not modified significant], 
as a result of cold working. Curves 2 and 3 refer to an 0.7% carbon 
plain carbon steel in the undeformed and heavily worked conditions 
respectively : Curves 4 and 5 to a 1.26% carbon steel, again in the un- 
deformed and heavily worked conditions respectively. With the cold 
worked conditions the relationships (3 and 5) do not become effectively 
coincident with that shown by carbon-free iron until a temperature in 
the neighborhood of 500 °C (930 °F) is reached. 

Fig. 4 shows the influence of cold working on the intensity /tem- 
perature relationship of the 15% chromium 1% carbon steel. This 
was oil-quenced from 1000°C (1830°F) and tempered at 600 °C 
(1110°F) before working. This gave an initial hardness (410 V.P.N.) 
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and microstructure very similar to that of the 1.26 carbon steel, after 
the latter had been quenched from 950°C (1740°F) and tempered 
at 480°C (895 °F) however, the carbide in the chromium steel was 
in the trigonal (Fe,Cr)7Cs form. The change in the intensity/tem- 
perature relationship of this chromium steel, as a result of working, 
was relatively small and the direction of the change opposite to that 
of a similar plain carbon steel. (The characteristics of the change 
shown by the chromium steel resemble those which would arise as a 
result of a small change in the ferrite Curie temperature). 


The Progressive Changes in the Magnetic Intensity/T emperature 
Relationship Due to Cold Working and During 
Subsequent Reheating. 


More detailed examinations were next made, using steel having 
composition and structure which permitted relatively large changes 
n the intensity/temperature relationship as a result of cold working. 
‘he specimens used were of the 1.26% carbon plain carbon steel, 
ater-quenched from 950°C (1740°F) and subsequently tempered 
480 °C (895°F) for 1 hour. This treatment gave a‘ fine sorbitic 
icrostructure and an initial hardness of 410 + 6 V.P.N. After cold 
orking the specimens were aged for several days before testing. 

Fig. 5 shows the effect of several different degrees of cold work 

1 the intensity/temperature relationship of the 1.26% carbon steel 
the condition described. In this diagram, the individual curves have 
‘en combined on the assumption that all the specimens returned to 
e same condition after annealing at 700°C (1290°F). If the in- 
nsity values were calculated directly from the specimen weights and 
sitions, then the results obtained in the ‘annealed’ conditions showed 
scatter of approximately 2% of the intensity value. It is probable 
iat these differences were due principally to errors in specimen 
tting. On this assumption, the standard provided by the ‘annealed’ 
elationship of each specimen was preferred as a basis of comparison. 

Although the different specimens used in this experiment were 

iachined from adjacent portions of the same bar and were all heat 
treated in the same batch, the magnitude of the increments in intensity 
value considered are such that small variations in the initial samples 
nay also be significant. 

For these reasons quantitative comparisons of the different curves 
given in Fig. 5 cannot be made with the same degree of confidence as 
in the case of the ‘recovery’ experiment which will be described next. 

It is considered that the following conclusions can be drawn from 
the results of this experiment : 


a) The reom temperature saturation intensity increased 
progressively with degree of deformation up to the highest 
reduction examined. 
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b) There was a progressive increase and ‘smoothing out’ 
of the apparent cementite Curie point with increasing cold 
work; but for similar increments in cold work, the rate of 
change of this Curie temperature appeared to decrease with 
increasing cold work. 

c) After heating to temperatures above about 480°C 
(895 °F), there was little difference in the observed intensity 
values, irrespective of the initial condition of the steel but, 
above the apparent cementite Curie temperature, in the tem- 
perature range from 300 to about 480°C (570-895 °F) the 
observed intensity of magnetization was dependent on the 
amount of previous deformation. In this temperature range 
there was a suggestion that the increments in intensity value 
may become greater in the later stages of deformation. 


The next experiment was designed to investigate the character- 
istics of the recovery of the intensity/temperature relationship during 
reheating of a heavily worked steel. A specimen of the 1.26% carbon 
steel, quenched from 950 °C (1740°F), tempered at 480 °C (895 °F) 
and having 87% reduction by compression, was used. The specime: 
was aged at room temperature for one week before testing. The ex 
periment consisted of following the changes in the intensity /tempera 
ture relationship of the material during heating to, and cooling fron 
successively higher temperatures in the range 90 to 700°C (195 t 
1290 °F). The results are summarized in Fig. 6. Details of the heatin; 
and cooling operations are given with this diagram and the sma 
vertical arrows on the graph also indicate the temperature steps. T! 
rates of heating and cooling were approximately 2 °C per minute. 

Since this experiment was made using a single specimen and t! 
setting position was unchanged throughout the experiment, high con 
parative accuracy could be achieved. In the particular conditions a 
0.1% change in the intensity value could be recognized. 

The results indicated that the intensity/temperature relationshi 
was reversible up to 172°C (340°F) but, above about 200 °( 
(390°F), there was evidence of the start of the recovery process. R: 
covery became marked after heating to temperatures above about 250 °' 
(480 °F ) but only after heating to temperatures of the order of 500°C 
(930 °F) was it largely completed. 


Evidence of the Mechanical Reversibility of the Cementite 
Curie Point Displacement 


The textural stress system, set up between cementite and ferrite 
as a result of plastic deformation, is orientated with respect to the di- 
rection of working. If the displacement of the cementite Curie tem- 
perature in a cold-worked steel were associated with the presence of 
textural elastic strains in the cementite particles, then one might sup- 
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Fig. 6—Recovery of the Cementite Curie Point Change During Reheating After 
Cold Work. 1.26% carbon steel, quenched from 950 °C, tempered at 480°C, 87% 
reduction. Progressively heated to and cooled from the following temperatures: 
Curve 1—First heating to 93 °C; first cooling from 93 °C; second heating to 133 °C; 
second cooling from 133 °C; third heating to 172 °C; third cooling from 172 °C; fourth 
heating to 217 °C. Curve 2—Fourth cooling from 217 °C; fifth heating to 247 °C. 
Curve 3—Fifth cooling from 247 °C; sixth heating to 288 °C. Curve 4-—Sixth cooling 
from 288°C; seventh heating to 330 °C. Curve 5—Seventh cooling from 330 °C; 
eighth heating to 384.5 °C; Curve 6—Eighth cooling from 384.5 °C; ninth heating 
to 440.5°C. Curve 7—Ninth cooling from 440.5 °C; tenth heating to 509.5 °C. 
Curve 8—Tenth cooling from 509.5 °C; eleventh heating to 605 °C. Curve 9—Eleventh 
cooling from 605 °C, twelfth cooling from 700 °C. 
se that a significant reduction in the magnitude of the change could 
effected by deforming the metal in the opposite direction to that in 
hich the original deformation was applied. On the other hand, certain 
tructural transformations and planar fragmentation effects would not 
be expected to show mechanical reversibility. 

In initial experiments, samples of an 0.7% carbon steel wire of 
line pearlitic microstructure, which had been severely cold drawn, were 
‘reverse strained’ by compression along the wire axis, (using a compos- 
ite specimen to reduce buckling). Axial compression can give only 
approximately the reverse of the deformation in wire drawing; more- 
over some buckling and barreling of the specimens occurred when 
severe ‘reversed straining’ was applied. Despite these limitations the 
result suggested that some degree of recovery of the cementite Curie 


point may be achieved by ‘reversed straining.’ 
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Fig. 7—0.7% Carbon Steel; Fine Pearl- 
itic Structure; Initially Cold Drawn to 84% 
Reduction. Figure shows influence of sub- 
sequent “reversed straining’? on: 7a—The 
temperature displacement of the cementite 
Curie point; 7b—The indentation hardness. 


Lo = length before drawing; Lr = length 
after drawing; Lp = length after reversed 
straining. 


Using specimens cut from adjacent portions of the same wir« 
which had previously received 84% reduction by cold drawing, th: 
effects of a number of different degrees of reversed straining wer 
examined. 

Fig. 7a shows the observed trend in the relationship between th: 
estimated cementite Curie point displacement (i.e. the difference be 
tween the carbide Curie temperature of the cold-worked material and 
that of the same material in the undeformed condition) and the degree 
of ‘reversed straining.’ It is interesting to compare the general form oi 
this relationship with the variations in indentation hardness which oc- 
curred during ‘reversed straining’ of the same material. Each point in 
Fig. 7b represents the mean of six hardness determinations made on a 
suitably prepared cross section of the wire. The wire was fully aged at 
room temperature after drawing, but the hardness determinations were 
made within 24 hours of the ‘reversed straining’ operations. The maxi- 
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Fig. 8—Influence of “‘Reversed Straining’’ on Cementite Curie Point 
Change. 1.26% carbon steel; fine pearlitic structure. (Reversed strains are 
represented as a proportion of the original deformation. 


1um reduction in hardness occurred with a degree of reversed strain- 
ng which was small compared with the original deformation. Although 
he scatter was large, the results concerned with the recovery of the 
arbide Curie point appeared to follow a similar trend. 

Following this observation an improved experimental technique 
as devised which proved suitable for the testing of higher carbon 
eels, thus allowing more precise estimates of the position of the car- 
ide Curie point inflexion. This employed disk specimens which were, 
| effect, first expanded radially, by compression and then reduced 
idially by pushing through well lubricated, low angle carbide dies. 
Vhen more than one die was used for ‘reversed straining’ the disks 
vere turned over between each stage to reduce the effective shear 
leformation near the edges. 

The results of an experiment which employed this method are 
summarized in Fig. 8. All samples used in this experiment were cut 
irom a single large compression cylinder of the 1.26% carbon steel. 
Chis was heated at 810°C (1490°F), and then quenched in a salt 
bath. Transformation occurred at about 600°C (1110°F), giving a 
fine pearlitic microstructure. The specimen was compressed to 80% 
reduction in height by stages, keeping the deformation as homogeneous 

as possible, and it was then cut into six equal sectors. From each sector 
one test specimen was made, all the test specimens being cut at similar 
distances from the center of the original large compression piece. 
The six test specimens,were selected alternatively, the first being tested 
without ‘reversed straining,’ the adjacent one with ‘reversed straining,’ 
and so on. Curve 1 in Fig. 8 represents results obtained with the 
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undeformed material, Curve 2 the three specimens which received 
80% reduction only and Curve 3 the three specimens which re- 
ceived 80% reduction followed by ‘reversed straining.’ 

The scatter of results obtained in this experiment was small and 
it was evident that the degree of recovery of the apparent cementite 
Curie point was substantial. However, in spite of the marked degree 
of recovery in the lower temperature range, there was no evidence of 
recovery of the intensity/temperature relationship in the region above 


about 300°C (570°F). 


The Effect of Elastic Straining on the Cementite Curie 
Temperature of a Steel 


If the displacement of the cementite Curie temperature in a cold- 
worked carbon steel were directly caused by textural elastic strains in 
the cementite particles, then purely elastic straining of the steel as a 
whole might be expected to cause small, immediately reversible, 
changes in this Curie temperature. In the present case it seemed im- 
possible to devise a satisfactory method of applying and removing a 
known large stress to a small specimen in the thermomagnetic balance, 
therefore it was necessary to use a solenoid to provide the magnetic 
field. This had the disadvantage that the maximum attainable field 
strength was insufficient to saturate the specimen. 

The Solenoid Apparatus—The solenoid used in these experiments 
was similar to that used by Andrew, Lee and Fang in their investi- 
gation of the effects of cold work on steel (1). In principle the electri- 
cal circuits associated with the solenoid, including the method of 
calibrating the ballistic galvanometer throw, were also the same as 
those described by these investigators. 

The specimen, of circular cross section, had a central portio1 
12cms. long with a uniform cross section of about 0.1 square centi- 
meter. On this was placed a search coil of fine nichrome wire, insulated 
from the specimen by a layer of asbestos paper. On top of the search 
coil a platinum, platinum-rhodium thermocouple was fixed with th« 
hot junction in line with the center of the search coil. The load was 
communicated to the specimen through two austenitic steel tubes. 

Essentially the experiment was concerned with an estimation of 
the differences in intensity values in the stressed and the unstressed 
conditions respectively. An indication of the influence of stress- 
induced differences in permeabilities was gained by exploring the 
variation of the observed intensity differences in the range of available 
field strengths (100 to 1200 oersteds). It was found that these ob- 
served intensity differences became less sensitive to the magnitude of 
the applied field with increasing temperature until, above 200°C 
(390°F), the intensity difference approached closely to a constant 
value with the field strengths above 1000 oersteds. Hence, although ob- 
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Fig. 9—Influence of Elastic Straining on Magnetic Intensity/Temperature Rela- 
tionship of 1.26% Carbon Steel. 


‘rvations made below about 170°C (340°F) were of little value for 
resent purposes, the relative intensity values obtained in the neigh- 
hood of the cementite Curie point were not strongly field- 
pendent if an applied field in excess of 1000 oersteds were used. 

Details of the Experiment—The 1.26% carbon steel specimen 

sed in this investigation was heated to 950°C (1740°F) in a pro- 

ctive atmosphere and then quenched in a lead bath at 540°C 

\005°F) to give a fine pearlitic microstructure. Before the final 

iachining operations the specimen was drawn through a carbide die, 
viving about 5% reduction of area. Such a specimen would sustain a 
stress of about 65 tons per square inch up to a temperature of 350 °C 
(660 °F), without significant creep for periods sufficient to make the 
magnetic experiments. Before making the principal experiment, the 
specimen was heated to 350 °C (660 °F) and then prestressed up to 63 
tons per square inch. 

In the principal experiment the temperature was raised, slowly 
and continuously, from room temperature to 350°C (660°F) ina 
period of about 10 hours. Using an applied field of 1050 oersteds, read- 
ings were taken alternatively, firstly in the unstressed condition, then 
with a stress of 31 tons per square inch, then a stress of 62 tons per 
square inch, then again in the unstressed condition and so on, as the 
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temperature slowly increased. By making all the observations in a 
single run, the comparative accuracy of the results would be unaffected 
by such factors as possible variations in the temperature gradients 
within the apparatus and the reversible nature of the observed changes 
due to stress could be demonstrated directly. The results are repre- 
sented in Fig. 9. The intensity values were calculated on the basis of 
the room temperature cross section of the specimen and a small cor- 
rection was applied for the influence of stress on this cross section. 

The results in Fig. 9 show that a displacement of the cementite 
Curie temperature due to elastic straining was observed, but the mag- 
nitude of the change was only about 6 °C with an applied stress of 62 
tons per square inch. Above the cementite Curie temperature the re- 
lationships shown in the “stressed” and “unstressed” conditions be- 
came approximately coincident. This coincidence was maintained up 
to the maximum temperature reached (380°C). 


X-ray Examination 


Evidence suggesting that large textural strains may develop in 
the cementite particles as a result of cold working has been found in 
an earlier X-ray examination of a cold-worked spheroidized steel (7 ) 
The work described here represents an attempt to extend the X-ray 
investigation to steels in which the carbide was distributed on a fine: 
scale. 

The specimens were worked by compression and were gentl) 
ground down to about 2/3rds of their original height using wet emery 
paper. The prepared surfaces were not etched before examinatio: 
The X-ray photographs were taken in a 10 cm. glancing-angle camer: 
using monochromatized Cobalt Ka radiation. Reference lines, provide: 
by a ‘calibrating substance’ painted on the specimen surface, were use 
in measuring the films. The 1.26% carbon steel used in the first experi 
ments possessed a fine pearlitic microstructure, produced by heating th: 
steel at 810°C (1490°F) and then transforming at about 600°C 
(1110°F). 

Examples of microphotometer records obtained from the film 
are reproduced in Fig. 10. The two calibration lines which may b: 
observed in the films are marked Al 111 and Al 311 respectively. 
(Aluminum was used because its other diffraction lines are approxi 
mately coincident with ferrite lines and, therefore, do not further ob 
scure the carbide diffraction pattern). The three ferrite lines have been 
marked Fe 110, Fe 200 and Fe 211 respectively. The remainder of the 
indices refer to carbide lines. 

The angle of incidence of the X-ray beam on the specimen surface 
was in all cases about 40° ; therefore, the reflecting planes correspond- 
ing to the carbide lines observed between the Fe 110 and Fe 211 lines 
were within 12° of being parallel to the prepared surface of the speci- 
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Fig. 10—1.26% Carbon Steel. Fine pearlitic structure. Photometer records. 


Record No. 1 represents the diffraction pattern given by the 
earlitic steel in the undeformed condition. Record No. 3 shows the in- 
fluence of severe compression (about 80% reduction) on the diffrac- 
tion pattern given by a section taken perpendicular to the compression 
axis of the specimen. Record No. 2 refers to a specimen similar to that 
giving record No. 3, but in this case the section examined was taken 
parallel to the compression axis. 

The changes in the cementite diffraction pattern, which resulted 
trom cold working, were qualitatively similar to those observed in the 
case of the spheroidized steel (7). They may be summarized as 
follows :— 
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(a) A nonuniform distribution of intensities develops 
round the Debye-Scherrer rings. This is due to the develop- 
ment of a preferred orientation of the cementite; probably a 
direction in the neighborhood of the [001] direction tends to 
be aligned with the compression axis. 

(b) There is a broadening and reduction in maximum 
intensity of the lines, particularly at the higher diffraction 
angles. 

(c) In the films given by sections perpendicular to the 
compression axis, there is a systematic movement of the car- 
bide lines to higher angle positions, suggesting the presence of 
high compressive strains in the cementite particles. The films 
of sections parallel to the compression axis give evidence of a 
smaller movement of the lines in the opposite direction, sug- 
gesting the presence of tensile strains in directions perpendic- 
ular to the compression axis. 

(d) No X-ray evidence of a new carbide phase wa: 
found. 

In spite of the fine scale of the textural stress system 
some degree of stress relaxation may be expected to occur a 
a free surface. However, quantitative estimates of the ol 
served directional strains suggest that they are very high. | 
a given direction in the specimen their magnitude appears 
vary considerably with crystallographic direction in the ca: 
bide. For example, considering a section perpendicular to t! 
compression axis of a pearlitic specimen having 82% r: 
duction, the displacements of the carbide lines suggest that t! 
following compressive strains were present in the cementi 


particles :— 
Crystallographic direction ... i [212] ty [221] [130] [312] 
Apparent strain % ........... 0.6 1.0 aa: ae ee 1.0 
(contraction ) 


These values, which are the average of results obtained with fo: 
separate exposures, can give only an approximate estimate of the 
distribution of strain. The individual results for the stronger carbide 
lines were within 12% of the quoted values but those for the weakest 
line examined covered a range of about + 35%. Moreover, results 
calculated for the composite lines are subject to errors arising from 
changes in the relative intensities of the two components. The magni- 
tudes of the observed line movements corresponding to tensile strains 
in directions perpendicular to the compression axis were of the order 
of one half of those corresponding to compressive strains in the di- 
rection of compression. 

A small movement of the ferrite 211 line, in the opposite direction 
to the movement shown by t'< carbide !ines, was detected in the film 
measurements corresponding to workea specimens. This observation 
is consistent with the results obtained by Brookes (11) and with sub- 
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sequent conclusions about the nature of the textural stress system in 
cold-worked steels. A considerable increase in the background level in 
the neighborhood of the higher order ferrite lines was also noted. 

In Fig. 10, record No. 4 represents the pattern given by a speci- 
men which, with regard to heat treatment and the initial degree of 
compression, was similar to those used in obtaining records 2 and 3, 
but in this case the specimen was ‘reverse-strained’ by pushing through 
low angle dies in the manner previously described. The specimen was 
similar to those which gave curve No. 3 in Fig. 8, the degree of 
‘reversed straining’ representing about 7% of the original deforma- 
tion. The surface examined was perpendicular to the compression axis. 
Chis degree of ‘reversed straining’ was evidently sufficient to restore 
he cementite line positions approximately to those shown by an un- 
ieformed specimen. On the other hand, judging from the high order 

‘flections, the line broadening was not greatly reduced by ‘reversed 
‘raining’ of the worked specimen. 
Cold-worked specimens of the same steel were also examined in 
e sorbitic condition (water-quenched from 950°C (1740°F) and 
npered at 480°C). Sections of specimens having 0, 30, 50, 75 and 
% reductions in height were examined on surfaces perpendicular to 
> compression axis. With this fine microstructure the lines of the 
nentite diffraction pattern became so weak and diffuse as a result 
cold working that, beyond 50% reduction, the only ‘line,’ other 
in the lowest order lines, which could be measured on the micro- 
otometer, was that due to the 113, 122 spacings. 
Insofar as the observed movements of the composite 113, 122 line 
| be taken as representing the changes in these crystal spacings, they 
rgested that the strain reached about 0.9% after 30% reduction, 
ut 1.2% after 50% reduction and very roughly 1.3% after 75% 
luction in height, (Compressive strain in the direction of the com- 
pression axis of the specimen). Apart from the difficulty of estimating 
the positions of the peak intensities of the extremely broad lines given 

the more heavily worked specimens, further inaccuracy is intro- 
duced by the changes in the relative intensities of the two components 
ol the composite line due to the development of preferred orientation. 
The latter change appears to be such as to lead to an underestimation of 
the strain present. 

The results suggest that the textural strains may have developed 
rapidly in the early stages of deformation and that, in similar conditions 
of working, the strains which developed in the fine sorbitic steel were 
significantly greater than those in the softer pearlitic material. Con- 
sidering the results as a whole, it appears likely that mean directional 
strains as high as 1.5% may occur in the carbide particles in a severely 
deformed steel of fine microstructure. 


Up to the present only the average strains, derived from the ob- 
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served displacements of the Debye-Scherrer lines, have been con- 
sidered. So far as may be judged from the extent of line broadening, the 
range of strain also increases as deformation increases. This effect was 
particularly noticeable in the case of the specimens having a fine sorbitic 
microstructure. 


INTERPRETATION AND DISCUSSION OF RESULTS 
The Displacement of the Cementite Curie Point 


The first group of magnetic experiments have shown that, as a 
result of cold working a plain carbon steel, the carbide Curie point in- 
flexion is apparently displaced and extended and also that there is an 
increase in the saturation intensity of magnetization. Such changes do 
not occur in the absence of cementite, and the extent to which they may 
develop in carbon steels is greatly influenced by the initial microstruc 
ture. The results of more detailed examinations have shown that the 
apparent carbide Curie temperature of a given plain carbon steel in 
creases smoothly and gradually as the degree of cold work increases 
and also, during reheating after cold working, that this Curie tempera 
ture recovers in the same way. 

In terms of the suggestion that a new carbide structure may bé 
formed as a result of pastic deformation, these observations could b: 
explained by supposing that cold-worked steels contain a mixture o 
cementite and new carbide, the proportion of the new carbide increasin; 
with the amount of cold work applied. 

In general the intensity/temperature relationships of a materi: 
containing different ferromagnetic phases will show separate inflexion 
corresponding to the different Curie points of the phases present, bu 
if two Curie points are sufficiently close together, the inflexion corr: 
sponding to the lower Curie point may be masked. In the present cas: 
however, the apparent carbide Curie points observed with the heavil 
deformed conditions indicate that the Curie point of the proposed ne) 
carbide would be high enough to allow recognition of two separat 
inflexions in the intensity/temperature relationships. This can b 
demonstrated by considering the variations in the gradients of ‘syn 
thetic’ intensity/temperature relationships, derived by combining r: 
sults obtained with the annealed and the heavily deformed conditions 
respectively. In Fig. 11 the gradients of such a ‘synthetic’ relation 
ship, representing a condition intermediate between the severely 
deformed and the annealed states, are compared with those of a corre- 
sponding intermediate relationship which was observed experimen- 
tally. The latter refers to a specimen which was tempered at 384 °C 
(715 °F) after severe cold working. 

Because none of the experimental curves give evidence of a tend- 
ency to resolve into two component carbide Curie point inflexions, a 
simple explanation of the results cannot be made in terms of the oc- 
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currence of varying proportions of two discrete carbide structures. It 
is necessary to assume the existence of structural conditions of the 
carbide intermediate between that of undeformed cementite and the 
state produced by severe cold working. The observed changes are, in 
fact, consistent with the suggestion that it is the extent of the change 
in the cementite, rather than the proportion of cementite affected, which 
varies with the degree of deformation (or with the degree of recovery ). 


2.0 


| 


Curve 2 








100 150 200 ‘250 300 350 


Temperature °C 
Fig. 11—Gradients of Magnetic Intensity/Temperature 
Relationships (1.26% Carbon Steel; Sorbitic Structure). 
Curve 1—Calculated “intermediate” relationship, using re- 


sults obtained with the heavily deformed (87% _ reduction) 
and with the fully softened conditions. Curve 2—Correspond- 


ing “intermediate” relationship observed experimentally. 
Specimen reduced 87% and then tempered at 384 °C. 


It is a limitation of the magnetic method that a cold-worked steel 
t be heated in the range 200 to 300 °C (390 to 570 °F) before the 
ide Curie point inflexion may be observed. However, it may be 

d that these experiments have given no evidence that the change 
in the carbide Curie temperature is promoted by reheating the steel. 
The changes observed during low temperature reheating of a cold- 
worked steel were in the direction of recovery. 

It has been demonstrated that, in a cold-worked steel, a substantial 
degree of recovery of the displaced cementite Curie point toward its 
normal value may be effected by applying a second plastic deformation, 
which is directionally opposite to the first (Fig. 8). This recovery may 
be achieved by a ‘reversed strain’ which is small relative to the magni- 
tude of the original strain and X-ray observations have shown that 
the degree of ‘reversed strain’ which effects the maximum degree of 
recovery of the carbide Curie point is probably similar to that required 
to eliminate the directional component of the residual textural stress 
system between cementite and ferrite (Fig. 10). 


On reheating a cold-worked steel, the temperature range in which 
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the textural strains are relaxed (judging from X-ray evidence, Ref. 7) 
is similar to that in which the carbide Curie temperature has been ob- 
served to recover towards its normal value (Fig. 6). 

It seems probable, therefore, that the changes causing the dis- 
placement of the cementite Curie point are in some way associated with 
the presence of the intense residual stresses set up between cementite 
and ferrite as a result of cold working. Although Curie temperatures 
are generally insensitive to the effects of mechanical strains of ordinary 
magnitudes, ferromagnetic theory suggests that this characteristic is 
not independent of lattice distortion. The simplest explanation of these 
observations, therefore, is provided by the suggestion that elastic 
changes in the interatomic distances in the cementite structure, due to 
textural stresses, might be sufficient in themselves to cause the observed 
Curie point displacements. However, with different materials the ex 
pected magnitude of such an effect varies widely (12) and, at present 
it is difficult to make a theoretical prediction of the effect of stress i: 
the case of cementite. 

The final magnetic experiment consisted of an examination of th 
influence of uniaxial elastic straining on the intensity/temperatu: 
relationship of a high carbon steel. Although magnetic saturation w: 
not achieved in this experiment, it is considered that the applied fie 
strength was sufficient to permit useful comparisons in the neighbo 
hood of the cementite Curie temperature. Evidence was found of 
small, immediately reversible, displacement of the cementite Cu: 
point, produced by elastic straining of the specimen. The magnitude 
the observed displacement (an increase of about 6°C with an appli: 
stress of 60 tons per square inch) was small compared with those « 
tained after severe plastic deformation, even when the observatio 
were made at similar field strengths. This suggested that, if textu: 
strains are directly responsible for the displacement of the cement: 
Curie point in cold-worked steels, these strains must be large co: 
pared with those induced by an applied stress of 60 tons per squar 
inch. 

X-ray examination of severely deformed high carbon steels has 
confirmed that the textural strains, which develop in the cementite 
particles as a result of cold working, can be very large. ‘These strains 
are orientated with respect to the direction of working ; also, in a given 
direction in the specimen, they vary in magnitude with crystallographic 
direction in the cementite. There is evidence that the magnitudes of the 
strains which may be attained by severe cold working increase as the 
carbide particle size decreases: probably the mean directional strains 
in small carbide particles may reach values as high as 1.5%. 

The extent of line broadening in the cementite diffraction patterns 
suggests that the textural strains probably became increasingly irregu- 
lar with increasing deformation, particularly in the case of steels having 
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a small carbide particle size. So far as the Curie point change is con- 
cerned, it is reasonable to suppose that it is not merely the influence 
of the mean directional strains, but the combined effects of the full 
range of strains present, which must be considered. 


The Changes in Intensity of Magnetization 


Although the development of large textural strains in the 
cementite particles during cold working may underly the observed 
lisplacements of the cementite Curie point, the presence of these strains 
s unlikely to provide a sufficient explanation of the observed changes 
in the intensity values. 

A cold-worked steel of fine microstructure may show a displace- 
nent of the cementite Curie point inflexion to temperatures approach- 
r 300 °C (570°F), but the intensity of magnetization may remain 
eater than that of the annealed material up to temperatures in the 

ghborhood of 500°C (930 °F). The reversible intensity/tempera- 

: relationships of a cold-worked steel (Fig. 6) indicate that the 
terial responsible for the additional ferromagnetism in the tempera- 

- range 300 to 500°C (570 to 930°F) must have a Curie point 

siderably in excess of 500°C (930°F). The existence of an iron 
bide having such a high Curie point is unlikely (6) and it is probable 
t the effect is due to the presence of additional free ferrite. 

Further investigation of the factors influencing the intensity values 
‘equired but the following conclusions are suggested by present 
ilts : 

a) The extent of the increase in intensity above 300°C (570°F) 
ot generally consistent with the extent of the carbide Curie point 
lacement (Fig. 5), and the relative magnitudes of these two effects 
ear to vary with the state of internal stress in the steel (Fig. 8). 

b) Steels of widely different carbon contents but otherwise com- 
able microstructures, which have been cold-worked to give approxi- 
tely similar displacements of their apparent cementite Curie points, 

i\v show an increase in the intensity value above 300°C (570 °F) 
nich is clearly not proportionate to the amount of cementite present 
Fig. 3). 

These observations do not suggest that the displacement of the 
cementite Curie point and the increase in the intensity values above 
300 °C (570°F) in a cold-worked steel have one direct cause, such as 
a change in composition of the carbide. 

Cottrell (13) has shown that carbon atoms will tend to diffuse to 
the highly strained regions associated with dislocations in the ferrite 
lattice. If insufficient carbon is available in solid solution, it is probable 
that a limited amount of eementite decomposition can occur as a result 
of this behavior. In the present case, however, the transfer of carbon, 
from cementite to ferrite, required to provide an explanation of the 
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magnetic intensity increases’ is quite large (up to about 0.1% by 
weight of carbon in the case of a heavily deformed steel of fine micro- 
structure). Possible metallographic evidence of carbide solution in 
cold-worked steels is now being examined in this connection. 

Since an unequivocal interpretation of the magnetic changes can 
not yet be made, the immediate value of the investigation is in illus 
trating some of the important influences which textural stresses may 
have on the properties of cold-worked steel. 


Other Evidence of Textural Stresses in Cold-worked Steels 


It is believed that the residual stresses, which develop in th: 
cementite particles of a cold-worked steel, are compensated by oy 
posing stresses in the surrounding ferrite. On the basis of this assum 
tion a rough check of the present estimates of cementite strain may | 
derived from the work of previous investigators. 

Andrew, Lee and Brookes (11) measured the directional strai: 
in the ferrite of cold drawn steel wires. In the case of pearlitic 0.6’ 
carbon steel having 60% reduction, they observed compressive strai 
in the range 0.1% to 0.2% for the Fe 211 and the Fe 220 spacings 
a direction close to that of the wire axis. This steel contained about 9 
cementite by volume, therefore, assuming that the measured stra 
represent the mean directional strain in the ferrite, that these stra 
are compensated entirely by opposing strains in the cementite and t! 
the elastic modulus of cementite is similar to that of ferrite, the m: 
strain in the cementite would be in the range 1 to 2% (tensile str 
in the direction of drawing). 

Andrew, Lee and Chang (14) have computed the total cha 
in length, due to relaxation of the textural strains, on reheating a « 
drawn steel wire. With a pearlitic 0.58% carbon steel wire which | 
been cold drawn 60%, the effective increase in length due to heat 
to 600°C (1110°F) was 0.2%. Again assuming that the directional 
strains in the ferrite were compensated entirely by strains in thie 
cementite, and also, in this case, that the recovery of the ferrite was 
entirely elastic, this implies an average directional strain in the « 
mentite of the order of 2%. 

The order of magnitude of the strains in the cementite derived in 
these two different ways is in reasonable agreement with the direct 
X-ray measurements made in this research. The second estimation, 
which is based on the bulk properties of the material, may appear to be 
evidence that the direct X-ray measurements have underestimated the 
strains present in the interior of the steel. Probably, however, the as- 
sumption that the directional strains in the ferrite are compensated 
entirely by opposing strains in the cementite is incorrect. 

Stress concentration occurs at the cementite particles during work- 
ing because they restrict plastic flow locally. The mechanism of the 
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development of the textural stress pattern may be considered in terms 
of the dislocation model of plastic flow in a duplex alloy which was 
suggested by Orowan (15). In this model, as deformation proceeds, 
dislocation loops are considered to form round the hard particles of 
the second phase. The elastic strains which develop in the matrix at 
interfaces with the hard particles will be of about the same magnitude 
as those in the particles themselves but, in general, the elastic strains 
will decrease rapidly with distance from the particles. On removal of 
the external load which has caused deformation, these inhomogeneous 
elastic strains set up during plastic flow will give rise to a residual stress 
ystem. The stresses affecting the bulk of the matrix will then be re- 
ersed and the relatively large stresses associated with the particles 
ill be reduced in magnitude, giving an internally-balanced system 
stresses. However, in small regions of the matrix close to the 
rticles, the stresses will remain similar to those in the particles them- 
ves. In this picture, therefore, the stresses in the matrix are partly 
'-compensated and a calculation based on the simple assumptions 
de previously (14) may to some extent overestimate the stresses 
ecting the particles. 

In the case of a piece of cold-worked steel, on reheating, yielding 
y first occur in the highly stressed ferrite adjacent to the cementite 
ticles. If this occurs, not only the cementite, but also the bulk of the 
rite, which is stressed in the opposite sense, may recover elastically ; 
would explain the macroscopic changes in shape which are ob- 
ed to accompany stress relief. 

It is considered that evidence of the influence which textural 
sses may have on mechanical properties is provided by certain 
rk-softening’ effects. Polakowski (16) has pointed out that when 
ld-worked metal is subjected to reversed deformation there is at 
t a reduction in internal strain energy and a decrease in indentation 
dness. Wilson (17) has drawn attention to the important influence 
nicrostructure on the extent of this effect. With single phase ma- 
als the degree of softening is small but with a medium or high 

carbon steel it may be considerable, (e.g., Fig. 7b of this paper). Prob- 
bly these relatively large ‘work softening’ effects are associated with 
. reversal of interphase stresses which are large compared with the re- 
versible residual stresses which can develop in single phase materials. 
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DISCUSSION 


Written Discussion: By H. P. Tardif, physical metallurgist, Canadian 
Armament Research and Development Establishment, Quebec, Canada. 

The author is to be congratulated for this excellent piece of work. The 
experimental results obtained and the large number of theories presented to ex- 
plain them are most interesting, but indicate the need for further investigation 
of this extremely complex subject. 

Concerning the method of determination of the Curie temperature, it ap- 
pears from the paper that the latter is taken as the temperature at the point of 
inflection on the intensity of magnetization-temperature curve. This method of 
determining Curie temperature, although rapid, may, however, not be very 
reliable for the following reason. It is possible that the shape of the intensity- 
temperature curves if determined independently for both cementite and ferrite 
would change under the effect of elastic and plastic stresses without any change 
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Fig. 12—White Layer of Martensite and Austenite Produced During High 
Speed Deformation. Nital etch. X 630. 


their respective Curie temperatures. The fact that the cementite and ferrite 
‘ves merge at high temperature cannot be taken as a proof that the ferrite con- 
ution to the magnetization is independent of cold work at low temperature. 
e ferrite curve might be affected by the phenomenon of stress-relief and re- 
ery below —210 °C and possibly by the beginning of recrystallization. Conse- 
ntly the sum of these two curves cannot in my estimation give any accurate 
mation on the cementite. In other words, I am wondering if the increase 
intensity between 0 and 200°C and up to 500 °C in certain cases would not 
due to intensity changes taking place in the ferrite only. In this respect the 
nsity/temperature curves could be determined for carbon-free iron deformed 

lifferent amounts and the increase in intensities in the same temperature 
ges compare with those cbtained, for example, in a 0.7% carbon steel de- 
ned by the same amounts. 

On the subject of diffusion the problem of strain aging arises. The results 
wn in Figs. 5 and 7 were obtained after full aging at room temperature. It is 
ssible that the hardness changes shown in Fig. 7b would have been different 
the tests had been carried out after straining without the aging treatment at 
1m temperature. It is appreciated that strain aging will take place eventually 

is the temperature is raised but it would be important to know if, at low tempera- 
tures, the intensity of magnetization is affected by strain aging. For example a 
plot of intensity of magnetization versus amount of cold work with the intensity 
measured at room temperature before and after aging could be most informative. 
If the intensity of magnetization is affected by strain aging then in accordance 
with the dislocation theory of strain aging one could get an idea of the effect of 
the state of the carbon atoms in steel (i.e. in solution or segregated at disloca- 
tions) on the intensity of magnetization. If there are any changes in intensity of 
magnetization with time dtring strain aging, these could be measured at dif- 
ferent low temperatures (e.g. 0-60 °C) and the activation energy of the process 
compared with that for carbon diffusion in alpha-iron. There is no doubt that 
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drastic changes may take place in the carbides during straining. In fact it has 
been shown before that when adiabatic conditions are obtained, for example 
with very high speed deformation, austenite is produced by the solution of 
carbides along certain shear planes,? with subsequent transformation to marten- 
site during rapid cooling. This has been observed in our laboratories in a piece 
of armour plate perforated by the Munroe Effect.* A photomicrograph is shown 
in Fig. 12. At lower rates of deformation no such drastic changes take place in 
the carbide but Dr. Wilson’s future attempt to find metallographic evidence of 
carbide solution in cold-worked steels will certainly prove worthwhile and | 
think he has already obtained some results along these lines. 

There is one other point, that of the effect of iron nitrides that may be 
present in the steel on the intensity curves. Because of the very small amount of 
nitrides in steel, it is expected that their effect would be minor. However, Fe, 
N has a Curie temperature of 488 °C and other forms of the nitride possibility 
produced during the cold working may also have fairly high Curie points, and 
might possibly have a greater effect on the intensity of magnetization. Could this 
be one explanation for the fact that the intensity in cold-worked steels remains 
greater than that of annealed material from about 300 to 500 °C? 


Authors’ Reply 


I wish to thank Dr. Tardif for his interest in this paper. Although ther: 
can be no doubt of the value of the thermomagnetic method I agree that furthe 
investigation and care in interpretation of results is required at present. 

Saturation intensity/temperature relationships observed on heating giv 
information about transformations which are accompanied by a change in tl 
intensity of magnetization but, as Dr. Tardif points out, it is possible that th 
occurrence of such a transformation could invalidate estimations of the Cur 
point temperatures. However, it must be remembered that, under conditions 
equilibrium or quasi-equilibrium, estimations of the Curie points are not subje 
to limitations of this type.* In the present investigation, for example, the r: 
versible intensity/temperature relationships represented in Fig. 6 provide w 
equivocal evidence of the displacement of the carbide Curie point. 

Turning to a consideration of the changes which may affect the contrib 
tion of the ferrite to the observed intensities of magnetization, the followir 
observations are relevant to Dr. Tardif’s specific questions :-— 

1. Carbon-free iron showed no detectable change in its intensity 
temperature relationship as a result of severe cold working. 
2. A cold-worked 15% chromium, 1% carbon steel, in which th 
textural stress pattern in the ferrite would be qualitatively similar t 
that in a cold-worked plain carbon steel, showed a relatively very smal! 
change in its intensity/temperature relationship. 
These results lend support to the idea that the principal changes in the intensity 
temperature relationship of a cold-worked carbon steel are due to changes in 
the cementite itself and/or to interactions between cementite and ferrite. 

No experiments on strain aging at room temperature were made, but it is 

not expected that magnetic saturation intensity will be sensitive to the segrega- 
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tion of solid-solution carbon to lattice defects. On the other hand, transfer of 
carbon atoms from cementite to lattice defects in the ferrite is expected to give 
rise to an increase in the intensity of magnetization. Perhaps it is in this direc- 
tion that saturation intensity measurements are most likely to make a contribu- 
tion to present knowledge of strain aging. 

Considering now the suggestion that a nitride might be responsible for the 
increase in intensity values observed in the temperature range 300 to 500°C 
with a cold-worked steel; it may be noted that the magnitude of this increase is 
almost certainly sufficient in itself to rule out an explanation in terms of the 
formation of Fe,N. The possibilities are considerably narrowed by a more detailed 
analysis of results; the salient points are :— 

(a) The reaction occurring on heating a cold-worked carbon steel 
in the temperature range 300 to 500 °C causes a reduction in intensity 
values. (Therefore, ‘in this temperature range, the reaction product 
has lower intensity values than the material from which it is formed.) 

(b) Within the prescribed limits of sensitivity, the only ferro- 
magnetic materials present after heating a cold-worked steel to a 
temperature in excess of about 500 °C are ferrite and cementite. 

(c) The reversible intensity/temperature relationships (Fig. 6) 
show that the materia! responsible for the additional ferromagnetism 
in the temperature range 300 to 500 °C has a Curie temperature con- 
siderably in excess of 500°C. (Therefore, this material is unlikely to 
be a carbide or nitride or carbo-nitride which is ferromagnetic above 
300 °C and which transforms to cementite on heating. ) 

more detailed analysis of very similar features observed in the intensity/ 
mperature relationships of tempered-martensitic steels has been made by 
rangle and Sucksmith.* These investigators concluded that, in the case of heat 
eated steels, the additional ferromagnetism observed in the temperature range 
0 to 500°C was very probably due to the presence of additional free ferrite. 
} this extent the analysis and the conclusion are the same in the present case 
cold-worked steels. 

Dr. Tardif has given an interesting example of carbide solution due to the 
rmation of austenite, and thence martensite, during the plastic deformation 
steel at a very high strain rate. In the present investigation, only if sufficient 
artensite were formed to involve a large proportion of the cementite present 
uld this transformation give rise to the type of change observed in the 

eighborhood of the cementite Curie temperature. In this event the decomposi- 

m of the untempered martensite at about 100 °C should be detected magnetic- 
illy. Moreover, the possibility of the formation of any appreciable proportion of 
high carbon martensite during plastic deformation, at ordinary rates of strain- 
ing and with effective surface lubrication, is ruled out by the results of earlier 
investigators. (For example, the electrical resistivity results of Andrew, Lee, 
Chang and Guenot.°) © 

Although the decomposition of even a small proportion of austenite, on 
heating a carbon steel at about 200°C, would affect the intensity/temperature 
relationship appreciably in the neighborhood of the cementite Curie point, the 
reversible relationships illustrated in Fig. 6 sufficiently demonstrate that austenite 
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formation has also made no significant contribution to the changes discussed in 
the present paper. However, because magnetic analysis is sensitive in detecting 
the austenite :ferrite transformation,-it may be useful to outline conclusions on 
this point more precisely. 

Using the 15% chromium, 1% carbon steel, whereby complications due to a 
ferromagnetic carbide were avoided, it was estimated that quantities of austenite 
in excess of about 0.2% could be detected magnetically. With specimens of fine 
microstructure, slowly compressed, generally in the range 60 to 70% reduction, 
it was found :— 

1. A small quantity of austenite (probably less than 1%) was 
detected with reasonable certainty in specimens which cracked very 
severely during compression. 

2. No certain indication of austenite was found in similar speci- 
mens slowly deformed without fracture. Experiments made with very 
thin specimens suggested that a trace of austenite may be formed at sur- 
faces subject to high friction even during slow compression, but with 
specimens of ordinary dimensions (0.2 inch diameter by 0.1 inch thick) 
the austenite present was insufficient to give a detectable change in in- 
tensity values. 


As Dr. Tardif points out, strain aging has a marked influence on the 
characteristics of observed “work softening” effects, but in itself strain aging 
does not provide an explanation of the strongly directional behavior of a cold 
worked steel in this respect. It is this latter characteristic which may provide a 
clue to the nature and influence of the fine-scale internal stresses. 








ISOTHERMAL TRANSFORMATION OF AUSTENITE 
UNDER EXTERNALLY APPLIED TENSILE STRESS 


By SuBRATA BHATTACHARYYA AND GEORGE L. KEHL 


Abstract 


The effect of externally applied tensile stress and conse- 
quent plastic deformation on the isothermal transformation 
of austenite to bainite in AISI 1085, 4340, and 1045 steels at 
535 and 700 °F (280 and 370°C), 650 and 845 °F (345 and 
450°C), and 700 °F (370 °C), respectively, has been investi- 
gated. The applied stress was varied, in general, between no 
stress and a stress of 60,000 psi, and, in a few cases, stress 
up to 100,000 psi was applied. 

It has been observed that applied stress has a marked ef- 
fect on both the beginning and the ending times of transfor- 
mation; they are shortened by factors ranging from 2 to 
100,000, depending on the steel and temperature of trans- 
formation. For certain times of isothermal transformation, 
the amount of austenite transformed increases greatly at 
a certain stress range, and this stress is observed to be well 
correlated with the yield stress of unstable austenite. It is also 
possible to correlate, in a similar manner, the increase in the 
amount of austenite transformed with plastic strain and ap- 
plied strain energy. 

It has been observed further that the effect of stress on 
the transformation of austenite persists even when the ap- 
plied stress has been removed. The applied stress is most ef- 
fective in accelerating transformation when it is applied to 
austenite after an elapsed time equivalent to the beginning 
time of transformation under no stress. 

Applied stress exceeding the yield stress of austenite is 
observed to produce a marked orientation effect on the result- 
ing bainite needles. Under high stress, twinning is observed 
to occur in the austenite. 


HEN austenite is isothermally transformed at a temperature 
level between the pearlite knee of the C-curve and the M, 
temperature, it transforms to an aggregate of acicular ferrite and 
carbide particles, known as bainite. Since the experiments of Daven- 
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port and Bain (1),' extensive work has been carried out to determine 
the structure and mechanism of its formation. The structure of bainite 
has been accurately determined and the difference between the struc- 
tures of the high temperature and the low temperature types has been 
clearly established. On the other hand, the exact mechanism of bainite 
formation still remains controversial. 

Several authors (1-8) suggest that bainite is formed from 
austenite by a martensite-type mechanism through an intermediate 
stage of martensite, or in general, supersaturated ferrite. Thermo- 
dynamic calculations have been made in support of this suggestion, 
indicating strong possibilities of this type of transformation mechanism. 

On the other hand, investigations by others (9-12) indicated that 
the austenite-bainite transformation is a nucleation and growth process. 
Gradual thickening and lengthening of bainite needles with time were 
shown to occur and thus lend support to this type of transformation 
mechanism. 

As early as 1924, Thompson and Millington (13) expressed the 
view that the formation of martensite is the result of mechanical stress 
sufficient to exceed the elastic limit of the parent austenite. They pro- 
posed that under the stress to which the crystals of austenite are sub- 
jected during quenching, the easy glide movement shear on the {111} 
plane of the austenite is initiated. Normally, this produces twinned ma: 
terial in a close-packed cubic metal. In the present case, however, 
austenite being an unstable cubic phase at the temperature of trans- 
formation, the easy glide movement causes the atoms to reorient them 
selves into a stable crystallographic form to become alpha iron, wit! 
the carbon in supersaturated solid solution. The presence of a stress 
factor was also suggested by Bain (14) in commenting on work by 
Mathews (15) who observed that in a considerable variety of steels 
oil hardening retained more austenite than water hardening. Bain sug 
gested that water hardening induces a large stress factor, and thes: 
stresses are responsible for the larger amount of transformation in 
water-hardened steel. 

Several investigators have studied the effect of stress on the trans 
formation of austenite (16-35). 

Cottrell (24) conducted a series of experiments on unstable 
austenite and concluded that plastic strain causes a breakdown to fer- 
ritic structures. He also observed that at temperatures where austenite 
transforms readily, complete transformation may be induced by strain- 
ing, but at temperatures where the reaction is sluggish, partial trans- 
formation may be obtained. In conclusion, he remarked that the 
generation of transformed material is linearly proportional to the 
plastic strain at 645 °F (340 °C). 

Guarnieri and Kanter (26) conducted a series of experiments us- 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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ing standard 0.505 inch tensile test specimens of 5% Cr+ %% Mo 
steel mounted in a modified creep testing machine. Their data indicated 
that stresses capable of plastically deforming the austenite at the trans- 
formation temperature of 800 to 1200°F (425 to 650°C) definitely 
accelerated both the nucleation and the growth processes of the reac- 
tion. This effect was observed at temperatures below the knee of the 
C-curve. At temperatures above the knee, they noticed little effect of 
stress in accelerating transformation. They observed that in the latter 
case the temperatures were sufficiently high so as to render the more 
rapid diffusion rates relatively insensitive to the strain factor. 

Using 0.16 inch diameter eutectoid carbon steel specimens, under 
both tensile and compressive stresses, Jepson and Thompson (30) ob- 
served that the imposition of stress during transformation increases the 
‘ate of austenite decomposition. They also observed that transformation 

nder stress to low temperature bainite is marked by certain distribu- 
ional effects, transformation taking place preferably within slip or 
win bands present in the parent austenite. To explain these observa- 
ions, they suggested that the formation of low temperature bainite 
as due to combined action of shear and nucleation. The transforma- 
on was initiated by shear and continued by nucleation. The importance 
| the two effects varied with temperature, nucleation being of greater 
iportance at higher temperatures and shear of greater importance at 
wer temperature. As regards transformation in the pearlite range 
id high temperature bainite, they suggested that deformation produced 
iclei of alpha iron in greater abundance than under no deformation. 
It is of interest to note that Savage (27), investigating the 
ometrical aspects of the mechanism of gamma to alpha transforma- 
n in iron, concluded that if the {110} planes of a face-centered cubic 
ttice of iron were sheared at 19° 28’, a structure that was nearly 
ly-centered cubic would be obtained. Through this shearing process 
e original {110} planes of gamma iron were transformed into {211} 
anes of alpha iron. This mechanism, he observed, involved no distor- 
m of {110} planes of the face-centered lattice, but consisted of a 
ure translation in the direction of the closest atomic packing. Such 
movements of rows of atoms are very characteristic of slip processes 
during plastic deformation. He also demonstrated that during the 
shearing of parallel sets of these {110} planes, all intermediate stages 
between the shear angles of 0° and 19° 28’ had a structure that was 
nearly body-centered tetragonal. 

No systematic investigations have been carried out to determine 
the effect of varying amounts of plastic deformation on the rate of 
transformation of austenite and the distribution and orientation of the 
resulting phases. So far, no conclusive experiments have been carried 
out to establish a quantitative relationship between applied stress pro- 
ducing acceleration in austenite transformation and some mechanical 
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property of the unstable austenite at the transformation temperature 
level. In the work to be described experiments were conducted in the 
bainite transformation range with three commercial steels. The experi- 
mental results indicate the effect of applied stress to be similar for the 
three steels and thus data for only one of the steels (0.89%C), iso- 
thermally transformed at 535 °F (280°C) is presented in detail in the 
paper. Wherever it was believed desireable, however, data of the other 
steels were included for comparative purposes. 


EXPERIMENTAL PROCEDURE 


The chemical composition of the three steels is given in Table I. 
The steels were obtained in the form of round bars, 1-1 inch in 
diameter, and initially heat treated to form a spheroidite structure. 





Table I 
Check Analysis of Steels Investigated 


Steel Percent 

AISI c Mn P S Si Ni Cr Mo 
0.89 0.29 0.013 0.013 0.19 _—- 0.08 — 

4340 0.42 0.78 0.018 0.027 0.24 1.79 0.80 0.33 
0.44 0.86 0.027 0.035 0.20 0.02 0.04 — 














They were then machined to % inch diameter, subsequently wire 
drawn, and centerless ground to a finished diameter of 0.05 + .0002 
nich. The specimen wire was then cut into 5-¥% inch lengths. To pro- 
vide a means for attaching the specimen to the grips of the apparatus, 
spherically shaped beads were formed on each end of the specimen by 
melting the ends within a graphite mold. The specimens were copper 
plated to prevent decarburization during subsequent austenitizing, and 
finally normalized in an argon atmosphere to ensure a uniform initia 
structure. 

A line diagram of the apparatus is shown in Fig. 1. It consists o 
an automatically operated transport system that moves the wire speci 
men from a vertically mounted austenitizing furnace to an isotherma! 
transformation salt bath, and thence to an air quenching fixture to inter 
rupt the transformation; an air-operated piston to release the lever 
arm and dead weights at an appropriate time ; and a timing system that 
could be preset to allow the specimen to remain for a given time in 
the austenitizing furnace, the transformation bath, and the air- 
quenching manifold, and to apply the stress to the specimen at any time 
during the cycle of specimen movement. 

A split-type vertical electric tube furnace was used to austenitize 
the specimens. A constant flow of argon was maintained within the 
furnace as an added precaution in avoiding decarburization of the 
specimen. The control of the furnace temperature was within +5 °F 
(3 °C) of the desired austenitizing temperature. 

The isothermal salt bath was continuously agitated by means of 
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Fig. 1—Schematic Diagram of the Transformation Apparatus. 


120 


100 


Total Observed Load at Grips-!b 

















O iO 20 30 40 50 
Total Applied Load - |b 


Fig. 2—Calibration Curve of the Dead Weight 
Loading System. 
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~ 2 Table Il eS ie 
Range of Transformation Times and Applied Stresses 
Range of Range of 
Austenitizing Treatment Isothermal Isothermal Applied Austenitic 
Steel Temperature, Time, Transformation Transformation Stress, Grain Size, 
AISI a min Temperature, °F Time, sec psi A.S.T.M. 
535 15-1800 Large numbe; 
1085 1620 7 0—60,000 of 5, some 6, 
700 5-150 few 4 
650 10-1200 Predominant! 
$340 1550 7 0—60,000 10, some 9 
845 5—100,000 
1045 1560 7 700 0.5—80 0—60,000 Predominant 


% Transformed 


| 
| 
| 
| 


Applied Stresses 


oO 


None 

10,500 psi 
21,000 psi 
33,000 psi 
46,000 psi 
60,000 psi 





Time-sec 


Fig. 3—-AISI 1085 Steel Isothermally Transformed at 535 °F. 


an electric stirrer. The variation in salt bath temperature was withi1 
+1°F (0.5°C) in the temperature range of investigation, 535 t: 


845 °F (280 to 450°C). 


At an appropriate time, stress was applied to the specimen by 


means of dead weights. An air-piston was employed to release the lever 
arm and its suspended weights. By means of a leak valve in the air- 
piston line, the rate of load application could be varied, and for the 
experiments to be described, a low rate of load application was em- 
ployed to avoid dynamic loading of the specimen. 

Calibration of the loading system is shown in Fig. 2. A theoreti- 
cally calculated curve is also shown, the difference between the two 
curves at any applied load being attributable to reproducible friction 
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and other losses in the cable-transport system.The origin of the curves 
at 14.5 lb. (ordinate) corresponds to the load applied at the grips owing 
to the weight of the lever arm and the weight counterpoise located at 
the end of the lever. 

The actual cycle of operations consisted of austenitizing the speci- 
men at a desired temperature for a pre-set length of time, isothermally 
transforming at the salt-bath temperature for varying lengths of time 
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Applied Stresses 


None 
10,500 psi 
21,000 psi 
33,000 psi 
46,000psi 
60,000 psi 
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Fig. 4—AISI 1085 Steel Isothermally Transformed at 700 °F. 






nder different applied stresses, and finally quenching the untrans- 
ormed austenite to martensite in an air blast. The range of these vari- 
ble factors is given in Table IT. 

The transport of the specimen from the austenitizing furnace to 
ie salt bath, and from the salt bath to the air-quench manifold, took 
bout 1 second and 1% second, respectively. Two seconds were allowed 
n the salt bath for the specimen to attain the temperature of the trans- 
tormation bath. 

Percentage of transformation was determined metallographically 
using both chart-comparison and lineal analysis methods. 


EXPERIMENTAL RESULTS AND DISCUSSION 
Effect of Stress on the Beginning and Ending Times of Transformation 
The amount of bainite formed isothermally under different average 
stress conditions (ranging from 0 to 60,000 psi) is plotted vs. log-time, 


and is shown in Figs. 3 and 4, 5 and 6, and 7 for 1085, 4340, and 1045 
steels, respectively. It is evident from these data that under increasing 
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Fig. 5—AISI 4340 Steel Isothermally Transformed at 650 °F. 
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Fig. 6—AISI 4340 Steel Isothermally Transformed at 845 °F. 


amounts of stress the beginning and ending times? of transformation 
are shortened and the rates of transformation are increased as evident 
by the slopes of the curves. It is to be noted that the effect of applied 
stress in shortening the beginning and ending times of transformation 
is not so pronounced in the applied stress range of 0 to 21,000 psi as 


2 The criteria of the beginning and ending of transformation are 1% and’ 99% bainite 
formation, respectively. 
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Fig. 7—AISI 1045 Steel Isothermally Transformed at 700 °F. 


compared to that in the range of 33,000 psi to 60,000 psi. It may be 
further observed in Table III that the beginning time of transforma- 
tion is shortened by a stress of 60,000 psi to a greater extent than is the 
ending time, with one exception. In the case of 4340 steel transformed 
at 845°F (450°C), the data indicate that a stress of 60,000 psi 


shortens the ending time of transformation by a factor of 10,000 to 
100,000. 






Relation Between Applied Stress and Percent Transformation ; 
Determination of a Critical Stress Range 


From Figs. 3,4,5 and 7, there can be obtained a relationship be- 
tween the applied stress and percentage of bainite formed for any 






Table III 
Effect of a Stress of 60,000 psi on the Beginning and Ending Time of Bainite Formation 










Ratio of Ratio of 
Time to Form 1% Bainite Time to Form 99% Bainite 
Without Stress Without Stress 
Isothermal to to 
Steel Transformation Time to Form 1% Bainite Time to Form 99% Bainite 
AISI Temperature, °F With 60,000 psi Stress With 60,000 psi Stress 
eS 6 2.5 
1085 
700 4 2.5 
cS 7 5 
4340 
845 4 10,000—100,000* 
1045 700 8 3 








* Owing to uncertainties in extrapolation of the no stress curve (Fig. 6) to the time for 
completion of transformation, these data are shown as a range of time factors. 
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selected time of transformation at the given transformation tempera- 
ture. The derived data thus obtained from Fig. 3 is plotted in Fig. 8. 
All of the stress data shown in plotted form are in terms of “‘true’’ 
stress. These data, as well as “true” strain measurements to be de- 
scribed, were calculated on the basis of final cross sectional area of 
the specimen, and in consequence, the values so derived are not true 
stresses by conventional definition. The final cross sectional area was 
used, rather than the original area, because after an initial elongation 
of the specimen when the load was applied, the specimen no longer 








% Transformed 








True Stress x |O->-psi 


Fig. 8—Variation in the Amount of Bainite as a Func- 
tion of True Stress in AISI 1085 Steel Isothermally Trans- 
formed at 535 °F. 


elongated to any significant extent. The error involved in the true 
stress calculations is estimated to be about +5%, and comprise mainly 
variation in the diameter of the specimens, and volume changes ac- 
companying the formation of bainite during transformation and forma- 
tion of martensite during subsequent quenching of the untransformed 
austenite. 

The data shown in Fig. 8 indicates that the amount of bainite 
formed isothermally increases rapidly over a certain stress range, 
henceforth to be called the critical stress range. The increase in the 
amount of bainite formation in the critical stress range, however, is 
most significant only for certain periods of isothermal transformation 
times. For a selected time of transformation, a series of photomicro- 
graphs is shown in Fig. 9 for 1085 steel. These photomicrographs indi- 
cate clearly the effect of a stress just exceeding the critical stress range 








Fig. 9—Photomicrographs of Bainite Illustrating the Effect of Stress on the Amount 
of Bainite Isothermally Formed in 500 seconds at 535 °F in AISI 1085 Steel. 
(a) No Stress, (b) 10,500 psi, (c) 21,000 psi, (d) 33,000 psi, (e) 46,000 psi, (f) 60,000 psi 
X 500. Etchant—Saturated Picral. 
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Table IV 


Determined Critical Stress Range Within Which Bainite Formation 
May Be Significantly Accelerated 





Critical Stress 


Steel Isothermal Transformation Range 
AISI Temperature, °F psi 

535 25,000—28,000 
1085 

700 25,000—28,000 
4340 650 23,000-—26,000 
1045 700 26,000—29,000 


in promoting the formation of large amounts of bainite. The critical 
stress ranges determined for the steels used in this investigation are 
shown in Table IV. 

As will be shown later, the large increase in the amount of trans- 
formation occurring within the critical stress range is related to defor- 
mation of the austenite. In order to determine the significant 
relationship between true strain and amount of austenite transformed 
for different isothermal transformation times, it is necessary to con- 
sider the fact that deformation of the austenite varies with transforma- 
tion time and attendant increasing amounts of transformation product. 
The approach is best made through first determining the relationship 
between true strain and time of transformation. 


True Strain vs. Time ; the Creep Behavior 


do \2 
True strain is defined as a log, (2 where do is the original di- 


ameter and d the instantaneous diameter of the specimen, with the as- 
sumption of volume constancy. As described heretofore, however, the 
final diameter was used in true strain calculations rather than the in- 
stantaneous diameter. 

After an experimental run, the copper plating of the specimen is 
carefully dissolved in nitric acid. After dissolution of the plating, the 
diameter is measured by micrometric methods at ten or more different 
places close to the central parts of the 5-% inch long specimen and 
the average diameter determined. The variation of +0.0002 inch in 
diameter of the specimen, and the ¢stimated volume strains and those 
associated with recovery of elastic strains, produce an estimated error 
of +0.010 inch per inch in the final true strain measurements. 

The variation of true strain with transformation time under dif- 
ferent average applied stresses is illustrated in Fig. 10 for 1085 steel. 
These curves are similar to conventional creep curves, except that 
those in Fig. 10 represent a situation where decomposition of one phase 
into others is continuously occurring during extension. The new 
constituent, bainite, being harder than the decomposing phase austenite, 
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Fig. 10—Variation of True Strain Under Different Aver- 
age Stress With Transformation Time in AISI 1085 Steel 
Isothermally Transformed at 535 °F. 
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Fig. 11—Variation in the Amount of 
Bainite Formed With Strain in AISI 1085 
Steel Isothermally Transformed at 535 °F. 


thus modifies the creep behavior of the unstable austenite. At all of 
the temperature levels studied, the applied stresses for the time of trans- 


formation involved was chosen so as not to cause any necking down of 
the specimen. 








364 TRANSACTIONS OF THE ASM 


100 





60 


40 








True Stress x 1075 - psi 


Fig. 12—-Stress—Strain Relationship of Un 
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Fig. 13—Stress—Strain 
stable Austenite Prior to and Including Isothermal 
Transformation at 535 °F in AISI 1085 


True Strain x 10? -in./in. 


Different Isothermal Holding Times. 


Table V 





Relationship of Un- 


Vol. 47 





Relationship between Critical Stress and Yield Stress Ranges of Unstable Austenite 


Steel Isothermal Transformation 
AISI Temperature, °F 
535 
1085 
700 
4340 650 
1045 700 





Critical 
Stress 
Range 


psi 
25,000—28,400 


25,000—28,000 
23,000—26,000 
26,000—29 ,000 


Yield Stress Range 
of Unstable Austenite 


psi 
25,000—29,000 


25,000—27 ,000 
22,000—26,000 
24,000—28,000 
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Fig. 14—Variation in the Amount 
of Bainite Formed With Applied Strain 
Energy in AISI 1085 Steel Isothermally 
Transformed at 535 °F. 
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Fig. 15—Relationship Between the Amount of Untransformed 


Austenite and Transformation Time at 535 °F in AISI 1085 Steel 
for Different Applied Stresses. 
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True Strain vs. Amount of Bainite Formed ; Determination of a 
Critical True Strain 


The amount of bainite formed during different constant periods 
of transformation time vs. true strain is plotted in Fig. 11 for 1085 
steel. The true strain values for different isothermal transformation 
times were derived from Fig. 10. The data shown in Fig. 11 indicate 
that the amount of bainite formed isothermally increases to a great 
extent in a certain strain range, henceforth to be called the critical 
strain range. In almost all respects the shape of the curves in Fig. 11 
is similar to that in Fig. 8. 


True Stress—True Strain Relationship of Unstable Austenite 
Prior to Bainite Formation 


If a true stress—true strain relationship of the unstable austenite 
could be established without the presence of any decomposition product, 
then the true significance of the critical stress range could be evaluated. 
As derived from Fig. 10, Fig. 12 illustrates the true stress—true strain 
relationship of unstable austenite in 1085 steel. The isothermal trans- 
formation time of 20 seconds, for which the curve is drawn, is suf- 
ficiently short that even under the highest stress no transformation of 
austenite to bainite occurs. 

It is clearly indicated in Fig. 12 that the stress-strain relationship 
deviates from linearity in a certain stress range, which is designated as 
the yield stress range of the unstable austenite. The yield stress range 
of the unstable austenite in the three steels at their respective transfor- 
mation temperatures are given in Table V. 

The data of Table V indicate that the critical stress range and the 
yield stress range of the unstable austenite are identical within the 
experimental error. The large increment in transformation, shown in 
Fig. 8, is therefore arising from application of stress within the yield 
stress range of the unstable austenite. 


True Stress—True Strain Relationshit of Unstable Austenite with 
Simultaneous Transformation to Bainite 


It has been mentioned heretofore that under applied stress the 
deformation suffered by the specimen is modified owing to increasing 
amounts of bainite being formed with time. For certain constant periods 
of transformation time, data shown in Fig. 13 can be derived from 
that of Fig. 10. Fig. 13, therefore, illustrates the characteristic deforma- 
tion of the austenite as modified by the presence of increasing amounts 
of bainite. The similarity in shape of these curves to that in Fig. 12 is 
to be noted. 

From the curves of Fig. 13, the energy required to deform the 
specimens with any given stress and for any definite period of trans- 
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formation time can be determined graphically. From such determina- 
tions, the strain energy in units of psi may be readily converted into 
more familiar units of cal per mole. The relationship between strain 


energy and the amount of bainite formed at different transformation 
times for 1085 steel is shown in Fig. 14. 


The Effect of Applied Stress on the Rate of Decomposition of 
Austenite 


From the data in Figs. 3,4,5,6, and 7, the true rate of austenite 
decomposition can not be determined readily since the amount of 
austenite remaining untransformed continuously decreases as trans- 
formation proceeds. Inasmuch as the true rate of austenite decomposi- 
tion must be related to a unit volume of untransformed austenite, it 
becomes necessary to determine the true rate by plotting log, (I-x) 
vs. transformation time under different average stresses, where x is the 
fractional amount of austenite transformed isothermally in a given time. 
Such a determination is illustrated in Fig. 15 for 1085 steel. The slopes 
of the curves represent the rate of decomposition of residual austenite 
per unit volume of untransformed austenite, and may be expressed, 





d d d dx _ l dx 
at loge (1-x) = a(x) loge (1-x) e ae (1-x) e — sous, 2" . dt 
x 


where dt is the rate of decomposition and (l—x) is the fractional 


mount of austenite remaining after a transformation time tf. 

It can be observed in Fig. 15 that the rate of decomposition per 
init volume of untransformed austenite increases with increase in 
transformation time up to some limiting value and then becomes 
onstant. The onset of this constant decomposition rate is shown to 
ecur at shorter times of transformation the higher the applied stress, 
ind the constant rate increases with increasing stress. These data are 
summarized in Tables VI and VII. 


The Character of Bainite Formed Under Applied Stress 


As illustrated in Fig. 16 for 1085 steel, which is representative of 
all the steels investigated, there is a definite preference in orientation 
of low-temperature bainite with increasing amounts of applied stress. 
As related to prior deformation of the austenite, the orientation effect 
becomes more pronounced at stress greater than the yield stress of the 
austenite. Although not illustrated, a more random orientation of the 
high temperature bainite occurred in 1085 steel at comparable stress 
applications, and a completely random orientation in 4340 steel. There 
is indication in Fig. 16, and particularly in Fig. 16c, that the fineness 
of the bainite needles increase with increase in applied stress, although 
this was not observed in the case of high temperature bainite. 
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Table VI 


Variation in the Amount of Decomposed Austenite After Which a Constant Rate of 
Decomposition of Residual Austenite Is Obtained Under Different Applied Stresses 





Amount of Austenite Decomposed After Which a Constant 
Rate of Decomposition of Residual Austenite Is Obtained 
Under Different Applied Stresses 


Isothermal 

Steel Transformation No 10,500 21,000 33,000 46,000 60,000 80,000 100,000 
AISI Temperature, °F Stress __ psi psi psi psi psi psi psi 

(535 55 55 55 55 50 35 - 20 
1085 

700 53 53 53 53 46 41 — 31 
4340 650 50 50 50 35 30 5 3 
1045 700 65 65 65 45 35 30 

Note: Average critical stresses for 1085, 4340, and 1045 steels are 26,500, 24,500, and 


27,500 psi, respectively. 











Figs. 16c and 17 illustrate the twinning that occurs in the austenit: 
at stresses greater than about 45,000 psi. It is of interest to note in 
Fig. 17 no transformation has occurred in the twin band, although th: 
parent grain surrounding it has undergone considerable transforma 
tion. 

At comparatively high values of applied stress, where significan 
differences exist in the degree to which the variously-oriented austenit: 
grains have been strained, preferential transformation occurs. A 
illustrated in Fig. 18, some of the austenite grains have suffered com 
plete transformation whereas others have only partially transforme 
and some not at all. 


Transformation Under Applied Stress for Only a Portion of the Tote 
Transformation Time 

The curve in Fig. 19 illustrates the reaction curve of austenit 

transformation in 1085 steel under an applied stress of 60,000 psi. Th 

lettered plotted points correspond to the respective transformatio. 

schedule described in Table VIII. From the proximity of the plotte: 





Table VII 
Variation of the Constant Rate of Decomposition of Residual Austenite with Applied Stress 


: Ratio of 
The Constant Rate of Decomposition of Residual Austenit« 
Under Applied Stress 


to 
The Constant Rate of Decomposition of Residual Austenite 


Isothermal Under No Applied Stress 
Steel Transformation 10,500 21,000 33,000 46,000 60,000 80,000 100,000 
AISI Temperature, °F psi psi psi psi psi psi psi 
535 1.0 1.1 1.3 1,3 1.4 -- 3.0 
1085 
700 1.0 1.0 1.0 1.3 2.0 — 3.0 
4340 650 1.1 1.4 2.2 3.3 4.6 10.0 os 


1045 700 1.0 1.0 1.1 1.4 2.7 — _ 


_ Note: Average critical stresses for 1085, 4340, and 1045 steels are 26,500, 24,500, and 27,500 
psi, respectively. 
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c 


Fig. 16—Illustrating the Preferential Orientation of the Bainite Needles as a Function 
f Stress in AISI 1085 Steel Isothermally Transformed at 535 °F. X 500. 
(a) 21,000 psi; 450 sec., (b) 33,000 psi; 300 sec., (c) 60,000 psi; 120 seconds. Etched in 


Saturated Picral 

lata with respect to the reaction curve, it is evident that the amount of 
\ustenite transformed in a given time under a stress of 60,000 psi con- 
tinuously applied is equivalent to that transformed when the stress is 
removed and the austenite is allowed to transform further under no 
stress for the same total time. Fig. 19, along with other data not given, 
indicates that the total time of transformation is the significant con- 





Table VIII 


The Amount of Bainite Formed at 535 °F (1085 Steel) as Influenced by Stress Application 
for Different Times Prior to Transformation Under No Stress 


Transformation Schedule Amount of 

oe Bainite Initially 

Time Under Subsequent Time Formed Under Total Letter 

60,000 psi Under No Stress 60,000 psi Transformation Symbols 
sec sec % % In Fig. 19 
20 60 0 <1 N 
120 60 24 39 M 
300 60 71 86 2 


480 60 95 98 
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Fig. 17—Illustrating Twinning in a Prior Austenite Grain in AISI 1085 Steel Trans- 
formed at 535 °F Under a Stress of 60,000 psi. X 1500. Etched in Saturated Picral. 


Table IX 


The Amount of Bainite Formed at 535 °F (1085 Steel) as Influenced by Different 
Isothermal Holding Times Under No Stress Prior to Application of Stress 
for Various Times 


Amount 
of Bainite 
Transformation Schedule Initially 
Formed Total ; 
Time Under Subsequent Time Under No Trans- Letter Symbols True Strain 
No Stress Under 60,000 psi Stress formation in Figs. x 10? 
sec sec % % 20 and 21 in/in 
: 720 180 52 91 A 1.7 
Fig. 20{769 180 29 79 B 2.8 
480 180 16 60 — 3.2 
ise 180 4 45 I 9.8 
240 180 1 44 H 10.9 
210 180 <1 47 G 11.0 
Fig. 21 4180 180 0 42 F 11.0 
150 180 0 41 E 11.1 
120 180 0 40 D 11.2 
: 11.9 


30 180 0 39 
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sideration, and regardless of the times of transformation under stress 
and with the stress subsequently removed, the plotted points would 
conform to the reaction curve. This will occur, however, only when the 
stress is allowed to remain for a time sufficient to deform the austenite. 

Conversely to the transformation schedule described, data in 
Table IX (pertaining to Fig. 20) and Fig. 20 show the amount of 
austenite transformed under a schedule of partial transformation un- 





Fig. 18—Illustrating the Preferred Transforma- 
tion of Some Prior Austenitic Grains with Respect to 
Others. AISI 4340 Steel Isothermally Transformed at 
650 °F for 30 sec. Under stress of 60,000 psi. X 500. 
Etched in Saturated Picral. 


er no stress to form varying amounts of bainite (about 30 to 50%), 

id then a stress of 60,000 psi subsequently applied and transforma- 
tion allowed to proceed for a given time. The data indicate that an ap- 
plied stress of 60,000 psi has little effect in accelerating austenite 
lecomposition if the stress is applied to an aggregate structure of 
austenite and bainite containing bainite in excess of about 30%. This 
circumstance is probably related to the increased strength of the ag- 
gregate and the consequential lower influence of stress on the austenitic 
phase (see Fig. 22). 

Fig. 21 and the data in Table IX pertaining to this figure are the 
results of a transformation schedule similar to that shown in Fig. 20. 
An exception is that no transformation (or practically none) of the 
austenite had occurred prior to the application of 60,000 psi stress. 
[t is significant to note that the influence of stress in accelerating the 
formation of bainite is most pronounced when applied at the end of 
the no-stress incubation period. This is specifically illustrated by 
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% Transformed 


20 














20 50 100 500 1000 
Time - sec 
Fig. 19—-The Austenite Decomposition Curve for AISI 1085 Steel Isother- 


mally Transformed at 535 °F Under 60,000 psi. Lettered Data Pertaining to Trans- 
formation Schedule Described ir Table VIII. 


% Transformed 








100 =O jOOO0 2000 
Time -sec 
Fig. 20—-The Austenite Decomposition Curve for AISI 1085 Steel 


Isothermally Transformed at 535°F Under No Stress. Lettered Data 
Pertaining to Transformation Schedule Described in Table IX. 


point G, and arises from two simultaneously operative effects; the 
progressive increase in the total amount of bainite formed with time 
and the strengthening of the aggregate structure owing to increasing 
amounts of bainite initially formed under no stress. 

The data shown in Fig. 22 were derived through a transformation 
schedule similar to that employed to secure the data of Fig. 21. The 
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' Onset of 
Transformation 
Under No Stress 





Under 60,000 psi Stress 








Net % Transformed in 180 sec 


0 60 120 180 240 300 360 


Time at Which Stress is Applied After Reaching 535°F 
seconds 
Fig. 21—Influence of the Time of Stress Application on the 


Net Amount of Austenite Transformed in 180 Seconds. Under 
60,000 psi. AISI 1085 Steel Isothermally Transformed at 535 °F. 


—Oo— 1085 Steel, Transformed at 535°F for I80O sec 
—&-— 4340 Steel, Transformed at 650°F for 30 sec 
—O— 1085 Steel, Transformed at 7OO°F for 30 sec 
——@®-—- 1045 Steel, Transformed at 7OO°F for 5 sec 





True Strain x 10° - in./in. 











O6 | 5 lO ‘ 50 100 
Amount of Austenite Transformed Prior to Application of 
60,000 psi Stress -% 


Fig. 22—Variation of True Strain With Amount of Austenite Trans- 
formed at the Time a Stress of 60,000 psi is Applied. 


curves reflect the mechanical strength of the austenite-bainite aggre- 
gate at the transformation temperature, and it is evident that the rela- 
tionship is logarithmic with respect to the amount of bainite present in 
the structure prior to application of stress. This relationship is un- 


doubtedly associated with the extent of the mean free path in the con- 
tinuous austenitic phase. 


Electron Microscope and Diffraction Observations 


To determine whether or not the formation of bainite under stress 
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Fig. 23—Electron photomicrographs of Bainite Formed at 535 °F in AISI 1085 Stee 
X 12,000. a. Without Stress b. 60,000 psi 


So 


Applied Stresses 
—O- None 
-@- 60,000 psi 


“ 
Sik 


O ~ 


Temperature ° F 


8 





Time-sec 


Fig. 24—Illustrating the Displacement of the Beginning and Ending Times 
of Bainite Formation in AISI 1085 Steel Due to Stress of 60,000 psi. 


resulted in any significant change in the character of the carbide phase 
in bainite, not detected by optical microscopy, selected observations 
were made by means of the electron microscope. As illustrated in 
Fig. 23, which is typical of the structures examined, there appears to be 
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no significant difference between that formed under no stress and a 
stress of 60,000 psi. 

Using the extraction replica technique, (36) electron diffraction 
patterns were secured of the carbide particles in bainite of 1085 steel, 
formed at 535 °F (280°C), under no stress and 60,000 psi.* 

It is known that in eutectoid carbon steel the hexagonal epsilon 
carbide structure exists in bainite formed under no stress at a tempera- 
ture of 500°F (260 °C), but not in bainite formed at 550 °F (290°C). 

herefore, the purpose of the electron diffraction observations was to 

etermine if the presence of hexagonal epsilon carbide existed in 
nite at the transformation temperature of 535 °F (280°C) and if 
plied stress in any way altered the character of the carbide structure. 
ie diffraction patterns indicated that in both cases only the conven- 
1al carbide phase was present. 


CONCLUSIONS 


An applied stress exceeding the yield stress of unstable austenite 
elerates the isothermal transformation of austenite to bainite in 
51 1085, 4340, and 1045 steels. 

Both the beginning and ending times of the austenite to bainite 
isformation are shortened by applied stress. This is illustrated in 
. 24 for a stress of 60,000 psi, in terms of the attendant shift in the 
er part of the C-curve for 1085 steel. 

A pronounced increment in the amount of transformation to 

\ite occurs within the critical stress range. This critical range is ob- 
ved to be identical with the yield stress range of unstable austenite. 

Relationships of true strain and strain energy with the amount of 

\ite formed isothermally are observed to be similar to the relation- 
ip between true stress and the amount of bainite formed. 

Owing to slip and twinning along preferred planes and in preferred 

rections in the austenite lattice, the formation of bainite is preferred 
with respect to distribution and orientation. 

Under large stress applications, compartmentalization in deformed 
austenite grains, due to competing slip systems, reduces the coarseness 
of the bainite needles. 

The mechanical strength of the austenite-bainite aggregate at the 

ransformation temperature is observed to be a logarithmic function 
of the amount of bainite present in the aggregate. 

Electron microscopical observations indicate close similarity in the 
size, Shape and distribution of the cementite particles in bainite formed 
with and without applied stress. The structure of the cementite particles 
in bainite in AISI 1085 steel formed at 535 °F (280 °C), as revealed by 
electron diffraction patterns, is observed to be unaffected by applied 
stress. 


* The electron diffraction patterns were secured through the courtesy of R. M. Fisher, 
Research Laboratory, U. S. Steel Corp. Kearny, New Jersey. 
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DISCUSSION 


Written Discussion: By F. Wever, Max-Planck-Institut fiir Eisenfor- 
schung, Dusseldorf, Germany. 

It gives us pleasure that the authors have now systematically investigated 
the influence of mechanical stress and plastic deformation on isothermal inter- 
mediate transformation, as until now, stress and deformation influences have 
only been studied on martensite transformation. I should like, however, to 
indicate a difficulty which arises from the given experimental results on precipi 
tation and transformation processes, when one tries to conclude the most in- 
teresting factors, namely, rate of nucleation and rate of growth. I would expect 
and as it is suggested in the given data and in Fig. 9, that stress and deformatio: 
mainly influence the rate of nucleation. The question remains uncertain as fa 
as effect of stress on the rate of growth. It should not be very difficult to answe 
the latter question with the metallographic methods employed and I shoul 
like to ask the authors if they have already done the work. 

The authors are giving as a fact the very pronounced increment in bainit 
formation in a critical stress range which is identical with the yield stress. A 
cording to Fig. 8 of their paper in AISI 1085 steel, this sharp increment occu 
between 300 and 500 sec holding time. With smaller stresses in the elastic ran; 
an influence on the transformation rate can be seen after longer holding ti: 
after which a range of remarkably higher increment is not to be seen. Maybe 
the same sense as the authors’, one might explain this on the basis of plast 
deformation, lattice distortions such as vacancies, and internal stresses, whi 
are working favorably for nucleation and shortening of the incubation peri: 
Being specially sensitive to small variations in stress and holding time, the i 
fluence will be in that range where deformation is just becoming measural! 
i.e., in the yield stress range. 

An orientation effect has been observed chiefly in the regions of plas 
deformation. The less pronounced effect in the elastic region may be due to t 
fact that the specimen is polycrystalline and there are quenching stresses pres: 
which, compared to the externally applied stress, are not large. In the same fi 
the results obtained in the Max-Planck-Institut fiir Eisenforschung, Dusseld: 
will be of interest.1 When austenitic single crystals of Fe-Ni-C alloy of 2¢ 
Ni and 0.23% C are held under a normal stress of about 75% of the shear str: 
of the austenite and they are transformed to martensite, all of the martensit 
needles show the same orientation, provided the temperature is not lowered 
more than about 15 °C below the martensite temperature and slow cooling fo! 
lows under a temperature gradient. Only at lower temperatures will other orienta 
tions occur. From this it can be concluded that in an originally stress-free crystal 
with sharp Laue-pattern spots an elastic stress is sufficient to influence nucleation 
in such a way that from all the possible orientations one is chosen, when the 
temperature is not too low. As it clearly seems, at lower temperatures the other 
contributions to enthalpy are becoming predominant in comparison to the energy 
of externally applied stress. 

It would be interesting to do this type of investigation on the austenite- 
bainite transformation. 


1H. G. Miller, Diploma in Engineering, University of K6éln. A. Kochendérfer and H. G. 
Miller, Arch. Eisenhuttenw., in press. 
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Authors’ Reply 


In our transformation studies of austenite to bainite we did not investigate 
separately the effect of stress and deformation on the rate of nucleation and the 
rate of growth of bainite. We have ample evidence, however, as typically il- 

istrated, in Fig. 16 of our paper, that the bainite needles formed under stress 
are shorter in length and thinner in width compared to those formed under 
o stress. Thus, it is suggested that the overall growth rate has decreased under 
tress. Since, under stress, both total transformation and rate of transformation 
ive increased, it can be concluded that the rate of nucleation must have in- 

-ased to a large extent. 

We agree with Dr. Wever’s suggestion that the large increment in trans- 
mation observed over long transformation times under stresses less than the 
‘ld stress might arise from lattice distortions owing to vacancies and internal 
resses. Under applied stresses less than the yield stress, plastic deformations 
to 0.01 to 0.02 inch per inch in true strain were attained. Consequently, at 
h degrees of extension considerable deformation could be expected to take 
‘e and we would be inclined to consider this deformation to be the major 
se for the observed increase in transformation. 

It is to be expected that upon quenching to the transformation bath tempera- 
» quenching stresses will develop in the specimen. It is also to be expected 
t at comparatively high temperatures these stresses would be relaxed within 
elatively shorter period of time. If one considers that quenching stresses are 
sent, then it may be expected that in certain local regions of the specimen 
sses favorable to the applied tensile stress would exist and in these regions 
should be able to observe an orientation of the bainite needles formed under 
applied stress less than the yield stress. Such local orientation effects, how- 
r, were not observed. 

The work of Dr. Wever and his associates carried out at the Max-Planck- 
titute fiir Eisenforschung, Dusseldorf, on iron-nickel-carbon alloy is of great 
erest to us. It would be of great help in resolving the mechanism of bainite 
mation if such a study could be carried out isothermally with stress-free 
igle crystals of austenite of steels of commercial compositions. 

The authors thank Dr. Wever for his stimulating discussion of this paper. 
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THE ELASTIC LIMIT AND YIELD BEHAVIOR OF 
HARDENED STEELS 


By Hucu Mutr, B. L. AVERBAcH, AND Morris CoHEN 


Abstract 


A method of high strain sensitivity 1s described for in- 
vestigating the elastic limit and the initial yielding of heat 
treated steels. The elastic limit measured by this technique ts 
shown to be equivalent to the stress above which there is in- 
creasing permanent deformation on repeated tensile loading 
to a given stress level. Discontinuous yielding is observed for 
steels tempered at the higher temperatures, but in each case, 
considerable plastic deformation precedes the yield point. 

The elastic limit and other tensile data are presented for 
hardened steels containing 0.20, 0.41 and 0.82% carbon as 
a function of the tempering temperature. The elastic limits 
are remarkably low in the as-hardened steels, being approxi- 
mately 20,000 to 30,000 psi but increase to values of 100,000 
to 130,000 psi on tempering in the range of 500 to 700°F 
(260 to 370°C), and then decrease to 13,000-60,000 psi on 
tempering at 1300 °F (705°C). Except when brittle fracture 
occurs, the yield, tensile, and fracture strengths generally de- 
crease with decreasing hardness as the tempering temperature 
is raised. 


INTRODUCTION 


NE of the most fundamental engineering design criteria is t! 
stress below which the deformation is purely elastic. In practic: 
however, it is much easier to determine the 0.2% yield strength an 
the tensile strength. Moreover, the elastic limit has been suspect as 
definite property because of the feeling that this stress value would be 
come lower and lower with the improvement in strain measuring de 
vices. Recent experiments (1)1 have shown that the initial plasti 
deformation can be detected with high sensitivity by observing the onset 
of a permanent change in the length of the test specimen on unloading 


a) 


1 The figures appearing in parentheses pertain to the references appended to this paper 


This research was sponsored by the Office of Naval Research and represents a portior 
of the thesis submitted by Hugh Muir in partial fulfillment of the requirements for the Sc.D. 
degree at the Massachusetts Institute of Technology. 


A paper presented before the Thirty-sixth Annual Convention of the So- 
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from successively higher stresses. In the present work, electrical re- 
sistance strain gages have been used to detect the first permanent 
deformation on unloading (2) and it is shown that it is possible to define 
an elastic limit which is a significant property of the material. It is 
demonstrated that the elastic limit is equivalent to the stress above 
which progressive permanent deformation occurs on repeated tensile 
loading. Furthermore, even in steels which display sharp yield points 
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Fig. 1—Sketch of Typical Specimen for Elastic Limit Determination. 


here is appreciable plastic deformation prior to the upper yield stress. 

The elastic limit and other tensile properties are studied as a 
unction of tempering temperature for three plain carbon steels. The 
ield, tensile, and fracture strengths usually fall off with decreasing 
iardness unless brittle fracture takes place, but the elastic limits ex- 
ibit maximum values on tempering in the range 400 to 800°F (205 
0 425°C); at lower tempering temperatures the elastic limits are 
uite low even though the hardness is high. There is apparently no 
inique relationship between the hardness and elastic limit. 


EXPERIMENTAL PROCEDURE 


The mechanical properties were determined on the 0.252 inch 
diameter test bars illustrated in Fig. 1. The short cylindrical portion 
at the end of each specimen was cut off after heat treatment for micro- 
examination and hardness determinations. Three steels, containing 








Table I 
Chemical Analyses of Steels 


betecest: “aiead cent 


Steel Type & Mn i P S 
A AISI 1020 0.20 0.89 0.17 0.015 0.064 
B AISI 1040 0.41 0.72 0.15 0.012 0.045 
c AISI 1080 0.82 0.84 0.12 0.012 0.050 

Heat Treatment Data 

Steel Austenitizing Temperature (°F) Quenching Medium 
A 1675 10% brine 
B 1550 oil (fast quenching) 


Cc 1550 oil (fast quenching) 
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0.20, 0.41 and 0.82% carbon as given in Table I, were investigated. 
The specimens were machined from 5/8 inch hot-rolled rods and 
austenitized in a lead bath at the temperatures listed in Table I. The 
austenitic grain size was always between ASTM 5 and 7. The hardened 
test bars were tempered at temperatures up to 1300 °F (705°C) ; two 
sets of specimens were used for most temperatures, with one set 
being water-quenched and the other being air-cooled from the temper- 
ing treatment. After heat treatment, the specimens were cleaned by 
gentle wire brushing and were lightly polished with emery cloth. Micro- 
examination indicated freedom from decarburization and gross segre- 
gation. 

Two Baldwin SR-4 strain gages with an effective gage length of 
about 7/8 inch (Type A-1, A-3, or AD-1) were attached with Duco 
cement on opposite sides of the gage portion of each specimen. The 
gages were connected in series in order to compensate for bending 
effects. The cement was allowed to dry for at least 24 hours, and elec- 
trical tape was wound around the gages and lead wires to provide pro- 
tection against handling damage. The test bars were loaded through 
two alloy steel chains to ensure axiality of stress; during the loading 
and unloading cycles, the specimens were immersed in a steel beaker 
of silicon oil maintained at 68°F. A duplicate unstressed specimen 
with strain gages was kept in the oil bath in order to provide tempera- 
ture compensation for the active strain gages. 

The following procedure was adopted to establish the elastic limit 
A small predetermined load was applied, then removed, and the speci- 
men supported so that there was no applied force on it. The residual 
strain at zero load was obtained by balancing the strain indicator before 
and after the load application. This cycle was repeated with succes- 
sively higher loads, and the permanent set (if any) or unloading was 
measured in each case. If the residual strain was zero, it was assumed 
that the corresponding stress was below the elastic limit. If a net tensile 
strain was observed, it was assumed that yielding had occurred. A 
typical curve is shown at the left in Fig. 2; the elastic limit could be 
detected within a strain sensitivity of about 2 x 10—°. 

Occasionally negative (compressive) residual strains appeared 
after loading below the elastic limit and then unloading, as shown in 
the center curve of Fig. 2. These initial negative strains were quite 
small, usually below 20 x 10—°, but they reflected a real behavior of the 
specimen rather than of the strain gages since measurements of total 
length of several such specimens demonstrated that the test bar was 
actually shorter than its original length. In such cases, the elastic limit 
was defined as the stress above which the residual strain continued to 
increase toward the positive direction. 

The above elastic limit criterion for each type of residual strain 
behavior was justified by the following observations. Specimens were 
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loaded repeatedly to a stress level below the selected elastic limit, and 
in each instance the residual strain remained zero or at the same negative 
value. However, when the stress level for repeated loading was raised 
above the elastic limit, an additional increment of residual strain was 
observed after each cycle. These successive increments of strain were 
larger, the higher the applied stress above the elastic limit. For example, 
the right hand curve in Fig. 2 (specimen B) was obtained with a sample 
which was a duplicate of that used for the central curve (specimen A). 
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Fig. 2—Initial Early Portions of Typical Stress-Residual Strain Curves. 


[In the case of specimen B, however, the load was repeated ten times 
at 50,000, 80,000 and 100,000 psi with no change in residual strain. 
The elastic limit for this specimen was 100,000 psi (compared to 
110,000 psi for specimen A). At higher stress levels, repeated appli- 
cations of the load caused a progressively increasing tensile strain. 
Ten repetitions of a stress at 130,000 psi produced a 20 x 10~—® increase 
in strain ; ten repetitions at 140,000 psi produced a 30 x 10~® increase in 
strain ; ten repetitions at 160,000 psi produced a 60 x 10~® increase in 
strain. Similar findings were observed with a number of specimens of 
each steel, and this general behavior was considered to justify the 
adopted criterion of the elastic limit; namely, the stress above which 
the residual strain starts to increase toward the positive direction, 
whether an initial negative set occurs or not. The elastic limit defined 
in this way seems to have real physical significance in the problem at 
hand. Similar procedures involving cyclic loading were used by 
Bauschinger (3) and Bairstow (4) to define “true elastic limits.” 

The basic cause of the initial negative strains has not been ascer- 
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Fig. 3—Typical Stress-Residual Strain Curves. 
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Table Il 

















Mechanical Test Results—0.20% Carbon Steel 
Tem- ” ** ** ** ** ** ** 
pering No. of Elastic Yield Tensile Fracture Reduct. Elong. Hardness 
Temp. Sam- Limit Strength Strength Stress of Area (2 inch) Rockwell 
q °F ples 10% psi 108 psi 103 psi 103 psi Percent Percent A 
: 68 3 24 163 214 284 26 5 71 
100 3 24 163 214 285 26 5 71 
200 3 28 164 212 272 31 6 71 
4 300 3 65 178 216 273 32 6 71 
400 3 96 181 208 294 42 7 72 
500 5 98 173 195 281 47 7 70 
600 3 104 167 178 248 42 6 70 
: 700 5 97 154 168 247 41 7 68 
800 5 88 129 137 250 68 11 64 
900 5 80 112 118 229 70 14 62 
1000 7 65 100 108 218 71 15 59 
1100 7 64 89 92 209 73 17 56 
1200 7 46 78 86 208 77 21 54 
1300 7 13 62 77 194 76 26 52 
* Average value for samples water-quenched from tempering temperature. 
** Average value for samples water-quenched and air-cooled from tempering temperature. 


ined, but it is possible that they are associated with the presence of 
ternal stresses. Although the negative strains were found from time 
time in all three steels over the entire range of tempering tempera- 
res, the phenomenon was not sufficiently reproducible to permit 
finite conclusions. 
In each run, the cyclic loading was increased progressively until 
scontinuous yielding took place or until a residual strain of 2000 x 
®° (0.2% ) was reached. At small strains, anelastic effects on un- 
ling were negligible, but during and after discontinuous yielding, 
id strain relaxation was observed. The total relaxation strains 
‘ely exceeded 50 x 10~° after straining to 2000 x 10~—°, confirming 
4 vious observations (1). When discontinuous yielding occurred, it 
is always preceded by a measurable amount of yielding (from 50 to 
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Table Ill 





Mechanical Test Results—0.41% Carbon Steel 
lem- * ** ** ** ** ** ** 
pering Elastic Yield Tensile Fracture Reduct. Elong. Hardness 
‘emp. No. of Limit Strength Strength Stress of Area (2 inch) Rockwell 
°F Samples 10% psi 10° psi 108 psi 10% psi Percent Percent A 
; 68 2 20 — — — — — 77 
100 3 20 191 243 (254) 2.5 1 78 
: 200 3 40 204 (246) (250) 1.6 1 77 
300 3 80 217 — — 0.2 1 77 
400 3 96 226 (266) (270) 1.4 2 76 
500 5 101 218 248 298 31 6 75 
600 3 112 208 226 300 38 7 73 
700 5 106 186 202 284 44 7.5 71 
800 5 102 154 — — — — 68 
900 5 102 130 144 242 55 11 66 
1000 6 90 114 128 224 58 14.4 64 
1100 7 84 99 116 213 62 15.6 62 
1200 7 75 85 100 205 67 20 58 
1300 7 56 71 84 189 70 25 55 


* Average value for samples water-quenched from tempering temperature. 


** Average value for samples water-quenched and air-cooled from tempering temperature. 
Data in parentheses are doubtful because of brittle fracture. 
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Table IV 
Mechanical Test Results—0.82% Carbon Steel 
Tem- > ** ** ** ** ** ** 
ering Elastic Yield Tensile Fracture Reduct. Elong. Hardness 
emp. No. of Limit Strength Strength Stress of Area (2 inch) Rockwell 
°F Samples 10° psi 108 psi 10® psi 10° psi Percent Percent A 
68 1 30 os —_— —_ — —_ 83 
100 3 38 ~ —_ 82 
200 a 40 — — 82 
300 4 55 -- BRITTLE — 83 
400 3 73 -- FRACTURE — 81 
500 5 103 _- —_ 80 
600 4 108 260 ao = = 3 77 
700 5 128 230 253 322 35 7 76 
800 6 108 192 215 303 42 9 72 
900 6 100 160 188 265 43 11 70 
1000 5 92 137 161 238 a4 12 68 
1100 6 82 115 135 208 49 16 65 
1200 8 72 100 118 186 56 19 62 
1300 7 58 85 101 177 55 22 59 


* Average value for samples water-quenched from tempering temperature. 
** Average value for samples water-quenched and air-cooled from tempering temperature 





500 x 10—-®) at lower stress levels. The magnitude of these pre-yiel 
strains varied regularly with tempering temperature. 

After the elastic limit determinations were completed, the strai 
gages were removed and the usual engineering tensile data were ol 
tained. 

EXPERIMENTAL RESULTS 

Typical stress vs. residual strain curves are shown in Fig. 3 f: 
the three steels. It is evident that the elastic limits and initial yiel 
behavior undergo considerable variation with tempering temperatu: 
The mechanical test data are summarized in Tables II, III, and IV. 

The elastic limits are plotted in Figs. 4, 5, and 6 as a functi: 
of the tempering temperature. It is seen that the elastic limits of t! 
untempered steels are quite low, irrespective of the carbon conten 
and are all in the range of 20,000—30,000 psi. On tempering at 600 : 
700°F (315 to 370°C), a maximum of 104,000 psi is reached fo: 
the 0.20C steel, 112,000 psi for the 0.41C steel, and 128,000 psi for the 
0.82C steel. However, the elastic limits tend to remain relatively high 
over the broad tempering range of 400 to 800°F (205 to 425°C). 
These values then decrease appreciably with further tempering. For 
example, after tempering at 1300°F (705 °C), the elastic limits are 
13,000, 56,000 and 58,000 psi respectively for the three steels. It is 
worth emphasizing that the low tempering temperatures (below 
400°F) characteristic of high hardness and strength levels do not lead 
to high elastic limits. 

The hardness, strength, and ductility parameters are also given in 
Figs. 4-6. Unlike the elastic limits, the hardness and strength prop- 
erties generally decrease as the tempering temperature is raised, al- 
though the yield strength does reflect some initial increase at the lower 
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Fig. 4—Average Mechanical Test Results for 0.20% Carbon Steel. 


mpering temperatures. The two higher carbon steels exhibit brittle 
fractures at the low tempering temperatures, and hence, the tensile 
data byond the elastic limit are both doubtful and incomplete in these 
regions. 

The strength properties increase with the carbon content when 
compared at the same tempering treatment, as in Fig. 7. On this basis, 
the elastic limit is less affected by the carbon content than are the other 
strength parameters. 

The mechanical properties of the three steels are replotted as a 
function of the hardness in Fig. 8 and 9. The yield and tensile strengths 
correlate directly with the hardness, notwithstanding the differences 
in carbon content, Two different criteria have been used for the yield 
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Fig. 5—Average Mechanical Test Results for 0.41% Carbon Steel. 


strength curves. Specimens tempered at the higher temperatures u 
dergo discontinuous yielding, and in such cases the upper yield point 
has been recorded.” At the lower tempering temperatures, discon 
tinuous yielding does not take place, and the 0.2% yield stress was 
chosen. The fact that the yield strength curves in Figs. 4,5,6 and 8 
have no sharp irregularities over the whole range of tempering tem- 
peratures or hardness values implies that both methods of indicating 
the yield strength are comparable in these steels. 

Fig. 8 shows that the maximum elastic limit achieved on temper- 
ing not only increases somewhat with the carbon content, but occurs 
at higher hardness (and therefore strength) levels with increasing 


2 When discontinuous yielding occurred, little difference is found between the upper and 
lower yield points by the load-unload method. 
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Fig. 6—Average Mechanical Test Results for 0.82% Carbon Steel. 


carbon content. Below about Rockwell C-40 the elastic limits are 
slightly higher, for a given hardness, the lower the carbon content. 
However, when comparisons are made at the higher hardness levels, 
the elastic limits are decidedly inferior in the lower carbon steels be- 
cause of the lower tempering temperatures that are required to retain 
the given hardness. 

The fracture stress and reduction of area properties in Fig. 9 
exhibit considerable scatter. In the higher hardness range, the incidence 
of brittle fracture undoubtedly contributes to the scatter. The reduction 
of area curves cross each other at about Rockwell C-40. Below this 
hardness, the greatest ductility at a given hardness level is obtained 
with the steel of lowest carbon content. Above Rockwell C-40, the 
greatest ductility is manifest in the highest carbon steel. This situation 
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results from the fact that in order to maintain a hardness in excess of 
Rockwell C-40 with the 0.20% carbon steel, tempering above 500 °F 
(260°C) cannot be used; whereas with the 0.82% carbon steel, such 
hardness value can be secured at higher temperatures, with a conse- 
quent improvement in ductility. The fracture stress relationships in 
Fig. 9 are probably related to the ductility behavior but the trends are 
not so obvious because of the uncertainty in the stress measurements 
due to the premature fractures that occur in the high hardness range. 


EFrFect OF RATE OF COOLING FROM THE TEMPERING TEMPERATURE 


A comparison of specimens water-quenched from the tempering 
temperature with those air-cooled showed that the rate of cooling from 
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Fig. 8—The Relation Between Hardness and the Mechanical Properties. 


the tempering has no significant effect on the conventional tensile 
properties. However, the elastic limits tend to be somewhat higher in 
the air-cooled condition (Tables V, VI and VII), the difference be- 
coming most pronounced in the 0.20% carbon steel at the higher tem- 
pering temperatures. These tables also reveal that the amount of pre- 
yield plastic strain associated with the discontinuous yielding is 
appreciably larger in specimens water-quenched from the tempering 
temperature than in those that are air-cooled. 

The ratio of elastic limit to yield strength is plotted in Fig. 10 as 
a function of the tempering temperature. Again the influence of cool- 
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Fig. 9—The Relation Between Hardness and the Mechanical Properties. 


ing rate from the tempering temperature is most conspicuous in th: 
0.20% carbon steel at the higher tempering temperatures. It is also in- 
teresting to note that at low tempering temperatures, the elastic limit 
may be only one-tenth of the yield strength, but the ratio generally, 
improves as the tempering temperature is raised and reaches 0.7 to 0.9 
in the vicinity of 1100°F (595°C). 


Elastic Limit after Isothermal Annealing 


Elastic limits were measured for a few isothermally annealed 
specimens. Four tensile specimens of each steel were austenitized for 
1 hour and quenched rapidly into a lead bath at 1100°F (595°C). 
After holding at this temperature long enough for complete trans- 
formation (15 minutes), two samples of each steel were air-cooled and 
the other two water-quenched. Elastic limit and yield data are shown 
in Table VIII. 

The elastic limits observed after isothermal annealing at 1100°F 
(595°C) are considerably lower than for specimens tempered at the 
same temperature. In the 0.82% carbon steel, this is true even though 
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Table V 
Effect of Cooling Rate on Elastic Limit and Yield Strength—0.20% Carbon Steel 
Tem- Pre- . 
pering Cooling Elastic Yield Yield _ 
Temp. after Limit Strength Strain eat __ Nature of 
. Tempering 10% psi 10% psi 10-8 Yield Yield Phenomenon 
68 wQ* 24 158 (2000) 0.15 Smooth-continuous 
100 Ww 24 158 (2000) 0.15 Smooth-continuous 
200 W 28 164 (2000) 0.17 Smooth-continuous 
300 W 65 178 (2000) 0.37 Smooth-continuous 
400 WwW 96 181 (2000) 0.53 Smooth-continuous 
500 AC* 103 176 (2000) 0.59 Smooth-continuous 
500 wQ 98 170 (2000) 0.58 Smooth-continuous 
600 WwoQ 104 166 (2000) 0.62 Smooth-continuous 
700 AC 97 152 (2000) 0.64 Smooth-continuous 
700 WwoQ 97 156 (2000) 0.62 Smooth-continuous 
800 AC 88 123 100 0.72 Slight drop of load 
800 wad 88 134 300 0.65 Slight drop 
900 AC 94 114 120 0.82 Large drop 
900 WwoQ 80 110 110 0.72 Large drop 
1000 AC 82 100 160 0.82 Small drop 
1000 WO 65 100 500 0.65 Smooth 
1100 AC 73 89 90 0.83 Large drop 
1100 wo 64 91 200 0.71 Large drop 
1200 AC 68 76 5 0.90 Large drop 
1200 waQ 46 81 400 0.57 Small drop 
300 AC 38 60 160 0.62 Large drop 
1300 waQ 13 64 (2000) 0.20 Small drop 
* WO = water-quenched 
* AC = air-cooled 


Values in parentheses indicate that the 0.2% yield is listed. 


he annealed and tempered specimens have the same hardness. The 
‘ffect of water quenching vs. air cooling after the isothermal anneal is 
similar to that after tempering ; the elastic limit is lower and the pre- 


yield strain is larger in the water-quenched specimens than in the 
uir-cooled ones. 


DISCUSSION OF RESULTS 


It is clear from this work that high elastic limits are not necessarily 
obtained at high strength and hardness levels. Such consideration 
might be of some importance in spring and bearing applications, 
wherein permanent set has been observed after repeated loading at 
stresses well below the engineering yield strength. Furthermore, the 
relatively low ratio of elastic limit to yield strength in slightly tempered 
steels may become a significant limitation in the development of very 
high strength steels. 

In fact, it has been reported by Aitchison (5) that the propor- 
tional limit in fully hardened steels is much lower than would be ex- 
pected on the basis of hardness and strength; he also reported that the 
proportional limit could be improved by tempering at 600 °F (315°C). 
Similar data were obtained by Rees (6) Brown (7) and Edwards 
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Fig. 10—Effect of Cooling Rate from Tempering Temperature. 


(8,9) who showed that highly cold drawn steel wires have low pro- 
portional limits which can be raised by subcritical annealing. The 
curves of the proportional limit vs. annealing temperature are quite 
similar to those for the elastic limit vs. tempering temperature observed 
here. The main difference is that the proportional limit variations in 
the cold-worked steels are matched by corresponding changes in hard- 
ness and strength, whereas this is not the case for the elastic limit in 
tempered steels. Clearly, the elastic limit behavior must be kept in 
mind if the useful strength of steel is to be realized. 

It is conceivable that these elastic limit and initial yield phenomena 
may be related to fatigue behavior, inasmuch as repeated loading above 
the elastic limit results in progressive residual strain. Such a corre- 
lation would be in line with the suggestion of early investigators 
(3,4,10). 

A possible explanation for the low elastic limits in as-hardened 
steels lies in the presence of quenching and transformation stresses. 
Both micro- and macrostresses having tensile components in the di- 
rection of tensile loading should promote localized yielding and thereby 
cause an effective lowering of the elastic limit. Thus, the improvement 
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Table VI 
Effect of Cooling Rate on Elastic Limit and Yield Strength—0.41% Carbon Steel 
Tem- Pre- : 
pering Cooling Elastic _ Yield Yield Raye 
Temp. after Limit Strength Strain ~aae _ Nature of 
°F Tempering 10% psi 108 psi 10-* Yield Yield Phenomenon 
100 wQ* 20 191 (2000) 0.10 Smooth-continuous 
200 WwW 40 204 (2000) 0.20 Smooth-continuous 
300 wo 80 217 (2000) 0.37 Smooth-continuous 
400 WwoQ 96 226 (2000) 0.42 Smooth-continuous 
500 AC* 120 208 (2000) 0.58 Smooth-continuous 
500 wQ 101 212 (2000) 0.48 Smooth-continuous 
600 WwoQ 112 208 (2000) 0.54 Smooth-continuous 
700 AC 112 186 (2000) 0.60 Smooth-continuous 
700 waQ 106 187 (2000) 0.57 Smooth-continuous 
800 AC 108 152 (2000) 0.71 Smooth-continuous 
800 waQ 102 155 — 0.66 Smooth-continuous 
900 AC 102 128 160 0.80 Very slight drop of load 
900 wo 102 132 160 0.78 Very slight drop 
1000 AC 95 112 36 0.89 Very slight drop 
1000 WQ 90 115 200 0.78 Very slight drop 
1100 AC 86 97 16 0.89 Small drop 
1100 WwQ 84 102 90 0.82 Small drop 
1200 AC 80 84 5 0.95 Sudden drop 
1200 WQ 75 87 96 0.86 Slight drop 
1300 AC 67 08 2 0.98 Large drop 
1300 WwQ 56 74 130 0.76 Slight drop 
* WO = water-quenched 
*AC = air-cooled 


Values in parentheses indicate that the 0.2% yield is listed. 





in elastic limit on tempering may be associated with the partial relief 
of stress (11). The existence of retained austenite in the hardened 
steel and its removal on tempering may also play a role, but this cannot 
be the only factor because the effects are quite pronounced even in the 
0.20% carbon steel. In addition, the lowering of the elastic limit by 
water quenching, rather than air cooling from the tempering or iso- 
thermal annealing temperature is consistent with the internal stress 
hypothesis. 

Thus, it appears that tempering at 500 to 700°F (260 to 370 °C) 
to achieve the maximum elastic limit in each steel represents an opti- 
mum combination of stress relief and retention of strength. More com- 
plete stress relief at higher tempering temperatures is evidently offset 
by decreasing resistance to slip due to the coalescence of the carbides. 
Accordingly, one might expect that the further stress relief above 
700°F (370°C) would result in higher ratio of elastic limit to yield 
strength. The ratios of elastic limit to yield strength in Tables V, VI 
and VII demonstrate that this is actually the case. 

The principal influence of the carbon content on the elastic limit 
at a given hardness level lies mainly in the effect of carbon on the 
tempering temperature required to achieve the given hardness. For 
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Table VII 
Effect of Cooling Rate on Elastic Limit and Yield Strength—0.82% Carbon Steel 
Pre- Rati 
Yield Yield atio 2 
Strength Strain EL. Nature of 
10% psi 10-8 Yield Yield Phenomenon 
Premature Fracture 
Premature Fracture 
Premature Fracture 
Premature Fracture 
Premature Fracture 
Premature Fracture 
260 (2000) 0.42 Smooth-continuous 
228 (2000) 0.60 Smooth-continuous 
231 (2000) 0.55 Smooth-continuous 
196 (2000) 0.50 Smooth-continuous 
189 (2000) 0.57 Smooth-continuous 
159 (2000) 0.64 Smooth-continuous 
161 (2000) 0.61 Smooth-continuous 
136 320 0.72 Very slight drop of load 
137 (2000) 0.67 Smooth 
114 140 0.65 Small drop 
116 315 0.71 Small drop 
98 36 0.86 Marked drop 
98 220 0.73 Marked drop 
83 8 0.88 Marked drop 
88 415 0.66 Marked drop 


Cooling Elastic 

after Limit 

Tempering 10% psi 
wo. 38 
W 40 
wo 55 
W 73 
At — 
WwQ 103 
wa 108 
AC 136 
WwQ 128 
AC 97 
waQ 108 
AC 101 
WwQ 100 
AC 98 
wa 92 
AC 91 
wQ 82 
AC 84 
wo 72 
AC 73 
wo 58 


* WO = water-quenched 
= air-cooled ia 
Values in parentheses indicate that the 0.2% yield is listed. 
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Table VIII 


Comparison of Annealed and Tempered Specimens 
Air-Cooled and Water-Quenched from 1100 °F 


Hardness 
Rockwell A 


Elastic Limit 
(108 psi) 


Yield Strength 
(108 psi) 


Pre-Yield Strain 
10-8 


Ratio Elastic Limit 


Yield Strength 


Nature of Yield 
Phenomenon 


*AC = air-cooled 


Cooling 1100 °F 


Rate 


wo* 
AC* 


wo 
AC 


WwQ 
AC 


wa 
AC 
wQ 
AC 


water-quenched 


0.20% 


Carbon Steel 


1100 °F 
Anneal Temper 
48 56 
30 64 
36 73 
53 91 
51 89 
155 200 
18 90 
0.56 0.71 
0.70 0.83 
Small Large 
drop drop 
Large Large 
drop drop 


0.41% 
Carbon Steel 
1100 °F 1100°F 
Anneal Temper 
56 62 
48 84 
54 86 
64 102 
62 97 
140 90 
4 16 
0.75 0.82 
0.87 0.89 
Small Small 
drop drop 
Large Small 
drop drop 


0.82% 
Carbon Steel 
1100°F 1100°F 
Anneal Temper 
65 65 
48 82 
76 91 
96 116 
95 114 
2000 315 
36 140 
0.50 0.71 
0.80 0.65 
Smooth Small 
drop 
Small Small 
drop drop 
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example, with hardness values above Rockwell C-40 the elastic limit 
decreases with decreasing carbon content because the tempering tem- 
peratures must be reduced below the optimum range to maintain the 
required hardness. 

Where discontinuous yielding is observed, measurable plastic flow 
occurs prior to the yield point. This is in confirmation of previous 
work (1,2), and is consistent with the data of Clark et al (12,13) and 
Winlock and Leiter (14) who have found pre-yield strains even at 
igh loading rates. In the present experiments, the pre-yield strains are 
narkedly increased, and the yield behavior tends to switch from the 
liscontinuous to the continuous type, if the specimens are water- 
uenched instead of air-cooled from the tempering or isothermal an- 
ealing temperature. The fact that these differences became more pro- 

uunced in the lower carbon steel at temperatures above 900°F 
180°C), suggests that a precipitating reaction may be operative in 
e slowly cooled specimens, causing a reduced pre-yield strain and a 
opensity toward discontinuous yielding. This cooling rate effect is 
niniscent of temper embrittlement and it is possible that further 
rk along these lines with alloy steels may disclose a relationship 
tween the initial yield point behavior and notch sensitivity. 

The conventional tensile properties vary in a fairly regular way 
th tempering temperature, although the 0.20% carbon steel does 
\ibit some evidence of 500°F (260°C) embrittlement in the re- 
ction of area curve (Fig. 4). The latter observation is somewhat un- 
ial since the 500°F-embrittlement is generally detected only by 
ched-bar testing or by the reduction of area at subzero testing tem- 
‘atures (15). In any event, it is worth noting that the 500 °F- 
brittlement and the maximum elastic limit occur in the same 
npering range. The 500 °F-embrittlement has been identified with 

formation of cementite films at the martensitic boundaries at the 
onset of the third stage of tempering (16). If the improvement in 
elastic limit on tempering is attributable to stress relief, as tentatively 
suggested here, it is conceivable that the phenomena may be separated 
in tempering experiments with other steels, thus permitting the attain- 
ment of high elastic limits without the occurrence of simultaneous 
embrittlement. Such an investigation is underway. 


CONCLUSIONS 


The following conclusions have been reached concerning the 
elastic limit and the mechanical properties of hardened and tempered 
steels containing 0.20, 0.41 and 0.82% carbon. 

1. The elastic limit can be determined to within a strain sensitivity 
of about 2 x 10~—® by the use of electrical resistance strain gages and 
a progressive load-unload technique. Initial yielding phenomena can 
also be studied conveniently by this method. 





398 TRANSACTIONS OF THE ASM Vol. 47 


2. The elastic limit is affected by tempering in a manner quite 
different from the conventional tensile properties. Values 20,000- 
30,000 psi are obtained for the as-hardened steels, and these rise to 
100,000—130,000 psi on tempering at 500 to 700°F (260 to 370°C). 
With increasing tempering temperature, the elastic limits decrease to 
13,000-60,000 psi after tempering at 1300 °F (705°C). The practical 
implications of these findings are discussed. 

3. The indications are that internal stresses due to hardening or 
quenching from high tempering temperatures have a detrimental effect 
on the elastic limit. On the other hand, rapid cooling from high temper- 
ing temperatures enhances the pre-yield strain and tends to avoid dis- 
continuous yielding. 

4. When the mechanical properties are considered as function of 
hardness, the following interrelations are observed: 

a) The yield and ultimate tensile strengths increase with 
hardness and are essentially independent of carbon content 

b) Ductility decreases with increasing carbon content at hard- 
ness levels below Rockwell C-40, but at higher hardness 
levels the reverse is true. 

c) The maximum attainable elastic limit for a given hardness 
above Rockwell C-40 increases with carbon content, the 
maximum elastic limit corresponding to a tempering tem 
perature in the range 500 to 700 °F (260 to 370°C). 
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DISCUSSION 

Written Discussion: By Edward Dugger, senior project engineer, De- 
m Criteria Section, Wright Air Development Center, Wright-Patterson Air 
rce Base, Ohio. 

The investigation by the authors into the determination of the actual elastic 
nit of steel is of particular interest because of unpublished work by the writer 
hich gave results very similar to those obtained by the authors. 

The purpose of the writer’s investigation was to determine the relationship 
etween the tensile properties and the magnetic or electrical properties of metals. 

(o accomplish this, a high frequency instrument known as the Cyclograph* was 
used. This instrument has a test coil which is placed around the tensile specimen. 
Hysteresis losses occurring in the field of the test coil due to the application 
of load to the test specimen decreases the output of the oscillator and this de- 
crease can be measured. 

The general type of curve that occurs in such a test is that as the tensile 
load increases, the core hysteresis losses also increase until a maximum core loss 
is obtained. After this, as the load continues to increase, the core losses decrease. 
This, as is readily seen, creates a peak core loss. 

SAE 4340 steel, heat treated to five nominal strength levels ranging from 
110,000 psi to 210,000 psi was used. The core loss peaks occurred at stresses 
ranging from approximately 17 to 60% of the proportional limit of the material. 
In addition, considering the strength range of the material, the stresses at these 
eset did not show much variation, ranging from 21,000 to 31,000 psi. 


E. Cavanagh, “Stress Comparisons by Correlation with High Frequency Magnetic 
and Eddy Current Losses,’”’ TRANSACTIONS, American Society for Metals, Vol. 36, 1946, p. 137. 
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Another peculiarity of this type test was that after loading beyond that 
load which created the peak but below the proportional limit a second loading 
decreased the peak core loss at least 35% and, more significantly, the stress at 
which the peak occurred increased. This indicates that the first loading ef- 
fectively changed the physical and mechanical properties of the material. The 
loading apparently causes small irreversible changes in internal microstresses 
which, as a result, change the magnetic properties and creates a specimen which 
has basically different properties at least up to the original stress applied. This 
change is reflected in the Cyclograph readings. 

The same sort of phenomena as shown by the SR-4 gage and Cyclograph 
was also shown by Cornelius * using a coil around a specimen but with change in 
frequency with applied stress as the measuring parameter. In this case, a re- 
versal in frequency also occurred at a load appreciably below the observable 
proportional limit. He also indicates a marked proportional limit by this method. 

In conjunction with the use of the Cyclograph an isolated test was made 
using SAE 1020 steel having an ultimate tensile strength of 97,000 psi. This 
involved a comparison of the elastic limit as determined by Tuckerman optical 
strain gages and the location of the Cyclograph peak. The elastic limit as 
determined by the Tuckerman gages using the same procedure, incidentally, as 
employed by the authors was 51,000 psi whereas the Cyclograph peak occurred 
at 33,800 psi. While this was only a single test it tends to substantiate the 
statements by the authors and Cornelius that the elastic limit value would be 
come less with the improvement in strain measuring methods. 

The question will probably arise, however, as to whether this very definit: 
change that occurs prior to the proportional limit can actually be called th« 
elastic limit as now universally defined and there may possibly be some basis 
for argument. Each of the measuring instruments which have located thi: 
phenomena are sensitive to electrical or magnetic changes and this undoubted] 
is a factor in these results. On the other hand, these methods also have definit: 
advantages in studying action of metals under stress. 

Written Discussion: By W. R. Johnson and J. H. Maker, Wallac: 
Barnes Company, Division of Associated Spring Corp., Bristol, Conn. 

It is gratifying to see this interest in the field of high strength and hardnes: 
properties of steel. The authors have performed a valuable service in helping 
to re-evaluate and disseminate information which has been empirically de 
veloped in the spring industry over many years of production. Their finding 
that higher carbon levels are important in raising stress carrying capacity 
through the effect on tempering temperature is one of the ruling facts of the 
spring industry. This is in contrast to the relatively new studies of high 
strength levels in alloy structural steels, whose proponents recommend carbon 
levels as low as possible to promote ductility. Neglecting such special appli 
cations as elevated temperature service, the spring industry has not had avail- 
able any alloy steels which add sufficiently to the effect of the high carbon 
(0.70 to 1.00%) to warrant their use in most applications, unless an unusuaily 
heavy section demands the use of a medium carbon alloy steel for harden- 
ability. However, some use is made of medium carbon alloy steels for combi- 
nations of high elastic limit and ductility since the alloy additions permit the 
use of higher tempering temperatures. We are looking forward to the authors’ 


4J. R. Cornelius, “The Rapid Determination of the Elastic Limit in Steels,” Machinery 
(London), Vol. 69, November 7, 1946, p. 590. 
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further work toward high elastic limits, and hope their investigation will in- 
clude alloy steels with higher carbon levels. 

The authors’ comment “that high elastic limits are not necessarily observed 
at high strength and hardness levels” has been often observed. This is an im- 
portant study, for the yield strength of the material, and not the hardness or 
tensile strength determines the engineering serviceability. The material used 
for highly stressed springs, such as clock springs (1.00% carbon) has an 
elastic limit so low after hardening, despite a 100% martensitic structure, that 
strip stock will take a coil set from the reeling drum if the tempering tempera- 
ture is too low. Such material will produce springs of low torque due to their 

etting in service, despite the fact that the hardness and tensile strength may 
e the same as for satisfactory stock. 

It might be of interest to note that this 1% carbon steel, is spheroidized 
efore hardening and austenized so that a considerable amount of undissolved 
irbides remain. This undissolved carbide seems to act as favorably in the 
astic limit as if it were dissolved. The extreme case of high elastic limit is in 
e case of watch springs which contain up to 1.15% carbon. The tensile 
rengths of this material are often above 350,000 psi with proportional limits 
f over 200,000 psi. (We have not measured the elastic limit with the authors’ 
ecision.) In considering the effect of high carbon, it should be borne in mind 
at these outstanding properties are not obtained in heavy sections. 

The authors’ tentative explanation of internal stresses causing the low 
istic limits is in complete agreement with our thinking. We find that temper- 
ge temperatures up to 500 °F for clock spring steel increase its resistance to 
t. From 500 to 600 °F there is a sharp drop in elastic limit accompanied by 

increase in roughness. At 650 °F and above, our data agree with that re- 
rted by the authors. We have also found experimentally that if this hardened 

| tempered spring steel is cold-worked slightly, the elastic limit is severely 

pressed though the hardness and tensile are almost unaffected. A temper 

ter the cold work, to relieve the internal stress, restores the elastic limit with- 
t affecting the tensile strength, a procedure long used in the industry. 

From time to time there have been accounts of the tempering of high 
irbon steels for long periods of time at relatively low temperatures to give 
ymbinations of high hardness and ductility. We would like to know the tem- 
ering times used in the authors’ work, and hear their opinion on low tempers 

for long time cycles to reduce the internal stress. We hope that this work will 
e the forerunner of other studies pertinent to the field of high elastic limit 
ad bearing structures. 

Written Discussion: By N. H. Polakowski, LaSalle Steel Co., Chicago. 

This paper deals with two distinctly different problems: 

Firstly, the authors describe experiments which, in their opinion, prove 
that the so called “elastic limit” is a real and physically significant property of 
heat treated carbon steels. Secondly, they show that quench-hardened but. un- 
tempered steels exhibit perceptible permanent deformations at quite low stresses, 
and they attempt to explain this effect. 

Insofar as the first question is concerned, I believe that the term “truly 
elastic behavior” in the sense used in the paper implies exactly equal specimen 
dimensions before and after an application of any external stress below the 
alleged elastic limit. The curves in Fig. 2 would suggest that this condition 
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was not generally realized although I agree that the negative strains shown 
are confounding. But whatever the reason for this irregularity may be, the 
implication is that the authors have actually developed artificial elasticity in 
tension by the classical method of repeated loading. 

In order to convey conviction, the values of the alleged elastic limits should 
have been double checked by applying compressive loads to the specimens 
previously tested in tension. Only an absence of a Bauschinger effect could be 
accepted as a conclusive proof of their claim. 

Turning to the problem of semiplastic behavior of fully hardened steel at 
low stresses it may be recalled that the basic facts about this phenomenon were 
known for a very long time. However, it would be an overstatement to say 
that its fundamental cause had been positively identified. 

The present authors endorse the old explanation attributing this peculiar 
behavior of untempered austenite to locked-up thermal and transformation 
stresses. On this assumption we would expect the residual stresses to exhibit 
a spectacular drop upon heating the specimen to between 200 and 400 °F be- 
cause the raise of the elastic limit is most pronounced in this range (cf. Fig. 3 
and Tables I-III). Bihler’s experiments® indicate, however, that the residual 
stresses are virtually unaffected by heating to 300 °F and very little by temper- 
ing at about 550 °F. Incidentally, Boegehold’s views* seem to be similar to 
those held by Biihler in this matter. 

An alternative, but highly unorthodox and therefore not widely known 
explanation of the initial plasticity of frech Fe-martensite was advanced several 
years ago be Kishkin*. Kishkin suggested that untempered or even lightly tem. 
pered martensite is quite soft initially but it strain hardens rapidly when being 
plastically deformed. He has attributed this high rate of strain hardening t 
the formation of a highly dispersed cementite from the elementary carbon con- 
tained in the martensite. To prove his point, Kishkin deformed by stretching 
a number of quench-hardened and lightly tempered steels and investigated by 
means of chemical extraction the form of carbon at various stages of defor 
mation. The resulting curves showed a gradual increase of FesC content witl 
increasing extension, the rate of carbide production being extremely high i: 
the initial stages of the test. According to the same source, unstrained mar 
tensite was supposed to contain elementary carbon only but no cementite. 

On this hypothesis, the gradual improvement of the elastic properties on 
tempering is also due to a precipitation of cementite caused by heating and 
as is well known, the tempering process is known to be associated with iron 
carbide formation. In other words, Kishkin believes that tempering increases 
and not decreases the initial hardness of martensite, a possibility which seems 
logical if the main argument is regarded as acceptable or at least feasible. 

The aforesaid concept is somewhat bizarre and it contains several over- 
simplifications and loopholes. However, there are certain experimental facts in 
existence which lend it a measure of support and which were never explained 
on their own right. It would lead too far to enumerate and discuss these here 
but I would be interested to hear any comments that the authors may care to 
make from the fundamental angle. 
8H. Buchholtz and H. Buhler, “Determination of Residual Stresses in Steel Cylinders 
from Stress-Time Curves,” Archiv fiir das Eisenhuttenwesen, Vol. 6, 1932, p. 253. : 

6 L. Boegehold, “‘Some Effects of Quenching and Tempering on Residual Stresses in 


Steel,” METAL PROGRESS, Vol. 57, No. 2, Feb. 1950, p.. 183. 
7S. T. Kishkin, “Nature of the Steel Strengthenirg Process and of the High Hardness 


of Martensite,”’ Bulletin, Academy of Sciences of the USSR, Division of Technical Sciences, 
No. 12, Dec. 1946, p. 1799. 
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Written Discussion: By George A. Roberts, vice president—technology, 
and Arthur H. Grobe, research metallurgist, Vanadium-Alloys Steel Co., 
Latrobe, Pa. 

The very low stress level at which permanent plastic deformation can 
take place in hardened steels is again clearly shown by the precise technique 
for determining the elastic limit developed by the authors. The results, partic- 
ularly those shown in the top portion of Fig. 8 where the elastic limit is shown 
as a function of hardness, are closely similar to the trends obtained in our 
Laboratory by the bend test on hardened alloy tool steels. It is felt that publi- 
cation of our results as a discussion to this paper will be of interest. 
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Fig. 11—Yield Strength of Four Steels After Stress Relief Treatments. 


The bend test for hardened steels, previously described® uses a specimen 
0.140 inch thick by 0.500 inch wide and approximately 2 inches long. By care- 
fully measuring the load and deflection, and noting the point at which the load- 
deflection curve deviates from a. straight line, we have determined a property 
which, while described as “yield strength” in our reports, is truly more closely 
akin to a proportional limit at a low sensitivity of measurement. Conducting 
tests on four different steels as shown below, it was apparent that the 


as-hardened steels have a very low “yield strength” or “proportional limit.” 


8 Arthur H. Grobe and George A. Roberts, ‘““The Bend Test for Hardened High Speed 
Steel,” TRANSACTIONS, American Society for Metals, Vol. 40, 1948, p. 435. 





404 TRANSACTIONS OF THE ASM Vol. 47 


This property increases quite rapidly as tempering relieves internal stresses and 
removes retained austenite. Finally, at a certain hardness the strength property 
goes through a maximum and starts to decrease as the tempering temperature is 
further raised. 

Beyond this maximum the elastic property was exactly the same regardless 
of composition. It is striking that this was found to be true even in steels of 
such widely diverging compositions as the four under investigation, namely, 
two common high speed steels of the tungsten and tungsten-molybdenum type 
respectively, a high carbon low alloy tungsten die steel, and a medium carbon 
low alloy tungsten chisel steel. 

The values of strength shown in Fig. 11 of this discussion cannot directly 
be compared with the elastic limit determinations made in the authors’ paper, 
but it is important to note the very similar trend of the “yield strength” meas- 
ured by the bend test, and the elastic limit measured by the progressive loading 
and unloading technique employed by the authors. 


Nominal Analysis of Steels Tested 


Cc W Cr V Mo 
> 0.7 18 4 l 
M 2 0.8 6 4 2 5 
O 3 1.2 2 0.7 0.2 0.3 
> 0.5 2 2 0.2 


Written Discussion: By B. B. Hundy, British Iron & Steel Researc! 
Association, Sheffield, England. 

The authors of this interesting paper draw attention to the fact that th 
proportional limit of worked steel rises on tempering at temperatures belo, 
the critical. This is well known and I have observed this effect in my own wor! 
on the aging of hard drawn rope wire and on rolled and drawn mild steel. Th 
effect in worked steels, however, is definitely due to strain aging and is bot! 
time and temperature dependent, i.e. a long aging time at a low temperatur 
(say 20°C) is equivalent to a short time at an elevated temperature. This in 
crease in the proportional limit is now recognized as being due to diffusion « 
carbon and/or nitrogen atoms through the iron lattice to dislocations, lockin; 
these dislocations in place and postponing yielding until a higher stress 
reached. Is it possible that a similar effect might be operative in quenche 
steels? Quenching from the austenitizing temperature would result in ste: 
with the carbon atoms not anchored in the positions of minimum energy a 
the dislocations, but scattered in the martensitic structure. Tempering of thi 
steel may lead to migration of the carbon atoms to the dislocations and to an 
substructural boundaries that may be present. If this hypothesis is correct, th 
rise in the elastic limit due to tempering should be time and temperature de 
pendent and the activation energy for the process should be that for the diffu 
sion of carbon in iron. Even if this hypothesis should prove to be correct, | 
agree with the authors in attributing most of the effect to a relief of the stresses 
in the quenched steels. 

Our work at B.I.S.R.A. also suggests that the suppression of the yield 
point by quenching from high temperatures is mainly due to residual stresses 
caused by the quenching. Our work® has shown the residual stresses can mask 
the yield point in mild steel; if high residual stresses are present in the steel, 


® B. B. Hundy, “Elimination of Stretcher Strains in Mild Steel Pressings.” Journal, Iron 
and Steel Institute, Vol. 178, 1954, p. 127. 
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yielding cannot occur instantaneously through the thickness, but takes place 
in one or two grains at a time and gradually spreads as the applied stress is 
raised. Some tests on water-quenched aluminum-killed mild steel sheet showed 
that aging for 2 weeks at 70°C did not restore the yield point and so I think 
that the suppression of the yield point is more probably due to the quenching 
stresses than to a precipitation reaction as suggested by the authors. 


Authors’ Reply 


The bend test data presented by Drs. Roberts and Grobe confirm the con- 
cept that the optimum yield properties are not developed at the highest hard- 
ness in hardened steels. Furthermore, their results indicate that the maximum 
vield strength depends primarily on the tempering characteristics of the steel, 
ind through this, on the carbon and alloy contents. The higher that a steel 
an be tempered and still retain high hardness, the higher is the maximum 
ttainable yield strength. It is recognized that the yield strength may not be as 
ensitive to these factors as the elastic limit, but the bend test data presented 
| the discussion suggest that these general ideas are valid for a wide variety of 
ol steels. 

It is difficult for us to evaluate the significance of Mr. Dugger’s cyclo- 

‘aphic determinations during the tension test. The core hysteresis losses may 

influenced by a large number of variables and these effects appear to be in- 
mpletely understood. At the moment, we are not in a position to correlate 
ese measurements with our elastic limit value. If further work demonstrates 
at the elastic limits have important physical and engineering significance, it 
uuld be most desirable to have a quick procedure that could replace the 
lious load-unload measurements. 

We appreciate having the comments of Messrs. Johnson and Maker relative 

present practice in the spring industry. It is pleasing to know that our data 
pertinent to spring applications and are consistent with many practical ob- 
rvations. The only exception seems to be the sharp drop in elastic limit noted 

Messrs. Johnson and Maker at 500 to 600 °F. It would be worth tracking 

wn this discrepancy. Additional information is now being obtained on the in- 
uence of alloying elements. The possible advantage of very long tempering 
mes is also being investigated, as suggested by the discussers. 

Mr. Polakowski has raised several points with respect to the elastic limit 
ieasurement itself. We chose to define the elastic limit in terms of a repetitive 
tress criterion in order to avoid the difficulty that some bars apparently 
hortened on the first application of stress. However, even when such shorten- 
ing occurred, it was shown that subsequent applications of stress to the same 
level did not produce any additional change in length, if this stress was below 
the elastic limit. Such a stress can then be considered to be truly elastic if an 
exception is made of the first stress application. We agree that compression 
data are required and experiments in this direction are under way. 

We did not intend our tentative explanation for the low elastic limit of 
untempered steel to be more than a starting point for future experiments on the 
nature of this phenomenon. The stresses involved are probably quite localized 
and consist of a superposition of macro and microstresses. These stress peaks 
could undergo appreciable relief even at 500 to 600°F, but it is difficult to 
measure them because of their localized nature. It is also likely that the im- 
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perfections in martensite introduced as a result of the transformation may in- 
fluence the elastic limit. 

We cannot subscribe to the viewpoint of S. T. Kishkin, as cited by 
Mr. Polakowski, that precipitation of cementite at 400 °F might account for the 
increase in elastic limit. It is well known that e-carbide precipitates in large 
juantities at subgrain boundaries on tempering in the range 200 to 300 °F; yet 
the elastic limit remains low after such tempering treatments. If the mere pre- 
cipitation process were responsible for an increase in elastic limit, the finely 
ispersed e-carbide would be at least as effective as the cementite which comes 
ut in more massive form later. On the other hand, the residual stress hypothesis 

further supported by the fact that after the elastic limit of hardened steel is 
ised by suitable tempering, it can be lowered again by plastic deformation. 

Mr. Hundy has suggested that the increase in elastic limit on tempering 

_y be due to the precipitation of carbon atoms at dislocations. This mechanism 
ms unlikely although it may contribute somewhat to the phenomenon. The 
fusion rate of carbon in martensite is at least as great as in ferrite and it 
uld seem that the increase in elastic limit should occur at much lower tem- 
tures, as in ferrite. In addition, a yield point phenomenon would also be 
ected and this is not seen until much higher tempering temperatures when 
ferritic constituent is well developed. The diffusion of carbon may be still 

ilved in the raising of the elastic limit on tempering but this may act as a 

e limiting process for the precipitation of carbides at subboundaries in the 

rtensite. It is conceived that the high localized stresses induced in the freshly 

nched martensite by the transformation itself may reduce the elastic limit 
the fresh martensite and also act as an additional driving force for the 
ipitation of carbides at preferred sites. The relief of the localized stresses 

‘ thus be partially dependent on the rate of carbon diffusion although we 

e no evidence that this is the case. 

It is also interesting to note that the fatigue endurance limit behaves very 

h like the elastic limit as a function of hardness. Figs. 12 and 13 summarize 

e of the available data on the variation of the endurance limit with temper- 

temperature and hardness in a series of 0.40% carbon steels. The endur- 

e limits were obtained from rotating beam experiments.” ™“ The elastic 

its for 1050 (listed in this paper) and 4340 steels (from work now under way 

collaboration with Dr. C. Shih) are also plotted on the same graph. It is 
dent that the elastic and the endurance limits follow the same trends and 
ippears that the elastic limit may be directly equivalent to the endurance 
limit under these restricted conditions. This apparent correlation also suggests 
it the onset of fatigue damage may coincide with the onset of plastic flow. 





10M. F. Garwood, H. H. Zurburg, M. A. Erickson, “‘Correlation of Laboratory Tests and 
Service Performance,’ Interpretation of Tests and Correlation with Service, 1951, American 
Society for Metals. 

1 E. Epremain and R. F. Mehl, “The Statistical Behavior of Fatigue Properties and the 
Influence of Metallurgical Factors,” Symposium on Fatigue with Emphasis on Statistical 
Approach, II, 1952, p. 25, American Society for Testing Materials. 





EFFECT OF COMPOSITION ON TRANSVERSE 
PROPERTIES OF SLACK-QUENCHED STEEL 


By JoHN Vajpa AND Paut E. Bussy 


Abstract 


The effect of composition on the transverse mechanical 
properties of structures formed on continuous cooling was 
studied. Ten different compositions were selected to show the 
effects of boron, rare earth oxides, silicon, nickel, and carbon 
on hardenability in heavy sections, and on the mechanical 
properties of tempered slack-quenched structures. The effec- 
tiveness of ferroboron and Grainal No. 79 in increasing 
hardenability was compared. Mechanical properties obtained 
on two steels of similar composition from different heats 
were found to be in good agreement. The applicability of the 
end-quench method to heavy sections is discussed, and some 
data on the effect of mass on the mechanical properties are 
presented. 


INTRODUCTION 


HE information presented in this paper is supplementary to th 

contained in an earlier publication (1)! which gives a detail 
account of an end-quench method for developing reproducible slac 
quenched structures in heavy forgings and contains mechanical pro; 
erty data obtained on seven different compositions treated by tl 
method. Recently more data have been obtained in this manner on t: 
additional steels to show the effects of boron, rare earth oxides, silic: 
nickel, and carbon on transverse properties. The end-quench meth 
is discussed in relation to its applicability to heavy sections, and so 
data on the effect of mass on the properties are presented. 

Results already published showed that (a) the technique f: 
developing reproducible slack-quenched structures was satisfactor\ 
(b) steels rated in order of hardenability by the Jominy test did n 
always maintain that order when quenched in heavy sections, (c) rare 
earth metals had little effect on the hardenability and on the mechanical 
properties of slack-quenched structures, and (d) transition tempera 


1 Figures appearing in parentheses pertain to the references appended to this pape: 





This study forms a get of a eroet geenres sponsored by the Aeronautical Research 
Laboratory, Department of the Air Force, Wright Air Development Center, Wright-Patterson 
Air Force Base, Ohio, under Contract AF 33(038)-10218. 


A paper presented before the Thirty-sixth Annual Convention of the So- 
ciety, held in Chicago, November 1 to 5, 1954. The authors, John Vajda and 
Paul E. Busby, are associated with the Metals Research Laboratory, Carnegie 
Institute of Technology, Pittsburgh. Manuscript received April 15, 1954. 
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tures in the impact test were progressively raised by the presence of 
increasing amounts of slack-quenched structures. The primary pur- 
pose of this paper is to present new material to indicate more clearly 
the extent to which the above findings are generally valid and to ex- 
tend that information, especially with regard to the effect of compo- 
sition on the transverse properties of slack-quenched steels. 
Recently a paper was published (2) covering the subject “Effect 
§ Composition on Transverse Mechanical Properties of Steel’; in 
this instance, the steels were in general fully-quenched before being 
empered. By comparing the material included in that paper with 
iaterial in the present one, a more comprehensive picture of the overall 
fect of composition on the transverse mechanical properties of steel, 
hether fully or slack-quenched, may be obtained. 


EXPERIMENTAL WorK 


The experimental procedure consisted of making tensile and im- 
ct traverses on tempered end-quenched slabs which had been re- 
ved from a larger slotted 7 inch round by 7 inch long section of the 
bject steel. A complete description of the section, together with de- 
ls of the experimental procedure, is given in an earlier publication 

}. 

The compositions of the ten additional steels studied are given in 
ible I; all were fine-grained, basic electric steels, and were aluminum- 
led. Additions were made to the steels in the mold during pouring. 
‘ven inch rounds were rolled from ingots which were 25 inches square 
r all steels, except 4A, for which the ingots were 20% inches round. 


DaTA 

Following austenitizing and end-quenching, hardness traverses 
ere made on a slab removed from each of the steels. These data are 

esented with standard Jominy data on the same steels in Fig. 1. 
Tensile and impact traverses were made on tempered slabs from 
ch steel in a manner described in the previous paper (1). Results of 
ese property traverses were corrected to a constant tensile strength 
n order to facilitate comparison among these steels. The corrected data 


vere plotted as functions of distance from the quenched end and are 
given in Figs. 2,3,4,5 and 6. 


DISCUSSION OF RESULTS 


Hardenability—The standard Jominy hardenability curves for all 
steels are given in Fig. 1 with those obtained on end-quenched 7-inch 
rounds. Curves for Steels 1A and 5A, as well as those for 3] and 5] 
which were presented in the previous paper, have been included with 
Steels 4A and 4J, respectively, in order to show the available harden- 
ability information on these heats in one reference. 
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Table I 
Chemical Composition 





Steel G Mn P S Si i Cr Mo V B Rare Earths 
% of Element 


1A* 0.33 0.78 0.013 0.018 0.31 0.80 0.68 0.50 0.10 _ 
4A 0.51 0.77 0.013 0.017 0.31 0.79 0.66 0.50 0.10 _- 


5A* 0.33 0.76 0.013 0.018 0.31 0.79 0.66 0.50 0.10 0.001 


3E 0.40 0.86 0.015 0.019 0.31 0.54 0.46 0.23 _ 











4E 0.38 0.88 0.30 1.58 0.48 0.23 — 
SE 0.40 0.88 0.32 0.54 0.48 0.23 0.0014 
1H* 0.20 0.67 0.010 0.008 0.30 2.07 0.91 0.39 — 
2H* 0.21 0.68 0.010 0.009 0.30 2.05 0.91 0.39 0.0005 
3H* 0.23 0.67 0.010 0.008 0.28 2.06 0.91 0.38 — Lan-cer-amp 
~ (4#/ton) 
3J* 0.39 0.88 0.018 0.022 0.27 0.51 0.51 0.24 — 
4J 0.40 0.88 0.018 0.022 1.26 0.50 0.53 0.24 — 
5J* 0.41 0.91 0.021 0.009 0.28 0.51 0.53 0.24 0.0015 Lan-cer-amp 
~ (2.5#/ton) 
1K 0.32 0.82 0.010 0.010 0.35 0.48 0.52 0.17 — 
2K 0.32 0.81 0.010 0.011 0.36 0.47 0.52 0.16 0.0003 
3K 0.33 0.83 0.010 0.011 0.35 0.48 0.52 0.17 0.0006 T-compound 
~ (3#/ton) 
4K 0.34 0.81 0.010 0.010 1.37 0.46 0.52 0.17 — Lan-cer-amp 
1 oat (2.5#/ton) 
5K 0.33 0.81 0.010 0.011 1.36 0.47 0.51 0.16 0.0004 Lan-cer-amp 
= ~. (2.5#/ton) 


Boron added as ferroboron (with excess aluminum) to Steels 2K, 3K, 5K and as 
Grainal #79 to 5A, 5E, 2H and 5J. 

Rare earth added as T-compound or Lan-cer-amp as indicated. T-compound is a 
mixture of rare earth oxides and Lan-cer-amp is a mixture of rare earth metals. 
The underlined figures represent modifications to the base compositions. 





* Studied previously (1) 


The compositions of the K steels (Fig. 1A) were designed | 
show the effects of added (a) ferroboron—2K, (b) ferroboron pli 
rare earth oxides (T-compound )—3K, (c) ferrosilicon plus rare ear 
metals (Lan-cer-amp)—4K, and (d) ferrosilicon plus ferroboron pli 
rare earth metals (Lan-cer-amp )—5K on the base AISI 8630 compos 
tion—1K. 

Added boron to Steel 2K in the form of ferroboron produced : 
moderate increase in hardenability in both 1-inch and 7-inch rounds 
This increase is less pronounced than that observed in the A steels (1A 
vs. 5A—Fig. 1B) which have the same carbon content but a slightly 
higher alloy content. Steel 3K, containing ferroboron as well as rare 
earth oxides, has a slightly higher hardenability than both 1K and 2K. 
The hardenability increase is believed to be associated with the boron 
addition only, the difference between the two boron steels perhaps be- 
ing due to the differences in the amount of boron present (see Table 1) ; 
T-compound normally does not contribute to the hardenability despite 
the fact that it contains boron in the form of calcium boride. Silicon 
added to Steel 4K appears to increase hardenability more effectively 
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Fig. 1—Comparison of Hardenability Curves Obtained on Standard Jominy Speci- 
mens and End-Quenched 7-Inch Rounds. 


than the ferroboron addition (2K) in both the 1l-inch and 7-inch 
rounds. Addition of silicon plus ferroboron (5K) brings about a 
marked increase in the hardenability in both sizes of round; the ob- 
servation that the effect of the combined additions appears to be multi- 
plicative suggests that the silicon addition improved the effectiveness 
of the ferroboron. 

In the second panel (Fig. 1B), the curves show the effect of added 
carbon (4A-0.51% carbon) as compared with that of added boron 
(5A—Grainal No. 79) on the base composition (1A-—0.33% carbon). 
In terms of hardenability and especially on the basis of data from the 


7-inch round, the boron addition appears to be almost as effective as 
the added 0.18% carbon. 
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Fig. 2—Tensile and Impact Data on Steels (a) 1K, (b) 2K, and (c) 3K. 
Corrected to a Constant Tensile Strength of 110,000 Psi. 


The curves in the third panel (Fig. 1C) demonstrate the effect: 
of nickel (4E) and boron (5E) additions on the base compositio: 
(3E), an AISI 8640. It is quite apparent that the boron added in th: 
form of Grainal No. 79 is a more effective hardening agent than 1% 
nickel. 

The J steels in Fig. 1D have the same nominal base composition a: 
the E steels and thus permit a comparison of the various properties on 
a heat basis. The hardenability curves of the base compositions, 3E and 
3], as well as those of the boron-treated steels, 5E and 5], are in very 
good agreement. Comparison of the data for Steels 4E and 4J indicate, 
as expected, that the improvement in hardenability resulting from the 
addition of 1% Si (4J) is slightly greater than that produced by the 
addition of the same percentage of nickel (4E). 

Despite basic differences in chemical composition among the four 
heats represented in Fig. 1, the data suggest that effective additions of 
boron can be made more frequently with Grainal No. 79 than with 
ferroboron. The hardenability of each of those steels to which Grainal 
No. 79 was added (5A, 5E, 5J) is markedly higher than their respec- 
tive base compositions, but only a minor improvement is noted in Steel 
2K as a result of the ferroboron addition. Although it may be observed 
from Table I that the amount of boron present (as analyzed) in the 
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ferroboron-treated steel is less than that of the Grainal-treated steels, 
the observed differences in the hardenability effect are probably at- 
tributable to the type of addition. This difference in effectiveness of the 
two types of boron addition agents used in the present study is re- 
sponsible for the apparently anomalous result that boron is more effec- 
tive than 1% Si in an AISI 8640 steel (compare 4J and 5]) and less 
effective than 1% Siin an AISI 8630 steel (compare 2K and 4K). 

Tensile and Impact Properties—In discussing the tensile and im- 
pact properties, reference will be made to the curves in Figs. 2,3,4,5, and 
6 plotted from data which have been corrected to the indicated tensile 
strengths. The level of tensile strength selected for each group of steels 
discussed below was close to that of the slack-quenched portion in 
der to avoid excessive correction of the data. 

(a) Steel 1K—This steel (Fig. 2a) represents the base composi- 
ion of the K series. The tensile strength level chosen for purposes of 
‘orrection was 110,000 psi. The choice of this level was necessary be- 
-ause of the low basic hardenability of this series of steels. In subse- 
juent paragraphs, the effects of the additions on properties are 
renerally based on the relative property values of this base steel and 
hose of the steel under discussion. 

(b) Steel 2K—The addition of ferroboron to this steel ( Fig. 2b) 
lightly improved the tensile properties, transverse reduction of area 
RAT), and yield strength. Values for the impact tests closest to the 
uenched end of this steel are the same as those for comparable tests 
rom the base composition. In view of the improvement in yield strength 
from 81,500 to 91,200 psi), which may be due to the higher hardena- 
ility in this steel and should probably be accompanied by an increase 
| impact strength, one might conclude that the absence of improvement 
| these impact values demonstrates that the boron addition was detri- 
ental to impact strength even in specimens taken from the quenched 
nd. Impact values in the slack-quenched regions have been decreased 
bout 8 ft-lb for the standard specimens and about 5 ft-lb for the sub- 
ize specimens. These results substantiate the conclusions previously 
lrawn in connection with Steels 5A and 5J (1) that boron lowers 
the impact properties when a steel is slack-quenched. Although a compo- 
ition variable does exist between this steel and 5A, comparison of re- 
sults on these two steels does give interesting results. Steel 5A (base 
plus Grainal No. 79) showed a simultaneous drop in impact to a level 
of approximately 3 ft-lb for both standard and subsize specimens at the 
onset of slack quenching. Although the tensile strength of 2K is 110,000 
psi as compared with 140,000 psi for 5A, it appears from the pattern 
of the impact curves for these two steels that boron in 2K had a less 

detrimental effect on this property than Grainal No. 79 in 5A. A pos- 
sible explanation of this difference in behavior may be the presence of 
strong carbide-formers in Steel 5A ; the base composition of this steel 
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Fig. 3—Tensile and Impact Data on Steels (a) 1K, (b) 4K, and (c) 5K. 

Corrected to a Constant Tensile Strength of 110,000 Psi. 
contained vanadium, and boron was added in the form of titanium-rich 
Grainal No. 79. Steel 2K was produced by adding ferroboron to a 
vanadium-free base. 

(c) Steel 3K—The combined additions of boron and rare eartl 
oxides in the form of ferroboron and T-compound, respectively, appear 
to have raised the yield strength slightly over the entire length of the 
quenched section (Fig. 2c). This result, which is concomitant with in- 
creased hardenability as shown by the R, hardness versus distance 
curves for the 7-inch round given in Fig. 1A, is believed to be associated 
with the hardenability effect of the boron addition. Both RAT and 
impact appear to have been decreased to some extent over practically 
the entire range of structures. A comparison of the data for Steels 2K 
and 3K, which are practically identical except for the T-compound in 
3K, suggests that this addition tends to lower both RAT and impact 
strength. 

(d) Steel 4K—Added silicon plus Lan-cer-amp slightly raised 
the yield strength of this steel (Fig. 3b) near the quenched end. The 
RAT values are rather erratic and therefore are not included in Fig. 2b. 
However, the uncorrected data for this steel indicate that the RAT 
values are generally lower than those obtained on the base composition, 
1K. Impact strength of the specimens closest to the quenched end is 
improved, but, in slack-quenched structures, this property is decreased 
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to a level approximating that observed for standard specimens in 
Steels 2K and 3K. Apparently, the addition of 1% Si to the base compo- 
sition has about the same detrimental effect as boron on impact strength 
of standard specimens. It is of interest that impact values obtained on 
both the standard and subsize specimens are practically identical over 
the full range of structures. 

(e) Steel 5k—Added boron plus silicon plus Lan-cer-amp (Fig. 
3c) increased the yield strength by virtue of increased hardenability, 
but the RAT level is still lower than that for the base composition. Im- 
pact strength of standard specimens up to 1 inch from the quenched 
end also reflects the improvement in hardenability. Beyond this point, 
however, these values, like those for 4K, drop as much as 10 ft-lb below 
comparable values for the base. Added boron in Steel 5K appears to 
have improved both yield strength and impact values (Figs. 3b and 3c). 
The similarity of impact results obtained on standard and subsize speci- 
mens of Steel 4K is also observed in 5K. 

Because of the higher hardenability of Steels 4K and 5K, correc- 

tion for tensile strength was necessary even for the property values 
ybtained on the slack-quenched structures. For this material, the dif- 
ferences between the actual tensile strength and the level to which the 
values were corrected amounted to about 10,000 psi for Steel 4K and 
about 25,000 psi for 5K. The magnitude of error in impact strength re- 
sulting from applying the correction factor developed for fully-quenched 
structures to the slack-quenched material is difficult to estimate. On the 
asis of the relationship between tensile and impact strength in the 
slack-quenched regions of Steels 4K and 5K, it would appear that the 
estimated impact values for the slack-quenched materials should be 
somewhat lower than those shown in Fig. 2. However, a further lower- 
ing of these values based on a more valid tensile strength—impact 
strength relation would not materially affect the conclusions presented 
in this article. | 

(f{) Steel 3E—This AISI 8640 steel (Fig. 4a) represents the 
base composition of the E series of three steels. Test results on this 
steel were corrected to a level of 120,000 psi. In subsequent paragraphs, 
the separate effects of added nickel (4E) and boron (5E) on the 
mechanical properties will be discussed. 

(g) Steel 4E—Added nickel to this steel (Fig. 4b) appears to 
have had little effect on the tensile properties as compared with the 
base composition, 3E. Impact properties appear to have been im- 
proved at all positions in the section. This effect may be due primarily 
to the influence of nickel in lowering the transition temperature of 
slack-quenched products. 

(h) Steel 5E—The boron addition had little effect on the tensile 
properties, but the iniprovement in hardenability is reflected to some 
extent by the impact property (Fig. 4c). Independent of the harden- 
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Fig. 4—Tensile and Impact Data on Steels (a) 3E, (b) 4E, and (c) 5E. 

Corrected to a Constant Tensile Strength of 120,000 Psi. 
ability effect, however, the general level of impact values has been 
decreased. This steel is practically identical to Steel 5J (1) in composi- 
tion, except for the Lan-cer-amp added to the latter steel (see Fig. 5c). 
The hardenability traverses almost coincide ; however, Lan-cer-amp in 
5] may have been beneficial to RAT, especially near the quenched end. 
Standard impact values are higher for the Lan-cer-amp treated steel 
only at positions up to approximately % inch from the quenched end. 
Over this same distance, subsize test results are slightly lower than those 
in 5E but higher throughout the remainder of the section. 

(1) Steel 4J—-The data obtained on this composition are to be 
compared with those obtained on the previously-studied Steels 3J and 
5] for the purpose of showing the effect of added silicon. In order to 
facilitate comparison among these steels, data on Steel 4J (Fig. 5b) are 
shown, together with those obtained on 3J (base—Fig. 5a) and 5] 
(base plus boron plus Lan-cer-amp—-Fig. 5c). The RAT level is in- 
creased slightly over the entire range of structures as compared to the 
base composition. However, the yield strength, especially in the slack- 
quenched region, is decreased appreciably. Impact values (standard 
specimens) up to 1 inch from the quenched end have been slightly 
improved as a result of the increase in hardenability. It is observed that 
the impact values obtained on the subsize specimens tend to approach 
the values obtained on the standard specimens. This tendency was 
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Fig. 5—Tensile and Impact Data on Steels (a) 3J, (b) 4J, and (c) SJ. 
Corrected to a Constant Tensile Strength of 120,000 Psi. 


re pronounced in the results obtained on Steels 4K and 5K which 
‘re also treated with silicon. It appears, therefore, that the absence of 
e expected size effect may in some manner be related to the presence 
silicon. 

Attention is called to Steel 3E (Fig. 4a) whose composition is 
actically identical to that of Steel 3J (Fig. 5a). Although the harden- 
ility curves obtained on the 7-inch round and the RAT curves for 
ese two steels are identical within the limits of experimental error, 
e yield strength of the 3E steel, tempered at 980 °F (525°C) is 
smewhat lower than that of 3J, tempered at 1035 °F (555 °C) in the 
ack-quenched region. The standard impact curves for both steels are 
ractically identical. 

(j) Steel 4A—Steel 4A is one of a group of steels (A steels) 
included in the earlier publication, and its composition was designed to 
show the effect of added carbon (0.51% C) to the base composition 
(1LA—0.33% C). Comparing the data on 4A (Fig. 6b) with that of 1A 
(Fig. 6a), it is noted that added carbon in 4A has decreased the general 
level of both RAT and yield strength to some extent. The yield-tensile 
strength ratios for tests on 4A are consistently lower than those at 
corresponding positions in 1A throughout the section. This behavior is 


not understood. Impact values, except those near the quenched end, 
appear to have been improved. 
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Fig. 6—Tensile and Impact Data on Steels (a) 1A, (b) 4A, and (c) 5A. 
Corrected to a Constant Tensile Strength of 140,000 Psi. 


EFFECT oF MASs ON PROPERTIES 


The application of results obtained on end-quenched 7-inch round 
to heavy sections may be questioned on tie basis that differences i 
mass may lead to differences in mechanical properties. Although th 
cooling rates in the 7-inch section may approach those at equivalen 
positions from the quenched surface in heavy sections, transformatio: 
and cooling stresses which may be high in heavy sections are greatl 
reduced in the slotted 7-inch round. Many believe that these stresse 
significantly affect the formation of various decomposition product: 
of austenite in large sections and, because of this, influence the me 
chanical properties of large sections in such a manner that they canno' 
be predicted from results obtained on small sections. 

A simple experiment was designed in order to obtain some in- 
formation regarding this effect. The method consisted of obtaining 
properties of a 7- by 7-inch cylindrical section, which was austenitized 
and quenched as.a solid, and comparing these data with those obtained 
on a slotted 7-inch by 7-inch round of the same steel. Thus cooling rates 
were held fairly constant, but the size of the cross section was varied 
from ¥ inch by 3 inches to 7 inches diameter. 

Two steels, 1H and 4A, were chosen for this study. Steel 1H (1), 
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Fig. 7—Tensile and Impact Data_on Steels (A) 1H— 
Sectioned Bar, (B) 1H—Solid Bar, (C) 4A—Sectioned Bar, 
and (D) 4A—Solid Bar. Corrected to the Indicated Tensile 
Strength Levels. 
modified AISI 4320, was selected because of its low carbon content, 
) that the low as-quenched hardness permitted the removal of slabs 
rom an untempered end-quenched section for obtaining hardness 
eterminations. The hardness curve on this section agreed well with 
that obtained on the slotted section. Steel 4A, a modified AISI 8650, 
was selected because its carbon content was the highest of the available 
steels. It was believed that the effect of mass might be more pronounced 
in this relatively high carbon, high hardenability steel than in a lower 
carbon, lower hardenability steel, in which less martensite would be 
formed on quenching. This steel was austenitized and end-quenched in 
the form of a solid 7- by 7-inch round, tempered, and then sectioned. 
The various test results on these solid sections are compared with 
those obtained on slabs taken from slotted rounds. The results, cor- 
rected for tensile strength, are given in Fig. 7. 
The results given in Fig. 7 are not conclusive in showing the effect 
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of mass on mechanical properties. They suggest, however, that, if any- 
thing, increased mass lowered both yield and impact strength. 


SUMMARY 


1. Grainal No. 79, rich in both boron and titanium, was observed 
to be more effective than ferroboron in improving hardenability. 

2. Additions of boron, carbon, silicon, and nickel improved 
hardenability as measured by 1-inch and 7-inch end-quenched bars; 
rare earth oxides added to a ferroboron-treated steel had no significant 
effect on hardenability. 

3. Boron lowered the transverse impact strength of slack-quenched 
structures ; this lowering was least pronounced in a steel treated with 
ferroboron and most pronounced in a Grainal No. 79 treated steel con- 
taining strong carbide-formers. 

4. Rare earth oxide additions to a boron-treated steel had a small 
detrimental effect on transverse reduction of area and transverse im 
pact strength. 

5. At certain cooling rates, silicon raised impact quality as a resul! 
of increased hardenability, but at sufficiently slow rates of cooling 
silicon generally lowered this property. 

6. Nickel additions improved the impact strength without affect 
ing the tensile properties. 

7. The steel to which carbon was added had, on the average, lowe: 
yield strength, lower transverse ductility, and higher transverse tough 
ness than the base. 

8. Mechanical properties obtained on tempered end-quenche 
7-inch rounds from two AISI 8640 steels from different heats are i: 
good agreement. 

9. Experimental evidence on the effect of mass on the mechanica 
properties was inconclusive. However, the results suggest that, if an) 
thing, increased mass lowered transverse impact quality and perhap 
yield strength. | 
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DISCUSSION 


Written Discussion: By A. O. Schaefer, vice president in charge of 
engineering and manufacturing, The Midvale Co., Nicetown, Philadelphia. 

The authors were commended by me last year for adding carefully ob- 
tained data in a field which has in the past been surrounded by much mystery, 
which is gradually being dispelled by work such as this. The present report, 
stated to be part of a larger program, adds measurably to our supply of in- 
formation. 

I remember that last year I questioned the technique of slotting the bar 
efore quenching it, on the basis that we had no proof that this did not alter 
he rates of cooling in the piece, the stresses imposed on various elements 
luring cooling and, therefore, the end products of transformation. As proof 
hat we need not concern ourselves with these factors, evidence was presented 

sed on traverse hardness on several surfaces indicating that cooling was 
entical in all of them. I admit to being unsatisfied with this reasoning. In 
is paper the authors have added tests taken from a solid 7 inch round and 
ym a slotted 7 inch round, quenched and tempered in the same way. It is 
ely admitted that the results are inconclusive. At this time I will admit that 
» results tend to support the authors’ conclusions. 

The results in general are in agreement with those reported in Ref. 2 in 
: appended references. 

In general, the authors have avoided the very obvious danger of drawing 

) many conclusions from the evidence at hand. Data of this sort represents 
el made by a certain practice, handled in a certain way, forged or rolled and 
it treated in a certain way. This paper does not attempt to evaluate the effects 
chemistry on the longitudinal properties of slack-quenched steel. We cannot 
iclude that the changes in chemistry which have been made have similar 
ects on longitudinal properties or even if their effects are more or less marked 
transverse tests than in longitudinal tests. Nor have the authors over- 
eralized the effects of the various alloying elements. Their results apply 
ly in the ranges they have reported, and they have wisely refrained from 
ing farther. 

In only one respect, in my opinion, have they drawn conclusions unwar- 
nted by the data. I do not think the evidence at hand permits the bald state- 
ent, “... Grainal No. 79... was observed to be more effective than ferroboron 
improving hardenability.” This is obviously true in the heats of steel reported 
re. The trouble is that no information is given on how these heats were melted 
d deoxidized. Would it be true if aluminum and titanium additions, made 

rior to the addition of ferroboron, protected it as the titanium in Grainal 79 
rotects the boron in it? 

The answer to this question may be in the affirmative. However, the evi- 
dence presented in this paper is not sufficient to support the broad conclusion. 

There is another point on which more evidence would be extremely helpful. 
lhe harmful effects of phosphorus on RAT and transverse impact properties 
have been previously noted. In this report, the phosphorus content of the A, J, 
and E series averages 50% higher than that in the A series. In only a few 
instances are conclusions drawn between the different series. Perhaps in an- 
other portion of the report of which this paper is a part, the authors may have 
included some work on the effects of phosphorus. 
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It is hoped that, in the final printing of this paper, the chemical com- 
positions will be included of those steels which were in the previous paper? and 
which are again used for comparison in the present paper. 

The need for information in this field is obvious. The authors are to be 
congratulated for adding needed data, carefully taken. It is our hope that they 
will continue. 


Authors’ Reply 


The authors appreciate the discussion and comments by Mr. Schaefer. 
Stimulating discussions such as these improve the quality of the paper and also 
suggest new ideas for future studies. In fact, a part of the work in the present 
paper is a direct result of Mr. Schaefer’s discussion of the previous paper. 

In reference to the comment concerning the effectiveness of Grainal No. 79 
and ferroboron as hardenability agents, we wish to emphasize that the state- 
ment in the paper is in the form of an observation based on our few data. 
However, we should not be greatly surprised if the statement were found to be 
generally true in the sense that the chances of improving the hardenability of 
a given heat are greater with a Grainal No. 79 addition than with a ferroboron 
addition. In our opinion, an examination of all the boron heats made to date 
would probably show that the frequency of failure to improve hardenability as 
much as expected with a boron addition is higher when the addition agent is 
ferroboron rather than Grainal No. 79. This, of course, does not mean that the 
full boron effect cannot be realized with ferroboron under the proper conditions 
of deoxidation and steel making, for we know that the desired effect can thus 
be produced. 

In direct answer to the question posed, we believe that the increase of 
hardenability due to boron would be about the same whether a given heat were 
treated with aluminum, titanium, and finally ferroboron or whether the same 
heat were deoxidized with aluminum and subsequently treated with Grainal 
No. 79. It should be pointed out, however, that the simultaneous additions of 
ferroboron and aluminum to the steels in the present investigation after they 
had already been fully killed with aluminum did not give the maximum boron 
hardenability effect. Higher nitrogen in these basic electric steels as compared 
to basic open hearth steels probably accounts for this behavior. 

With regard to the influence of phosphorus on transverse ductility, no 
attempt was made to evaluate the effects of phosphorus among different heats 
because RAT quality is a so-called “heat characteristic”; i.e., similar composi- 
tions from different heats may exhibit wide differences in RAT quality. It is 
this basic premise that led to the procedure of adding an individual element to 
various ingots of one heat in order to determine the effect of that element on 
RAT quality. Unfortunately, in the present study, no single heat is available in 
which phosphorus was intentionally varied. 

While we concede that phosphorus is detrimental to mechanical properties, 
we believe that the “among heat” variables, excluding phosphorus, are such that 
any apparent effect of phosphorus on mechanical properties would not be statis- 
tically significant. 

8 John Vajda and Paul E. Busby, “Transverse Mechanical Properties of Slack-Quenched 


and Tempered Wrought Steel,’”’ Transactions, American Society for Metals, Vol. 46, 1954, 
p. 1331. 
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THE STATISTICAL FATIGUE PROPERTIES OF 
LAMELLAR AND SPHEROIDAL EUTECTOID STEEL 


By G. E. Dieter, R. F. MEHL, AND G. T. Horne 


Abstract 

Statistical methods were utilized to investigate the effeci 
of carbide morphology on the fatigue properties and their 
statistical variability for a plain carbon eutectoid steel heat 
treated to coarse pearlite and to spheroidite of the same tensile 
strength. The fatigue tests were supplemented by metallo- 
graphic observations and measurements of the position of 
failure in the fatigue specimens. The pearlitic structure 
showed a lower fatigue limit and smaller scatter in both the 
fatigue life and the fatigue limit than the spheroidized struc- 
ture. The lower fatigue limit is attributed to the higher stress 
concentrating effects of the carbide lamellae in pearlite. Evi- 
dence is presented which supports the belief that the fatigue 
cracks are not initiated by the carbide particles but by non- 
metallic inclusions. 


ITHIN recent years a considerable amount of interest has 

been shown in the statistical analysis of fatigue data and in the 
sources of this variability inherent in the fatigue test. Several investi- 
gators (1-3) } have shown that even the utmost care in the prepara- 
tion of specimens and in the conduct of the fatigue test cannot minimize 
the scatter in fatigue life and the uncertainty in the fatigue limit beyond 
. point where statistical techniques are needed for a proper interpreta- 
tion of the results. An important consequence of the statistical approach 
has been the realization that it is not possible to predict the fatigue life 
of an individual specimen with even a fair degree of accuracy. It is now 
recognized that for a correct representation of the S-N curve we must 
include the probability of failure as an additional parameter. 


SURVEY OF THE LITERATURE 


Muller-Stock (4) conducted the first recorded statistical fatigue 
tests by testing 200 steel fatigue specimens at a single stress. He found 





1 The figures appearing in parentheses pertain to the references appended to this paper. 
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that the frequency distribution of the number of cycles to failure, N, 
was skewed to the right, but that the frequency distribution with re- 
spect to logN followed the Gaussian or normal distribution. This 
logarithmic normal distribution of fatigue life at constant stress has 
been utilized by more recent investigators (2,3) in this field. The use 
of a logarithmic normal distribution has been criticized on the basis 
that the extreme tails of the distribution do not agree with physical 
facts. It has been argued that if the logarithmic normal distribution 
is theoretically correct then there is a finite, although very small, prob- 
ability of failure occurring at extremely low or high numbers of cycles 
relative to the mean life at any stress within the finite life region of the 
S-N curve. To obviate this difficulty Weibull (5,6) proposed an ex- 
ponential distribution function and Freudenthal and Gumbel (7) ad- 
vocated the use of the extreme value distribution. While both of these 
distribution functions provide finite limits to the distribution of the 
number of cycles to failure at a constant stress there is little practical 
advantage to their use in place of the logarithmic normal distribution. 
All three distributions are practically identical over their central range 
of values. In fact Weibull has estimated that it would require the test- 
ing of about 10,000 specimens at one stress in order to distinguish be- 
tween them to a high degree of significance. Thus, for engineering pur- 
poses the logarithmic normal distribution is adequate. It possesses the 
marked advantage that the standard statistical methods for the interpre- 
tation of tests of small numbers of specimens developed for the normal 
distribution can be used with logN as the variable. 

A different type of statistical analysis is required when the fatigue 
limit is considered. Up until recently the fatigue limit was generally 
considered to be a sharp threshold value, below which all specimens 
would presumably have infinite lives. In 1949 Ransom and Mehl (1) 
first reported on the statistical variability of the fatigue limit. The + 2c 
limits on the mean fatigue limit, the stress range which would include 
the fatigue limits of about 95.4% of the specimens, were found to ex- 
tend from 40,500 to 52,000 psi for a heat treated alloy forging steel. 
This work utilized a statistical method known as “staircase testing” 
(8) in determining the fatigue limit statistics. This method consists of 
testing a series of specimens, each succeeding one of which is run at a 
slightly higher or lower stress depending on whether the preceding 
specimen ran out (lasted 10% cycles) or failed. 

Epremian and Mehl (3) made a statistical study of the fatigue 
limit of several steels using the classical approach of determining the 
mortality curve of per cent failure vs. stress level by means of a tech- 
nique known as “probit analysis.” The experimental procedure con- 
sisted of testing groups of specimens at different stress levels bracket- 
ing the expected fatigue limit. The number of specimens failing and 
not failing (runouts) were determined at each stress. With this in- 
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formation it was possible to determine the mean fatigue limit, S, and its 
+2e limits. 

The same investigators (3) made an extensive study of the effect 
of metallurgical variables on the scatter in fatigue life and in the fatigue 
limit. Normalized SAE 1050 steel, Armco iron, and SAE 4340 heat 
treated to quenched and tempered (168,000 psi tensile strength) and 
quenched and spheroidized (104,000 psi tensile strength) structure 
were tested. It was concluded that the chief metallurgical variable 
which influenced the scatter both in fatigue life and fatigue limit was 
the inclusion content of the steel ; the greater the inclusion rating of the 
steel the greater the variability. Their work indicated that the scatter 
of the fatigue limit was more sensitive to metallurgical variables than 
was the scatter in the fatigue life. 

This work indicated that the influence of inclusions on the scatter 
of fatigue properties masks the effect of differences in metallurgical 
structure. Moreover, their tests on SAE 4340 steel provided no di- 
rectly comparable information on the influence of metallurgical struc- 
ture on fatigue scatter since the two structures were at markedly 
different tensile strength levels. Hence, it was felt that the effect of the 
morphology of the cementite phase on the fatigue properties should be 
definitely established, this time with both structures at the same strength 
level and with two structures of well defined carbide distributions. 
Gsensamer and co-workers (10) have shown that the tensile properties 
depend primarily upon the mean free ferrite path irrespective of the 
shape of the carbide particles. Since in fatigue the ductility of the 
metal has less opportunity to exert its influence in dissipating stress 
concentrations than under static loads, it might be expected that lamel- 
lar pearlite would fracture more easily and would have lower fatigue 
properties than a spheroidal structure with equivalent mean free fer- 
rite path. 

A plain carbon eutectoid steel was selected for this investigation 
because with such a steel it is possible to obtain well defined extremes 
in carbide morphology without the interference of a proeutectoid 
constituent. 

The use of the same steel for both structures removes the important 
influence of inclusion content from the list of factors contributing to 
the scatter in fatigue properties. Little information is available on the 
fatigue properties of eutectoid steels because of their commercial un- 
importance. Gensamer et al. (10) made a limited number of fatigue 
tests on an eutectoid steel reacted isothermally at several temperatures 
in the pearlite and bainite regions of the T-T-T curve. The results 
showed that the fatigue limit increased linearly with decreasing reac- 
tion temperature, with a discontinuity in the region of 900° F (480 °C) 
where mixtures of both pearlite and bainite were obtained. However, 
recent work by Grant (11) with fatigue tests on flake and nodular cast 
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Table I 
Mechanical Properties of Eutectoid Steel 
Ultimate Yield Reduction 
Strength Strength Elongation in Area Rockwell 
Structure psi psi % % Hardness 
Spheroidite 92,680 71,130* 28.9 57.7 92 
Pearlite 98,180 35,500** 17.8 25.8 89 


Prior Austenitic Grain Size: ASTM No. 6 
SAE Inclusion Rating: 4%4 — 1,8%0vd — C 





* lower yield point: ** 0.1% offset 


iron has shown the effect of the morphology of a brittle constituent on 
the fatigue properties. Tests on the two structures at comparable tensile 
strengths showed that the nodular iron had the higher endurance limit. 
In the notched or grooved condition there was no advantage for the 
nodular iron. Grant made no study of the statistics of fatigue. 


MATERIALS AND TESTING 


A plain carbon eutectoid steel containing 0.78% carbon, 0.22% 
silicon, 0.27% manganese, 0.016% sulphur, and 0.011% phosphorus 
was used throughout this investigation. A coarse pearlitic structure was 
obtained by austenitizing specimen blanks at 1550°F (845°C) for 
one hour and then reacting them isothermally in a salt pot at 1300 °F 
(705 °C) for 20 hours. They were then air cooled to room temperature. 
To produce the spheroidized structure, specimen blanks were austeni- 
tized at 1550 °F (845°C) for one hour and quenched in oil to produce 
a martensite-fine pearlite structure amenable to spheroidizing. The 
blanks were then spheroidized in a high temperature salt pot at 1265 °F 
(685 °C) for 15 hours. The mechanical properties resulting from these 
heat treatments are given in Table I. An approximate equivalence in 
the mean free ferrite paths of the two structures of nearly the same 
tensile strength is to be expected in accordance with the work of 
Gensamer (10). 

Unnotched R. R. Moore rotating beam fatigue specimens of con- 
ventional design (12) were machined from the heat treated specimen 
blanks. The specimens had a minimum diameter of 0.300 inches and a 
longitudinal radius of 5 inches. Standard machining and polishing tech- 
niques were used to produce highly polished specimens in which the 
fine scratches ran parallel with the longitudinal direction. The polished 
specimens were stress relieved for one hour in a vacuum furnace at 
1100°F (593°C). No change in mechanical properties resulted from 
this treatment and there was no evidence of oxidation or decarburiza- 
tion. The minimum diameter of each specimen was measured optically 
on a comparator to 0.0001 inch. All specimens were examined at 100 
diameters before testing for circumferential scratches and other surface 
defects. 

The fatigue specimens were tested on four R. R. Moore rotating 





1955 LAMELLAR AND SPHEROIDAL EUTECTOID STEEL 427 


beam machines at speeds between 8000 to 10,000 rpm. The weights 
were accurately calibrated and the effective dead weight determined 
for each machine. The applied stress was calculated from elastic theory 
considering the fatigue specimen and bearing housing assembly to be a 
simply supported beam. The average percentage error in stress was 
about +0.7%. The machines were equipped with a set-screw device 
which actuated a relay to stop the test when a small change in the deflec- 
tion of the specimen occurred. Thus, the specimens were not run to 
complete failure but to the point where a crack formed, varying in size 
from one not visible without a microscope to one about one quarter of 
the way through the diameter. Tests showed that there was no sig- 
nificant difference between this criterion of failure and complete frac- 
ture. With this criterion of failure it was hoped to obtain better 
microscopic correlation between the location of failure and the metal- 
lurgical structure. 

Approximately 20 specimens were tested at each stress level for 
each structure. In the finite life region of the S-N curve the mean of 
the distribution of logN, logN, its standard deviation, o, the standard 
error of the mean, “logN, and the relative standard deviation, V, were 
calculated at each stress from the 20 observations of fatigue life. Each 
of these statistics will be discussed briefly in the next section. It was 
assumed in all instances that the distribution of fatigue life at constant 
stress was adequately represented by the logarithmic normal distribu- 
tion. In the endurance range 20 specimens were tested at each stress 
level and the mean fatigue limit, S, and its standard deviation were 
determined from the percentage of failures at each stress using the 
probit method. This will be described in more detail in the next sec- 
tion. The criterion for a nonfailure was taken as 2.5 x 10% cycles, al- 
though several specimens were run until 5 x 10% cycles to see if there 
was any tendency for delayed failure. 


STATISTICAL METHODS 

This section presumes that the reader has a knowledge of ele- 
mentary statistics so that discussion will be required of only those 
methods which are peculiar to the analysis of fatigue data. Reference 
(13) and (14) are recommended for a concise review of the concepts 
of statistics, while the recent book by Hald (15) includes an excellent 
discussion of the logarithmic normal distribution. 

As was mentioned earlier, it has been found by experiment that 
the distribution of number of cycles to failure at a constant stress may 
be adequately represented by the logarithmic normal distribution, 1.e., 
the familiar normal or Gaussian distribution where N is replaced by 
logN. Making this substitution in the conventional equations for calcu- 
lating the mean and standard deviation of a normal distribution we get 


expressions for the mean of log N, logN, and its standard deviation, o. 
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i=n 

>> log Ni 
———_- j=] 
log N =—_——_____ 
og N : 


Bs \z (log Ni—iog aR) 


n—1 


The mean of a sample provides an unbiased estimate of the mean of the 
universe from which the sample was drawn. Thus, confidence limits 
can be placed on the observed value of the mean by calculating the 
standard error of the mean, “logN. 


sian o 
*fogN =— 
n 


If the distribution is normal the true mean of the universe will lie within 
the interval logN + 1.96 “logN with a confidence of 95%. The relative 
standard deviation, V, is sometimes useful for expressing the degree of 
dispersion on a relative basis. 

= a 

log N 

Although logN is the mean of the distribution of logN it does not 


follow that the antilogarithm of logN is the mean of the distribution o! 
N. This results from the fact that while the distribution is normal wit! 


respect to logN it is skewed to the right for N. The antilog of logN, N, is 
actually the median * of the distribution of N, assuming a continuous 
distribution. The mean of N, N, is given by the following equation. 


log N = log N N + 1.1513 o? 
It will be noted that the median is less than the mean and that the 


greater the standard deviation the greater will be this difference. The 
difference between the mean and the median of N is small for moderate 
values of o and is usually negligible when the scale of the S-N diagram 
is considered. However, for values of o greater than about 0.3 this dif- 
ference can be detected on the S-N plot. The custom has arisen in pre- 
senting statistical fatigue data to report logN and the antilog of this 
value, N. It is this value, N, which is usually plotted to a log scale on 
the S-N diagram. 

The standard statistical tables prepared for use with the normal 
frequency distribution can be used with the logarithmic normal distribu- 
tion provided that all calculations are performed in terms of log N. The 


V= 


2 It is realized that the notation for N is in disagreement with standard statistical notation 
where the bar indicates the mean value. However, the notation given has become standard 
in papers on the statistics of fatigue. 
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Stress, 1000 psi 
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Percentage of Failures 


Fig. 1—Percentage of Failures, in Probability Coordinates, 
Plotted Against Stress. (Epremian and Mehl (3)). 
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- § 
ommon tests of significance such as the F test for the difference in « 
ariability between two sets of data and the t test for the difference 2 4 
etween two means can be employed without difficulty provided this 2 , 
recaution is observed. — | 

The determination of the fatigue limit is a typical example of a | 
ype of experiment known in statistics as a “sensitivity experiment.”’ ' 
hus, when a specimen is tested at a stress within the endurance range - | 
1e only information which we obtain is whether the specimen fails or 7 
uns out. If it fails we are unable to determine what the maximum stress > | 
vould have been at which the specimen would have run out. Conversely, 4 
the specimen runs out, we cannot find the lowest stress at which it tr 
ould fail, since we often have reason to believe that cycles of under- 3 
tress alter the properties of the specimen. Thus, in the endurance Md 
ange, fatigue is a ““go-no go " proposition and all that we can do is a | 


stimate the behavior of a universe of specimens (the population) with 
. suitable sample. 

Probit analysis is a statistical technique suitable for the analysis 
of this problem. The procedure is to test at least 20 specimens at each 
of at least 3 stress levels, noting the percentage of the specimens which 
fail at each stress. It has been found that the percentage of failures is 
approximately normally distributed with respect to stress. If the per- 
centage of failures is plotted against stress on normal probability paper 
a straight line will be obtained, as is shown in Fig. 1. If the data fall on 
a good straight line and ‘dnly moderately precise results are required 
this plot may be used to obtain the value of the mean fatigue limit and 
its standard deviation. The mean fatigue limit, S, is the stress at 50% 
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Table II 


Fatigue Statistics for Eutectoid Steel 
log N %V 
aerate ¢ Standard Relative 
Stress Log N Standard Error of Standard Per Cent 
psi Mean Life N Deviation Mean Deviation Failure 
Spheroidized Structure 
47,500 5.33315 2.153 XK 105 0.1644 0.0367 3.09 100 
45,000 5.81040 6.462 X 105 0.2797 0.0253 4.82 95 
43,000 5.92829 8.478 XK 105 0.2743 0.0665 4.63 85 
41,500 6.24127 1.743 K 108 0.2713 0.0904 4.3 45 
40,000 21 
Mean Fatigue Limit § = 41,550 psi 
o Fatigue Limit ¢ = 1,750 psi 
Pearlitic Structure 
42,000 5.18280 1.53 & 105 0.0696 0.0174 1.35 100 
38,800 5.57452 3.75 X 105 0.0823 0.0184 1.48 100 
36,000 6.07108 1.21 K 106 0.0920 0.0217 1.51 90 
35,000 6.29904 1.99 X 106 0.1644 0.0387 2.61 90 
34,000 6.51126 3.24 & 10¢ 0.3420 0.0987 5.25 50 
33,500 10 
32,500 5 
Mean Fatigue Limit § = 34,000 psi 
o Fatigue Limit c= 960 psi 





failure and the standard deviation is the stress range between S and the 
stress for which the percentage failure is 84%. 

However, if a straight line cannot be fitted through the point: 
without indecision or if greater accuracy is desired, the percentag: 
failures should be converted to probits and the methods of probi' 
analysis employed. The probit, abbreviation of probability unit, is ; 
statistical transformation which eliminates negative values from th 
standardized normal cumulative distribution function. The ordinar 
form of this function has a mean of zero, while the transformation t 
probits results in a mean of 5. The detailed procedure is too length 
for inclusion here. A straightforward description of the calculatio: 
has been given by Finney (9). 


EXPERIMENTAL RESULTS 
Fatigue Statistics 


The finite life and fatigue limit statistics for both the spheroidized 
and pearlitic structures are given in Table II. Unfortunately, the range 
of stress which could be studied was limited by severe heating of the 
specimens at stresses above 47,500 psi. The generation of heat within 
the specimen was pronounced even when the fatigue machines were 
operated at the slow speed of 4500 rpm and is evidence of elastic 
hysteresis within the material. It should be noted that the stress at 
which this heating became pronounced, 50,000 psi, was well below the 
static yield point of the spheroidized structure. At stress levels above 
35,000 psi the pearlite specimens were above their static yield strength. 
However, tests* on a fatigue machine especially instrumented so as 


8 These tests were performed through the courtesy of Prof. E. D’Appolonia of the Civil 
Engineering Dept., Carnegie Institute of Technology. 
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to record very minute deflections showed that the specimens behaved 
essentially elastically at stresses up to 46,000 psi. The initial applica- 
tion of a load above the yield strength produced a small amount of 
plastic strain. After a few cycles of load reversal the deflection became 
elastic and remained so until just before fracture. 

The F test for a significant difference in the variability of two sets 
of data (16) was applied to the standard deviations for each structure 
at a series of stresses. It was found that the scatter in fatigue life in- 
creased significantly with decrease in stress. It should be noted that for 


. Spheroidite | 
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Fig. 2—-Statistical S-N Curves for Pearlite and Spheroidite. 
ie spheroidized structure only the stress of 47,500 psi was outside of 
ie statistical range of the fatigue limit. Thus, at lower stresses the 
tatistics of finite life are based only on the number of specimens out 
‘f the 20 tested at that stress which failed. These statistics are therefore 
not as reliable as for stresses where all of the specimens tested failed. 
‘his procedure of calculating the fatigue life statistics at the stresses 
near the +2. limit of the mean fatigue limit where the statistics of the 
finite life curve and the fatigue limit overlap may be criticized on the 
grounds that it is an arbitrary division to consider part of a sample of 
20 specimens in a distribution of fatigue life at constant stress while at 
the same time considering the same sample in the distribution of per 
cent failure with stress of the fatigue limit statistics. However, the 
authors know of no statistical measure of dispersion which could in- 
clude values of infinite life! 
The procedure which was adopted seems to take into consideration 
the physical facts. The specimens which run out at these stresses usually 
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endure at least ten times the number of cycles undergone by those speci- 
mens which failed at the same stress. This gap in life is so great that it 
seems justifiable to consider the runouts as coming from a different 
population. This treatment of the data certainly does make sense from 
the design standpoint. The first question that a designer would ask is, 
at a given stress, will the part break or run out? For his answer he has 
only to look at the fatigue limit statistics to find the probability of a 
runout. If the probability of a runout is small, his next question is, at 
what number of cycles will it break? The answer to this question is 
found from the finite life statistics. 

The S-N curves for the two structures are shown in Fig. 2. The 
scatter in the fatigue life and the fatigue limit is indicated by the +2c 
limits. The differences in the fatigue properties of the two structures 
are evident from this curve. Although both structures had almost iden- 
tical tensile strengths, the mean fatigue limit of the pearlitic structuré 
is much lower than that of the spheroidized structure. Also, the scatte: 
is less for the pearlite in both finite life range and the fatigue limit. 

The F test was again applied to the fatigue life data to giv: 
statistical assurance to this last observation. When the variability i: 
fatigue life of the two structures was compared at equal percentag: 
stress above their mean fatigue limits, so as to take into consideratio: 
the change of scatter with stress level, the pearlitic structure was foun 
to have statistically significantly smaller scatter. Similarly, the dif 
ference in the variability of the fatigue limits was checked with the 
test using the method devised by Epremian and Mehl (3). Again th 
pearlitic structure was found to have smaller scatter 


Crack Location 


A study of the position of the fatigue crack with respect to th 
point of minimum diameter in the R. R. Moore fatigue specimen wa 
made for both structures. The fact that failure frequently occurs a 
positions removed from the point of minimum diameter or maximun 
applied stress is an indication of the local variations in the strength o! 
the material. If the differences in fatigue statistics observed for these 
two materials are results of differences in strength arising from thei! 
carbide morphology, then it might be expected that the two structures 
would show different behavior with respect to the location of the 
fatigue crack. 

Each specimen was divided into zones 3/64 inches in width, start- 
ing at the point of minimum diameter. Section number A extended 
3/64 inches on each side of the central position, section number B ex- 
tended from 3/64 to 6/64 inches from the central position on each side 
of the minimum diameter, etc. The number of fatigue cracks occurring 
within each section was determined and a distribution of location of 
failure plotted for each structure for all specimens which failed, re- 
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gardless of stress level. The number of specimens tested at each stress 
was not sufficient to determine differences in position of failure as a 
function of stress level. As can be seen from Fig. 3, there was no ap- 
parent difference in the distribution of the location of failure for the 
two structures. 


Metallographic Observations 


An attempt was made to relate the path of crack propagation to 
the morphology of the carbide phase in the two structures. The un- 
tched surfaces of spheroidized specimens tested at high stresses usually 
showed a network of fine particles which are believed to be fine carbides 
vhich were brought into ielief by plastic deformation of the ferrite 


in Given Section 


Number of Fractures Initiated 





Section Number 


_._ Fig. 3—Distribution of Location of 
Failure in Pearlite and Spheroidite Fatigue 
Specimens. 


atrix. These particles were not present on the surface of the specimen 
before testing nor were they very prominent in specimens tested at low 
stresses within the endurance range. Fig. 4 shows such a network, to- 
eether with a fine crack apparently starting at an inclusion. On many 
other instances the fatigue crack was found in close proximity to a large 
inclusion, although the frequency of this observation was not as high as 
has been reported recently by Ransom (17) for transverse fatigue 
specimens. However, there is little doubt that inclusions are a major 
point of initiation of fatigue cracks in longitudinal fatigue specimens. 
It was not always possible to resolve clearly the fatigue crack in 
relation to the microstructure on the surface of the fatigue specimens. 
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Fig. 4—Unetched Surface of Spheroidized Fatigue Specimen Showing Carbides an 
an Inclusion in Relation to the Fatigue Crack, X 400. 
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Fig. 5—Fatigue Crack Propagation in Spheroidized Structure. X 1500 Nital Etch. 


Therefore it was necessary to section and mount the specimens in the 
neighborhood of a fine crack. Thus, Figs. 5 and 6 show the appearance 
of a fatigue crack at a few thousandths of an inch below the surface of 
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Fig. 6—Fatigue Crack Propagation in Pearlitic Structure. X 1500 Nital Etch. ’ 
e fatigue specimen. Fig. 5 shows that the crack propagates in spheroi- : 
. . . . . . . - , 
te entirely in the ferrite matrix with no apparent distortion of the car- j 
les. Although in many places the crack appears to travel in a stepwise ‘| 
5 


inner from carbide to carbide, there are instances where the crack 
‘mingly deliberately by-passes a carbide particle. In pearlite, as the 
ick propagates through the ferrite matrix there seems to be no prefer- 
itial relationship between the crack and the carbide lamellae. Cracks 
ere often observed to propagate directly through a pearlite colony 
using marked distortion and bending of the lamellae, Fig. 6. Cracks 
ere also observed to pass either perpendicularly through a carbide, 
round the tip of the carbides, or parallel to the lamellae, depending on 
he location of the carbide with relation to the advancing crack. The 
(atigue cracks did not follow the boundaries of the pearlite colonies. 
Cherefore, the direction of the fatigue crack is probably determined by 
the applied stress field and by the planes of easiest slip in the ferrite. The 
function of the carbide phase appears to be chiefly that of modifying 
the stress distribution existing on a micro-scale in the ferrite matrix. 
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DISCUSSION 


It has been shown that the fatigue properties of an eutectoid steel 
are affected by the morphology of the carbide phase. Both the fatigue 
strength at a constant number of cycles and the mean fatigue limit are 
lower for a pearlitic structure than for a spheroidized structure of the 
same tensile strength. Thus, although the mean free ferrite path ap- 
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pears to be the chief factor determining the static tensile properties of 
steel, it does not determine the fatigue properties. In fatigue, the shape 
as well as the distribution of the carbide particles is of importance. 

However, it has also been shown that the distributions of location 
of failure were not very different for the two structures and showed 
a large number of specimens failing away from the point of minimum 
diameter. This would indicate, at least for this steel, that the carbide 
second phase is not the primary cause of crack initiation. If the carbide 
lamellae in pearlite were a source of crack initiation it would be reason- 
able to assume that there would be some optimum orientation of the 
lamellae with respect to the applied stress which would most easil\ 
initiate failure. However, since all possible orientations of carbid 
lamellae are to be expected in a 3/64 inch wide annular ring of surfac 
at the minimum diameter of the fatigue specimen, it would be expecte: 
that the frequency of fracture at this region of maximum applied stre: 
would be much higher than that actually observed, if the carbid 
lamellae served as sources of crack initiation. Similarly, we would e: 
pect a much higher percentage of failures occurring at the point : 
minimum diameter in the spheroidized fatigue specimens if the carbid 
were chiefly influential in causing fracture. In this case, however, t! 
orientation requirement would be less critical. 

Therefore, it is believed in this instance, as indeed may in gene 
be true for steel, that the initiation of fatigue fracture is primar 
caused by inclusions. Although the inclusion rating of this steel is on 
relatively high, the number of effective inclusions in a given surf: 
area is certainly much lower than the number of properly orient 
carbide particles. The inclusion rating given in Table I indicates tl 
200 inclusions % inch or greater in length at & 100 were found on 
area of % inch square. Such an arrangement of imperfections wot 
explain the large observed variation of location of fracture. As m« 
tioned in the previous section, there was considerable metallograp! 
evidence to substantiate this conclusion. The metallographic stu: 
further indicated that there were no unusual effects associated with t! 
presence of the carbide particles. 

It is believed that the primary influence of the carbide phase is 1 
modifying the stress distribution existing in the ferrite matrix throug 
stress concentrating effects. The thin lamellar carbides in pearlite act 
as more severe stress concentrators than the spheroidal carbides 01 
spheroidite. Thus, the stress distribution existing in the ferrite is not 
that calculated from simple strength of materials but is vastly altered 
by the carbide particles. In pearlite the localized stresses are higher than 
in spheroidite. The stress axis of the S-N diagram indicated only the 
applied macrostress and tells nothing about the localized stresses exist- 
ing in the ferrite. The lower fatigue limit of the pearlitic structure is a 
manifestation of the stress concentrations produced by this form of 
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Table Ill 
Comparison for Actual Stresses for Pearlite and Spheroidite 


Pearlite Spheroidite 


Nominal Stress Actual Stress Nominal Stress _ Actual Stress 
psi psi psi a psi 
42,000 51,200 
38,800 47,500 47,500 
36,000 44,000 45,000 
35,000 42,600 43,000 


34,000 41,500 41,500 








carbide morphology. For a given critical stress to initiate fracture in 
the ferrite the necessary applied stress is appreciably lower for pearlite 
than that required by spheroidite with its lower stress concentrating 
ffect. 
The quite plausible assumption can be made that at the two fatigue 
imits (in terms of applied stress), the actual stress required to initiate 
crack in the ferrite is the same for both pearlite and spheroidite. (The 
ssumption of equivalent active stress is implicit in the terminology 
ir notches of ‘fatigue strength reduction factor’; the assumption of 
ie active crack initiation being in the ferrite is also not new,—Zener 
18) has shown possible mechanisms for this and the overall similarity 
- behavior, especially in position of failure, found in this investigation 
ints to ferrite as being the weaker link). On the assumption, the 
tio of the fatigue limit of spheroidite to that of pearlite should be a 
easure of the stress concentrating effect of the carbide lamellae in 
earlite. This ratio is approximately 1.22. If the nominal stress levels 
which the pearlite specimens were tested are multiplied by this 
ctor to obtain the “actuai stress” it is seen (Table III) that the 
ictual stresses” for both structures are almost equal. 
The observed similarity in the distributions of position of failure 
r the two structures lends support to, and is explained by this stress 
ncentrating effect. As can be seen from Table III, the pearlite and 
heroidite fatigue specimens were tested at equivalent “actual stress.” 
herefore, similar distributions of position of failure would be ex- 
ected from fatigue specimens containing the same distributions of in- 
clusions acted upon by the same stresses. 
If these arguments be valid, two additional observations need 
clarification. When the values of logN for the two structures are com- 


pared at equal ‘actual’ stress using the t test (19), it is found that logN 
tor pearlite is significantly greater at each stress. The authors believe 
that this greater length of life at equivalent stress for the pearlite is a 
manifestation of a slower rate of crack propagation in the pearlite where 
the crack is not wholly confined to the ferrite but must, perforce, cross 
the cementite lamellae. This also is consistent with the ferrite being the 
weaker link. 


The other observation, of significantly lower scatter in the fatigue 
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limit and in the finite life statistics of the pearlite, is of unknown sig- 
nificance. There appear to be several possibilities, none of which seems 
to be other than an ad hoc assumption. 


CONCLUSIONS 


1. The fatigue properties of an eutectoid steel are affected by the 
morphology of the carbide phase. Both the fatigue strength at a constant 
number of cycles and the mean fatigue limit are lower for a pearlitic 
structure when compared with a spheroidized structure of the same 
tensile strength. Thus, the mean free ferrite path is not the determining 
factor in fatigue properties although it appears to be so in the case of 
static tensile properties. 

2. The scatter in fatigue life increases with decrease in stress. 
It has been shown by statistical tests of significance that the scatter in 
both fatigue life and fatigue limit is smaller for the pearlitic structure 
when compared with the spheroidized structure under equivalent stress 
conditions. 

3. The scatter in position of failure is about the same for bot! 
structures. 

4. It is proposed that the chief influence of the morphology of th 
carbide phase is in modifying the localized stress distributions existing 
in the ferrite. Such an effect can explain the lower fatigue propertie 
exhibited by the pearlite and the similar distribution of position o! 
failure in the two structures. 

5. Further support for the belief that inclusions are the primar 
outward cause of the statistical scatter in the fatigue properties of ste: 
has been presented. 
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EFFECT OF STATIC STRESS ON THE DAMPING 
OF SOME ENGINEERING ALLOYS 


By A. W. CocHARDT 


Abstract 


Wires of alloy type AISI 403 and Refractaloy 26,1 with 
weights suspended on them, were twisted, and the decay of 
the free torsion vibration was measured. The static stress was 
varied between 910 and 51,000 psi, the vibrational torsion 
stress between 0 and 40,000 psi, and the temperature between 
70 and 1300 °F (21 and 705 °C). It was found that the damp- 
ing of alloy type 403 is considerably affected by a superim- 
posed static stress; for example, at a temperature of 750°F 
(400 °C) its damping decreases with static stress by a factor 
of 5 at lower vibrational stresses. A different effect is ob- 
served in Refractaloy 26 whose damping always increases 
with static stress. The data are found to be in agreement with 
our present concept of the mechanism of damping, from 
which it follows that at lower vibrational stresses the damp- 
ing generally decreases with stress in ferromagnetic materials 
while the opposite effect occurs in nonferromagnetic alloys. 
At larger vibrational stresses the damping behavior is gov- 
erned by strain hardening and recovery. 


INTRODUCTION 


NCONTROLLED stresses that build up during vibration at « 
near resonance are the major cause of service failures in moder: 
turbines and other high speed engines (1,2)*. These failures can b: 
prevented if machine members with high damping capacities are use 
because, due to the damping, the induced stresses are then kept low 
(3,4). 

A major portion of the total damping of a machine member ofte: 
arises from the material damping. As a consequence, it is often neces 
sary to know the magnitude of the material damping for calculating 
ultimate vibrational stresses. In the past, damping capacities of a greal 
number of alloys have been measured (5,6,7,8). However, it seems 
the effect of a static stress on the material damping has not been con. 
sidered before. The results of previous tests are therefore of little value 
for design engineers who want to know the actual damping of machine 


1 Registered Trade Mark. ; 
2 The figures appearing in parentheses pertain to the references appended to this pape! 


A paper presented before the Thirty-sixth Annual Convention of the So- 
ciety, held in Chicago, November 1 to 5, 1954. The author, A. W. Cochardt, is 
associated with the Research Laboratories, Westinghouse Electric Corp., East 
Pittsburgh, Pa. Manuscript received May 5, 1954. 
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members that are subjected to large centrifugal stresses, such as 
turbine or compressor blades, unless it is shown how the internal 
damping is affected by a larger superimposed static stress. 

The present paper deals with this problem. To determine the in- 
fluence of centrifugal stresses on the damping of alloys, damping 
tests were made using wires on which various weights were suspended. 
The results of these tests are reported on two typical alloys: AISI 403, 
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vhich is a ferromagnetic stainless steel and is extensively used as blade 
material for steam turbines, and Refractaloy 26, which is a nonferro- 
magnetic high temperature alloy. It is believed from theoretical con- 
siderations that other alloys, when under the influence of a static stress, 
will behave at lower vibrational stresses like one or the other of these 
two alloys depending upon whether they are ferromagnetic or not. At 
higher vibrational stresses the damping behavior is more complex and 
depends mainly upon strain hardening and recovery. 


EXPERIMENTAL ARRANGEMENT 


Fig. 1 shows the apparatus which was used for measuring the 
effect of static stress on damping. A test wire is silver-soldered at both 
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ends into brass rods of % inch diameter. Two set screws clamp the 
upper brass rod firmly in a steel bar of 1 inch diameter and 4 feet long. 
The steel bar itself is welded to a % by 6 by 6 inch steel plate which, in 
turn, is clamped to an I-beam with four C-clamps. Whereas the top 
part is rigidly mounted, the bottom part of this arrangement is free to 
rotate. The lower brass rod is connected, through a coupling, to another 
brass rod on which a heavy lead weight is suspended and whose bottom 
end is immersed in a silicone fluid of proper viscosity. An inertia arm 
with variable weights on its ends is soldered to the coupling. The wire 
is inside a furnace and the furnace inside a solenoid. 

The test wire is twisted, and the decay of the torsion vibration is 
measured optically on a circular scale onto which a light beam is re- 
flected from the mirror. Lateral vibrations damp down quickly due to 
the immersion of the brass rod in the silicone fluid. The static stress is 
varied by suspending different weights from the brass rod, and the 
vibrational stress is changed by increasing the amount of twist. The 
weight of the inertia arm, the coupling, and the two lower brass rods 
is 2.83 pounds. By connecting the solenoid to a direct current source, 
the test wire can be subjected to a magnetic field of about 500 oersted. 
In this manner the two types of damping, damping due to plastic flow 
and due to magneto-mechanical hysteresis, can be differentiated.* The 
frequency of the torsion vibration is 0.3 cycles/second. If different 
lead weights are suspended from the wire, the small weights on the 
inertial arm are changed in such a way that the frequency remains es- 
sentially constant. 

The damping is expressed in terms of the damping capacity é 
given by the relation 





2 ai—an 
c= = 
n 


ai + an 


where n is the number of cycles between the two amplitudes a, and a,. 
To increase the accuracy of the measurements, n is varied between | 
and 10 depending upon whether the damping is high or low. 8 differs 
from the logarithmic decrement by not more than 1% for most meas- 
urements. The results of the damping tests are reported in graphs 
where 8 is plotted against the shear strain y at the surface. y was calcu- 
lated from the diameter of the wire d and its length 1, from the distance 
D between mirror and scale, and from the deflection a measured on the 
circular scale by making use of the relation 


a 
¥= "4D 


3 However, the results of measurements taken in a magnetic field are not reported in this 
paper. The data in Figs. 3 to 8 simply represent the total damping. The magneto-mechanical 
effect has been explained in considerable detail elsewhere (9-11). Magneto-mechanical damping 
arises from the irreversible motion of ferromagnetic domains, and it was shown that this type 
of damping is the major cause of damping in certain cases (4, 9). 
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Since it was uncertain whether an appreciable portion of the meas- 
ured damping was due to the silver-soldered ends, an alternative clamp- 
ing device was used. Both ends of the test wire were bent 90 degrees 
and were mechanically clamped using grips of Discaloy* which are 
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irawn in Fig. 2. The results of tests using this grip device differed by ry 
not more than the experimental error from those results that were La 
btained with the prior device (Fig. 1). This finding and the fact that = 
damping values as low as 0.001 were measured seem to indicate that ey ’ 
end effects were negligibly small. ™ 4 


PREPARATION OF THE TEST WIRES 


The composition and the dimensions of the test wires are listed 
in Table I. The alloys were melted in air, forged, and swaged. They 





Table I 
Composition and Dimensions of the Test Wires 


Specimen Diameter Length Fe 


No. Inches Inches % Ni Co Cr Mo © Mn Si Ti Al 
1,3,4,5, 0.064 a a OG. aw’, 423 OS 0.1 0.5 0.34 — ene 
2,6 0.064 8 16 38 20 18 3.2 0.03 0.8 1 2.6 0.2 




















* Registered Trade Mark. 





| 





444 TRANSACTIONS OF THE ASM Vol. 47 











Table Il 
Heat Treatment of Test Wires 
Solution Treatment Cooling From Agin Cooling Cold- Work, 
Specimen Temp. Time Solution Treatment Temp. ime From 
y Alloy “— Hrs. Temperature “7 Hrs. Aging Temp. 

AISI 403 1850 1 Oil-Quenched 1100 \y, Air-Cooled 
Refractaloy 26 1950 1 Oil-Quenched 1500 7 Air-Cooled 
AISI 403 1850 1 300 °F /hr. -- —— 

AISI 403 1850 1 Oil-Quenched — ——- 
AISI 403 1850 1 ir-Cooled — — ~—— 
Refractaloy 26 1950 1 Oil-Quenched -- = -_-—— 
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Fig. 3—Effect of Static Stress on the Damping of a Wire of Alloy Type AISI 
403 {Besclanets 1). 


were then heat treated in a hydrogen atmosphere as described it 
Table II. To eliminate as much as possible the effect of stress history 
on damping, a wire that was severely deformed during a test was re- 
annealed or replaced by another after the test. 


RESULTS OF THE MEASUREMENTS 


Measurements were made on all the wires at room temperature 
(Figs. 3,5,7, and 8) and on wires 1 and 2 at temperatures up to 
1300°F (705°C) (Figs. 4 and 6). Fig. 3 shows that the damping 
of wire 1 is considerably affected by a superimposed static stress o. 
For example, at a shear strain of 0.7 x 10—-%, which corresponds to a 
shear stress of about 8,500 psi, 8 first increases and then decreases 
with o; in all, it may decrease by a factor of more than 5. Essentially 
the opposite effect is observed at larger shear strains since in that case 8 
is found to increase with o. For example, at 2.8 x 10~—* shear strain or 
about 34,000 psi shear stress, the damping capacity increases almost 
twofold when the heaviest weight is hung onto the wire resulting in a 
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Damping Capacity 8 
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3.5 x1075 
Torsional Surface Strain, y 


Fig. 4—Effect of Static Stress and Temperature on the Damping of a Wire 
of AISI 403 (Specimen 1). 
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Fig. 5—Effect of Static Stress on the Damping of an Aged and an Unaged 
Wire of Refractaloy 26 (Specimen 2 and 6). 
static stress of 51,000 psi. The effect of temperature is described in 
‘ig. 4 for the same wire. The damping curves taken at 750 °F (400 °C) 
are basically the same as those taken at room temperature. But they 
change considerably at still higher temperatures. Not only does the 
damping rapidly increase, but also the direction of the effect of static 
stress reverses as is seen from the curves taken at 930 and 1110°F 
(500 and 600 °C). Wire 1 finally broke when subjected to a static stress 
of 9,800 psi at 1300 °F (705 °C). 
Contrary to wire 1, wire 2 exhibits a simple relationship between 
static stress, shear strain, and temperature. Its damping increases with 
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Fig. 6—Effect of Static Stress and Temperature on the Damping of a Wire 
of Refactaloy 26 (Specimen 2). 


Damping Capacity 8 
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Fig. 7—Effect of Static Stress on the Damping of a Slowly Cooled Wire of 
Alloy AISI 403 (Specimen 3). 


these three quantities in a continuous fashion throughout the entire 
range of applied stress and temperature (Figs. 5 and 6). It is further 
noted that its damping is considerably smaller than that of wire 1. For 
example, at small stress the damping capacity of wire 2 is 0.001 com- 
pared to values between 0.01 and 0.03 for wire 1. 

The results obtained on the other wires are less important, in a 
practical sense, since alloys under such conditions (Table II) are 
hardly encountered in practice. These tests were made to show how 
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the effect of static stress itself is affected by heat treatment and cold 
work. The data are plotted in Figs. 5,7, and 8 and show once more that 
a static stress may cause the damping to increase (Figs. 5 and 7) or 
decrease (Fig. 6). 


DISCUSSION OF THE RESULTS 


The effect of static stress may appear to be abstruse because of 
the peculiar shape of some of the experimental curves. Nevertheless, 
the results of the measurements are in full agreement with our con- 
cept of strain hardening, recovery, and magneto-mechanical hysteresis. 


Specimen 4 
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Fig. -Effect of Static Stress on the Damping of an Oil-Quenched and a 
Cold- Worked Wire of Alloy AISI 403 (Specimen 4 and 5) 


Damping in ferromagnetic materials, and in the range of stress 
pplied here, has two basic causes : magneto-mechanical hysteresis and 
lastic flow (9). Magneto-mechanical damping is generally the pre- 
dominant part at lower stresses whereas it is usually small compared 
to the plastic flow damping at higher stresses (10). Whether the one 
i the other type of damping is more desirable in practice, depends 
largely upon the stress system of a particular member (4). 

The effect of a static stress on the magneto-mechanical damping 
has been demonstrated elsewhere (11) and is well understood. Ac- 
cording to this phenomenon, the damping decreases gradually with 
static stress and finally disappears. Fig. 9 shows a drastic example of 
this effect for a Fe-40% Co wire for which 8 decreases by a factor of 33 
at a vibrational shear stress of 2500 psi, when a weight is hung onto 
the wire causing a static stress of 10,000 psi. The influence of static 
stress on the plastic flow: damping is more complex. It is observed 
that the damping first increases with static stress, but then it may de- 
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Fig. 9—The Decay of a Free Torsion Vibration of a Fe-40% Co 
Wire. Above: with no weight; below: with a heavy weight suspended on 
the wire. 


crease if considerable strain hardening takes place during the vibration 
Fig. 10 shows schematically the shape of the damping curve as expected 
from these considerations for a ferromagnetic alloy, such as typ 
AISI 403. The damping capacity is plotted against the static stress i1 
an arbitrary scale for a given vibrational stress, frequency, and tem 
perature. The damping first decreases due to magneto-mechanic: 

hysteresis, then increases due to flow, and then decreases again du 
to extensive work hardening (solid line), The dashed line in Fig. || 
indicates the possibility of a continuous rise of the damping capacit 

in cases where work hardening is not appreciable or where recovei 

takes place during the vibration. The behavior of nonferromagneti 
materials is somewhat different due to the absence of magnet 

mechanical hysteresis. For those substances the curve is the same ex 
cept that before point a there is simply a rise rather than a fall 1 

Fig. 10. 

From this schematic graph the results of the measurements ar 
understandable. That the damping decreases with o by a factor of 5 
at y = 0.7 x 10-3 in Fig. 3 is the result of magneto-mechanical hys 
teresis as is also evidenced from measurements taken with a magneti: 
field. The increase of damping with o at larger shear strains in Fig. 3 
is due to plastic flow. At higher temperatures (Fig. 4) the direction 
of the effect of static stress is found again reversed, and this is due to 
strain hardening in accordance with Fig. 10. All other curves can be 
interpreted in the same manner. The simple shape of the curves taken 
on Refractaloy 26 is explained by the fact that the material is not 
ferromagnetic and that it does not appreciably strain harden under the 
applied stresses. 

A vibrational torsion stress and a static tension stress were ap- 
plied to the test specimens in the present work. The question may 
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Damping Capacity in Arbitrary Units 
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Fig. 10—Schematic Plot of Damping Capacity Versus Static Stress. 7 ] 
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therefore arise how the results of the tests would have been if the e a 

a aia ‘ : > ¢ 

stress conditions were different. It should be mentioned that the Mises 5 3 

criterion, which states that a torsion stress is 1.73 times more effective 7. os 

° e . . * we, ' 

than a tensile stress, was found to be applicable when damping curves ‘e | 

° ° . rn ° . ‘= ‘ 

measured in bending and torsion were correlated (9). Thus it is be- ' 

lieved that the present data can be utilized for the more common stress = 
systems. - 
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APPLICATION OF COTTRELL’S THEORY OF YIELDING 
TO DELAYED YIELD IN STEEL 


By Joun C. FISHER 


Abstract 


According to Cottrell, dislocations in iron are pinned by 
adsorbed carbon. nitrogen, and other solute atoms. Yielding 
occurs when dislocations are freed from their adsorbed solute 
atoms with the aid of thermal energy fluctuations. Based upon 
this model, the temperature and stress dependence of the delay 
time for the yielding of steel 1s calculated and is compared 
with experiment. The temperature dependence of the yield 
stress also ts calculated, and found to be of the form (stress) x 
(temperature) — constant, in good agreement with experi- 
ment over a wide temperature range. 


HEN a dislocation is present in a solid solution alloy, the 

composition of the alloy near the dislocation will be altered. In 
the neighborhood of an edge dislocation, for example, atoms of those 
components of an alloy that tend to increase the lattice parameter will 
be concentrated in the region of dilatation and atoms of those com- 
ponents that tend to decrease the lattice parameter will be concen- 
trated in the region of compression. 

Solute atoms segregate at a dislocation because the strain energy 
of the crystal is decreased thereby. If the dislocation were to move, 
leaving the segregated solute atoms behind, its energy would have to 
increase. For this reason the dislocation is bound to its original position, 
and glide is inhibited. 

Cottrell (1)? has pointed out that yield points and strain aging 
are caused by preferential segregation of this type. If all the dis- 
locations in a metal are pinned by solute atoms, the applied stress must 
rise to a relatively high value in order to start the glide process. This 
stress is the (upper) yield stress. 

Cottrell further suggests that a dislocation will not pull away 
from its excess solute atoms all at once, but rather that a small loop 
of dislocation will pull away, as sketched in Fig. 1, dragging the rest 
of the dislocation after it. The original small loop is formed by a 
nucleation process that requires a thermal energy fluctuation (2). 

This report analyzes the Cottrell yield point mechanism in a 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


The author, John - Fisher, is associated with the Metallurgy Research 
Department, General Electric Co., Schenectady, N. Y. Manuscript received 
June 22, 1953. 
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rather simple way, and gives a quantitative description of the delayed- 
yield phenomenon as observed in steels by Clark and Wood (3-5). 


ENERGY TO ForM A CRITICAL SIzE Loop 


In Fig. 1, the position of a dislocation anchored by solute atoms is 
denoted by ABCDE. A loop BC’D is moved away from its original 
position leaving the solute atoms behind. In forming the loop BC’D 
the energy of the crystal is increased because the dislocation segment 
BC’D is longer than BCD; moreover, its energy per unit length is 
greater because of the absence of preferential segregation. If the 





Fig. 1—Nucleation of the Dislocation Loop BC’D. 
ABCDE gives the original position of a dislocation an- 
chored by solute atoms. Slip has occurred over the shaded 
area. 


crystal is under stress, there is an energy decrease caused by the 
motion of the dislocation, because a small amount of local slip occurs. 

Quantitatively, the work of formation of a loop that is a circular 
are is 


W = (2r 6) yo — (2r sin @) y — br (6r? — r’ sin 6 cos 4), 


where r is the radius of the loop and 6 is its half-angle. y. and y are the 
energies per unit length of dislocation when free from absorbed solute 
atoms and in the presence of them, respectively, and br is the product 
of the slip vector length and the resolved shear stress on the slip plane, 
giving the work done per unit area swept out by the loop. The first term 
is the energy of the loop BC’D, the second is the negative of the energy 
of the original segment BCD, and the third is the product of br and the 
area BC’DCB swept out by the loop. 

If we envision the growth of the Arc BC’D as occurring by the 
lengthening of the chord BD, the radius of the arc is free at all times 
to assume the value corresponding to minimum energy. This value 
is constant for a given stress, and is 

r = y0/br. Equation 1 
Substituting this value of r in the Equation for W, 


W = (y0/br) [20y. — 2y sin @ — yo (@ — sin @ cos @) |}. .; 
Equation 2 
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The critical value of W for dislocation loop nucleation is that for 
which 0W/o @=0, or for which 


cos 6 = y/o. Equation 3 


Substituting this value of @ in the equation for W, the work of for- 
mation of the critical size loop is seen to be 


W * = (4.7/br) f (y/o) Equation 4 
where the function f(y/y.) is defined by the relationship 
f(x) = arc cos x — x (1 — x”)*”7, > : 
= (2/3) [2(1—x) }  (forx ~ 1). Rutten > 
This expression for W* is simpler than the one derived by Cottrell 
and Bilby (2), who based their analysis on a more detailed model of 
solute-atom segregation. 


RATE OF THERMAL NUCLEATION OF Loops 


The work W* is the minimum work associated with the nucleation 
of a loop that can grow with ever-decreasing energy. In order for yield- 
ing to occur, the energy W* must be supplied by a spontaneous thermal 
fluctuation. The number of such loops that form in one second is 
proportional to exp (—W*/kT). The proportionality factor is the 

yroduct of a frequency factor y and the number of possible sites for 
oop formation ng, 


n = nev exp [ — yo"f (y/yo) /brkT]. Equation 6 


Since n is the mean number of loops that are generated in a second, 
its reciprocal is the mean time between the generation of successive 
oops. Setting 1/n = At, 
At = (nev) exp [yo? £ (y/yo)/brkT J Equation 7 
ind 
log At = — log nav + y.7f(y/yo) log e/brkT. Equation 8 


INTERPRETATION OF DELAYED YIELD IN POLYCRYSTALLINE [RON 


Clark and Wood have observed a phenomenon of delayed yield 
in annealed mild steel. They apply a constant stress to a tensile speci- 
men and report that when the applied stress exceeds the static upper 
yield stress, the specimen behaves (nearly) elastically for a certain 
period of time, after which pronounced yielding begins rather abruptly. 
If the beginning of pronounced yielding is assumed to be the nucleation 
of the first dislocation loop from a number of solute-anchored dis- 
locations, the delay time for yielding is given by At in Equation 7 or 8. 

A more realistic interpretation would identify the delay time 
with the time required,to generate a large number of dislocation loops, 
for Clark and Wood give good evidence that a nonelastic strain of as 
much as 30(10)—® precedes the pronounced yielding in steel. If the 
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Log (Delay Time in Seconds) 





30 40 50 60 70 80 90 100 I10 I20 130 140 


Stress, 1000 psi 
_ Fig. 2—Delay Time for Yielding of Annealed 0.17% Carbon Steel, as a Func- 
tion of Stress and Temperature. Experimental points from Clark and Wood (3-5) 


Solid curves calculated from the relationship log t = — A + B G2/rT (equation 9), 
using constants in Table I 


number of loops generated during the delay time is denoted by nj, th« 
delay time itself is n,At, and 





log (delay =—log (nsv/m) + yo*f(y¥/yo) log e/brkT 
time) = — log (nsv/n:) + [-yo7f (v/Yo) log e/G*bk] G?/rT > Equation 9 
=—A+BG*/rT, 
where A = log (n.v/n:) 7 


B= 72f (y/yo) log e/G*bk. J Raquetaan: 10 
The quantity G?/rT, where G is the rigidity modulus, has been 
written as a separate factor in Equation 9, for it probably determines 
the entire temperature and stress dependence of the delay time. The 
dislocation energies y, and y both are proportional to the rigidity 
modulus G, and the ratios y/y. and y,?/G? that appear in the coefficient 
of G?/rT should therefore be independent of temperature.” 
The data of Clark and Wood are plotted in Figs. 2-6 together 


2 Strictly speaking, only yo is known to be proportional to G. The assumption that y also 
is proportional to G is plausible. 
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with the curves calculated from Equation 9. The effective shear stress = 4 
was taken to be half the tensile stress. The shear modulus G was calcu- ‘~ 
om ( 


lated from the relationship 10-* G = 13.30 — 0.0030 T, in units of 
pounds per square inch (based upon Koster’s measurements (6) of 
the elastic modulus E, and the assumption that Poisson’s ratio is in- 
dependent of temperature). Values of A and B in Equations 9 and 10 
were chosen to give the best fit, and are summarized in Table I. Except 
for stresses below about 40,000 psi for the steels in Figs. 2 and 3, and 
for tests at liquid nitrogen temperature, the agreement is good. 


DiscussIoNn OF DELAY-TIME 


Figs. 2-6 show that the delay time for the yielding of mild steel 
under constant stress depends upon the single parameter G?/rT and 
not upon stress or temperature independently, throughout a wide range 
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Log (Delay Time in Seconds) 





O lO 20 30 40 50 60 
Stress, 1000 psi 


Fig. 4—Delay Time for Yielding of Wet Hydrogen-Treated 
(previously 0.12% Carbon) Steel. Experimental points from Clark 
and Wood (3-5). Solid curves calculated from equation 9. Note that 
dislocation pinning occurs even when most carbon and nitrogen has 
been removed. It is possible that substitutional alloying elements are 
responsible. 


of stresses and temperatures. The mathematical form of the relation- 
ship is given by Equation 9. 

The relationship breaks down at very low temperatures, where 
the yield stress approaches a constant value. The break-down is not 
unexpected. The loop-nucleation model analyzed in this report should 
fail at very low temperatures or very short delay times, for which the 
stress predicted by Equation 9 approaches the limiting value needed to 
rip a dislocation off its solute atmosphere without thermal fluctuations. 
A calculation of the limiting stress, and of the delay-time at stresses 
approaching it, would require an improved estimate of the energy of a 
dislocation as a function of position. The model in which the energy 
leaps discontinuously from y to y, is too crude, because it is the quantity 
Oyx/Ox, derived from a position-dependent dislocation energy yx, that 
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determines the limiting stress for freeing a dislocation without loop iS 
nucleation. m 


The relationship in Equation 9 can break down at low stresses 
(high temperatures), as well, there sometimes being a stress below 
which yielding does not occur at all. Carbon and nitrogen diffuse 
rapidly in iron at these temperatures, in times comparable with the 
expected delay times. It may be that strain aging of the pre-yield creep, 
caused by diffusion of these elements, can be responsible for the absence 
of yielding. 

Ratios of y to y,. can be estimated from the values of B= 
yo"f (y/yo)log e/G*bk given in Table I. Dislocation theory gives 
Yo = Gb?/2 whence 

B =b'*f (y/y.) log e/4k. Equation 11 


Setting b= 2.48(10)—§ cm for iron, and equating the right-hand 
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Log ( Delay Time in Seconds ) 





O lO 20 30 40 90 60 
Stress, 1000 psi 


Fig. 6—Delay Time for Yielding of Wet Hydrogen-Treated and 
Renitrided (previously 0.12% Carbon) Steel. Experimental points from 
Clark and Wood (3-5). Solid curves calculated from equation 9. 


member of Equation 11 to the values of B in Table I, the corresponding 
values of y/y. were calculated and are included in the Table. 


YIELD STRESS AS A FUNCTION OF TEMPERATURE 


The yield stress in iron and in other body-centered cubic metals 
is known to increase as the testing temperature is decreased. Consider 
yielding tests similar to those carried out by Clark and Wood. If the 
yield stress o is defined as the stress to produce yielding after a standard 
delay time, the relationship between yield stress and temperature is 
simply 

oT /G = constant. Equation 12 


The validity of Equation 12 for the data of Clark and associates is 








1955 APPLICATION OF COTTRELL’S THEORY IN STEEL 459 





Table I 





Values of the Quantities A and B in the Delay=Time Relationship log t— — A + BG?/rT 
(Equations 9 and 10), and of the Dislocation-Energy Ratio y/7yo 
Material A 107 B 1—/7/7Vo 
1. Annealed 0.17% C steel 8.9 3.55 .00373 
2. Annealed 0.12% C steel 9.8 3.55 .00373 
3. Steel 2, wet He treated ae 1.35 .00176 
4. Steel 3, recarburized 8.6 2.90 -00298 
5. Steel 3, renitrided 5.5 Lao .00187 


A log(sec) 
B inch? °K/pound 


240 
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Stress, 1000 psi 
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O 100 200 300 400 500 
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Fig. 7—Stress Corresponding to a Delay Time of 0.01 
Second, as a Function of Temperature, for an Annealed 
0.17% Carbon Steel. Experimental points from Clark and 
Wood (3-5). Solid curve from equation 12. 


shown in Fig. 7 for a delay time of 0.01 second. The value of the 
constant was chosen to give the best fit. Only at temperatures below 
about 140 °K does the relationship cease to hold, and then presumably 
because dislocation-loop nucleation no longer is required for yielding, 
as discussed above. 

Most yield stress determinations are carried out with steadily 
increasing stresses, usually increasing at a rate that is reproduced from 
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O 100 200 300 400 500 600 
Absolute Temperature °K 


Fig. 8—Yield Stress as a Function of Temperature for Annealed Molybdenum, 
after Carreker (7). Curve from equation 12. 


test to test. The rate of nucleation of loops n, given by Equation 6, is 
essentially zero at stresses slightly below the yield stress, and increases 
sharply in the neighborhood of the yield stress. Because of the rapid 
variation of n with stress, the yield criterion for a series of tests at a 
standard rate of stressing can be taken as n—=constant, from which 
Equation 12 follows immediately. For yield stress measurements, as 
for delay-time tests, Equation 12 should be expected to apply over a 
fairly broad temperature range. Figs. 8 and 9 show plots of yield stress 
versus temperature for molybdenum (7) and iron (8), together with 
the best calculated curves of the form oT /G? = constant. 

Cottrell and Bilby (2), assuming a dislocation energy yx that de- 
pends upon dislocation displacement, have derived an alternative ex- 
pression for the temperature dependence of the yield stress. Although 
their expression is more complex than the simple one oT /G? = con- 
stant, the two are equally valid throughout the range of temperature 
covered by the data of McAdam and Mebs (8), as shown in Fig. 9 












1955 APPLICATION OF COTTRELL’S THEORY IN STEEL 461 


140 


120 


100 


oo 
O 


—— This Paper 


--- Cottrell and Bilby (2) 


Stress, |OOO psi 
o 
© 


LS 
Oo 


20 





O 50 lOO iSO 200 250 300 350 400 
Absolute Temperature °K 
Fig. 9—Yield Stress as a Function of Temperature for Iron, after McAdam and 


— (8). Solid curve from equation 12, dashed curve from analysis of Cottrell and 
Bilby (2). 


where they are compared. Except perhaps at the lowest temperatures, 
the simpler analysis appears to be adequate. 


CONCLUSION 


The delay-time for yielding under constant stress is a function 
of the single parameter G*/rT (where G is the shear modulus, 7 the 
shear stress, T the absolute temperature) for a wide range of stresses 
and temperatures, as can be derived from a simple analysis of Cottrell’s 
mechanism of yielding. Within the same stress and temperature ranges, 
the yield stress in tension o is given by the relationship oT /G? = 
constant. 
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CONDITIONS FOR DENDRITIC GROWTH IN ALLOYS 


By W. Morris, W. A. TILuer, J. W. RUTTER AND W. C. WINEGARD 


Abstract 


The beginning of dendritic growth in alloy systems is 
shown to depend not only upon the concentration of the solute, 
but upon the rate of solidification (R) and the temperature 
gradient (G) existing in the liquid ahead of the solid-liquid 
interface. It is shown that for a given composition there exists 
a critical ratio of R/G which must be exceeded for dendritic 
growth to occur. 


INTRODUCTION 


HEN a melt of impure metal or alloy is allowed to solidify, a 

redistribution of solute occurs which produces several segre- 
gational effects that can be directly related to the conditions of solidi- 
fication. 

The work of Pfann (1)! for the case of complete mixing in the 
melt and of Tiller et al (2) for the case of no mixing in the melt, allows 
calculation of the end-to-end variation of concentration which occurs 
in a sample produced by the progressive solidification from one end 
of a melt of constant cross section. This segregation results from the 
fact that the equilibrium concentration of solute in the solid at the 
interface between solid and liquid is different from the equilibrium 
concentration of solute in the liquid adjacent to it; the ratio of the 
former to the latter is called the distribution coefficient “k.’” Because 
of this difference in concentration, for a distribution coefficient less 
than unity, solute is rejected into the liquid at the interface during 
solidification. Therefore, for the condition of no convection, the solute 
concentration in the liquid at the interface will rise as growth proceeds. 
A steady-state distribution of solute in the liquid is reached (2) and 
is given by 

C=C, (-*) es* + C, Equation 1 


where Co = initial solute concentration in the homogeneous melt 
R = rate of solidification 

D = diffusion coefficient of solute in the liquid 

k = distribution coefficient 

x = distance measured from the interface into the liquid 





1 The figures appearing in parentheses pertain to the references appended to this paper. 


_ A paper presented before the Thirty-sixth Annual Convention of the So- 
ciety, held in Chicago, November 1 to 5, 1954. The authors, W. Morris, W. A. 
Tiller, J. W. Rutter and W. C. Winegard, are associated with the Department 
of Metallurgical Engineering, University of Toronto, Toronto, Canada. Manu- 
script received April 24, 1954. 


463 


Frrnnrnavreoiirm 


A Ai 


Leis, 


AA Gs 


i ik 


GIVER SNIIV 





Amt eek £44 BPA Men RE LARE hh 


ara 


=_—-+- 4 Ont Oe 4 















dod TRANSACTIONS OF THE ASM Vol. 47 
Wagner (3) shows that for the rates of growth used in this re- 
search the effect of natural convection for mixing is negligible and 
the above solute profile exists at the solid-liquid interface. 

As a result of this impurity distribution in the liquid, the equilib- 
rium liquidus temperature of the melt will vary with distance from 
the interface. In accord with the equilibrium diagram, a liquidus tem- 
perature, T,, can therefore be assigned to the liquid at each point ahead 
of the interface. This distribution of liquidus temperature is given by 

Tze=To.+mC, (1 +O) eRe Equation 2 
where T. = melting point of the pure metal 
and m = slope of the liquidus line. 

If the temperature at a given point, as maintained by the tem- 
perature gradient existing in the liquid, is lower than the value of T, 
at that point, then that portion of the liquid is said to be constitutionally 
supercooled (4). If this condition exists, a smooth interface is unstable 
and will change shape in order to eliminate the supercooling. This 
change of interface shape manifests itself in the formation of a sub- 
structure of prismatic form, studied by Rutter and Chalmers (4). This 
substructure, termed “corrugations,” consists of parallel elements of 
rod-like form having a hexagonal cross section which is of the order 
of 0.1 mm. in diameter. Its formation is accompanied by a segregation 
of solute to the boundaries of the elements of the structure. It has been 
postulated by Weinberg and Chalmers (5) that dendritic growth be- 
gins as an extension of the corrugated structure. | 

Dendritic freezing in pure metals has been investigated exten- 
sively by Weinberg and Chalmers (5). They have shown that for the 
formation of dendrites it is necessary to have absolute supercooling, 
caused by the imposition of a negative temperature gradient in the 
liquid ahead of the advancing interface. The case of dendritic freezing 
in alloys has been considered by Winegard and Chalmers (6), who 
have shown that the formation of dendrites depends upon the existence 
of an extensive zone of either absolute or constitutional supercooling 
in the liquid adjacent to the advancing interface. They have postulated 
that the necessary condition for the occurrence of dendritic freezing 
is that ds(x)/dx must be positive near the interface. s(x) represents 
the supercooling as a function of distance, x, measured from the inter- 
face into the liquid. 

It is the purpose of the present investigation to determine whether 
dendrites form under conditions of constitutional supercooling as a 
natural transition from an unstable “corrugation” structure and, if 
this is true, to determine the conditions of solidification under which 
the transition from one structure to the other takes place. Since the 
length of the constitutionally supercooled zone depends upon R, Co, k 
and the temperature gradient G, these will be the important para- 
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Top View 


Thermocouples 
Connected to 
Potentiometer 






Graphite 


i Boat 
HY FY” 
Water-Cooled Thermocouples Set In 
Copper Tubes Pyrex Glass Insulating Tubes 
Side View 


Fig. 1—Diagram of Apparatus. 


ters governing the onset of dendritic growth as the extension of the 
‘rugation structure. 

The onset of dendritic growth will be defined as that point at 
ich branching of the structure formed becomes observable. 


EXPERIMENTAL PROCEDURE 


Crystals containing from 0.5 to 3% tin in lead were grown by 
the Chalmers technique (7) using various rates of growth and differ- 
ent temperature gradients. The distribution coefficient is approxi- 
mately 0.5 for the alloys investigated. 

The temperature gradient was controlled by passing water 
through copper tubes located at the cold end of the graphite boat. The 
apparatus used is shown schematically in Fig. 1. The temperatures 
along the boat were measured by iron-constantan thermocouples placed 
in fine pyrex tubes located at regular intervals in the melt. The thermo- 
couples were connected to a Leeds and Northrup speedomax re- 
corder by a rotating switch mechanism which connected each in turn 
to the instrument for five second intervals. In this way, time tempera- 
ture cooling curves were obtained for all thermocouple positions as 
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Freezing Point 


Temperature 


Fig. 2—Portion of Potentiometer Record. 


shown in Fig. 2. From these curves, it is possible to determine the r: 
of advance of the solid-liquid interface and the temperature gradi 
existing in the liquid for any position of the interface. 

Since the top of the specimen was not in contact with the grap! 
the surface was skimmed periodically to prevent the formation o 
heavy oxide layer. Thus, specimens had a clean surface which read 
showed whether the crystal was corrugated or dendritic. The surf: 
of the specimen was examined under a stereoscopic microscope 
determine the point at which the corrugations began to show : 
branching—i.e., the beginning of dendritic growth. 


EXPERIMENTAL OBSERVATIONS AND RESULTS 


The transition from corrugations to dendrites was observed on 
the surface of the crystal, as shown in Fig. 3. Side branches form in 
the corrugation boundary region. When the supercooled zone becomes 
large enough, well developed dendrites form ; these are shown in Fig. 4. 
The point of breakdown of corrugations depends to some extent on 
the crystallography of the specimen. In the present investigation, the 
only corrugations and dendrites considered were those running parallel! 
to the direction of growth; since the dendritic direction in lead is the 
[100] direction (6), this means that in every case considered the di- 
rection of growth was the [100] direction. Only corrugations in the 
center of the specimen were considered to avoid any edge effect due 
to the graphite boat. 
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Fig. 3—Photograph of Transition from Corrugations 
to Dendrites—X 90. 


Fig. 4—Photograph of dendrite Formation—X 90. 


Since the breakdown from corrugations to dendrites in alloys de- 
pends upon the existence of a layer of high solute concentration ahead 
of an advancing solid-liquid interface, it is readily seen that the rate 
of solidification and the temperature gradient will each have an effect 
on the size of the constitutionally supercooled zone. In the alloys in- 
vestigated, it was found that the transition occurred at a definite R/G 
ratio for each composition. The results are shown in Table I. A 
curve of R/G versus per cent tin in Fig. 5 shows the critical values 
of R/G for which the transition occurs. Thus, it may be seen that for 
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Table I 
Results 
% Sn (Co) R (cm/min) G (°C/cm.) R/G Avg. R/G (cm 2/°o min.) 
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Fig. 5—Graph of R/G versus Tin Concentration. 


a given composition there exists a value of R/G below which no 
dendrites will form; for example, if an alloy of 1% tin is solidified 
such that at no time does R/G exceed 0.18, then no dendrites will form. 

During the growth of one of these crystals, the interface was in- 
vestigated by decanting the liquid prior to the formation of dendrites. 
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It was observed that the appearance of the hexagonal cells had changed ; 
the base of the cell retained the original appearance but the tip had 
developed a pyramidal shape. This appears to be the first stage in the 
transition to dendrites and is probably the explanation for the struc- 
tures observed by Rosi (8) in the alloys which he investigated. 


DISCUSSION 


If it is assumed that the solid-liquid interface remains plane during 
olidification, then it is possible to calculate the extent of the constitu- 
tionally supercooled zone which would exist in the liquid. The amount 

f constitutional supercooling, S, as a function of distance measured 
rom the interface into the liquid is given by 


S=Tzs—T Equation 3 
here Ty is the equilibrium liquidus temperature given by Equation 2, 
id T is the actual temperature. The gradient of the supercooling, con- 
lered by Winegard and Chalmers (6) to be an important factor con- 
lling the formation of dendrites, may be calculated from Equation 3 


> R 
os a —get. c*) * e¢ »*—G Equation 4 
However, it may be shown that a zone of constitutional supercool- 
is unstable, and will not persist. If, due to a local fluctuation of 
\perature or composition, one part of the interface advances slightly 
‘ad of the neighboring areas, it will enter a region of greater super- 
ling. It will, therefore, grow more rapidly than the neighboring 
erface, and a projection will be formed. As shown by Rutter and 
ialmers (4), an array of projections formed in this manner consti- 
es the “cellular” interface which accompanies the formation of the 
rrugation” structure. Since the cellular interface is the stable form, 
redistribution of solute and temperature which occurs when the 
structure is present must result in the elimination of the constitutional 
supercooling. As the conditions of solidification change, the shape of 
the cellular interface changes to correspond to the extent of the consti- 
tutional supercooling which must be eliminated. As shown by the 
present investigation, there is a limit to the extent of constitutional 
supercooling which can be relieved by an interface of cellular form. If 
the amount of constitutional supercooling exceeds that which can be 
accommodated by a cellular interface, then dendrites develop. It seems 
reasonable that the formation of such a branched structure will begin 
from an existing projection, as shown in Fig. 4, and will lead to more 
effecitve elimination of the’ Supercooling. 
It is clear that the formation of dendrites in alloys depends upon 
the extent of the constitutionally supercooled zone which would exist 
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adjacent to a smooth solid-liquid interface. As previously discussed, 
the extent of this zone depends upon the coefficient of diffusion of the 
solute in the melt, D, the distribution coefficient, k, the slope of the 
liquidus, m, the rate of solidification, R, and the temperature gradient, 
G, existing in the melt. For a given alloy, D, k, and m are constant. 
Therefore, the variables which will control the onset of dendrite for- 
mation are R and G. Dendrite formation will be favored by a rapid 
rate of solidification and a low temperature gradient. The results of 
the present investigation indicate that the factor controlling the onset 
of dendritic growth is, in fact, the ratio R/G. 
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DISCUSSION 


Written Discussion: By F. Weinberg, Physical Metallurgy Division, 
Mines Branch, Department of Mines and Technical Surveys, Ottawa, Ontario. 

In obtaining the experimental results reported in the paper, the authors re- 
lated temperature gradients and rates of growth, as measured by thermocouples 
immersed in the metal, to structural changes observed on the top surface of 
the specimen. This assumes that the temperature distribution on the liquid-air 
surface is identical to that in the body of the material which may not be 
justified, particularly since the authors state the liquid surface was skimmed 
during growth. In examining the dendritic growth of pure lead the writer ob- 
served that flat “fern type” dendrites occasionally grew along the top surface 
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of the liquid well ahead of the interface, (Fig. 12)? suggesting that the top 
surface of the liquid was cooler than the body of liquid. Also, temperature 
measurements in pure lead similar to those made by the authors, indicated that 
there was a marked progressively increasing difference between the position of 
the interface, as measured by the thermocouples, and that of the top surface of 
the specimen, as the rate of growth increased. (Fig. 5).* Did the authors decant 
any of their specimens after dendritic growth became apparent on the top 
surface, and observe branching of structures projecting from the general 
interface? 

It is also not clear to the writer, from Fig. 3 of the authors’ paper, how 
apidly and universal the transition from nondendritic to dendritic growth 
ikes place. Also, in the same figure, it is not clear why the direction of the 
tructure on the lower half of the photograph is rotated with respect to that 
f the upper half, since both structures would be expected to grow parallel 

the direction of growth for the crystal orientations the authors used. 

One further point. Do the authors attribute the dendritic growth they ob- 
rved entirely to constitutional supercooling of the liquid? Did they observe 
y thermal supercooling in their temperature measurements ? 

Written Discussion: By R. J. Dunworth, associate metallurgist, 
gonne National Laboratory, Chicago. 

The authors are to be congratulated on another fine paper in their series on 

nomena associated with the solidification of metals. The concept of a high 
centration of solute at the freezing interface explains quite well the formation 
hexagonal projections, dendrites and lack of segregation. The equation de- 
yped to calculate the concentration gradient, however, apparently does not 

‘ribe the actual data obtained. According to Rutter and Chalmers,‘ the hexag- 

| projections can extend 0.1 cm. into the liquid. If dendrites are an addi- 

al growth of these hexagonal projections then it may be expected that the 
irites will extend 0.3 or 0.4 cm. into the liquid. If, in the equation, 


C=C. (=<) eR/P 4 C, 


= 10° cm?*/sec., R = 10° cm/sec. (6 mm/min) and x = 0.1 cm. then the 
exponential is e*°° ~2(10°°). If x = 0.01 cm, the exponential is e® ~5(10°). The 
excess solute concentration at these values of x is practically nothing and it is 
dificult to imagine a growth being produced by such a slight amount. The length 


of the projection extends, in fact, about 100 times as far as there can be any 


concentration effect. 

Secondly, the effect of the initial concentration on the structure resulting 
from solidification is not considered in the equation. It is quite well established, 
both by the authors and others, that an increase in initial solute concentration 
produces a definite change in the solidified structure. Whether C. equals 0.1, 
1.0 or 10%, the excess concentration is still negligible when multiplied by a 
factor like 10-. 


It is suggested, then, that the equation be modified somewhat so as to fit the 


2F. Weinberg and Bruce Chalmers, “Dendritic Growth in Lead,’? Canadian Journal of 
Physics, Vol. 29, 1951, p. 382. 
3F, Weinberg and Bruce 7 ‘Further Observations on Dendritic Growth of 
Metals,” Canadian Journal of Physics, Vol. 30, 1952, P- 488. 
*J. W. Rutter and B. Chalmers, “A Prismatic Substructure Formed During Solidification 
of Metals,” Canadian Journal of Physics, Vol. 31, January 1953, p. 15. 
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observed data more closely. The exponential factor in the equation would be 
10D x 
F R 
The initial concentration factor, Co, is diminished because the effect of a linear 
factor is too drastic. 


Authors’ Reply 


The authors would like to thank Dr. Dunworth for his discussion. It 
should be noted that to calculate the amount of constitutional supercooling, 
it is necessary to consider both the equilibrium liquidus temperature distribution 
ahead of the interface and the actual temperature distribution in the liquid as 
imposed by the growth conditions. Calculations of this sort are shown in Fig. 11 
of a paper by Tiller, Jackson, Rutter and Chalmers.® The zone of supercoolin; 
may be quite long, depending upon the value of the temperature gradient i 
the liquid. Consider, for example, a 3% tin in lead alloy solidifying at 2.8 
cm./min. Calculations show that the region of high tin concentration is confin: 
to about 10 cm. ahead of the interface. Consequently, the equilibrium liquidu 
temperature rises from 311°C (corresponding to 6% tin) at the interface + 
319 °C (corresponding to 3% tin) in this distance. However, with a temper 
ture gradient of 18.5 °C/cm. in the liquid, the actual temperature of the liqu 
does not reach 319 °C. for a distance of about 4 mm. 

The figure that Dr. Dunworth quotes concerning the extent to which hexa 
onal cells project into the liquid is at least one order of magnitude too lar 
Rutter and Chalmers * found the length of the projections to be approximat 
0.001 to 0.01 cm. 

Concerning the discussion by Dr. Weinberg, it is important to note t! 
the method of growth used in Dr. Weinberg’s experiments was quite differ 
than in the present experiments. The study of dendritic growth in pure materi 
necessitates rapid cooling of the liquid ahead of the interface so that it 
become thermally supercooled. In Dr. Weinberg’s experiments, to accomp! 
this the liquid-air surface would have to be at a lower temperature than | 
main body of liquid. Because of this increased supercooling, “fern ty; 
dendrites would be observed growing on the top surface of the liquid. In « 
experiments, however, the liquid was in all cases at a temperature higher t! 
the interface temperature. There was never any thermal supercooling; in fact 
considerable care was taken to make certain that growth always occurred under 
a positive temperature gradient in the liquid in order that it could be definitely 
stated that the formation of the dendritic structure was caused by constitutional 
supercooling and not thermal or absolute supercooling. 

Specimens used in this investigation were not single crystals; the structures 
in Fig. 3 merely exhibit the orientation of their respective grains. As shown by 
Rutter and Chalmers,® the direction of formation of the corrugations depends 
on the orientation of the growing crystal. 

In the apparatus used, it was difficult to decant the specimens, so that the 
authors were not able to decant after dendritic growth became apparent on the 
top surface. The only decanted specimens were those mentioned in the paper. 
ne A. Tiller, K. A. Jackson, J. W. Rutter and B. Chalmers, “The Redistribution of 
Solute Atoms During the Solidification of Metals,’”? AcTA METALLURGICA, Vol. 1, 1953, p. 428. 


®J. W. Rutter and B. Chalmers, “‘A Prismatic Substructure Formed in the Solidification 
of Metals,” Canadian Journal of Physics, Vol. 31, 1953, p. 15. 





STRESS-CORROSION MECHANISM IN A 
MAGNESIUM-BASE ALLOY 


By D. K. Priest, F. H. Beck anp M. G. Fontana 


Abstract 


The mechanism of stress-corrosion in the magnesium 
base alloy (J1) containing 6% aluminum, 1% zinc and 
0.2% manganese has been studied in a 3% NaCl—3% 
K,CrO, solution at room temperature. All specimens were 
taken from 1/2-inch diameter extruded rod. The effects on 
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solution temperature, cracked intergranularly in stress- 
corrosion tests. Water quenching of specimens of small grain : 
size resulted in transgranular stress-corrosion. In specimens 
with grain sizes larger than ASTM No. 7, transgranular 
stress-corrosion occurred regardless of heat treatment. 

In contrast to stress-corrosion data previously reported 
for hard rolled AM-C 57 S-H, analloy having the same nomi- 
nal composition as J1, the pH value of the salt-chromate 
testing solution had no effect on whether cracking was trans- 
granular or intergranular in the annealed specimens used in 
this investigation. Heat treatment was the criterion for the 
type of failure which occurred. 

Transgranular stress-corrosion was found to take place 
along the (0001) plane of the HCP lattice of this alloy. This 
was determined by stereographic analyses of twin and crack 
traces on the surface of very large grained specimens. 

Cathodic protection by means of an external current 
prevented the initiation of both transgranular and intergranu- 
lar stress-corrosion. It also stopped stress-corrosion which 
was in progress. 


stress-corrosion of heat treatment, grain size, lattice orienta- ; y 

tion, cathodic protection, and the pH value of the testing . 2 

solutions were evaluated. Observations of crack propagation c 6 

° = 

were made by means of a microscope located above the solu- - 

tion container. Motion picture microscopy of the cracking was e 

accomplished and this proved to be an effective tool. A half- . 2 
hour film on stress-corrosion was prepared. 

Specimens of small grain size, furnace-cooled from : 
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The mechanism of transgranular stress-corrosion ts be- 
lieved to be essentially electrochemical in nature because of 
the action of cathodic protection. Heidenreich, Gerould and 
McNulty have shown that a segregation of cathodic FeAl 
exists in the solution-quenched condition of this alloy. The 
presence of this compound increases susceptibility to stress- 
corrosion. This segregation appears to occur on only one 
plane. It has been shown in the present work that transgranu- 
lar stress-corrosion takes place predominantly along the basal 
plane. It 1s reasonable to state, then, that preferential attack 
occurs along the basal plane because of the presence of FeAl. 
The function of stress is believed to be that of exposing film- 
free metal by plastic deformation brought about by the stress 
concentration at the base of the crack. 


INTRODUCTION 


TRESS-corrosion is a corrosive attack which, in its usual form, 

produces cracking in metals. The mechanisms which operate i: 

this type of corrosion are not well understood, particularly if the crack 
ing proceeds transgranularly. 

The purpose of this investigation was to study the stress-corrosic 
behavior of an extruded magnesium alloy with a view to developin 
a mechanism of stress-corrosion. This magnesium-base alloy of nomi 
nal composition 6% aluminum, 1% zinc and 0.2% manganese, w: 
chosen as the material to be tested because of its susceptibility to stress 
corrosion under relatively convenient testing conditions. Particula: 
attention was directed to the mechanism of transgranular stres 
corrosion. 

SURVEY OF LITERATURE 

The Nature of Stress-Corrosion—Stress-corrosion is defined a 
the acceleration of the rate of corrosion by stress (1). In this type « 
attack, stress and corrosion, acting together, produce failure muc 
more quickly than corrosion acting alone and at stresses which would 
not produce failure at all in the absence of corrosion (2). It has been 
shown that only tensile stresses promote stress-corrosion (3). 

The stress-corrosion attack usually takes the form of a rapid 
penetration or cracking along grain boundaries although many systems 
exhibit transgranular stress-corrosion cracking. Intergranular stress- 
corrosion usually occurs under conditions favorable to metal dissolu- 
tion at grain boundaries but the exact causes of transgranular failure 
are not well understood (3,4). Stress-corrosion has been observed in 
almost all metals or their alloys but each metal or alloy often requires 
a certain characteristic corrosion environment (3). This type of cor- 
rosion is usually confined to systems which are intermediate between 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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an active and a passive state where severe local attack may develop. 

Stress-Corrosion of Magnesium Alloys—Few contributions have 
been made toward an understanding of the stress-corrosion of mag- 
nesium alloys. One of these is the work by Mears, Brown and Dix (3) 
in which both intergranular and transgranular cracking in the J1 
alloy was reported. They observed that in hard rolled material, AM-C 
57 S-H, intergranular stress-corrosion occurred in acidic salt-chromate 
solution and that transgranular stress-corrosion took place in basic 
salt-chromate solution. Intergranular stress-corrosion in magnesium 
alloys has not been extensively discussed elsewhere. 

Heidenreich, Gerould and McNulty (5) have pointed out that 

magnesium-base alloys become more susceptible to transgranular 
stress-corrosion as the aluminum content of the alloy is increased. They 
ilso report that the amount of a so-called “fine structure” is similarly 
lependent on the aluminum content. The conclusion was reached that 
he “fine structure,” which is observable only by the electron micro- 
cope, was caused by the presence of some iron-aluminum compound, 
robably FeAl. Such a structure was present in material either water- 
uenched or furnace-cooled from 400°C (825 °F). The solution po- 
ntial differences between iron-aluminum compounds and _ the 
lagnesium-aluminum solid solution have been found to be relatively 
irge (6). For this reason, the authors above conclude that the presence 
f the “fine structure” increases the susceptibility to transgranular 
ress-corrosion. 

Logan (7) has indicated that film breakage by plastic deformation 
ay play an important role in stress-corrosion. A potential difference 
f 0.24 volts between filmed and film-free areas was measured on a 
iagnesium alloy, with the film-free area being anodic. The importance 
‘{ films in stress-corrosion has also been discussed by Edeleanu and 


vans (8). 


APPARATUS AND EXPERIMENTAL PROCEDURE 


Preparation of Specimens—The material used in this investigation 
vas a magnesium-base alloy, J1, supplied by the Dow Chemical Co. 
Its composition was aluminum 6.54%, manganese 0.30%, zinc 1.28%, 
silicon 0.01% and iron 0.0015%. This alloy, of nominal composition 
6% aluminum, 1% zinc and 0.2% manganese, has the ASTM designa- 
tion AZ6la. It is designated as J1 by the Dow Chemical Company and 
as AM—C 57 S by the American Magnesium Corporation. The desig- 
nations —C and 1 stand for controlled high purity metal low in iron, 
nickel and chlorine. 

Specimens 3/16 x 3/16 x 4-1/2 inches were machined from 1/2 
inch diameter extruded rod which had received previous heat treat- 
ment. The surfaces of the specimens were finished on 500 grit metal- 
lographic paper, washed in water and dried in air prior to testing. 
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Specimen Holder Anode Area 







Insulation 


Cell Anode 
Connection 


Cathode Area | Cell Cathode Connection 
Protection Anode 


| 


Insulation 


Solution Solution Container 


Fig. 1—Stress-Corrosion Specimen, Specimen Holder and 


Solution Container. Electrical connections and insulation re- 
quired for current measurements are shown. 


Heat treatments consisted of heating the alloy at 345 °C (650 °F 

for 24 hours followed by furnace cooling or quenching in water fron 
that temperature. Very large grain sizes were obtained by a strain 
anneal treatment consisting of a 6% decrease in rod length followe 
by heating at 480°C (900 °F). All material heated to this temperatur: 
was enclosed in sealed Pyrex glass capsules in order to prevent ex 
cessive oxidation. 

Preparation of metallographic samples was as follows. The sample 
were abraded on 500 grit metallographic paper, washed and further 
polished on a medium speed wheel by a suspension of 600 grit carbo 
rundum in a soap and water solution. Final polishing was on a slov 
speed wheel using Shamva (MgO). A picric acid etch composed ot 
100 milliliter ethanol, 10 milliliter distilled water, 5 milliliter glacial 
acetic acid and 5 grams of picric acid was used. 

Experimental Apparatus—The prepared specimens were placed 
in a specimen holder of Synthane, an electrical insulating material. 
This holder and the manner in which the specimens were stressed is 
shown in Fig. 1. The specimen is insulated from the thumbscrew by 
a small sheet of Teflon. The distance between the end supports of the 
specimen holder is 4 inches. The stress in the outer fibers of the speci- 
men is proportional to the amount of deflection imposed at the mid- 
point of the specimen. The nominal value of stress is given by the 


equation 12 YEC 
or 
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where S is the stress (psi), Y is the deflection (inches), E is Young’s 
modulus, C is half the specimen width (inches) and L is the specimen 
length (inches). The value of stress given by this equation is only ap- 
proximately correct because of the onset of plastic deformation at the 
stress levels employed. Accurate stress values cannot be calculated but 
the values obtained using the equation above give some idea of the 
orders of magnitude involved. A deflection of 0.120 inches was used 
(55,000 psi nominal stress). The strain-deflection data shown in Fig. 2 
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tion (1in.) 
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10,000 14.000 
Strain (p -in./in.) 
Fig. 2—The Curve Shows Extent of Plastic Deformation and Position of Yield 
Point in Terms of Specimen Deflection and Strain Measured on Tension Surface 


Specimen. 


ow that the specimens were stressed above the yield point (32,000 
i at 0.2% offset). These data were obtained by direct measurement 
strain using A-7 gages (14 inch gage length) mounted on the tension 
rface of the specimens. 

The specimen and its holder were placed in a solution container 
hich was placed on the stage of a microscope. The position of the 
pecimen was adjusted with respect to the microscope objective by a 

traveling stage. This arrangement is shown in Fig. 3. Visual obser- 
vations or motion picture data were taken through the microscope. 
The motion picture equipment used for filming the stress-corrosion 
process is also shown in this figure. 

Corrosion currents were measured between anodes (stress- 
corrosion specimens) and cathodes (unstressed specimens) of the J1 
alloy. The electrodes were placed parallel to each other with approxi- 
mately 44 inch separation at the anode (the point of maximum stress). 
The wire leads to the electrodes were insulated and an insulating coat- 
ing was applied to both ends of the stress-corrosion specimen leaving 
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Fig. 3—Equipment for Study of Stress-Corrosion, Left to right—Cine Kodak Specia! 
beam splitter, microscope with adjustable stage and metering panel. Stress-corrosion speci 
men and holder in foreground. 


only a small area (0.4 inches long at the point of maximum stress) e: 
posed to the salt-chromate solution. This arrangement is shown 
Fig. 1. Current measurements were made by means of a microammet 
which completed the external circuit between the two electrodes. 

Cathodic protection was applied to stress-corrosion specimens | 
means of an external current source. Cathodic protection current da 
and changes in corrosion current caused by cathodic protection we 
taken with apparatus arranged as in Fig. 4. Cathodic protection curre: 
and corrosion current were measured on M1 and M2 respectiv: 
when both switches were closed. The electrical connections to the spe: 
men are shown in Fig. 1. A protection anode of carbon rod was us« 

The test procedure is as follows: At the start of the test a lar; 
cathodic protection current is applied with both switches SW1 an 
SW2 closed. This makes the protective anode anodic to both the anod 
and the cathode of the corrosion cell. As the cathodic protection current 
is gradually decreased to a sufficiently low value, the corrosion cur 
rents of the cell become operative and allow stress-corrosion to pro 
ceed with the flow of positive corrosion current. The corrosion cur 
rent increases as the cracking proceeds. When the corrosion current 
reaches a certain predetermined value, which is an arbitrary standard 
for all specimens, a large cathodic protection current is applied and 
the stress-corrosion process is stopped. The cathodic protection is 
again decreased to the value at which stress-corrosion resumes. This 
procedure then gives the values of cathodic protection current which 
will 

a. Allow stress-corrosion to start. 
b. Allow stress-corrosion to re-start after a crack has been formed. 
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The corrosion current is then allowed to reach its maximum at 
which time the cathodic protection current is adjusted to a fixed value 
which reduced the corrosion current to zero. Corrosion current read- 
ings are then made with and without the application of the fixed amount 
of protective current by moving switch SW1. 

Testing Solution—Stress-corrosion testing was carried out in a 
salt-chromate solution (pH = 9.0) of 40 grams of NaCl-40 grams of 
KeCrO, per liter of water with the exception of the tests in salt- 


6V. MI M2 





To Protection Anode To Cell Anode 


To Cell Cathode 
Fig. 4—Basic Metering Diagram used for 


Measuring Corrosion Current and Cathodic Pro- 
tection Current. 


hromate solutions of high and low pH values. The latter solutions were 
omposed of 35 grams of NaCl-20 grams of K2CrQO, per liter of water 
pH = 8.7) and 35 grams of NaCl-20 grams of K2CreO; per liter of 
vater (pH = 3.5). All tests were performed at room temperature. 


RESULTS AND DISCUSSION 


Heat Treatment—Stress-corrosion specimens which had been 
turnace-cooled from 345 °C (650°F) exhibited intergranular stress- 
corrosion cracks when tested in the salt-chromate solution. Specimens 
which had been water-quenched from this temperature cracked trans- 
granularly. These results were obtained from 40 specimens, 20 speci- 
mens furnace-cooled and 20 specimens water-quenched. 

A difference in microstructure exists in the two types of speci- 
mens. Fig. 5 is a photomicrograph which shows an intergranular 
stress-corrosion crack and the microstructure of a furnace-cooled speci- 
men. The grain boundary precipitate is MgizAl, the compound which 
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Fig. 5—Intergranular Stress-Corrosion Crack with 
Microstructure Characteristic of Furnace Cooling from 
345 °C (650 °F). Picricacetic etch. X 600 


Fig. 6—Transgranular Stress-Corrosion Crack with 

Microstructure Characteristic of Solution Quenching 

from 345 °C (650 °F). Picricacetic etch. X 600 
normally appears in the J1 alloy with this heat treatment. Fig. 6 1s a 
photomicrograph of the solid solution microstructure of a water- 
quenched specimen in which precipitate is absent. This photomicro- 
graph also shows the transgranular cracking typical of water-quenched 
specimens. 

The occurrence of intergranular stress-corrosion or transgranular 
stress-corrosion has been shown to depend upon heat treatment. In 
order to understand this effect of heat treatment on the type of failure, 
it is necessary to examine closely the microstructure associated with 
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each kind of specimen. Heidenreich, Gerould and McNulty (5) have 
shown by the use of the electron microscope that an intragranular seg- 
regation of FeAl exists in the J1 alloy. They suggest that temperatures 
of solution heat treatment of the J1 alloy are temperatures favorable 
to precipitation of this compound. The FeAl segregation is shown to 
exist even if the J1 alloy is furnace-cooled instead of being quenched 
in water from solution heat treating temperatures (9). This com- 
pound, then, is present in all of the J1 specimens tested in this investi- 
gation. 

The grain boundary precipitate Mg;7Alj2 is produced in only those 
specimens furnace-cooled from solution temperatures. The specimens 
solution treated at from 345 to 480°C (650 to 900 °F) and quenched 
in water have only the FeAl precipitation in their microstructures but 
those furnace-cooled from the solution treating temperatures men- 
tioned above possess both the FeAl precipitation and the intergranu- 
lar Mgy7Alie precipitation. 

The results which have been obtained indicate that a different 
mechanism exists for transgranular stress-corrosion than for inter- 
granular stress-corrosion in the salt-chromate solution. Mg17Ali2 has 
been shown to be sufficiently cathodic to the magnesium-aluminum 
solid solution to cause corrosive attack in the regions immediately ad- 
jacent to it (6,9). The presence of Mgi7Ale in the furnace-cooled 
specimen accounts for the intergranular stress-corrosion observed. 
The compound FeAI also is cathodic to the solid solution and its pres- 
ence accounts for the transgranular stress-corrosion of specimens 
quenched in water from solution treating temperatures. A mechanism 
of transgranular stress-corrosion will be discussed in detail in another 
section. FeAl is more cathodic to the solid solution than Mg;7Alj (6,9) 
but because much more intergranular Mg,7Alj than intragranular 
FeAl is present in furnace-cooled specimens, intergranular stress- 
corrosion occurs. This explanation of intergranular and transgranular 
stress-corrosion in terms of heat treatment and resulting microstruc- 
ture holds true only for small-grained specimens prepared by solution 
treating at 345°C (650°F). 

Specimens with very large grains resulting from the strain-anneal 
treatment always exhibited transgranular stress-corrosion whether 
furnace-cooled or water-quenched. This indicates that some limiting 
grain size is necessary in order for intergranular stress-corrosion to 
occur even when Mg;7Alj is present in the microstructure. The maxi- 
mum grain size for intergranular corrosion was found to be approxi- 
mately ASTM grain size No. 7, the grain size being controlled by the 
temperature of solution heat treatment. All specimens having grain 
sizes larger than this failed transgranularly regardless of heat treat- 
ment. Stress-corrosion cracks tend to propagate in as straight a line 
as possible in the direction normal to the tensile stress present. Thus, 
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Table I 

Effects of pH and Heat Treatment on Manner of Stress-Corrosion 
pH of Testing Manner of 

Heat Treatment Media Cracking 
650 °F — water-quenched oS transgranular 
650 °F — water-quenched 8.7 transgranular 
650 °F — furnace-cooled 3.5 intergranular 
650 °F — furnace-cooled 8.7 intergranular 


for wholly intergranular stress-corrosion to occur many grain bound- 
aries must be present to allow crack propagation to take place in the 
prescribed direction. If grain size is large, the fewer number of grain 
boundaries tends to cause the crack to detour around large grains and 
an irregular crack forms. When both transgranular and intergranular 
stress-corrosion is possible, as in the furnace-cooled J1 alloy, an in- 
crease in grain size causes a transition from intergranular to trans- 
granular cracking, because it becomes easier for the crack to propagate 
across grains than around them in spite of the local cell action possible 
at the grain boundaries. 

It should be pointed out that heat treatment of the J1 alloy de- 
termines whether transgranular or intergranular stress-corrosion oc- 
curs only when testing is done in the salt-chromate solution. In other 
corrosive media this criterion for failure may not be operative because 
different potential relationships may exist between the phases present 
or because different electrode reactions are possible. For example, the 
Jl alloy fails by transgranular stress-corrosion in distilled water re- 
gardless of heat treatment. This has been also reported by Perry- 
man (10). 

It has been indicated that the pH value of the salt-chromate test- 
ing solution is the factor which determines if the path of stress- 
corrosion will be transgranular or intergranular in AM-C 57 H, a 
hard rolled alloy having the same nominal composition as J1 (3). In 
the present investigation, the results of stress-corrosion tests on speci- 
mens furnace-cooled or water-quenched from 345°C (650°F) and 
tested in salt-chromate solutions of pH value 3.5 and 8.7 indicate that 
heat treatment is the factor which controls the type of failure and the 
pH value has no effect. Typical results of these tests are recorded in 
Table I. 

Direction of Transgranular Cracking—Early in this investigation 
it was noticed that transgranular cracks did not always propagate in 
the direction normal to the applied stress as is usually the case in stress- 
corrosion. Instead, the direction of these cracks appeared to be de- 
pendent upon grain orientation. This behavior suggested that the crack- 
ing was proceeding predominantly along a certain crystallographic 
plane. Fig. 7 is a series of frames from the motion picture of stress- 
corrosion showing the progress of a crack across a single grain. The 
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Fig. 7—Frames from Motion Picture of Stress-Corrosion. Frames are 1 second 
apart. Picricacetic etch. X 20 


frames are at 1 second intervals. The crack changes direction at the 
grain boundary. 

The plane along which transgranular cracking took place was de- 
termined to be the (0001) plane of the HCP lattice of this alloy. The 
determination of the crack plane was carried out by stereographically 
plotting the poles of observed twin planes and finding by trial the 
amount of rotation needed to place these poles in their correct positions 
on the standard (0001) projection. This value of rotation was found to 
be the same as that necessary to rotate the pole of the crack plane to 
the position of the pole of the (0001) plane as it appears on the stand- 
ard (0001) projection. This shows the crack plane to be the basal 
plane. Fig. 8 is a stereographic projection of one of several specimens 
analyzed in this manner. 

Cathodic Protection—Current measurements were made on both 
water-quenched and furnace-cooled specimens to determine the effect 
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Orientation of Hexagonal Crystal Determined from 
Traces on Two Surfaces 


Normals to Twin Traces are Full Lines 
Normals to Crack Traces are Dashed Lines 
° {10T2} Poles in Orientation Explaining Traces 
© Standard Projection of {10T2} Poles 
x {10T2} Poles After Rotation of 40° Right with 
21° Counterclockwise Inclination of Wulff Net 
e Experimentally Determined Pole of Crack Plane 
pn (OOO!) Pole Predicted by Orientation 
Fig 8—Stereographic Projection of Poles of Twinning 
Planes and a Stress-Corrosion Crack Plane in a Single Grain. 
of cathodic protection on corrosion currents and on control of stress- 
corrosion. Table II shows some data developed for a water-quenched 
specimen. The data obtained in all of the tests on either water-quenched 
or furnace-cooled specimens do not differ significantly from those in 
this table. Tests of this type indicate that only a small amount of ca- 
thodic protection current, in order of 0.06 ma, is required to prevent the 
initiation of stress-corrosion. The amount of cathodic protection cur- 
rent needed to prevent the restarting of a stress-corrosion crack was 
found to be in the range 0.06 to 0.1 ma. Much higher cathodic pro- 
tection currents were required to stop stress-corrosion which was in 
progress. The data in Table II indicate that when a maximum in the 
corrosion current was reached, a protective current of 0.33 ma was 
required to reduce the corrosion current to zero. Protective current in 
excess of this value was required to overcome local cell action on the 
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Table Il 


Effect of Cathodic Protection on Corrosion Currents in Stress-Corrosion 
Time Corrosion Current Cathodic Protection 
(min.) (CC), 4#—A Current (CPC), ma* Remarks** 
0 —23 4 (1.58 ma/sq, in.) no S-C 
10 —15 4 no S-C 
15 5 0.4 no §-C 
20 —3 0.2 no §-C 
25 +2 0.1 S-C after 24 min. 
27 +12 0 S-C occurring 
28 —22 4 no §-C 
30 —18 4 no S-C 
35 5 0.4 no S-C 
35.5 —3 0.2 no S-C 
39.5 +1 0.2 S-C started 
40 +3 0.2 S-C occurring 
41 +18 0 no applied CPC 
44 +25.5 0 maximum 
44.25 0 0.33 adjusted to zero CC 
46 +22 0 no applied CPC 
46.25 ag 0.33 CPC applied 
48 +14 0 no applied CPC 
48.25 —8 0.33 


CPC applied 


* Cathode area — 2.53 sq. in. 
** S-C, stress corrosion 
CPC, cathodic protection current 
CC, corrosion current 


stress-corrosion specimen and stop the stress-corrosion cracking com- 
pletely. In general the amount of cathodic protection current needed to 
stop the attack was proportional to the corrosion current being gen- 
erated at the time of application of protection. 

Transgranular Stress-Corrosion M echanism—A reasonable mech- 
anism for transgranular stress-corrosion in the J1 alloy can be pro- 
posed by combining the results of this investigation with information 
cited in the literature. An electrochemical contribution has been shown 
to be an important part of transgranular attack but there exists no 
obvious source of the potential difference necessary to explain such 
attack. However, as has been mentioned previously, Heidenreich, 
Gerould and McNulty (5) have shown by the use of the electron micro- 
scope, that a segregation of FeAl exists in the J1 alloy. This com- 
pound has been shown to be approximately one volt cathodic to the 
magnesium-aluminum solid solution in salt-chromate solution. Fur- 
thermore, the “fine-structure” caused by the presence of FeAl appears 
in electron photomicrographs to be composed of platelets or of parallel 
lines, apparently depending upon the orientation of the observer with 
respect to the lattice structure. This strongly suggests that the FeAl 
segregation is predominantly confined to one crystallographic plane. 
When the fact that transgranular stress-corrosion cracking usually 
occurs along the basal plane is coupled with the information concerning 
the appearance of the FeAl segregation, a reasonable explanation of 
transgranular stress-corrosion is realized if the assumption is made 
that the FeAl segregates at the basal plane. In addition, Beck (11) has 
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written that ordinary corrosion of magnesium alloy castings is related 
to the crystallographic orientation of the grains. The attack takes place 
primarily on the basal planes. 

Other sources of potential difference add their effects to the one 
already mentioned. Motion picture microscopy (a motion picture con- 
cerning stress-corrosion was produced as a part of this investigation ) 
has shown that much plastic deformation continuously takes place at 
the tip of an advancing transgranular crack. Such deformation would 
prevent any film formation and allow a potential difference to be main- 
tained between the filmed and film-free areas. The function of stress 
in stress-corrosion, while probably somewhat subordinate to that of 
electrochemical action, is to produce film-free (anodic) areas by plastic 
deformation at the crack tip. This importance of stress in preventing 
film formation has been discussed by Logan (7). 


SUMMARY AND CONCLUSIONS 


1. Transgranular stress-corrosion of the J1 alloy in salt-chromate 
solutions occurs predominantly along the (0001) plane of the HCP 
lattice. 

2. Furnace cooling from 345 °C (650 °F) of fine grained J1 alloy 
produces intergranular stress-corrosion in salt-chromate solutions. 
This heat treatment permits the formation of Mgi7Alj at grain 
boundaries, thereby rendering the material subject to intergranular 
attack. Fine grained material which is water-quenched from 345 °C 
(650 °F) exhibits transgranular stress-corrosion cracks. This material 
does not have the Mgi7Alje precipitate. 

3. Transgranular stress-corrosion always takes place in salt- 
chromate solutions whether the alloy is furnace-cooled or water- 
quenched from 345 °C (650°F) when the grain size of the material is 
larger than ASTM grain size No. 7. 

4. The pH value of the salt-chromate testing solution has no effect 
on whether stress-corrosion is transgranular or intergranular in an- 
nealed specimens. Heat treatment determines the type of failure. 

5. Cathodic protection by impressed current of J1 alloy stress- 
corrosion specimens prevents the initiation of stress-corrosion and 
stops stress-corrosion which is in progress when protection is applied. 

6. Local plastic deformation is shown by motion picture micros- 
copy to be present near the tip of advancing transgranular cracks. 

7. A mechanism for transgranular stress-corrosion in _salt- 
chromate solutions of the J1 alloy is proposed. 
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DISCUSSION 


Written Discussion: By F. L. LaQue, vice president and manager, De- 
velopment and Research Division, The International Nickel Co., Inc., New York. 

This discussion of this interesting paper is based not only on the paper itself, 
but on certain impressions gained from seeing the motion picture made during the 
course of the investigations. 

The mechanisms of attack as proposed in the paper appear to be quite plausi- 
ble. It is especially interesting that, in this case, we appear to have a satisfactory 
mechanism to account for transgranular cracking which generally has been 
difficult to explain in other systems, e.g., austenitic stainless steels in chloride 
environments. 

The motion picture shows that when cracking is occurring there is a copious 
evolution of hydrogen at, ar near, the head of the advancing crack. This is what 
would be expected if the cathode of the corrosion reaction were to exist along 
the crack and, therefore, is in line with the proposed explanation of the cracking 
mechanism. In view of the amount of hydrogen liberated, it seems likely, also, 
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that the products of corrosion result in a sharp decrease in the pH of the solution 
in the immediate vicinity of the corrosion. From this it follows that the suppres- 
sion of the cracking by the application of current may well include the neutraliza- 
tion of acid corrosion products by the alkali generated in the cathodic reactions. 
Since there was evolution of hydrogen in both the intergranular and transgranular 
cracks, presumably associated with an electrolyte of low pH within these ad- 
vancing cracks, there is support here for the authors’ observation that the pH of 
the surrounding electrolyte is not a crucial factor in the location of the cracks. 

It was noted, also, that the experimental setup included an external cathode 
of unstressed metal of the same composition. Possibly this was the cathode that 
was involved in the initiation of cracking, while the one that promoted the propa- 
gation of cracking was one or other of the intermetallic compounds mentioned. 

These views are supported by the fact that while hydrogen evolution oc- 
curred during cracking, there was no evidence of this in the motion picture when 
current of the same order of magnitude was supplied from the external anode. 
This means either that the cathodic reaction was different or that it occurred at 
some other place when cathodic protection was applied. 

It would be interesting to have the authors comments on what might have 
happened if there had been no external specimen connected to the one under stress. 

Written Discussion: By R. B. Mears, director, Applied Research Labora- 
tory, United States Steel Corp., Pittsburgh. 

The authors have made a very important advance in the study of the mech- 
anism of stress-corrosion. They have verified the effect of electrochemical factors 
and given a reasonable explanation for the transition from an intragranular path 
of fracture to a transgranular path depending on the type of thermal treatment 
used. Older mechanisms suggested for other alloys have generally made use of a 
triple area hypothesis. For example, in the case of aluminum-copper alloys it has 
been suggested that precipitation of the aluminum-copper constituent at the grain 
boundaries results in an adjacent area of the grain, immediately next to the 
boundary, that is depleted in copper and hence is anodic to the main body of the 
grain (as well as to the aluminum-copper constituent). It has been postulated 
that since the exposed area of the aluminum-copper constituent is so small it 
could not greatly accelerate attack of adjacent grain areas itself, since it would 
polarize too readily. It is necessary to assume that a much larger cathodic area is 
available, namely the grain centers, to account for the high current densities re- 
quired adjacent to the grain boundaries. Are the authors certain that the grain 
centers are not serving as effective cathodes to depleted zones adjacent to grain 
boundaries or slip planes in the case of the magnesium-base alloy studied? 

Written Discussion: By R. S. Busk, The Dow Chemical Co., Midland, 
Mich. 

The authors of this paper are to be congratulated on their careful and in- 
formative work. As they state, the literature on the stress-corrosion mechanism 
of magnesium alloys is meagre and therefore their contribution is doubly welcome. 

During the past decade, many workers at The Dow Chemical Company have 
studied the stress corrosion of magnesium. I would like to offer a small part of 
this work as a discussion to this paper. 

I believe the essentially electrochemical nature of stress corrosion must be 
accepted now by all workers in the field. The authors have very nicely demon- 
strated that a protective current will control the onset or course of stress cor- 
rosion. In like manner we have also been able to control stress corrosion by 
impressing a sufficiently large voltage on the system. We have also shown that 
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substitution of dry benzene for an electrolyte stops stress corrosion which is in 
progress. 

Thus current flow is an essential ingredient in stress corrosion. The cathodes 
responsible for the voltage which drives this essential current must be sufficiently 
cathodic to magnesium to release hydrogen. This requirement may be satisfied by 
a number of different impurities but the most likely candidate normally present 
in magnesium alloys is Fe. The “fine structure” discussed in reference (6) and 
referred to by the authors has been positively identified as FeAl since the pub- 
lication by Heidenreich, McNulty and Gerould. The presence of this compound 
can be controlled by alloying or by heat treatment. By these means we have been 
able to vary stress-corrosion sensitivity in a way to show that FeAl can be re- 
sponsible for stress-corrosion failure. However, as suggested by the authors, 
FeAl is not the only possible cathode capable of causing stress-corrosion cracking. 
Even sublimed magnesium with a purity of 99.99+% will stress corrode in 3% 
NaCl. 

It seems clear that the role of stress must be that of providing, by plastic flow 
and film rupture, the freshly exposed, highly anodic surfaces needed to accelerate 
local galvanic action and thereby giving the rapid failures so characteristic of 
stress corrosion. Chemical or mechanical damage to the film on magnesium 
surfaces has been shown, both at Dow and elsewhere, to shift the potential toward 
decidedly more anodic values, the ultimate, theoretical value being about 2.4 volts 
anodic to calomel as compared to the 1.6 + 0.1 volts ordinarily measured on 
filmed surfaces. Thus the freshly exposed surface becomes markedly more anodic, 
not only to previously cathodic impurities but to the undamaged, film-bearing 
magnesium surface itself. The attendant increase in local corrosion cell voltage 
combined with the highly localized film damage at the crack apex would then 
result in very high anode current densities and correspondingly high rates of 
penetration at the anodic sites. Evidence of some such process is seen in the almost 
explosive expulsion of hydrogen from the deepening crack and the tendency for 
the potential of stressed samples to attain more anodic values during the cracking 
process. 

We suggest that the path of stress-corrosion cracks is at least as dependent 
upon the deformation mechanism as upon the location of cathodes. It is the plastic 
flow of the metal which exposes fresh, unfilmed magnesium upon which current 
from nearby cathodes can concentrate. When this exposure is quite small, as at a 
slip-line jog, the current density will be very large and rapid penetration along the 
slip line is reasonable. Slip in polycrystalline magnesium strained at room tempera- 
ture has been observed both on the (0001) plane and on nonbasal planes. It seems 
likely that both basal and nonbasal slip will occur in J-l alloy. Thus it would be 
expected that transgranular stress-corrosion cracks would be primarily parallel 
to the basal plane with an occasional branching in some other direction. This is 
what is observed, both at the Dow Chemical Laboratories and in many of the 
authors’ pictures. The branching is particularly characteristic of stress corrosion. 
In addition to intracrystalline slip, polycrystalline magnesium deforms by viscous 
flow at the grain boundaries. This latter type of deformation is encouraged by de- 
crease in grain size, increase in time at stress, and increase in temperature. Thus 
the large-grained sample of the authors may always fail transgranularly because 
almost all deformation is within the grains. Furnace cooling of J-1 alloy does 
several things: It precipitates Mgi;Alw at the grain boundaries thus forming a 
locus of cathodes at grain boundaries; it precipitates discontinuously and there- 
fore forms a number of new grain boundaries; it tends to dissolve FeAl and thus 
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removes much of this compound as a separate phase. Intergranular cracking can 
then be due to a combination of localization of cathodes at the grain boundaries 
and the encouragement of a greater amount of grain boundary deformation. 

We have observed that FS-la (Mg+3%Al+1%Zn+0.2%Mn) fails by 
transgranular cracking in 3% NaCl and by intercrystalline cracking in air. The 
time to failure is much longer in air and therefore grain boundary deformation is 
encouraged. 

Written Discussion: By M. Metzger, research assistant professor of 
physical metallurgy, University of Illinois, Urbana, III. 

Of the observations made in the course of this valuable work, those of prin- 
cipal interest to the writer are the ones which suggest that the influence of the 
mechanical factors in the transgranular failure of this alloy is greater than has 
been generally recognized. For one thing, the instantaneous rate of advance of 
the crack is at times so rapid that the propagation of the crack during these 
periods must be attributed almost entirely to stress, as has been pointed out by 
Harwood.’ Thus, the authors’ observation that the crack tends to follow the basal 
plane would direct attention to the significance of the basal plane as regards 
deformation and fracture as well as to its significance with regard to the potential 
corrosion paths, i.e., the alignment of the FeAl platelets discussed by the authors. 
It may also be noted that the wave of plastic deformation ahead of an advancing 
transgranular crack will not only affect electrochemical action through rupturing 
of the surface film, as indicated by the authors, but will also alter the condition 
of the material ahead of the crack tip and may therefore affect the ability of the 
crack to be propagated through this material by the applied stress or the ability 
of another crack to be formed in this region. 

Additional evidence of the importance of deformation has been noted in a 
brief survey made by F. Meller and the writer of the path of failure in single 
crystals of this alloy exposed to dilute hydrofluoric acid under relatively low 
stresses (below 5000 psi). The path of failure was in every case related to the 
deformation pattern; however, the crystal plane involved was not in general the 
basal plane. It is important to note that our specimens were not comparable with 
those used by the authors since our crystals were larger so that there was less 
constraint on their plastic deformation. Perhaps the extent of the deformation of 
the grains in the specimen was a significant factor in the tendency noted by the 
authors for failure to be transgranular regardless of heat treatment when the 
grain size was made sufficiently large. 

As to the role of corrosion, mention may be made of the recent proposal of 
Harwood? that the role of corrosion is to provide the initial crack and also to 
reactivate the crack whenever its propagation by the applied stress has been 
halted by a structural barrier. This proposal appears applicable under the con- 
ditions of the authors’ experiments where, with the high stress level employed, 
it would not be unreasonable to assume that a sharp crack could be propagated 
between barriers by stress alone. 

Written Discussion: By E. C. W. Perryman, Metallurgy Branch, Atomic 
Energy of Canada Limited, Chalk River, Ont., Canada. 

The authors are to be congratulated on presenting some extremely interesting 
results. Although it seems very attractive to correlate the stress corrosion sus- 
ceptibility with the presence of the FeAl compound, I think that much more work 


2 J. J. Harwood, Symposium on Stress Corrosion Phenomena, Boston, 1954. To be published 
by the Electrochemical Society. 
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needs to be done before this can be accepted. Although it is possible to obtain 
localized corrosion at the interface of a cathodic compound it seems rather unlikely 
that this could cause stress corrosion cracking. On the other hand such a localized 
corrosion may serve the purpose of forming a point where a stress concentration 
can build up and thus lead to stress corrosion cracking by film formation and 
break down. If the FeAl is acting in this respect localized corrosion in the absence 
of stress should be observed such as I observed in distilled water. Could the 
authors say whether they observed localized corrosion in the absence of stress and 
if so was it transcrystalline for water-quenched and intercrystalline for furnace- 
cooled material and did the type of localized corrosion change with the grain size 
as did the authors’ stress corrosion results. The authors in their discussion suggest 
that the effect of stress is somewhat subordinate to that of electrochemical action. 
This does not seem to be true for the stress corrosion of magnesium base alloys 
in distilled water, for the localized corrosion in the absence of stress does not 
penetrate very far, at the most one or two grains. From this it is apparent that 
stress plays a very important part. 


Authors’ Reply 


Dr. LaQue’s question can be answered by stating that stress-corrosion oc- 
curred in the same fashion whether an external cathode was connected or not. 
That is, the initiation and propagation of the cracks appeared to be controlled 
primarily by local cell effects. Therefore, although corrosion current was meas- 
ured by means of an external electrode, this did not represent all of the corrosion 
current and probably did not represent the more important corrosion current— 
that produced by local cell action. 

The reason for the absence of hydrogen evolution during cathodic protection 
was that the current density was not sufficiently great to allow such evolution. 
From direct observation of the stress-corrosion process however, we have seen 
that the very high current density results in conditions favorable for hydrogen 
evolution. 

In answer to Dr. Mears’ question, we believe that cathodic grain centers may 
account for part of the total corrosion current but because of the slight difference 
in activity between the magnesium-aluminum solid solution and pure magnesium, 
depletion should not cause too much local cell effect. A mechanism which may be 
operative here is one proposed by Evans in which localized attack is explained 
in terms of local pH changes and film formation. With high local current density, 
hydrogen ions will accumulate and cause increased local attack and so stifle any 
tendency for film formation. Since the presence of a cathodic precipitate has been 
shown to influence the type of cracking it must be assumed that these cathodic 
precipitates play a decisive role in the cathodic reaction. This line of thought is 
borne out by the observation of local hydrogen evolution near the tip of the stress- 
corrosion crack. 

The authors are grateful for the illuminating discussion by Dr. Busk. The 
complexity of the problem is indicated and the need for a better definition of the 
role of stress in the determination of cracking path is evident. 

Those remarks concerning the high current density likely at crack tips are 
especially appropriate for, explaining the authors’ belief that corrosive attack 
plays the primary and continuous part in stress-corrosion. The function of stress, 
then is to contribute to the electrochemical reaction by causing tearing of film 
at the crack tip. 
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The authors’ interpretation of the results obtained in this investigation have 
led them to state that electrochemical reactions play a primary and continuous 
role in the stress-corrosion of the J-l alloy under the conditions described. This 
interpretation of results, of course, indicates that stress does not cause purely 
mechanical failure as Mr. Metzger and Mr. Harwood have postulated. It is the 
authors’ belief that the role of stress is a secondary one in that it contributes to 
the electrochemical reaction by tearing films. It seems reasonable that plastic 
deformation caused by stress concentrations could take place along certain pre- 
ferred crystallographic planes for large-grained material and at grain boundaries 
for small grain material but the precipitation of cathodic phases in locations which 
completely explain the type of cracking makes a very strong case for a primary 
role for electrolytic reaction. 

As suggested in the discussion it does seem likely that the extent of the 
deformation of the grains in the specimen is a significant factor in the trans- 
granular cracking of specimens larger than ASTM grain size 7 but the authors 
cannot comment on this since the investigation did not cover this particular aspect. 

Mr. Metzger’s comments and suggestions should prove of interest to future 
workers in the field of stress-corrosion. 

With regard to the discussion contributed by E. C. W. Perryman, the link- 
ing of the presence of the FeAl compound with a propensity for transgranular 
stress-corrosion has been borne out by investigations at the Dow Chemical 
Company ** as well as in the work under discussion. This interdependence 
now seems fairly well established. It is possible, even likely, that film break- 
down caused by plastic deformation at the crack tip contributes significantly to 
the total electrochemical reaction. It is the authors’ opinion that the FeAl pre- 
cipitate also contributes significantly since the crack direction apparently is 
determined by its location. 

Stress was assigned a subordinate role because it only contributes to the 
overall electrochemical mechanism by causing film breakage and consequent local 
cell action between large filmed areas and extremely small film-free areas at the 
crack tip. In order for stress to be assigned a primary role it would be necessary 
to show that strictly mechanical failure occurs as the major mechanism of stress- 
corrosion. The authors do not believe this to be true. This distinction of mech- 
anism is arbitrary and statements concerning the relative importance of stress or 
electrochemical reaction should be examined with reference to this distinction. 

Observations of localized corrosion in the absence of stress were not made 
in this investigation but it is interesting to note the corrosion of magnesium cast- 
ings has been reported by Beck * as occurring on the basal plane. 


®R. D. Heidenreich, G. H. Gerould and R. E. McNulty, “Electron Metallographic Methods 
and Some Results for Magnesium Alloys,” Transactions, American Institute of Mining and 
Metallurgical Engineers, Vol. 166, 1946, p. 15. : 

4 Research Laboratory, Dow Chemical Company, Private Communication. 

5A. Beck, The Technology of Magnesium and Its Alloys, London, F. A. Hughes and Co., 
Ltd., 1940, p. 275, 295. 








THERMODYNAMICS OF BINARY INTERSTITIAL 
SOLID SOLUTIONS 


By RUDOLPH SPEISER, AND J. W. SPRETNAK 


Abstract 


The thermodynamics of binary interstitial solid solutions 
is treated theoretically, taking into account strain energy and 
compound formation. It is shown that the interstitial solid 
solubility of the metalloids is less in body-centered cubic 
metals than in the close-packed metals, principally because of 
the greater strain energy in the former crystalline structures 
than the latter. As a consequence, the body-centered cubic 
crystalline phases are relatively less stable than the close- 
packed crystalline phases in binary alloys such as tron-carbon, 
iron-nitrogen, titanium-carbon,  titanium-nitrogen, and 
titanium-oxygen. The directions of the solvus lines are ex- 
plained by this concept. 


INTRODUCTION 


HE thermodynamics of binary substitutional solid solutions has 

been treated theoretically by a large number of investigators, 
whereas the thermodynamics of interstitial solid solutions has received 
relatively little attention (1).4 Darken and Smith (2) have made a 
statistical mechanical treatment of the solid solubility of carbon in iron- 
carbon alloys and have calculated the activity of carbon in solid solution 
taking into account nearest neighbor interstitial interaction. Zener (3) 
has considered the thermodynamics of interstitial solid solutions in 
medium-alloy steels. However, the effect of strain energy and com- 
pound formation has not been explicitly considered in the thermo- 
dynamic formulation of interstitial solid solutions. 


TREATMENT OF INTERSTITIAL SOLID SOLUTIONS 


Equilibrium diagrams of the interstitial alloys usually exhibit the 
existence of one or more stable compounds in addition to a rather re- 
stricted solubility of the solute in the solvent. Compound formation be- 
tween the first row nonmetallic elements and the transition metals is 
to be expected because of the complementary electronic structure of 


1The figures appearing in parentheses pertain to the references appended to this paper. 


This research is sponsored by the Aeronautical Research Laboratory, Wright Air Develop- 
ment Center, under Contract No. AF18(600)-94. 
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these elements and because of the large differences in the electronega- 
tivity in some instances. It seems best to formulate the free energy 
functions of the solid solution and of the compound using the con- 
ventional thermodynamic standard states for the pure components 
(but always with reference to one gram-atom of pure component, so 
that in the case of a diatomic gas like oxygen one would take one-half 
of the usual value for one gram-mole of oxygen gas in its standard 
state). Then one approximate free energy function can be devised for 
the interstitial solid solution and another function for the compound 
with which it is in equilibrium. (A single free energy function effec- 
tively describing the state of the system over the whole composition 
range is not feasible, since the crystal structure and the bond type are 
in general not the same for the solid solution and the compound. It is 
possible for example to consider a hypothetical or supersaturated in- 
terstitial solid solution of the same composition as the compound, but 
differing in structure. Of course, solutions showing some degree of 
supersaturation may actually be observed, and represent metastable 
systems.) The process of alloy formation can be represented by ex- 
pressions of the type 

C (graphite) = C (g) 


C (g) + M (s) M (C in solid solution) 
aM(s) + bC(g) = M.Ci(s) Equation 1 


for a solute which is solid in its standard state, and 


O2(g) = 20(g) , 

O (g) + M(s) = M(O in solid solution) 

aM(s) + % bOs(g) = M.Or(s) Equation 2 
for a solute which is gaseous in its standard state. 

The energetics of the formation of an interstitial solid solution 
can be represented diagrammatically by the energy level diagrams in 
Fig. 1. That is, in the case of the interstitial solid solution of elements 
such as boron or carbon, it may be considered that the solute is first 
sublimed to an ideal monatomic vapor (with the atoms in a definite 
electronic state) which requires the absorption of energy equivalent to 
the heat of sublimation; the atoms of the vapor are then dissolved in 
the interstices of the metallic crystal. However, in this second step it is 
useful conceptually to distinguish between the interaction energy, 
AHint, Of the solute atom with the metal atoms due to forces of an 
essentially chemical or electrical nature (bonding, polarization, etc.), 
and the elastic strain energy, AHgtrain, stored in the crystal as a result of 
the deformation of the lattice by the solute atoms, since the latter can 
be treated, at least approximately, by the methods of elastic theory. The 
algebraic sum of these terms is the overall heat of solution. In the case 
of solutes such as Oz or Ne, the heat of dissociation is the proper 
quantity to be used rather than the heat of sublimation. The enthalpy 
of the system consisting of 1 g-atom of metallic crystal (N atoms, 
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where N is Avogadro’s number), and ne g-atoms of solute (Nz = Nne 
atoms), may then be written as 


H**' = H,° + ne He” + mg (AHn® + AHiat.° + AHotrain’ ) 

Equation 3 
where H,° and H2° are the molal enthalpies of the pure metal and pure 
solute in their standard states, the AH®’s are molal values and AHp° 
is the heat of sublimation or dissociation. It is assumed that the solution 
is sufficiently dilute so that the heats of solution at infinite dilution can 
be used ; i.e., the contributions of the solute atoms are additive. Other- 
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Fig. 1—Models for the Energetics of Formation of 
Interstitial Solid Solutions. 


wise it would be necessary to introduce partial molal heat contents, 
which are ordinarily not known for solutions in metals, and in any case 
probably do not differ significantly from the values at infinite dilution, 
for the small solubilities considered. 

In order to obtain the free energy, the entropy of the solid solution 
is also required. The treatment of the entropy is based on the assump- 
tion, consistent with the third law of thermodynamics, that at the abso- 
lute zero of temperature the entropy of the solid solution would be 
simply the configurational entropy associated with the disordered ar- 
rangement of the solute atoms in the lattice, which we write as S°™, 
At temperatures above 0 °K the crystal will possess vibrational entropy 
associated with the vibrational modes of the crystal, and possibly addi- 
tional entropy associated with degenerate or excited electronic states. 
If, as will usually be true, the pure solvent crystal obeys the third law, 
and has zero entropy at 0°K, then its standard entropy (per mole), 
Si°, at a given temperature, representing the vibrational (and elec- 
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tronic) entropy of the pure crystal, may be taken as a first approxi- 
mation to be the entropy possessed by the solid solution over and above 
the configurational entropy. In this approximation, then, the entropy 
of the solid solution (containing one mole of solvent) would be 
Si° + Set, In a higher approximation one should include: (a) a cor- 
rection for the effect of the solute atoms on the vibrational (and pos- 
sibly electronic) entropy of the crystal; (b) the direct contribution, if 
any, of the solute atoms to the entropy. The addition of solute atoms 
increases the number of vibrational modes of the crystal, and at the 
same time alters the masses and force constants (the latter effect is 
related to the strains produced by the solute atoms), so that the effect 
(a) may be of some significance. Under (b) would be included entropy 
associated with degenerate or excited electronic states of the solute 
atoms (or ions) as they exist in the solution. The sum of corrections 
(a) and (b) will be denoted by So* (per mole of solute atoms). The 
total entropy of the dilute solid solution will then be 


See? — S,° + nsS,* + S*™* Equation 4 


If the solute is crystalline in its standard state (for example, carbon), 
then the standard state entropy, S2°, probably provides a reasonable 
approximation to Se*, since S2° represents vibrational (and possibly 
electronic) entropy of the pure solute crystal. However, if the solute 
is gaseous in its standard state, and particularly if the gas is diatomic 
and the solute monatomic (for example, oxygen), then there should be 
little relation between Se° and S2*. In this case one might take as an 
approximation to S»* the standard entropy of the dissociated mon- 
atomic gas, which can be written Se° +ASp°, where ASp° is the stand- 
ard entropy of dissociation. The translational entropy of the monatomic 
gas would then serve as a rough correction to the vibrational entropy of 
the crystal (half the equipartition value for the added degrees of vibra- 
tional freedom). Whether the electronic entropy, if any, of the mon- 
atomic gas should be carried over into the crystal depends on the 
strength of interaction of the solute atoms with the lattice atoms. The 
formation of chemical bonds would, in general, completely alter the 
nature of the electronic levels, and even without bond formation the 
crystalline electric field could split degenerate levels and shift their 
energies appreciably. 

The configurational entropy of the solid solution will now be cal- 
culated by a method which is approximate, but is certainly preferable 
to the use of the usual ideal entropy of mixing for two components.? 
The number of interstitial holes per metal atom will be noted by 
6(6=1 for the, Octahedral, Oy, holes in a face-centered cubic or 
close-packed hexagonal lattice, and 6 = 3 for the tetragonal, D4, holes, 


2 See Darken and Smith (2) for a statistical mechanical treatment of the entropy of mixing 
in y — Fe. 
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and 6 for the (%44%40), Say, holes, in a body-centered cubic lattice). 
If N is the number of solvent atoms, then the number of interstitial 
holes is 6 N. It is assumed that a solute atom occupying a hole excludes 
the occupation of z’ neighboring interstitial holes by other solute atoms 
(because of the distortion of the sites adjacent to an occupied site). 
According to this model, the maximum number of solute atoms which 
the crystal can accommodate will be No(max) = (@N/z). Where 
z=z’ + 1 in actual cases it is expected that the solution will become 
saturated with respect to compound formation long before this “maxi- 
mum” concentration is reached. However, the exclusion of neighboring 
sites by occupancy of a given hole does affect the configurational 
entropy, and therefore, the solubility. Thus, the number of configura- 
tions, or thermodynamic probability, is 


“ _9N(@N —z)(@N —2z).... (@N —{Nz—1}z) 


3 (2) N2! 
Ns)! 


NA! 
where N is the number of solvent atoms assumed equal to Avogadro’s 
number, and Ne is the number of solute atoms. If z is set equal to unity, 
then the equation for the number of configurations, W, is similar to 
ne previously derived by Zener (3). The configurational entropy of 
the system of N metal atoms and N» solute atoms is then 
Scent. = Ie In W 


No 6 Ne N2 0 
“RYN inaty in —y in -(G-y) EN) 
es 8 6 . 
» thin aft -aolSa 1)-S in + Equation 6 


ere k is Boltzmann’s constant, R the molal constant ( = Nk), and 
» = Ng is the ratio of solute atoms to metal atoms in the alloy (not 


N 
the mole fraction, which will be designated by x2). It will be noted 
that the right-hand side of Equation 6 becomes meaningless if x,’ 
exceeds @/z, which corresponds to the “maximum” concentration 
previously referred to. 











Equation 5 
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From Equation 6 
Scent =0, at xs =() 


sew =R }P In 2, at x’2.= 


and 


Nis 


Equation 7 


The maximum configurational entropy is obtained at x’2=@/(l+z), and _is 


Goce! oe R “in (1+2z) Equation 8 


Differentiation of Equation 6 shows that the derivative of the configu- 
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rational entropy with respect to x2’ is + o at xo’ = 0, and — o at 
Xo’ = 6/z. The infinite slope of the configurational entropy curve at 
x2’ =0 is in accord with the thermodynamic requirement that the 
partial molal free energy, or chemical potential, approach — oc at 
zero concentration. However, little physical significance can be attached 
to the detailed form of the entropy curve in the neighborhood of 
X2 — 6/z, in view of the crudeness of our model. For z = 1, the occu- 
pation of sites adjacent to an occupied site is not restricted in any way, 
and Equation 6 reduces to 


Soomf = —R{x’.Inx’, + (6 —x’2)In(6 —x’2) —Olnd} Equation 9 


This is equivalent to the ideal entropy of mixing of Ne occupied holes 
and (8@N —Nge) vacant holes, which is 





SCont k }Naln #4 (ON Na) In (FA) 





ON 
=—R }x' In + (0—x's) In C= ‘\t 
= —R{x’, In x’2+(@—x) In (@—x’,) —6ln6} Equation 10 


For @ = 1, as it is in the face-centered cubic lattice, 
Cent = —R{x’, In x’2+(1—x’2) In (1—x’2)} Equation 11 


The entropy function of Equation 6 is asymmetrical with respect t 
xo’ = % for all values of z>1, whereas the function described by 
Equation 11 is symmetrical. The magnitude of z will depend principal! 
upon the ratio of the solute atom diameter to the diameter of the inter 
stitial hole (and to a small degree upon the repulsive force betwee: 
solute atoms): the larger the size ratio, the larger the value of ; 
and consequently the greater the asymmetry of the entropy function 
In Fig. 2, the entropy is plotted as a function of x.’ for several value: 
of z and 6=1. The curve for z=1 extends to xo’ = 4, the other 
curves to Xe’ = 6/z. 
The free energy of the interstitial solid solution is defined as 


Feel = Hse! — TSs0l Equation 12 
Combining Equations 3, 4, 6 and 12 yields 
Feo! = H,°+n2H,° +n2(AHp® +AH° int FAH strain) 


+RT \x' In( 2) +(2 ~x':) In (: -x's) ae In t 
Zz z Zz 2 


—TS,° —nTS,.* Equation 13 


In order to apply a well-known graphical method (4) for the study of 
solubilities and other phase equilibria, it is convenient to deal with the 
free energy of the system per mole of total components. We therefore 
divide both sides of Equation 13 by n =n, + ng=— 1 + ng, noting that 
1/n is the mole fraction, x,, of the solvent, and ne/n is the mole frac- 
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Fig. 2—Configurational Entropy as a Function of 
the Parameter z Representing the Exclusion of Nearest 
Neighbor Interstitial Holes to Solute Atoms. 


tion, Xe, of the solute. The factor 1/n multiplying the configurational 
entropy term is conveniently expressed as 1/(1-+ x2’). Then 


Fe! , =xiF 1° +xeF o* +x2(AHp° + AH int + AH strain) 
RT ‘ 6 6 a. . 
+>, xin <?4(2—-x') In (¢ -x'r) ——lIn Equation 14 
where F,° = H,° — TS® is the standard free energy of the pure 
solvent crystal, and F2* = H2°* — TSo* is a hybrid free energy for 


the solute having no simple interpretation. For the method referred to, 
Feel/, is best regarded * as a function of the concentration variable x, 


* It should be noted that the third term in Equation 14 (the heat of solution) is a linear 
function of the composition rather than the usual quadratic function used for regular solutions. 
That is, the coefficient of this term is xe, rather than x1x2 == x2 —x2*. This is justified for the 
dilute solutions with which we are concerned. For more concentrated solutions an x2? term 
should be added, but there exists as yet no data for the determination of the coefficient of this 
term. The form x1x2 assumes that the coefficient of x2? is the negative of the coefficient of xe, 
and would seem to have little justification for interstitial solid solutions. For substitutional 
Solid solutions, with miscibility over the entire range 0Sxe=1 the form x1xe is convenient since 
it vanishes at x2 = 0 and at xe = 1, where the enthalpy reduces to the standard state en- 
thalpies H: ° and He °, respectively. However, for an interstitial solid solution, x2 = 1 corre- 
sponds, in general, to a completely hypothetical lattice of solute atoms, with an enthalpy having 
no relation to the standard state enthalpy He °, and there is therefore no basis for the form x1xe. 
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although it is convenient to express the configurational entropy term in 
terms of x2’. The relation between these two variables is xe’ = x2/x; = 
X2/(1—xe2). The factor 1/(1-+ x2’) in the configurational entropy 
term increases the asymmetry of this term somewhat further. 

It will be convenient to denote by B the heat of solution terms 
other than the strain energy, so that 


8 =AHp°+AH* int Equation 15 





AHp° is usually known, so that the value of 8 could be obtained if 
AH°jn¢ could be estimated. Conversely, a determination of 8 (for exam- 
ple from solubility data) would yield a value for AH°;n¢. The strain en- 
ergy can be estimated by a method described by Lawson (5), Prescott 
(6),and Frenkel (7). If one considers the solid solution as a continuous 
elastic medium in which the interstitial positions are holes of radius R, 
then AH° strain (per mole of solute atoms) is the work necessary t 
force N (N = Avogadro’s number ) spheres of radius R, into N of thes« 
holes. Then 


AH wrain=34--GN = 8rRo(R; — Ro)?GN Equation 16 
where G is the modulus of rigidity and it is assumed that AV = 
4rR,"AR and V,= %zkR,?. This work is stored in the lattice as strai: 
energy. It should be noted that the strain energy is always positive an: 
therefore causes a positive deviation from ideal solution laws. Sub 
stituting Equations 15 and 16 into 14 gives 


. = xiF,° +xF2* +x2(8 +AH° strain) 
EG ee ee. Nee 
+ayyyyeln - +(4 '2)In( x's) 7 in +t 
Equation 17 
In the treatment of solubility it is convenient to deal with the fre 
energy of formation of a mole of solution from the components (ele 
ments) in their standard states (at the same temperature), or 


l 
AF;*°! == — 
n 





—x,F 1° —x2F,° Equation 18 


Equations 17 and 18, together with the relation F2* — F2° = 
—T(S2* — S2°), yield 
AF ;*°! =x2(8 +AH strain) —x,T (S,* —S:°) 
+RT§_,, x2, /8_., 2h OS 
A eas (Pn) n(2) tt 


Equation 19 


The nature of the entropy term S2* — S?° has been discussed in some 
detail previously. This term is likely to be considerably less important 
in determining solubility than the others, but it can be estimated if 
necessary. 

An illustrative plot of AF;°°! versus x2 is shown in Fig. 3, where 
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the heat and configurational entropy terms, and their sum are shown 
separately. As is well known, (4) a tangent to the AF! versus x2 
curve has intercepts at x2=0O and xe=1 of F,'"'—F,° and 
F,8°! — F2°, respectively, where the partial molal free energies, Fy! 
and F.*, refer to the composition, or value of xe, at the point of 
tangency. 

Now suppose that the solution is in equilibrium with a solid com- 
pound formed from the same components. The free energy of for- 
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to the Free Energy Plotted as a Function of Solute 
Composition. 
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Dashed Line Depiciting the Case of a Less Stable 
Compound. 


mation (per mole) of the compound, AF;°, which can usually be de- 
termined by thermodynamic measurements, may be thought of as a 
point on the AF; versus xg plot at the value of x2 corresponding to the 
stoichiometric composition of the compound. More accurately, how- 
ever, the compound can deviate from the stoichiometric composition to 
a lesser or greater extent, and AF;* should therefore be represented by 
a curve having, in most cases, an extremely sharp minimum at the 
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stoichiometric composition.* A tangent to this curve will have inter- 
cepts F,°— F,° and F2*— F2°, where F,° and F».° are the partial 
molal free energies in the compound. This conclusion is thermodynami- 
cally exact, regardless of whether the form of the curve is known. The 
compositions at which the solution and compound are in equilibrium, 
and therefore the solubility of the solute (not the compound) in the 
solid solution in the presence of the solid compound, is obtained by 
drawing a common tangent to the AF; curves for the solution and com- 
pound. For, since this tangent is common to both curves, its intercept 
at X2 = 0 is equal to F,%° — F,° at x2"**, and also to F,° — F,° at xo° 
(essentially). Therefore Fy (at x2**) = F,¢(at x2°). Here xp*** rep- 
resents the composition of the saturated solution, and xe° the stoichio- 
metric composition of the compound. Similarly, from the intercept at 
X2g= 1, Fo8"(at xo***) = F2*(at x2). But these are just the thermo- 
dynamic conditions of equilibrium for the two phase system. 

As a result of the extreme sharpness of the minimum in the AF;° 
curve, one may assume for practical purposes that the point of tangency 
on this curve coincides with the point representing the stoichiometric 
compound (abscissa, x2°; ordinate, AF;*°). The determination of the 
solubility (4) then reduces to the problem of constructing a line which 
passes through the latter point and is tangent to the free energy of 
formation curve for the solution, as given, for example, by Equation 19. 
This construction is illustrated in Fig. 3. It is evident from this con- 
struction that the greater the free energy of formation of the com- 
pound, the steeper the slope of the tangent line, and therefore the lower 
will be the solubility of the solute in the solvent. Thus the existence 
of a compound in an equilibrium diagram usually implies a low solid 
solubility. If the deformation in the lattice is large, the strain energy 
is large, and z is also large. The effect of these two factors is to move 
the minimum of the free energy function for interstitial solid solution 
toward the composition, x20, thus moving the point of tangency 
toward still lower solid solubility limits. Although the strain energy is 
a linear function of the composition at low a it must rise 


very rapidly as xo’ —-> 6/z or z2 > a ; this is in conformity 


with the model used for calculating the configurational entropy. 

An approximate analytical expression for the interstitial solid 
solubility limit is readily obtained from the construction just described, 
al illustrated in Fig. 3. The intercepts of the tangent line are 


F,%! — F,°, at x20 and F,%! — F2°, at x»=1. The geometry of 


* It is likely that the half-width of this curve varies inversely as AFr*, so that it might 
be represented qualitatively by an error function of the form 
AF rcexp [—_ (xa—xe*) 2(AFre/RT)?). 
where xa* is the stoichiometric composition. As AFr* increases without limit this becomes a 
“delta” function. 
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similar triangles yields the proportion 





‘F,sol _f,°) — (F,s0l _ f° —(F,501_ F,° 
(Fs “er —ve 1 Ses som FY) Equation 20 

1 X2° 
If the assumption is made that F,*°! ~ F,°, which is a good assumption 
for dilute solutions, 


F,*°! =F,° +26 Equation 21 


F.%°! may be obtained by differentiating Equation 17. However, it is 
first necessary to multiply Equation 17 by n( =n,-+ ne) to obtain 
F*l the total free energy, and also to express x2 and x’ explicitly in 
terms of n; and ng. One then obtains 





Pe Fsol 
F,*! = (= Vn =F;*+8+AH° strain 


One 
x's 6 ° 
+RT} In--—In (2-x:)f Equation 22 
Equations 21 and 22, and the relation F2* — Fe° = —T(Se* — S2°), 


now yield 
B-+AH® strain —T(Se*—S:°) + RT jin<?—In (¢-x:){ 
AF¢ 


= —— Equation 23 
x2° 


Dividing both sides of Equation 23 by RT and solving for x9’ 


*_S° 
exp} ar (72 —B—AH"weain )f exp (> 2 ) 


xo= ° 
1+zexp | ay (SS -8- AH* asain) texp (* nS) 


Equation 24 














X2 





But remembering that xo” = , one obtains 


| — x- 


» 
- 





6 exp (—K/RT) exp (* =. ) 





x2> 








S. © 0 
1+(6+z) exp (—K/RT) exp > — ) Equation 25 
: AF¢ 
where K = (8 + AH? strain — : K is usually a rather large 
X2 


positive number, in interstitial alloys, so that 





* Co 
X26 exp (—K/RT) exp (> = ) Equation 26 


If the first approximation to x2, given by Equation (26), is denoted 
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Fig. 4—Solubility of Cementite in Gamma Iron Plotted as a 
Function of the Reciprocal of the Absolute Temperature. 

Data from R. F. Mehl and C. Wells: Constitution of 

High Purity Iron-Carbon Alloys, Trans. AIME (1937), 125, 429. 
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Data from Metals Handbook (1948), American So- 
ciety of Metals, Cleveland, Ohio. 
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by x2, Equation (25) may be written 


1 
Xe" ) 


os 7 os _ _f Zz (>. 
Tt. = 14+ (142) xe xe” [1 (1 + = )x o | 


— x™, —(1 + . ) [x™,]2 


which shows the effect of z. Equation 27 


Equation 26 is similar to the expression derived by Zener (3). 
AF; is usually negative, although in the case of metastable interstitial 
compounds such as FesC it is positive. 8 can be either positive or 
negative, and AH° strain is always positive and has an order of magnitude 
of about 1 to 20 kcal. In most interstitial solid solutions, K/RT is a 
large enough positive number so that the solubility limit as given by 

‘quations 25 or 26 is low. Furthermore, a plot of the In xevs. 1/T 
should yield a straight line if K/RT is large and positive (assuming 
hat K does not change very rapidly with the temperature). This kind 
f functional dependence of the solubility upon the temperature is ob- 
erved for many binary systems. For example, data (8) for the com- 
osition of austenite in equilibrium with cementite (Fig. 4) yield an 
xcellent straight line as predicted and yield a K of —5.2 kcals and a 
Se*¥ — Se°. ; ; ' 
R ) of = 0.2. In this case, @ is equal to unity 
aos 
ie 
This treatment can be easily extended to the case of equilibrium 
etween two crystalline phases at a given temperature, such as the 
juilibrium between the alpha and gamma phases in an Fe-C alloy. 
'tilization of Equation 25 or more approximately Equation 26, and 
mission of the entropy terms, lead to the expression 


I I KI+KlU 

X2 6 — . ° ‘ 

i oe —— os Oe tecaseeagseiaeenem Equation 28 
x Il gil P RT 








alue of 6 exp ( 


) that exp ( 





=~ 0.2 and (S2* — Se°) = 2.4 cal/deg mole. 


Where superscripts I and II refer to the phases I and II in equi- 


librium, and K is the equilibrium constant for the reaction I = II. 
If it is assumed that phases I and II differ only in crystal structure 
and that the chemical interactions between the solute and solvent are 


identical in the two phases, Equation 28 reduces to the approximate re- 
sult 





I 6! = I i iT, rain . 
= exp ( AH tetrain + AH ) Equation 29 


xg ~ gt RT 
That is, the ratio of the solubility of the solute element in the two 
phases at equilibrium at a given temperature is principally a function of 


the difference in the interstitial strain energy in the two crystalline 
phases. 


a2..4 4.424 22°44 %4 4. «2 
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Table I 


Comparison of Solubility in Several Lattice Types 
Crystal Solid solubility limit 
Solute Solvent structure (weight per cent) 
N y - Fe f.c.c. 2.35 at 590 °C 
N a- Fe b.c.c. 0.10 at 590 °C* 
c vy - Fe f.c.c. 0.80 at 732 °C» 
eS a - Fe b.c.c. 0.02 at 732 °Ce 
e a - Ti h.c.p. 0.45 at 920 °C4 
Cc B - Ti b.c.c. 0.07 at 920 °C4 


a V. G. Paranjpe, M. Cohen, M. B. Bever and C. F. Floe, ‘““The Iron-Nitrogen System,” 
Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 188, 1950, 
. 261. 
' ’C. J. Smithells, Metals Reference Book, Interscience Pub. Inc., N. Y. 1949. 

e J. K. Stanley, “The Diffusion and Solubility of Carbon in Alpha-Iron,”’ Transactions, 
American Institute of ng and Metallurgical Engineers, Vol. 185, 1949, p. 752. 

4R. I. Jaffee, H. R. Ogden and D. J. Maykuth, “Alloys of Titanium with Carbon, 
Oxygen and Nitrogen,” Transactions, American Institute of Mining and Metallurgical 
Engineers, Vol. 188, 1950, p. 1261. 
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Fig. 6—Effect of Carbon, Oxygen and Nitrogen on the Beta 
to Alpha Transformation in Titanium. 
Data from R. I. Jaffee, H. R. Ogden and D. J. 
Maykuth: wi of Titanium with Carbon, Oxygen and Nitro- 
gen, Trans. AIME (1950), 188, 1261. 
Xo! 4 
It is evident that if AH" strain >AH "strain, then a > pit and the 


solvus line will have a negative slope; whereas if AH! strain << AH" strain, 


2 g! ‘ ’ as 
then =i < ait and the solvus line will have a positive slope. 


The former case is illustrated by Fe-C and Fe-N alloys (see 
Fig. 5). In these cases phase I is a-Fe and phase II is y-Fe. The inter- 


stitial strain energy in (b.c.c.) a-Fe is considerably greater than the 
strain energy in interstitial (f.c.c.) y-Fe*. The relative solubilities of C 


* See bottom page 507. 
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and N in a-Fe and y-Fe are given in Table I, and it can be seen that 
this expectation is borne out by experiment. 

The latter case is illustrated in the case of Ti-C alloy (see Table 1). 
The solubility of C in a-Ti (h.c.p.) and B-Ti (b.c.c.) can again be pre- 
dicted from the relative strain energies in these two structures. The 
directions of the solvus lines for Ti-C, Ti-N and Ti-O alloys are 
depicted in Fig. 6. The strain energies could be estimated with the aid 
of Equation 16 if the modulus of rigidity at a given temperature were 
known. 

The authors wish to acknowledge the invaluable aid of Dr. W. J. 
Taylor in writing this paper. 
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* In b.c.c. structures, the largest interstitial hole is a flattened octahedron. In one direc- 
tion, the hole is very small: (1—V34 Ja (a is the lattice parameter) or a hole diameter/atom 


diameter = (1— v2) = 0.154. Es 

In f.c.c. structures, the largest interstitial holes are regular octahedrons. The hole diameter/ 
atom diameter is a H= 0.414. 

The largest interstitial hole in h.c.p. structures likewise has a hole diameter/atom diameter 


= 0.414. Therslore. it is evident that the strain energy will be considerably greater in b.c.c. 
than in close-packed structures. 
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INFLUENCE OF SUBSTRUCTURE ON THE SHAPE 
OF THE CREEP CURVE 


By Tuomas H. Haz.Lett AND Rosa D. HANSEN 


Abstract 


Pure nickel and solid solution nickel alloys were strained- 
controlled amounts in tension at room temperature, given a 
recovery anneal and then crept at 700°C (1290°F). The 
amount of initial strain was considered to be an index of the 
amount of substructure present in the specimen when the 
creep test was started. Resultant creep curves were correlated 
to show the effect of the amount of substructure. The shape of 
the curves varied drastically with different amounts of sub- 
structure. Varying the alloy content has also been shown to 
affect the influence of substructure on the shape of the creep 
curve. 


INTRODUCTION 


LARGE amount of research effort has been expended during the 
past few years in investigating the mode of formation and the 
nature of substructure in metals. Ever since the early work of Wood 
(1)? and of Cahn (2) the interest in this subject has been steadily 
increasing. Essentially all of the results published to date have been 
qualitative in nature, and they have usually been obtained with single 
crystals or with very coarse-grained polycrystalline material. 
Quantitative data have been recently presented (3), however, 
which seemed to show the effect of induced substructures on the tensile 
properties of both polycrystalline high purity nickel and a solid solution 
nickel-titanium alloy. This investigation demonstrated that a con- 
trolled amount of substructure could be produced in these materials 
by room temperature straining followed by a high temperature recovery 
anneal. Tensile properties of pure nickel treated in this manner are 
shown in Fig. 1 and of the alloy in Fig. 2. An almost linear increase 
of flow stress was obtained with increasing prestrain. 
Quantitative measurements of the amount of substructure present 
in the prestrained and recovered specimen revealed that the sub- 
structure was also increased by increasing the prestrain as shown in 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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held in Chicago, November 1 to 5, 1954. The authors, Thomas H. Hazlett and 
Rosa D. Hansen, are research engineers, Minerals Research Laboratory, Depart- 
ment of Engineering, University of California, Berkeley, Cal. Manuscript re- 
ceived April 5, 1954. 
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Fig. 3. From these data it may be concluded that the tensile strength 
of a given material is greatly dependent upon the substructure state, 
i.e. the larger the amount of substructure, the greater the strength. 
This conclusion is supported by the curves of Fig. 4 which show that 
the flow stress increases as the amount of stable substructure increases. 

The investigation reported in the present paper was undertaken 
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Fig. 1—Effect of Prestrain and Recovery Treatment on 
Strength of Pure Nickel. 


‘o determine the effect of the substructure state on the creep properties 
ot pure nickel and some solid solution nickel alloys. 


Test PROCEDURE AND RESULTS 


Tandem gage length specimens of the type previously described 
(4+) were used for this program. All room temperature tensile strains 
were measured with extensometers which clamped directly onto the 
three inch long reduced section of the specimens. Creep tests were made 
at 700°C (1290°F) and 5750 psi constant applied stress using the 
creep strain measuring techniques and test equipment also described 
in the previous paper. 
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Fig. 2—Effect of Prestrain and Recovery Treatment on 
Strength of Nickel-Titanium Alloy. 


Nickel of 99.95% purity was used for the most detailed study, but 
several solid solution alloys were also investigated to a lesser degree. 
These are listed in Table I. 

The test specimens were fully annealed in air at 1150°C 
(2100 °F) for one-half hour after machining. These were then tensile 
strained various amounts at room temperature (hereafter this initial 
straining will be referred to as “prestrain’’) and recovered for one 
hour at 800 °C (1470°C). Some of these specimens were then tensile 
tested at room temperature and others subjected to creep tests. 





Table I 





Alloy Alloy Addition in 
Series Atomic Per/Cent 
Ni-Ti A% Ti 
Ni-Fe 5% Fe 
Ni-Co 2%% Co 


20% Co 
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RESULTS 


Tensile properties resulting from this treatment have already 
been shown in Fig. 1 for pure nickel. Similar results were obtained 
from tests on the alloys. It may be noted in Fig. 5 that the tensile prop- 
erties of these alloys also increase regularly as the amount of prestrain 
increases. The very slight difference between the indicated yield 
strength of the pure nickel and that of the 2.5% cobalt alloy is in ac- 
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Fig. 3—Change in Density of Subboundaries Produced 
by Indicated Amount of Prestrain Followed by an 800 °C 
Anneal. 


cordance with the results from previous studies (5) which showed that 
the addition of even substantial amounts of cobalt had very little effect 
on the tensile properties of nickel. 

Creep curves obtained from prestrained and recovered specimens 
of pure nickel are shown in Fig. 6 where it may be seen that the shape 
of the creep curve is drastically affected by the amount of prestrain. 
The form changes from a normal curve which exhibits a continuously 
decreasing creep rate to one which has a continuously accelerating rate. 
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Fig. 4—Relationship between Density of Subboundaries and 
Flow Stress for Pure Nickel and a Nickel-Titanium Alloy. 


This change in behavior for different states of the material is als: 
illustrated by the behavior of solid solution alloys as shown in Figs. 7, 
and 9. 

The creep curves in Fig. 10 show that the shape is dependent upot 
both the amount of prestrain and alloy content. These data were ob 
tained from tests on two different nickel-cobalt alloys and on pure 
nickel, all of which had been prestrained 4% and recovered before 
creep testing. 


DISCUSSION OF RESULTs 


There has been a renewal of speculation during the past two years 
as to the true shape of the creep curve obtained under conditions of 
constant stress. Lubahn (6) pointed out that the region of constant 
or “secondary” creep rate was probably fictitious for creep specimens 
tested under conditions of constant stress; the creep rate changes con- 
tinuously. Carrecker’s data on platinum (7) and Lubahn’s results 
(8) on mild steel substantiated this hypothesis. 
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Fig. 5—Change of Flow Stress Produced by Indicated Amounts of 
Prestrain Followed by an 800 °C Anneal. 
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Fig. 6—Effect of Prestrain and Recovery Treatment on Creep Curves of Pure 
Nickel. 


They proposed that the initial portion of the creep curve could be 
adequately described by a power equation of the form E = At? in which 
E = total strain and t =time, while A and b are constants. Subse- 
quently, Hazlett and Parker (4) and Bhattacharyya, Congreve and 
Thompson (9) independently proposed that this equation should be 
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Fig. 7—Effect of Prestrain and Recovery Treatment on Creep Curves of 
Nickel-Titanium Alloy. 
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Fig. 8—Effect of Prestrain and Recovery Treatment on Creep Curves of 
Nickel-Iron Alloys. 


modified to consider the initial strain that occurs due to the application 
of the load. Their equation has the form E—E, = At” where E, = 
instantaneous strain and the other terms are the same as previously 
defined. Although this equation still appears to be valid for fully 
annealed, metallurgically stable materials, the test results reported in 
the present paper may clarify some apparently contradictory results 
obtained by other investigators. Grant (4), in discussing the paper by 
Hazlett and Parker, presented creep data on high temperature alloys 
which departed quite drastically from the behavior predicted by the 
proposed equation. In another discussion of the same paper, Roberts 
argued that a true constant creep rate region does exist, particularly 
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Fig. 9—Effect of Prestrain and Recovery Treatment on Creep Curves of 
Nickel-Cobalt Alloy. 
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Fig. 10—Effect of Alloy Content on Creep Curves of Prestrained Nickel- 
Cobalt Alloys. 


under conditions of high temperature and/or low stress. The data 
presented in Figs. 6 to 10 might appear to substantiate these views, 
but the varying shapes in this case may be specifically attributed to the 
different substructure states existing in the specimens at the start of 
the creep test. Since these substructures persist even at relatively high 
temperatures, it seems probable that in the cases cited by both Grant 
and Roberts, the apparent straight line portion of the creep curve was 
due to the existence of an uncontrolled and unknown amount of sub- 
structure present in the original material. 


Although only the pure nickel data, Fig. 6, is sufficiently complete 
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to define the precise prestrain required to make the creep curve linear, 
it appears that all of the materials tested have such constant rate creep 
curves when prestrained to a value between 3 and 3.5%. It has pre- 
viously been shown (3), that the amount of substructure present in the 
various alloys is not the same for a fixed value of prestrain. Thus, it 
appears that the shape of the creep curve is not specifically determined 
by the amount of substructure present at the beginning of the creep 
aa SUMMARY AND CONCLUSIONS 

The data reported herein may be summarized as follows: 

1. The shape of the creep curve for a given material may be 
changed drastically from continuously decreasing to continuously in- 
creasing creep rate by first subjecting the specimens to a prestrain and 
recovery treatment which induces a stable substructure in the material. 

2. The creep resistance of pure nickel and solid solution nickel 
alloys is vastly increased by the prestrain and recovery treatment prior 
to creep testing. 

3. The amount of substructure present at the beginning of a creep 
test is not the only factor that determines the shape of the creep curve. 
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DISCUSSION 


Written Discussion: By Allen T. Robinson, U. S. Naval Ordnance Test 
Station, Inyokern, China Lake, Cal. 

The authors are to be commended on an extremely worthy and timely paper 
demonstrating the influence of previous straining and annealing on the creep 
strain-time curve. Furthermore, it shows that it is highly desirable to have a uni- 
form initial substructure when investigating creep properties of different metals 
and alloys. 

This brings up a few questions which I feel are shared by others working in 
this field—how can solid solution alloys of various solute percentages be brought 
to equal subboundary densities without adding an additional variable? Also, of 
vhat significance is the instantaneous strain during application of the creep load to 
the already existing substructure ? 

The figure showing the change in the density of subboundaries with varying 
mounts of prestrain reveals that relatively large differences in the density of sub- 
houndaries are formed by prestrains of very low magnitude. Inasmuch as the 

ield strengths of annealed and the leaner alloys have been sufficiently lowered 
t the test temperature, it is not uncommon to induce some plastic straining dur- 
ng application of the higher creep loads. Such deformation in the presence of a 
igh temperature might be sufficient to further modify any predetermined sub- 
tructure. 

If the instantaneous creep strain is of consequence in adding to the density 
f subboundaries, would it not be possible for various investigators using dif- 
erent methods of creep loading to find the resulting shape of their strain-time 
urves to be somewhat in variance? 

I would appreciate any comments or remarks on these questions from those 
1 attendance as well as those of the authors. 

Written Discussion: By W. R. Hibbard, Jr. and R. W. Guard, Metal- 
irgy Research Department, General Electric Co., Research Laboratory, 
Schenectady, N. Y. 

The effects of substructure on mechanical properties is an important, al- 
hough difficult, problem to study. We are now doing work in this field and would 
like to make several comments on this paper. 

(1) Did the authors determine the substructure distribution after 
testing to establish that it was stable and unchanged ? 

(2) How should the fact that the prestrain differs quite widely 
from grain to grain affect the results? 

We have also examined the equation of Parker and Hazlett and would like 
to point out here that the data of Carreker (Ref. 7) are in agreement with it 
since the initial strain on loading could not be measured and E = E — E, for 
his data. In some tests on high-purity aluminum we have found that the ex- 
ponential curve is adequate only at small strains (e<0.15). At large strains it 
gives values of strains which are too low. 

Written Discussion: By William D. Jenkins, National Bureau of Stand- 
ards, Washington, D. C. 


The authors’ analysis of the data presented in this paper is indeed interest- 
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ing; however, there are several questions and comments the writer would like 
to submit on the results. 

Is the alloy (1 atomic % of titanium in nickel), described in Figs. 2, 3, and 
4, the same alloy used to obtain the data in Figs. 5 and 6? 

As the nickel and the nickel-titanium alloy were strained in unidirectional 
tension and then annealed above the recrystallization ranges, it is to be expected 
that the subsequent flow properties in tension, at room temperature, of the ma- 
terials were affected by such factors as recrystallization accompanied by various 
amounts of grain growth; preferred orientation of the grains induced by the 
initial straining; incomplete removal of stresses due to the use of a recovery 
temperature below that of the original annealing temperature; and redistribu- 
tion of dislocations or flow units. 

The results of research on nickel, copper and nickel-copper alloys at the 
National Bureau of Standards tend to confirm the above line of reasoning. The 
position of the flow curves for specimens tested in tension at room temperature 
varied not only with the amount of prestrain but also with the recovery tempera- 
ture, strain rate, and temperature at which the prestrain was obtained. The 
creep data confirm the observation that the equation (E-E, = At”) has only 
limited usage over limited ranges in strain, temperature and strain rate. Further- 
more, the shape of the strain-time curves during the various stages of creep of 
specimens tested in tension is affected by the time at stress as well as by the 
stress and temperature. It would be interesting in this respect to see whether 
sigmoidal strain-time or sinusoidal creep rate-time curves of the type obtained 
on nickel in the National Bureau of Standards laboratories would be observed 
by the authors if the tests were carried out for appreciably longer times. The 
shape of the initial portion of the curves on high-purity nickel appear to have a 
direct relation to the amount and temperature of prestraining. 

It would also be of interest to know whether the creep-stress value of 
5750 psi (Figs. 6-10) was based on the original cross-sectional area of the 
specimen before the prestraining treatment as the interpretation of the recovery 
process can be more accurately evaluated with this information. 


Authors’ Reply 


The authors wish to thank the discussers for their thoughtful comments 
and shall endeavor to answer some of the questions that have been raised. First, 
regarding the enquiries of Hibbard and Guard, subsequent work, which is still 
unpublished, has shown that the magnitude and nature of the substructure are 
changed by the creep test. In answer to the question concerning the differing 
prestrain in individual grains, we should like to make clear that this fact is 
recognized. The substructure also differs widely from grain to grain. That is the 
reason statistical methods were used for this investigation. 

As to the questions raised by Mr. Robinson, it is really not known whether 
the increase in the substructure by alloy addition and by prestrain is equivalent. 
However, studies reported in another paper by Ancker and Parker indicate that 
this may be the case, at least for pure nickel and nickel-titanium alloys. The 
recent work mentioned above indicates that the instantaneous strain probably 
has a pronounced effect upon the substructure although no study has been made 
of this on specimens subjected to creep test conditions for time intervals less 
than about one half hour. 

More recent studies indicate that a new and very stable substructure is 
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formed under creep test conditions during the initial part of the creep test. It is, 
therefore, highly improbable that the instantaneous strain contributes to the 
substructure reported in this paper. For this reason the authors doubt that the 
method of loading will have much effect upon the shape of the creep curves. 

We wish to thank Hibbard and Guard for indicating the existence of addi- 
tional data which substantiates the equation of the creep curve proposed by 
Parker and Hazlett. We should like to reiterate, however, as was pointed out in 
the paper, that this equation is only valid for fully annealed, metallurgically 
stable metals and alloys. 

In reply to the questions and comments of Jenkins regarding the alloys of 
Fig. 5 and 6, it should be pointed out that 1 atomic per cent nickel-titanium 
lata are not used in Fig. 5. The only nickel-titanium alloy in this series is 0.5%. 
On the other hand, Fig. 6 consists of creep curves of pure nickel only. All the 
-urves in Fig. 2 and the upper curves for Fig. 3 and 4 are for 1 atomic per cent 
titanium in nickel. 

We should like to reiterate that the “annealing” temperature after the 
tensile straining is not above the recrystallization range for the materials and 
trains used in this study. These specimens were, for all practical purposes, 
ompletely recovered but not recrystallized. 

The authors are interested to learn of the work of the National Bureau of 

standards on nickel, copper, and nickel-copper alloys which showed that the 
:om temperatures tensile stress-strain curves varied with strain rate. No strain 
ite effect was detected for the alloys described in this paper when the rate was 
aried by a factor of 50 to 1. It is, of course, recognized that the stress-strain 
urves will vary significantly with both temperature and time of recovery in the 
wer temperature range, but there was little difference in the curves obtained 
om these alloys recovered at 800 or 900 °C if the time at temperature was at 
ast one hour. —;, 

The creep strain value of 5750 psi was based upon the cross sectional area 

the beginning of the creep test and this stress remained essentially unchanged 
uring the test. 
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THE ALUMINUM-VANADIUM ALLOY SYSTEM 


By O. N. Cartson, D. J. KENNEY ANp H. A. WILHELM 


Abstract 


The aluminum-vanadium system has been investigated 
by thermal, microscopic and X-ray methods. Four inter- 
mediate phases, Al,,V, AlsV, AljV and AlsV;, have been 
identified from microstructures and from X-ray data. All four 
phases are peritectic in nature. Al,,V undergoes a peritectic 
transformation at 685°C (1265°F), AlWV at 735°C 
(1355 °F), AlgV at 1360 °C (2480 °F) and AlgV ; at 1670 °C 
(3038 °F). There is very limited solid solubility of vanadium 
in aluminum, but the solid solubility of aluminum in 
vanadium is quite extensive. 


AN INVESTIGATION of the aluminum-vanadium system was 
undertaken to determine the phase relationships existing and to 
propose a phase diagram. The high melting point, ease of fabrication 
and ductility of vanadium coupled with its relatively low capture cross 
section for certain energy range neutrons make vanadium and its alloys 
of interest in the development of materials for nuclear reactors. 

At the time the present investigation was initiated, the literature 
dealing with aluminum-vanadium alloys gave an incomplete and con 
fusing picture of the system. Czako (1)! reported two single inter 
metallic phases: one occurring near 37.9 weight % vanadium, and an 
other, near 79.3%. Czako suggested the formulae AlgV and AlVo, 
respectively. Brauer (2) determined the structure of AlgV which h« 
found to have tetragonal symmetry and to be isomorphous with Al3Ti 
Roth (3) made a thorough study of the solid solubility of vanadium in 
aluminum ; his data have been incorporated in the construction of the 
phase diagram in this report. Mondolfo (4) did not indicate the ex- 
tent of his experimental work on these alloys but, in commenting on 
the compounds of the system, added other possibilities. He showed a 
photomicrograph of a commercial allov containing 2.4% vanadium, 
0.42% silicon and 0.56% iron. In this picture he assumes five phases, 
namely: AlsV, Al4V, Al7V, (Al-Fe-Si) and aluminum solid solution. 
There are numerous other studies involving aluminum-vanadium 
alloys reported in the literature but these show little effort directed 
toward determining the alloy phase diagram. 





1 The figures appearing in parentheses pertain to the references appended to this paper. 
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EXPERIMENTAL PROCEDURE 
Materials 


Massive aluminum having a reported purity of 99.9% was ob- 
tained from the A. D. McKay Company and this metal was used in 
the preparation of all samples whose properties are reported in this 
paper. 

No commercial source of vanadium having the ductility and 
purity desired was available to the authors at the outset of the investi- 
gation. Thus, the vanadium was prepared in this laboratory by the re- 
duction of vanadium pentoxide with calcium, employing the method 
reported by Long (5). The vanadium pentoxide was C. P. grade ob- 
tained from the Vanadium Corporation of America and the calcium 
used was high purity material which had been redistilled at the Ames 
Laboratory. Complete quantitative analysis of the vanadium metal 
thus produced was not obtained but the metal was ductile and could 
be cold-rolled readily. The vanadium was prepared in sheet form for 
ise in alloy formation. 


Alloy Preparation 


Alloys were prepared by arc-melting vanadium sheet, together 
vith the aluminum, under argon in conventional arc-melting equip- 
lent employing a tungsten electrode and water-cooled copper crucible. 
ecause of the relatively low boiling point of aluminum, great care 
ad to be taken in preparing the alloys to assure a macroscopically 
niform sample. By limiting the alloys to 10 gram specimens and by 
emelting four or five times, inverting the samples between melts, 
omogeneous alloys could be prepared in most cases. In the region of 
}to 30% vanadium, where segregation proved unusually troublesome, 
t was found necessary to give the arc-melted samples an additional 

treatment to obtain homogeneity. The alloys were cold-pressed to 
ibout 50% of their original thickness, sectioned into small pieces and 
iain given repeated arc-meltings. 

By carefully weighing the charge materials and the resulting alloy, 
it was found that in many instances the weight change upon arc melting 
was small. Chemical analyses were performed on most of the alloys 
although in some cases, where the weight losses were negligible, nominal 
compositions have been used. In preparing vanadium-rich alloys, loss 
of aluminum by volatilization was encountered and the final composi- 
tion shifted as much as 1 to 2% from that intended. In the composition 
range of 40 to 60% vanadium, a rare but reproducible phenomenon 
which occurred in connection with the arc-melting made the nominal 
composition of these, alloys uncertain. These alloys would shatter or 
sometimes even explode with considerable violence during the cooling 
following solidification. 
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Heat Treatment of Alloys 


Samples prepared by the above procedures were generally quite 
uniform, but the microstructures showed that most of the alloys were 
in a nonequilibrium condition. The rapid cooling that followed the 
arc-melting in many of the alloys suppressed peritectic reactions and 
resulted in complex microstructures. Often as many as four or five 
phases were readily detected in a single alloy. To homogenize these 
specimens the parent alloy was first cold-worked, if possible, and 
annealed under a vacuum of approximately 0.001 micron. The time 
and temperature selected for the homogenization treatment depended 
upon the composition and melting range of the alloys. These treatments 
varied from 500 hours at 625°C (1155°F) for some aluminum-rich 
alloys to 10 hours at 1100°C (2010°F) for those containing prin- 
cipally vanadium. 

A large number of quenching experiments were conducted to ob- 
tain data on the phase boundaries of the system. These were carried 
out by annealing alloy specimens at the temperature of interest, admit- 
ting helium into the system at that temperature and quenching th 
samples in water. Microscopic examinations of the structures of th: 
quenched alloys were made to determine the proper time for equi 
librium at the annealing temperatures. 


Alloy Examination 


On the basis of microscopic, X-ray and thermal data obtaine: 
on the heat treated alloys, a phase diagram for the aluminum-vanadiun 
alloy system was proposed. 

Grinding and polishing operations were carried out in the con 
ventional manner. Several different etching procedures were tested 
but immersion of the sample in an acid mixture containing 1000 part 
H2O, 25 parts HC1, 10 parts HNO; and 5 parts 48% HF was found t: 
be satisfactory for many of the alioys. A KOH solution was satisfactor) 
for etching the aluminum-rich alloys and either electrolytic or cathodic 
etching for vanadium-rich alloys. In the electrolytic etching, a 3N 
HNO; solution containing 1 weight per cent KF was used at a current 
density of about 0.1 amp per square cm. 

In the metallographic studies.extensive use was made of visual 
examination of the samples under polarized light. Two of the four 
intermediate phases in this system proved to be anisotropic, since they 
exhibited extinctions on being rotated in polarized light. This property 
proved useful in differentiating the phases in many of the alloys. 

X-ray diffraction data were used in identification of the phases, 
measurement of their lattice constants, and the determination 
of their crystal structures. A 114.6 millimeter diameter Debye-Scherrer 
powder camera was employed in the phase identification work. For 
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precision measurements of lattice constants either the Norelco X-ray 
diffractometer was used with polycrystalline solid specimens or a back- 
reflection, self-focusing precision camera was used with powder speci- 
mens. When single crystals could be obtained, a Weissenberg or a 
precession camera was employed to study the crystal structures. 

Since the system covered such a wide range of melting tempera- 
tures, several different techniques had to be employed to obtain the 
thermal data. Due to the reactivity of the metals, it was necessary to 
obtain the thermal data with the samples in vacuum or in an inert 
atmosphere. The use of a Kanthal wire resistance furnace, a quartz 
vacuum tube and a chromel/alumel differential thermocouple arrange- 
ment provided accurate data in the range up to 1100°C (2010°F). In 
the range of 1100 to 1500°C (2010 to 2730°F), cooling curve data 
were obtained by means of a platinum/platinum-10% rhodium 
thermocouple and a graphite resistor furnace. Also, in this tempera- 
ture range and above, solidus points were determined by measurements 
vith an optical pyrometer on samples that were heated either by in- 
ternal resistance or by induction. 

With the optical pyrometer method and heating by internal re- 
sistance (6), a hole of small diameter is drilled into a rod or bar of 
he alloy specimen. The sample is clamped between two electrodes and 
s heated by passing a high current through it. During the heating the 
emperature within the hole is continuously observed until melting is 
‘vident. 

Because of the apparent volatility of both vanadium and aluminum 
ibove 1700 °C (3090 °F) when heated in a vacuum, data on the high 
vanadium alloys were obtained employing an atmosphere of helium. 
some of the alloys in the middle region of the system were too brittle 
to permit drilling, so partial melting was observed on irregularly shaped 


pieces placed in a graphite crucible which was heated in an induction 
turnace. 
EXPERIMENTAL RESULTS 


The results of the investigation are summarized in the proposed 
phase diagram shown in Fig. 1. Designation of the phases has been 
made in accordance with the system of nomenclature first proposed by 
Dix and Keith and later modified by Fink and Willey (7). For pur- 
poses of discussion this section of the paper has been divided into two 
parts. These parts have been arbitrarily designated as aluminum-rich 
alloys for compositions from 0 to 38 weight per cent vanadium and as 
vanadium-rich alloys, for those containing 38 to 100% vanadium. 


The Aluminum-Rich Alloys 


The aluminum-rich portion of the diagram contains three peri- 
tectic compounds. Heating and cooling curves have confirmed a transi- 
tion at 660°C (1220°F) and have established peritectic horizontals 
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Fig. 1—Aluminum-Vanadium Phase Diagram and Plot of Thermal Data. 


at 685 °C (1265 °F), 735°C (1355 °F) and 1360°C (2480°F) cor 
responding to decomposition temperatures of the intermediate phase 
of a(Al-V), B(AIl-V), and y(Al-V ), respectively. 

The solid solubility of vanadium in aluminum was determined by) 
Roth (3) who employed electrical resistivity and lattice constan 
measurements. His value of 0.37% vanadium at 630 °C (1166°F) an 
lower temperatures has been accepted in the construction of the phas« 
diagram. 

A distinct break in the heating and cooling curves as recorded by 
a differential thermocouple was observed at 660°C + 2 (1220°F) 
for the 5 and 10% alloys. Since the melting point of pure aluminum is 
within this range the method of analysis was not sufficiently accurate 
to determine whether this transformation is eutectic or peritectic in 
nature. Therefore the phase relationships near pure aluminum at its 
melting point may not be properly represented in the diagram. The 
photomicrographs of Figs. 2, 3 and 4 are of annealed alloys containing 
0.4, 1.6 and 10.1% vanadium, respectively. They show increasing 
amounts of a primary phase identified as a(Al-V). Since this phase 
is peritectic in nature and does not exist above 685°C (1265 °F) it is 
seldom found in an alloy as cast. It is difficult to distinguish this phase 
from the aluminum solid solution, (Al), since the two phases have 
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Fig. 2—0.4% V Alloy. Annealed for 500 hours and quenched from 625 °C. Aluminum 
solid solution phase (Al). Etchant: Conc. KOH. X 250. 


Fig. 3—1.6% V Alloy. Annealed and quenched from 625 °C. (Al) plus small crystals 
of a. Etchant: KOH. X 250. 


Fig. 4+-10.1% V Alloy. Annealed and quenched from 625 °C. a (smooth) plus (Al). 
Etchant: 5 cc. HF, 10 cc. HNOs, 25 cc. HCl in 1000 cc. HeO. X 250. 


Fig. 5—17% V Alloy. Annealed and quenched from 625 °C. Sharp crystals of 8 in 
a matrix. Etchant: HF-HNOs-HCl. X 250. 


similar etching characteristics. Then, too, both are optically inactive 
under polarized light. The exact composition of a(Al-V) could not 
conveniently be established microscopically. On the basis of micro- 
scopic data alone a(Al-V) probably lies somewhere between 12 and 
15% vanadium since a 17% alloy (Fig. 5) contains a considerable 
amount of a new anisotropic phase identified as B( Al-V ). 

The peritectic nature of the a( Al-V ) phase as shown in Fig. 1 was 
determined by the cooling curve data indicated on the diagram and by 
microstructures of quenched alloys. This phase, present in the annealed 
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Fig. 6—17.7% V_ Alloy. Quenched from 710°C. 8 plus quenched liquid (rough). 
Etchant: HF-HNOs-HCl. X 250. 


Fig. 7—23.8% V Alloy. Annealed for 325 hours and quenched from’ 710°C. One 
phase § alloy; dark areas are voids. Etchant: HF-HNOs-HCl. X 250. 


Fig. 8—25.3% V Alloy. Annealed at 625 °C. Small amounts of y (dark) in matrix 
of 8. Etchant: HF-HNOs-HC1. X 250. 


Fig. 9—23.8% V Alloy. Quenched from 750 °C. y plus quenched liquid (rough areas). 
Etchant: HF-HNOs-HCIl. X 250. 


17% alloy, is entirely absent from the alloy when quenched from 
710°C (1310°F) as can be seen in Fig. 6. Annealing at this tempera- 
ture transformed the a(Al-V) into B(AI-V) plus liquid. The 
B(AI-V) phase can readily be distinguished from a(Al-V) by etching 
characteristics and by examination under polarized light. 

A small crystal of a(Al-V) was isolated from a slowly cooled, 
high aluminum casting. This crystal was indexed from a rotation 
pattern as face-centered cubic with a, = 14.5 A. The following condi- 


ee 











Fig. 10—32.7% V Alloy. Annealed and quenched from 625°C. y (dark) plus 6 
Etchant: HF-HNOs-HCl. X 250. 


Fig. 11—36.3% V Alloy. Annealed and quenched from 625 °C. y (dark) plus small 
amount of 8. Etchant: HF-HNOs-HCl. X 250. 


Fig. 12—38.9% V Alloy. Annealed for 200 hours and quenched from 800 °C. One 
phase, yy. Etchant: HF-HNOs-HCl. X 250. 


x a 13—Vanadium Metal, as Arc-Melted. Contains some inclusions. Cathodic etch. 
X 120. 


tions for nonextinction were noted in the rotation pattern: for the hkO 
reflections, only the h + k = 4n reflections are present and for the hhl, 
only the h + 1 = 2n are present. On the basis of these observations and 
data from oscillation photographs, the crystal was shown to belong 
to the space group O*;,, — Fd3m. A powder pattern taken on a 12% 
vanadium alloy was indexed on this same basis and a, was determined 
more accurately as 14.586 A. On the basis of symmetry considerations, 


density and atomic size factors, a( Al-V) corresponds most simply to 
AliiV with 192 atoms per unit cell. 
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A one phase region is observed in the microstructures of annealed 
alloys at approximately 24% vanadium (Fig. 7 and 8). The peritectic 
nature of this phase which has been identified as B( Al-V) was deter- 
mined from the thermal data plotted in Fig. 1 and from microstructures 
of alloys quenched from above 735°C (1355 °F). Fig. 9 is a photo- 
micrograph of the 23.8% vanadium alloy quenched from 750°C 
(1390 °F) which is above the peritectic horizontal. The microstructure 
gives evidence that on annealing the B( Al-V) phase decomposed into 
solid y(Al-V ) plus liquid. 

The structure and exact composition of B(AI-V) have not been 
fully determined. From single crystal X-ray data this phase has been 
shown to be hexagonal with a, = 7.718 A and c, = 17.15 A and prob- 
C6mce 


m 
From these cell dimensions, the measured density (3.07 g/cc) and 
chemical composition of the one phase alloy (23.8% V), one obtains 
by calculation 55.5 atoms per unit cell. On the basis of these considera- 
tions, AlgV (23.94% vanadium theoretical composition) with 56 
atoms per unit cell would appear to be the most probable formula for 
B(AI-V ). However, a unique packing arrangement could not be deter- 
mined for this structure on the basis of steric considerations or quali- 
tative intensities. 

In annealed alloys containing 32.7 and 36.3% vanadium (Figs. 10 
and 11), the y(Al-V) phase appears in the microstructure with a 
B(Al-V) matrix. It is to be noted that as the vanadium content in- 
creases, the amount of y(Al-V) also increases, approaching one phase 
at the composition 39% (Fig. 12). This phase corresponds to the pre- 
viously reported Al3V with a theoretical vanadium content of 38.6%. 
It has been found that y(Al-V) has an incongruent melting point at 
1360°C (2480°F). This temperature was determined from cooling 
curve and optical pyrometer data (Fig. 1). The crystal structure of 
AlsV has previously been reported by Brauer (2) as face-centered 
tetragonal with a, = 5.334 A and c, = 8.305 A. The lattice constants 
of y(Al-V) were also determined by the authors in an attempt to 
determine whether there exists any solid solubility in the compound. 
Precision X-ray patterns were taken on alloys of compositions lying 
on either side of AlsV which had been quenched from 625 °C 
(1155 °F). No change in lattice constants with quenching temperature 
was observed for a particular composition. Any solid solubility is 
therefore essentially independent of temperature. The lattice constants 
for alloys on the aluminum-rich side of y(Al-V) were a, = 5.343 A 
and c, = 8.324 A, while those for alloys on the vanadium-rich side of 
the compound were a, = 5.346 A and c, = 8.313 A. This small but 
reproducible variation in the c, lattice constant indicates that y(AI-V ) 
is a region of very limited solid solubility. The extent of solid solution 
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would be so slight, however, that it has been neglected in the construc- 
tion of the phase diagram. 


Vanadium-Rich Alloys 


The experimental results for the part of the system between Al; V 
and pure vanadium will be presented by approaching this compound 
from the pure vanadium side. In this manner the data on pure vanadium 
will be followed by data on alloys with decreasing vanadium contents. 
There is a rather wide solid solubility region (V) associated with pure 
vanadium. Only one other intermediate phase 8( Al-V ) has been identi- 
fied between AlgV and (V). 8(Al-V) has a solid solubility range and 
also has an incongruent melting point at 1670°C (3038 °F). 

The vanadium prepared for use in this investigation was found 

) have a melting point of 1845 °C + 10 (3355 °F) as determined by 
he method referred to in Fig. 1. Fig. 13 is a photomicrograph of the 
anadium as-arc-melted and shows some inclusions. The lattice 
onstant (a, for the body-centered cubic structure) has a value of 
3.031 A for the annealed metal as determined by precision X-ray 
iethods. 

The solid solubility limit for the one phase region (V) at 600°C 
1110°F) has been shown by metallographic observations to be in 
ie vicinity of 70% vanadium. Alloys containing 86.1 and 78.7% 
anadium which have been quenched from 600°C (1110°F) are 
ntirely one phase (Figs. 14 and 15), whereas a 66% alloy similarly 
reated contains a large amount of a second phase (Fig. 16). The 
olid solubility of aluminum in (V) has also been shown by quench- 
ig experiments to be dependent upon temperature. The microstructure 
f the 66% alloy, quenched from 1100°C (2010°F), shows that a 
onsiderable amount of the precipitated phase in the 600°C (1110 °F) 
juench has gone back into the solid solution (V ) at the higher tempera- 
ure (compare Fig. 16 and 17). 

The exact location of the solvus for the (V) region was not deter- 
nined from microscopic evidence since this would have required many 

more alloys and treatments. The application of X-ray diffraction 
studies to this problem, however, proved feasible and this boundary 
was determined with some degree of precision. X-ray patterns of six 
alloy compositions in the solid solution region, (V ), showed only body- 
centered cubic reflections related to vanadium. The lattice constant 
increases linearly with increasing atomic percentage of aluminum 
(decreasing vanadium) as is shown graphically in Fig. 18. The above 
mentioned 66% vanadium alloy containing the saturated (V) phase 
was also quenched from 800, 900, and 1000°C (1470, 1650 and 
1830 °F) and the lattice constant measured for each quenched speci- 
men. These measured values when applied to the extended lattice 
constant-composition relationship indicate the solubility limits at the 
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Fig. 14—86.1% V Alloy. Annealed at 800 °C for 100 hours, slow-cooled to 600 °C 
and quenched. One phase, (V). Etchant: Electrolytic etch in HNOs-KF solution. X 250. 


a 15—78.7% V Alloy. Annealed at 800 °C and quenched from 600 °C. One phase 
(V). Electrolytic etch. X 250. 


Fig. 16—66% V Alloy. Annealed at 800 °C and quenched from 600 °C. Heavy pre- 
cipitation of 6 from (V). Etchant: HF-HNOs-HCl. X 250. 


Fig. 17—66% V Alloy. Annealed for 10 hours and quenched from 1100 °C. 6 within 
grains and at grain boundaries of (V). Etchant: HF-HNOs-HCl. X 250. 












various quenching temperatures (Fig. 18). These data on solubility 
limits have been employed in constructing the (V) solvus curve in the 
phase diagram on Fig. 1. 

The solidus over the region (V ) was constructed from the thermal 
data plotted in Fig. 1. There seems to be a slight tendency toward 
formation of a maximum in the solidus at 98-99% vanadium ; how- 
ever, the curve is constructed as horizontal as it approaches the melting 
point. This discrepancy may possibly be caused by impurity effects or 
scatter due to inaccuracies in the measurements. There is a possibility 
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Fig. 18—Lattice Constant-Composition Relationship for (V). 


iat the addition of aluminum first acts as a getter to remove minor 
ipurities that affect the melting point of vanadium. 

The maximum solid solubility in the (V) phase has been esti- 
ated to be 65% vanadium at the 8(AI-V) peritectic, 1670°C 
3040 °F). A linear projection of the solvus determined by X-ray dif- 
raction studies, the independently established (V) solidus and the 
670°C peritectic horizontal all converge toward a composition near 
5%. Furthermore, microstructures of alloys in the region of this 
omposition show an abrupt change in the grain size between 66 and 
4%, as can be seen upon comparing the size of the grains in Figs. 
16 and 19, This difference in grain size has been interpreted as indicat- 

ing that the small grains of Fig. 19 are due to the formation of a 
peritectic, 8(Al-V) rim about the (V) crystals during solidification, 
inhibiting their subsequent growth, while the alloy of Fig. 16 had no 
such inhibiting factor. This observation of difference in behavior of 
these two alloys lends support to selection of the 65% vanadium value. 

As more aluminum is added to vanadium the amount of primary 
(V) decreases as can be seen by comparing Figs. 20,21 and 22, ap- 
proaching a new one phase region at a composition near 56% vanadium. 
This new intermediate phase, 8(Al-V), was found to have a y-brass 
type of structure belonging to the space group T%, — 143m. Since no 
single crystals of this phase could be isolated, X-ray data have been 
obtained from powder patterns only. 
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Fig. 19—64% V Alloy. Annealed at 800 °C and furnace-cooled. Contour lighting. 6 in 
relief from (V) matrix. Etchant: HF-HNOs-HCl. X 250. 


Fig. 20—60% V Alloy. Annealed * 800 °C and furnace-cooled. Dendrites of (V) in 
6 matrix. Etchant: HF-HNOs-HCl. X 2 


Fig. 21—58% V Alloy. Annealed at 800 °C and quenched from 600 °C. Dendrites of 
(V) in 6. Etchant: HF-HNOs-HCl. X 250. 


Fig. 22—56% V Alloy. Annealed at 800°C for 200 hours and quenched. Fine 
needles of (V) in 6. Etchant: HF-HNOs-HCl. X 250. 


8(Al-V) has a body-centered cubic structure with a, = 9.207 A. 
On the basis of this information and density measurements, an assign- 
ment of 52 atoms per unit cell has been made. 

Intensity calculations have been made in an effort to establish a 
unique formula by comparison with the observed intensities of the 
powder photograph. In this manner the formula AlgV; (54.25% 
vanadium theoretical composition) was assigned in preference to other 
y-brass types such as Al7V¢ and AlgV4. Of the two possible structures 
of AlgV5, the one isomorphous with ZngAg; shows best agreement be- 
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Fig. 23—52% V Alloy. Annealed and quenched from 600 °C. y at the grain bounda- 
ries and within the grains of 6. Etchant: HF-HNOs-HCl. X 250. 


Fig. 24—45% V Alloy. Annealed and quenched from 1100 °C. 65 in y matrix. Etchant: 
HF-HNOs-HCl. X 250. 


Fig. 25—42.7% V. Alloy. Annealed for 100 hours and quenched from 900 °C. Small 
rystals of 6 in y matrix. Etchant: HF-HNOs-HCl. X 250. 


tween observed and calculated X-ray intensities. The structure of 
5(Al-V) has a super-lattice relation to the saturated (V) phase since 
ao is exactly three times as great as a, for (V) and the strong lines of 
5(Al-V) are the body-centered lines of (V) ; i.e., the 110 reflection of 
(V) is the 330 line of 8( Al-V). 

The 8(Al-V ) phase actually extends over a solid solubility region 
which is very narrow below 600 °C (1110°F), but appears to broaden 
considerably at higher temperatures. The data of Table I show the 
variations of the a, values for 8(AI-V) with temperature in the two 
regions on either side of the 8(AI-V) solid solution. These data can 
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Table I 

Effect of Quenching Temperature on Lattice Constant of 5 (Al-V) 
Quenching _ ao for 5(AI-V) 
temperature In y + 6 region In 6 + (V) region 

600 °C 9.205 A 9.208 A 

900 — 9.223 

1000 9.241 9.233 

1100 9.248 9.240 


be interpreted to give roughly the range of the solid solubilities associ- 
ated with 8(Al-V) at each of the quenching temperatures. It must be 
borne in mind that the addition of an aluminum atom expands the 
crystal lattice ; hence, an increase in lattice constant represents an in- 
crease in aluminum content for the phase. The measurements were 
made with a 12-centimeter diameter, back-reflection type precision 
camera on powdered specimens. From these data there appears to be 
essentially no solid solubility in the 8(AI-V) phase at 600°C 
(1110°F) and only a slight solid solubility at 1000°C (1830°F). 
Furthermore, on the basis of these data, it appears that the saturated 
solid solution on either side of the one phase region increases in alumi- 
num content with temperature. These measurements indicate that thes« 
two-phase boundaries have the same sign of slope. 

On the basis of metallographic investigation, there is a pronounced 
increase in solid solubility of aluminum in 8(AI-V) in the range of 
the AlsV peritectic temperature. Fig. 23 represents a 52% vanadium 
alloy which contains a precipitate of the established AlsV phase in a 
8(Al-V) matrix. This microstructure is typical of that of an alloy 
which has, on cooling, emerged from a one-phase solid solution region 
A boundary showing decreasing solubility with decreasing temperatur: 
is therefore assumed to extend to the peritectic temperature at less than 
52% vanadium. A 45% vanadium alloy (see Fig. 24) gives evidenc 
of having undergone some peritectic transformation on cooling. On the 
basis of these and other observations a value of 47% vanadium was 
selected as representing the limit of the solid solubility of aluminum in 
§(Al-V) at the 1360°C (2480 °F) peritectic. 

As the vanadium content is further decreased, the relative amount 
of 8(Al-V) diminishes and y(Al-V) increases (Fig. 25), approaching 
the one phase region discussed earlier in this paper and shown to be 


AlsV. 
DISCUSSION OF RESULTS 


In the phase diagram as proposed in Fig. 1, the location of a 
phase boundary which is represented by a dashed line is to be re- 
garded with a degree of uncertainty, whereas considerable confidence 
in the position of the boundary is expressed by a solid line. 

X-ray diffraction studies sufficient to assign empirical formulae 
have been made on all intermediate phases reported in this paper. The 
X-ray and metallographic data agree quite well in all of these cases. 
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The B(AI-V) phase is the only one about which there is some uncer- 
tainty as to the exact formula. Its chemical composition apparently is 
very close to AlgV, but an actual structure determination would elimi- 
nate any uncertainty. 

Subsequent to the completion of the present investigation, 
Rostoker and Yamamoto (8) reported the existence of a simple cubic 
phase with a, = 14.47 to which they assigned the formula Al;_¢V. This 
reported cubic symmetry indicates that their Als_¢V could not be the 
hexagonal AlgV phase reported here. Comparison of their data for the 
\ls-6V with the results obtained on the Al,,V of this investigation 
indicates strongly that these are one and the same phase. Lattice con- 
stants, indices of reflections and relative intensities of corresponding 
lines obtained in both investigations agree quite well. Inspection of 
heir data employed in assigning simple cubic symmetry to the Al;_¢V 
hows a remarkable parallelism with data which the authors interpreted 
; face-centered cubic for Alj,V (9). The difference in reported com- 
sitions is difficult to explain although the presence of so many peri- 
ctic compounds in this region may be responsible for the dissimilar 
idings. 

The boundaries for the solid solution region 8(Al-V) have been 
presented in the diagram as dashed lines. This has been done in spite 
the fact that the formula AlgV; is reasonably well established from 
-ray data. The uncertainty exists in whether the composition AlsV; 
54.25% vanadium ) actually lies outside the one-phase 8( Al-V ) region 
the lower temperatures. Interpretation of metallographic data places 
is narrow single phase region close to 56% at 600°C (1110°F) ; 
e composition AlgV; then falls outside the one-phase region at this 
mperature. However, the true chemical compositions of alloys in 
is region were somewhat doubtful. 

Although the discussion of thermal analysis has been treated some- 
vhat superficially in this paper, it should be emphasized that, partic- 
larly in the aluminum-rich alloys, great care had to be exercised to 
btain reliable results. For example, the 685°C (1265°F) and the 
060°C (1220°F) thermal arrests occur so close together that the 
lower break often masks the other in heating and cooling curves. This 
masking is due to the sluggish nature of the 685 °C (1265 °F) trans- 
iormation and its relatively low heat effect. Complete equilibrium is 
difficult to obtain during cooling ; without proper precautions this can 
result in the appearance of a 660°C (1220°F) thermal arrest in 
alloys of compositions greater than 15% vanadium. 


SUMMARY 


An investigation of the aluminum-vanadium system covering the 


complete composition range was conducted and the following salient 
features were established : 
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1. The solid solubility limit of vanadium in aluminum is 0.37% 
V at 660 °C (1220 °F) and lower temperatures. 

2. An intermediate phase, a(Al-V), exists at approximately 
14% V and has been indentified as Al, V (14.6% V). It undergoes a 
peritectic transformation at 685°C (1265 °F). 

3. Another peritectic phase B(AI-V) exists at approximately 
24% V, undergoing a peritectic reaction at 735°C (1355°F). This 
phase has been assigned the formula AlgV (23.9% V). 

4. y(Al-V), established as AlsV prior to this investigation, was 
found to undergo a peritectic transformation at 1360°C (2480°F). 

5. A fourth intermediate phase 6(AI-V) occurring at approxi- 
mately 56% V has been shown to correspond to the formula AlgV;;, 
(54.2% V). This compound undergoes a peritectic transformation at 
1670 °C (3040 °F). 

6. There is a region of extensive solid solubility of aluminum in 
vanadium, (V), extending to 70% V. 
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DISCUSSION 


Written Discussion: By W. Rostoker, supervisor, Physical Metallurgy 
Research, Armour Research Foundation, Chicago. 

The authors appear to have conducted a very thorough study of the system. 
The writer does not think that his own limited work on this system can really 
invalidate any of the critical points in the diagram presently submitted. However, 
certain points of information, corroboration and disagreement might well be 
recorded : 

1. The reference to our work might better be changed to its 
source * so that it may be more available to interested persons. 

2. There is excellent agreement between our estimate of the 
maximum solid solubility of aluminum in vanadium (65.4 to 70% 
vanadium) and the authors’ (65% vanadium). 

3. There is excellent agreement between our measurement of the 
temperature by which VAI; is formed peritectically (1370 °C) and the 
authors’ (1360 °C). 

4. An alloy containing 21% vanadium in the as-cast state con- 
tained two phases micrographically which by X-ray diffraction were 
identified as aluminum and the cubic phase designated by the authors 
as VAlu. This is incompatible with their diagram and with any 
reasoning on lines of nonequilibrium solidification. 

5. An alloy containing 45% vanadium annealed for one week at 
900 °C yielded a two-phase microstructure identified by X-ray dif- 
fraction as VAI; plus vanadium solid solution. This too is clearly in- 
compatible with the authors’ diagram. 

6. The authors would perform a service to the readers and render 
their work more authoritative if they were to list the compositions of 
alloys prepared and the equilibrating heat treatments applied. 

Written Discussion: By H. A. Saller, F. A. Rough and A. A. Bauer, 
ttelle Memorial Institute, Columbus, Ohio. 

The authors are to be congratulated on having done an excellent piece of 
rk on a complex and difficult system. 

It is interesting that evidence of a transformation in vanadium was not 
orted by the authors, since Seybolt and Sumsion* have reported that a poly- 
rphic transformation occurs in vanadium at 1550°C. This point might be 
solved by high temperature X-ray studies, such as have been made on other 
tals at the Institute of Atomic Research. If a polymorphic transformation 
es Occur in vanadium, then additional proof might be obtained by a study of 
‘ corresponding two-phase region in the vanadium-aluminum solid solution 

egion. 

In any investigation of a polymorphic change which has not been confirmed, 
in important variable is the purity of the metals which are used. 

The authors have reported that cracking and even explosive bursting have 
been encountered during cooling after arc melting of 40 to 60 w/o vanadium. 
This phenomenon has been observed a number of times at Battelle, particularly 
in alloys in which a transformation occurs. This bursting has been attributed to 





2W. Rostoker and A. Yamamoto, “A Survey of Vanadium Binary Systems,’’ TRrans- 
ACTIONS, American Society for Metals, Vol. 46, 1954, p. 1136. 

$A. U. Seybolt and H. T. Sumsion, ‘‘Vanadium-Oxygen Solid Solutions’’, Transactions, 
American Institute of Mining and Metallurgical Engineers, Vol. 197, 1953, p. 292. 
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partial suppression of the transformation and a consequent build-up of both 
thermal and transformational stresses. We would like to inquire whether any 
evidence of a polymorphic transformation in one or the other of the inter- 
metallic compounds involved in the 40 to 60 w/o vanadium alloys has been ob- 
served. 

Again, we wish to congratulate the authors and to urge them to continue 
their fine work in this field. 

Written Discussion: By F. R. Morral, head, X-Ray Section, Kaiser 
Aluminum & Chemical Corp., Spokane, Wash. 

The results of some exploratory work done on this system some four years 
ago may be of interest in relation to this paper. 

A 2.7% vanadium-aluminum hardener was melted and heated to 982°C 
(1800 °F), held at temperature, fluxed, and allowed to cool at approximately 
33.4 °C per hour to 593°C (1100 °F)—(Treatment I). Another sample of the 
same aluminum-vanadium hardener was remelted and slowly cooled from 732 °C 
(1350 °F) to 649°C (1200°F) at 14°C per hour, (Treatment II). A third 
sample of this hardener was remelted to 954°C (1750 °F) and centrifuged which 
caused separation of the solid phase toward the far end and rapid cooling 
(Treatment III). The intermetallic compounds were separated from the alloys 
by leaching with hydrochloric acid or by electrolytic extraction. The crystals 
separated, as well as the alloys, were submitted to microscopic examination, 
chemical and X-ray diffraction analysis. 

The Debye-Scherrer pattern obtained from crystals by Treatment I cor 
responded to a face-centered cubic cell with a. = 14.465A. This compares with 
14.586A reported in the paper for a (Al-V) or Ali: V. Some of the lines obtained 
in this pattern could not be properly indexed for this parameter value, how- 
ever, they could be indexed on a face-centered cubic lattice if a. = 21.76A wer« 
used. The crystals analyzed 14.8% vanadium which corresponds with th: 
theoretical value of AluV namely 14.66%V. 

Crystals from Treatment II appeared both as hexagonal plates, and long 
prismatic needles. Their Debye-Scherrer patterns were identical and cor- 
responded to the 8(Al-V) or AlgV phase. These crystals analyzed 22.6% wher: 
the theoretical value for AlgV is 23.9%. 

The crystals separated by centrifugation (III) gave the typical powder 
pattern of AlsV. 

In conclusion, using an aluminum alloy of 2.7% vanadium composition and 
by treatment at approximately the regions indicated in the phase diagrams of 
the authors, we had separated the phases indicated. This would be further con- 
firmation of the authors’ interesting study. 

Written Discussion: By Rodney P. Elliott, associate metallurgist, 
Armour Research Foundation, Chicago, and Lucio F. Mondolfo, professor, 
Department of Metallurgical Engineering, Lllinois Institute of Technology, 
Chicago. 

In conjunction with experiments on grain refining of aluminum alloys by 
peritectic nucleation, it was necessary to determine accurately the aluminum 
end of the aluminum-vanadium equilibrium diagram. Inasmuch as the liquidus 
and peritectic compositions were of extreme importance, more precise tech- 
niques were employed than those described by the authors. In this way, data 
were obtained that supplement and confirm the authors’ findings. 

High purity aluminum (99.9+%) was supplied by Alcoa and calcium- 
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reduced vanadium (99.7%) was obtained from the Armour Research Founda- 
tion. A master alloy was prepared by induction melting techniques. 

An alloy containing approximately 10% vanadium was prepared from the 
master alloy. This alloy was held at a constant temperature twenty-four hours, 
at which time a sample of the liquid in equilibrium with the solid was taken for 
chemical analysis. The temperature was then lowered. At the end of the follow- 
ing 24 hours a second sample of the liquid was taken, etc. The liquidus shown in 
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Fig. 26—The Aluminum—Rich End of the 
Aluminum—Vanadium Equilibrium Diagram. 


‘ig. 26 was drawn by rectifying the results of the analyses on a scale of the 
eciprocal absolute temperature versus the logarithm of the composition. 

By metallographic examination, the temperature of the peritectic reaction 
L + B(AI-V) > a(Al-V) was established as 727 + 2°C. As in the liquidus 
letermination, a 6% vanadium alloy was held isothermally for twenty-four 
hours. The molten alloy was then stirred, chill-cast and examined to establish 
which phase was present. Shape and etching characteristics of the compound 
were criteria for identification. 8(AI-V) was in equilibrium with the liquid 
above 727°C, and a(Al-V) below. When examined under polarized light, 
8(AIl-V) is active, exhibiting six extinctions per 360 degree revolution of the 
metallograph stage; a(Al-V) is inactive under polarized light. X-ray examina- 
tion of the powder patterns of 8(Al-V) showed that it may be indexed as de- 
scribed by the authors; X-ray powder patterns of a(Al-V) showed this struc- 
ture to be very complex. 

The temperature of the peritectic reaction L + y(Al-V) > B(AI-V) was 
found to be above 850 °C, which was the maximum temperature investigated 
to determine this reaction. 


It was our experience during these investigations that reliable data for the 
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Fig. 27—As-Cast Structure of a Nonhomogeneous Alloy Show- 
ing Phases of the Aluminum-Vanadium System. 


peritectic reactions involving two intermetallic compounds could not be ob- 
tained by thermal analyses. For this reason, it is possible that the authors’ 
determination of the peritectic reactions L + 8(AI-V) — a(AI-V) at 685°C 
and L + y(Al-V) — B(AI-V) at 735 °C are erroneous because of supercooling. 

The freezing reaction was definitely established as peritectic by a series of 
thermal analyses. By using a Speedomax recorder which could be read to + 0.01 
millivolt and a chromel-alumel thermocouple, the freezing temperature of a 
sample of high purity aluminum was measured. The temperature of the freezing 
reaction of a 6% vanadium alloy was then measured and with the same thermo- 
couple the freezing point of pure aluminum was then once again measured. In 
this manner, it was established that the temperature of the freezing reaction in 
this system was 1.6 + 0.2 °C greater than the melting point of pure aluminum. 
Thus, the freezing reaction is a peritectic reaction, L + a(Al-V) — AI and 
occurs at 661.8 + 0.2 °C. 

During the initial preparation of the master alloy, a specimen showing all 
the phases from vanadium to aluminum was examined. A photo of this structure 
is shown in Fig. 27. Five intermediate phases are visible in addition to vanadium 
and aluminum. Since the phase labeled “3” is the one active under polarized light 
(8) it is probable that the aluminum end of the diagram may be more compli- 
cated than shown by the authors. 

Written Discussion: By Bruce W. Gonser, Battelle Memorial Institute: 

Although probably having little appreciable effect on the diagram as pre- 
sented by these authors, I would like to point out that 99.99-+ aluminum is 
readily available for commercial as well as experimental use. The calcium- 
reduced vanadium is the purest now available commercially, but, by the iodide 
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method, a substantially purer metal can be obtained. This 99.9 metal may have 
a Vickers hardness of only 64 after cold rolling and annealing. 
The difficulty mentioned from volatility of aluminum in making the alloys 


is surprising, since we do not have trouble from this source in making titanium 
alloys containing aluminum. 


Authors’ Reply 


The authors wish to thank the discussers of this paper for their interesting 
omments and criticisms. Mr. Rostoker is concerned about the presence of 
the phase designated as AluV in an as-cast 21% vanadium alloy which he has 
investigated. The authors are unable to explain this discrepancy either. As for 
the identification of VAI; plus vanadium solid solution in a 45% vanadium alloy 
he fact that 5(Al-V) appears to have a super-lattice relation to (V) could 
<plain this apparent discrepancy since the strong diffraction lines of 6(AI-V) 
‘incide with those of saturated (V). 

The comments and data of Mr. Morral on the aluminum-rich compounds 
re gratifying to receive. They appear to substantiate the authors’ findings for 
th AluV and AlgV. 

Messrs. Saller, Rough and Bauer inquire about a possible phase trans- 
‘mation in vanadium. High temperature X-ray studies performed by Chiotti 

this laboratory have produced no evidence for a phase transformation in 
nadium at temperatures up to about 1675 °C. This is based upon a rather 
‘liminary investigation however. Their comments on a possible polymorphic 
nsformation in one of the intermediate phases are interesting. No real effort 
s made to investigate this point, however. 

The data on the aluminum-rich end of the system presented by Messrs. 
liott and Mondolfo are appreciated. The aluminum-rich liquidus data and 
rk on the aluminum peritectic horizontal at 661.8 degrees add further clarifi- 
tion to that region of the diagram. Their photomicrograph of a diffusion study 
vhich evidence for a fifth intermediate phase in the system is presented is of 
ticular interest. 

Recently additional work has been done by Smith’ of this laboratory on 
structure of the compounds in this system which has produced evidence for 
ther compound. In one attempt to prepare single crystals of a(Al-V) at 
0 °C, crystals were obtained whose X-ray diffraction patterns were entirely 
fferent from those of any of the phases previously identified. Chemical 
alyses of these crystals showed them to contain 20.9% vanadium. Thus, an- 

ther peritectic compound corresponding to approximately Al;V appears to be 
uite probable. If another compound does exist in the system the authors 
feel its peritectic horizontal will be very close to that of a(Al-V). 

The higher peritectic temperature of both a(Al-V) and B(AI-V) reported 
by Elliott and Mondolfo are a little disturbing. The possibility of super-cooling 
during thermal analysis does not seem likely since the breaks were also observed 
n heating curves of samples which had been annealed at 625 °C before heating. 
\lso quenches made from 710 and 750°C place the peritectic horizontals for 
a(Al-V and B(AI-V) below these respective temperatures as is shown in this 
paper. In addition to the 17% vanadium specimen, (Figs. 5 and 6) a 6.3% 
vanadium and the 10.1% vahadium were also annealed and quenched from 710 °C 


1 J. F. Smith, private communication, October 1954. 
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and gave similar evidence of having undergone peritectic decomposition at or 
below that temperature. Similarly in addition to the 23.8% vanadium alloy (Figs. 
7 and 9) the 6.3, 10.1, 17.7 and a 27.2% vanadium alloys quenched from 750 °C 
all gave evidence of having undergone peritectic decomposition of 8(AI-V) 
at that temperature. 

Mr. Gonser points out that both aluminum and vanadium of higher purity 
than those used in this study are available. About 50 grams of 99.99% aluminum 
was obtained from the Aluminum Company of America which was used in deter- 
mining some of the critical points in the aluminum-rich end of the diagram. The 
melting point of aluminum and some of the points on (Al) and a(Al-V) 
peritectic horizontals were determined on this material. Iodide vanadium is not 
commercially available and we do not have equipment for iodide processing in 
our laboratory. We have received samples of other metals which were prepared 
by the iodide method from Battelle for which we have been most appreciative 
but did not wish to trouble them for vanadium. 

Actually no real difficulty was encountered from volatilization of aluminum 
in preparing the alloys. The vanadium-rich alloys analyzed from 1 to 2% lower 
in aluminum than the intended composition. This the authors attributed to a 
slight loss of aluminum vapor in the arc. 








PARTIAL PHASE DIAGRAM OF THE 
IRON-CERIUM SYSTEM 


By James O. JEPSON AND Pot DuweEz 


Abstract 


The phase diagram up to 5 weight per cent cerium and 
the structure of the intermediate phases of the iron-cerium 
system have been studied. It is established that the solubility 
of cerium in both alpha and gamma tron ts less than 0.5 weight 
per cent. The alpha to gamma transformation temperature is 
very slightly raised by the addition of cerium and it is prob- 
able that the diagram 1s of the peritectoid type. The iron-rich 
intermediate phase corresponds to the composition CeFe; and 
decomposes at 1060°C (1940°F). The second intermediate 
phase is CeFeés, which has a face-centered cubic structure of 


the C15 (MgCugz) type, a= 7.302A. 


A* A result of a literature survey, it was found that the iron-cerium 
system had not been studied since 1917 (1)*, when Vogel pub- 
shed a tentative phase diagram. A portion of this diagram is repro- 
uced in Fig. 1. A new investigation of this system was motivated by 
vo reasons: first, a better knowledge of the iron-cerium system would 
ventually be useful in understanding the more complex problem of 
e effect of rare earth additions to steel; second, the diagram pre- 
nted by Vogel was thought to be inaccurate. In particular, the high 
rs of cerium in alpha and gamma iron (12 and 15% respec- 

ely) found by Vogel appeared to be very improbable, considering 


e fact that the atomic diameter of cerium is about 45% greater than 
iat of iron. 


EXPERIMENTAL PROCEDURE 


The iron used in this investigation was obtained in the form of a 
acuum-cast ingot from the National Research Corporation, Cam- 
bridge, Mass. A typical analysis supplied by the manufacturer is: 
J.001% nitrogen ; 0.02% oxygen; 0.005% hydrogen ; 0.005% carbon ; 
0.01% silicon; and traces of other metals. The cerium, obtained from 
the Institute for Atomic Research of the lowa State College, has the 





1 The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Portion of the Iron-Cerium Phase Diagram as Published by Vogel (1). 


following spectrographic analysis : 0.03% calcium ; 0.01% iron ; 0.02% 
magnesium ; 0.02% praseodymium ; 0.03% silicon; 0.05% tantalum ; 
no trace of lanthanum, neodymium, or thorium. 

All the alloys used in this investigation were melted in an arc 
under helium atmosphere. In order to minimize the oxidation of cerium 
previous to melting, the specimen was processed in the arc melting unit 
immediately after weighing.? The specimens weighed approximately 
10 grams, except for the high percentage cerium alloys, which weighed 
as low as 0.5 gram. Various melting procedures were tried in an effort 
to overcome serious weight losses. The method finally used was to have 
the cerium completely surrounded by iron, either by insertion of the 
solid cerium in a cavity drilled in a piece of iron and covered with an 


2 A 0.7-gram sample of cerium showed no measurable (0.1 mg) weight gain on exposure to 
air for 2 hours. 
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iron cap or by wrapping iron foil around the cerium, so that the arc 
did not come in contact with the cerium. In spite of these precautions, 
some of the cerium was lost and the actual composition of the speci- 
mens was based on a chemical analysis of cerium after melting (see 
Appendix for method of analysis). 

The arc melted buttons containing up to 5% cerium® were ductile 
enough to be cold-rolled into small rectangular bars. The specimens 
were then sealed in evacuated fused silica tubes and homogenized by 
holding at 1095 °C (2000°F) for 2 hours and slow-cooled at a rate 
of 55°C per hour to below the allotropic transformation temperature 
(800 °C) and furnace cooled from that point to room temperature. All 
the subsequent heat treatments, carried out in evacuated fused silica 
tubes, were isothermal, followed by a quench in which the tubes were 

roken under water. 

Thermal analysis to detect the allotropic transformation tempera- 
ure was carried out in vacuum using small specimens heated by a 
nolybdenum coil furnace. The heating and cooling rates used were 1.0 

» 2.5°C per second and 0.6 to 1.6°C per second, respectively; the 
verage of the temperatures found on heating and cooling was used. 

The temperature of incipient melting of some alloys in the range 

5 to 5% cerium was obtained by microscopic observation. A speci- 
en in the form of a bar about \ inch in cross section and 1 inch in 
ngth was placed in a tube furnace where an approximately linear 
‘mperature distribution existed. The temperature at both ends of the 
ir was measured by thermocouples which were inserted into small 
les drilled into the specimen. Because of the relatively high con- 
ictivity of the alloy, it was assumed that the temperature distribution 
ong the specimen was linear and thus the temperature could be ob- 
ined at each point. The specimen was then examined under the mi- 
‘oscope along its length, and the point (thus the temperature) at 
vhich the transformation occurred could be determined. For all mi- 
roscopic observations the specimens were polished by conventional 
iethods, finishing with Hyprez diamond compound 1-W-47 and etch- 
ng with a 2% nital solution. 

The structures of the intermediate phases were investigated by 
\-ray diffraction, using a 14.32-centimeter powder camera and cobalt 
Xa radiation. The film was mounted asymmetrically in the camera 
( Straumanis method ) and the readings were corrected for film shrink- 
age. To obtain sharp diffraction patterns, especially for the high angle 
reflections, 200 mesh powder, obtained by crushing or filing, was an- 
nealed in vacuum for 2 hours at 540°C (1005 °F). Intensity measure- 
ments were made using the same annealed powder and a recording 
X-ray spectrometer. 





* All compositions are given in weight percentages. 
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PHASE BoUNDARY DETERMINATIONS 


The phase boundaries established as a result of the present study 
up to 5% cerium are presented in Fig. 2. The alloy containing 0.19% 
cerium was a one-phase iron solid solution. In the next alloy, contain- 
ing 0.48% cerium, a very small amount of a second phase was found 
after quenching from 1095, 1040, 980, 925, 870, and 815°C (2000, 
1905, 1795, 1700, 1600 and 1500°F ). The solubility of cerium in both 
alpha and gamma iron is therefore close to 0.4% cerium. Two phases 
were found in alloys containing 0.66, 1.57, 2.40, 3.40, and 4.62% 
cerium. An X-ray powder pattern of a two-phase 1.57% cerium alloy, 
as compared to a pure iron pattern, showed no change in the lattice 
parameter to an accuracy of 0.001 A. To detect the effect of the solid 
solution of cerium on the lattice parameter a more precise back- 
reflection technique is necessary. 

The effect of cerium on the allotropic transformation of iron was 
studied by thermal analysis. The thermal analysis apparatus was cali- 
brated using pure iron, whose transformation temperature averaged 
910°C (1670°F). The transformation temperature was 914°C 
(1680 °F) for the alloy containing 0.19% cerium. For the alloys con- 
taining more than 0.48% cerium the transformation temperature was 
practically the same, namely 920°C (1690°F), as indicated on the 
graph of Fig. 2. The fact that the addition of cerium raises the allotropix 
transformation of iron leads to the conclusion that the equilibrium 
diagram is of the peritectoid type. The approximate phase boundaries 
shown in Fig. 2 have been traced on the basis of this conclusion. 

The temperature of incipient melting of alloys in the range 0.5 
to 5% cerium was first approximately located by heat treating five 
specimens within this range of composition at 1095 and 1040 °C (200( 
and 1905 °F). Microscopic observation indicated that incipient melting 
took place in all the specimens heated to 1095°C (2000°F). Two 
specimens containing 3.40 and 4.62% cerium were then heated to 
1065°C (1950°F) and indication of incipient melting was found. 
Consequently, the incipient melting temperature was somewhere in the 
range from 1040 to 1065°C (1905 to 1950°F). The final measure- 
ment was made on two specimens containing 1.25 and 1.46% cerium 
using the “temperature gradient” method described under “Experi- 
mental Procedure.” By this method the incipient melting temperature 
was found to be 1060 + 5 °C. 

In the diagram published by Vogel (1), based entirely on thermal 
analysis, two intermediate phases were assigned compositions corre- 
sponding to the formulae CegFe; (49.9% cerium) and CeFee (55.6% 
cerium). In the present study, alloys were prepared in the range of 
26.3 to 51.7% cerium and after being homogenized for 120 hours at 
760°C (1400°F) were investigated by X-ray diffraction methods. 
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Fig. 2—Partial Phase Diagram of the Iron-Cerium System. 


(wo compounds were identified by their characteristic X-ray powder 
patterns and corresponded to the stoichiometric formulae Cele; and 
CeFes. 

The proof of the existence of CeFe; resulted from the examina- 
tion of X-ray powder patterns near the stoichiometric composition 
CeFe; (33.5% cerium). In an alloy containing 32.3% cerium, the 
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Fig. 3—A Modification of the Iron-Cerium Phase Diagram Proposed by Vogel 
(1) as a Result of the Present Study. 


strongest line of alpha iron was present, and in an alloy containing 
36.8% cerium, several reflections from the compound CeFe2 were 
found. In addition, other alloys of compositions between CeFe,; and 
CeFe, contained these two phases only. 

In view of the results of the present study, a modification of 
Vogel’s phase diagram is proposed; it is presented in Fig. 3. The 
main differences between the two diagrams are: 1) the solubility of 
cerium in iron is 0.4% instead of about 12%; and 2) the iron-rich 
phase corresponds to CeFe,; rather than CeoFe;. 


THe STRUCTURE OF THE INTERMEDIATE PHASES 


A. The CeFe; Phase—The study of the CeFe; phase was made 
on an alloy containing 32.3% cerium. This composition is very close 
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to the ideal CeFe; stoichiometric formula (which is 33.5% cerium). 
The X-ray diffraction powder pattern contained 40 reflections, and 
only one very weak line at 2.02 A could be identified as a reflection 
from the iron phase. No evidence was found for the presence of the 
CeFesg phase. An attempt was made to index the pattern with the aid 
of Hull-Davey charts. Only 32 lines out of the 39 could be indexed on 
the basis of a simple hexagonal lattice with an axial ratio of 0.844 and 
a unit cell with dimensions a = 4.900A and c = 4.136 A. 

Although this tentative unit cell is probably not the correct one, 
it might be somewhat related to the true unit cell. This statement is 
ased on the fact that two other intermetallic compounds which could 
ogically be isomorphous with CeFe;, namely CeCo; and CeNi;, have 
een reported to have hexagonal symmetry with lattice parameters 
ery close to those found in this investigation. According to Nowotny 
2), the parameters of the CeNi; phase are a = 4.874 A, c = 4.004 A, 
nd c/a=0.822; according to Heumann (3), the parameters of the 

eCo; phase are a = 4.955 A, c = 4.055 A, and c/a = 0.818. The crys- 
| structure of these two phases is claimed to be that of the CaZn; 


pe, space group C6/mmm (D'¢,) with six atoms in the following 
sitions : 





1. Ain (a) : 000 
2. B: in (c): 1/3, 2/3, 0; 2/3, 1/3, 0 
3. Bu in (g): 40%; 04%; “UUM. 


The suggestion that the crystal structure of CeFe; would also be 
the CaZn; type is not substantiated by the results of the present 
vestigation. As shown in Table I, the agreement between observed 
d computed sin? @ is relatively good (especially for large Bragg 
gles), but obvious discrepancies exist between the intensities com- 
ited on the basis of a CaZn; type structure and the observed ones. In 
idition, as previously stated, 7 reflections out of a total of 39 could 
it be indexed on the basis of the assumed unit cell. As a consequence 
these results, it appears that the crystal structure of CeFe; is not 
the CaZn; type, but has a unit cell which is probably somewhat re- 

ted to that of CaZns. 

A logical consequence of the foregoing discussion is that CeFe, 
vould not be isomorphous with CeNi; and CeCo;. The crystal structure 
ieterminations of CeNi; by Nowotny (2) and of CeCo; by Heumann 
(3), however, were not sufficiently accurate to prove without doubt 
that these two compounds are of the CaZn; type. So little experimental 
data were presented by Heumann that the reliability of his conclusion 
concerning CeCo; cannot be estimated. The study of CeNi; by Nowotny 
was based on an X-ray diffraction powder pattern in which only 16 
lines, all corresponding to Bragg angles less than 60 degrees, were in- 
dexed. The resolution of the camera (whose diameter is not given in 
the text) must have been small, since two lines computed to be sepa- 
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Table I 
Diffraction Data for CeFes 
sin? 6 sin? 0 
observed computed* 
— 0.0444 
— 0.0468 
0.0922 0.0912 

0.0984 — 
0.1103 me 
0.1341 0.1333 
0.1786 0.1777 
0.1813 0.1801 
0.1883 0.1870 
0.2256 0.2245 
0.2356 0.2315 
_— 0.3110 
0.3218 0.3203 
0.3595 0.3578 
0.3662 0.3648 
—_ 0.3999 
— 0.4208 
0.4477 0.4466 
0.4658 0.4653 
0.4819 — 
0.4993 0.4981 
0.5335 0.5332 
0.5425 ~— 
0.5550 0.5541 
— 0.5776 
0.5799 0.5799 
0.5889 0.5869 
0.6019 0.5986 
0.6250 0.6244 
0.7110 0.7109 
0.7198 0.7202 
0.7316 0.7319 
0.7494 0.7482 
— 0.7577 
— 0.7646 
0.7967 0.7926 
0.8203 0.8207 
0.8438 0.8442 
0.8533 — 
0.8817 0.8815 
0.8906 0.8909 
0.8970 0.8979 
0.9255 0.9259 
0.9337 0.9331 
— 0.9540 
0.9791 0.9798 
0.9816 — 
0.9857 — 
— 0.9984 





Vol. 47 
Relative Intensity 
visual computed* 
— 15 
— 75 
vw 584 
vvw — 
vvw — 
vw 330 
m 343 
s 1000 
w 289 
vw 52 
vvVw 6 
— 4 
vw 162 
m 139 
m 217 
oo 56 
_- 3 
m 231 
vw 48 
vVWw -— 
w 5 
m 181 
Ww _—— 
m 189 
—_— 2 
vVVWw i5 
vVvw 75 
vVvVw 11 
m 77 
m 63 
m 342 
m 82 
vw 61 
-—~ 12 
—_ 5 
VVWw 2 
s 217 
vw 3 
Ww —_— 
vw 111 
s 123 
m 193 
Ww 232 
vw 152 
— 38 
s 133 
w — 
m — 
— 108 


s = strong; m= medium; w = weak; vw = very weak; vvyw = very, very weak 


* Assuming the CaZns type structure. 


rated by 25 minutes of arc were not resolved. The intensities were 
estimated visually and although the agreement with computed inten- 
sities might be considered satisfactory, the number of reflections used 
for the analysis was too small to provide the necessary data for a re- 
liable structure determination. 

From the foregoing discussion, it appears that additional work 
is required in order to definitely establish that CeNi; and CeCo; have 
the CaZns type structure. Since it is shown in this report that CeFe; 
is not of the CaZn, type, the possibility that the three compounds are 
isomorphous cannot yet be discarded. 
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Table Il 
Diffraction Data for CeFe2 





d sin? 9 sin? 8 
hkl (A) observed computed 
111 -— -- 0.0450 
220 2.57 0.1215 0.1200 
311 2.19 0.1665 0.1651 
222 2.10 0.1813 0.1801 
400 — -= 0.2401 
331 — -— 0.2851 
422 1.488 0.3615 0.3601 

511 — 333 1.403 0.4063 0.4051 
440 1.289 0.4819 0.4802 
531 — — 0.5253 
620 1.154 0.6005 0.6002 
533 1.114 0.6452 0.6452 
622 1.100 0.6618 0.6602 
444 — -— 0.7202 

711 — 551 1.022 0.7656 0.7653 
642 0.9758 0.8402 0.8403 

553 — 731 0.9507 0.8853 0.8853 
800 0.9127 0.9604 0.9603 


Quadratic form for cobalt Ka, (\ = 1.78890 A): 
sin? @ = 0.015005 (h?+k2+-12) 

Lattice parameter a—7.302A 

s = strong; m = medium; w = weak; vw = very 
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Fig. 4—A Graphical Comparison of Calculated and Observed 
for CeFee (MgCue type). 
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B. The CeFez Phase—The only information found in the literature 
on the crystal structure of CeFee is one sentence inserted at the end of 
a paper by Filling, Moeller, and Vogel saying that just before this 
paper was printed, Moeller found that the structure of CeFes was of 
the MgCus type (4). The present investigation confirms this state- 
ment. A specimen containing 51.7% cerium (the stoichiometric com- 
position would correspond to 55.6% cerium) was studied; its diffrac- 
tion pattern containing 13 reflections was readily indexed on the basis 
of a face-centered cubic cell with a = 7.302 A. The results (Cf. Table 
II) show a reasonable agreement between observed and calculated 
sin? 9. The intensities of the diffraction maxima were computed on the 
basis of an MgCupz structure and were measured by means of a record- 
ing X-ray spectrometer. The correlation between computed and meas- 
ured intensities is shown graphically in Fig. 4 and is close enough to 
be reasonably certain that the structure of CeFes is of the MgCup type. 

The interatomic distances in CeFee, based on a unit cell with a = 
7.302 A, are: cerium to cerium, 3.16A; iron to iron, 2.58 A; and cerium 
to iron, 3.03 A. A comparison of these distances with the atomic diam- 
eters of iron and cerium in their elemental state indicates that in the 
CeFee structure the cerium atoms have been compressed 13% and the 
iron atoms have been expanded 2%. Changes in atomic size of the 
same order of magnitude also exist in the two compounds CeNig and 
CeCos, which are isomorphous with CeFes (5). 


CoNCLUSIONS 


As a result of the present investigation, it was established that, 
contrary to the results of Vogel (1), the solubility of cerium in both 
alpha and gamma iron is less than 0.5%. The alpha to gamma trans 
formation temperature is very slightly raised by the addition of cerium 
and it is probable that the diagram is of the peritectoid type. The iron- 
rich intermediate phase corresponds to the composition CeFe; and de 
composes at 1060°C (1940°F). No evidence was found for a phase 
CeeFe; reported by Vogel. The second intermediate phase is CeFeo, 
which has a face-centered cubic structure of the C15 (MgCuge) type, 


az 7H02 A. APPENDIX 


Determination of Cerinm in Iron-Cerium Alloy 


The method used, presupposing the absence of such interfering 
elements as chromium and manganese, consisted essentially of the 
solution of the samples in 50 ml of 20% He2SO,; the oxidation of the 
iron with 2 ml HNO; dilution to 200 ml of the solution boiled to re- 
move oxides of nitrogen ; the addition to the boiling solution of 10 ml 
3% AgNOs plus 10 ml 25% (NH4)2Se2Os, and subsequent titration 
of the cooled solution with 0.02 N. ferrous sulphate solution using 
several drops of ortho-phenanthroline indicator. 


LN eae ae) ne PC 
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Only very small samples were available, and consequently anal- 
yses were not duplicated except in the case of high cerium content 
alloys. The precision of the method is + 0.001 milliequivalents of 
cerium, or in terms of a 1 gram sample (about the average sample avail- 
able), +0.01% cerium. If desired, the titrated sample could be re- 
heated to boiling, 10 ml of 25% (NH4)2SeO,4 added to reoxidize the 
cerium, and the cooled solution again titrated. 
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THE TITANIUM-COBALT SYSTEM 


By F. L. OrrEtt, Jr. AND M. G. Fontana 


Abstract 


The phase diagram for part of the titanium-cobalt system 
has been determined, with particular emphasis on the 
titanium-rich portion. The principal techniques employed 
were metallography of cast and heat treated samples, detec- 
tion of incipient melting, and X-ray diffraction analysis. 
Alloys containing from 1 — 55% by weight of cobalt were 
prepared by arc melting in a copper crucible furnace pro- 
vided with a protective atmosphere of helium and a tungsten- 
tipped electrode. 


LITERATURE REVIEW 


MONG the literature pertaining to titanium-rich phase equilibria 
in the titanium-cobalt system is a paper by Craighead, Simmons 
and Eastwood (1)? in which the authors suggest a solubility of 1.5% 
cobalt in alpha titanium and indicate that additions of cobalt lower the 
temperature of the titanium allotropic transformation. McQuillan (2) 
also reported on this effect at temperatures above 725 °C (1335 °F) 
and to cobalt contents of approximately 6% by weight. 
The only extensive treatment of the titanium-cobalt system is given 
by Wallbaum (3) who stated: 

a. There is a eutectic reaction between Ti and TisCo oc- 
curring at 1590°C (2895°F). 

b. The eutectic composition lies at 25% cobalt. 

c. The compound TigCo melts congruently at 1600 °C 
(2910 °F) and has a face-centered cubic crystal structure with 
96 atoms per unit cell. 

d. The compound TiCo is formed by peritectic reaction at 
1450°C (2640°F) and has a body-centered cubic structure 
of the CsCl type. 

Duwez and Taylor (4) have reported crystal structures for TigCo 
and TiCo substantially in agreement with those given by Laves and 
Wallbaum (5), except that they did not find evidence of ordering 





1 The figures appearing in parentheses pertain to the references appended to this paper. 





This paper is based on a dissertation submitted to The Ohio State University in partial 
fulfillment of the requirements for the degree of Doctor of Philosophy. 





A paper presented before the Thirty-sixth Annual Convention of the Society, 
held in Chicago, November 1 to 5, 1954. Of the authors, F. L. Orrell, Jr. was 
formerly Titanium Alloy Manufacturing Division, National Lead Company 
Research Fellow at The Ohio State University, now with Dow Chemical Company, 
Midland, Michigan, and M. G. Fontana is head of the Department of Metailurgy, 
The Ohio State University, Columbus, Ohio. Manuscript received April 7, 1954. 


554 








1955 TITANIUM-COBALT SYSTEM 555 


(CsCl structure) for the TiCo phase as indicated by Laves and Wall- 
baum. Karlsson (6) has discussed a CogTigO phase which he sug- 
gests (7) as being identical to the TizCo phase of Laves and Wall- 
baum. Rostoker (8) has also examined the TigX problem with re- 
sults generally in agreement with those of Karlsson. 


EXPERIMENTAL PROCEDURE 


Materials—All alloys studied in the course of this investigation 
were prepared from iodide crystal bar analyzing 99.94+-% titanium. 
The crystal bar was manufactured by the New Jersey Zinc Company 
and was made available to this program by J. B. Johnson of the Air 
Material Command, Wright-Patterson Air Force Base. The cobalt 
used for the preparation of the alloys was generously supplied by 
Mr. J. Kurtz of the Kulite Tungsten Company and analyzed approxi- 
mately 99.5% cobalt. 

Preparation of Alloys—Alloys were prepared by arc melting 
eighed charges in a tungsten-tipped electrode arc furnace of the type 
lescribed by McPherson and Fontana (9). A copper insert similar to 
hat described by the Armour group (10) was used with the addition 
f a tungsten igniter button. Melting was performed in a protective 
tmosphere of Bureau of Mines Grade A helium. Three, five and ten- 
ram melts were made. The buttons were melted at least four times 
id from various directions (bottom, edge, etc.) to insure thorough 
xing. The 10-gram buttons were cut into two pieces and melted 
‘om the cut faces as a further precaution against incomplete melting. 

Heat Treatments—To protect the alloys samples from gaseous 
mtamination during heat treatment they were sealed in Vycor cap- 
ules. In most cases the samples were separated from the capsule wall 
y a piece of titanium sheet. Prior to sealing, the capsules were care- 
illy evacuated and filled with argon at a pressure sufficient to yield 
ne atmosphere at the heat treating temperature. 

The initial heat treatment for all alloys was a homogenization 
reatment. This consisted of heating alloys of 1 — 9% cobalt at 1025 °C 
(1875°F) and the remainder at 930°C (1705°F) for 72 hours. 
\lloys of 1 — 6% cobalt were cold compressed to various degrees prior 

to the heat treatments. Following the homogenization treatment 
samples were equilibrated by heating for various combinations of time 
and temperature ranging from 4 hours at 1000°C (1830°F) to 564 
hours at 675 °C (1245 °F). At the end of the equilibration period the 
samples were quenched by crushing the capsules under water. 

The furnace apparatus provided specimen temperatures within 
+10 °C of the temperatures reported. 

Melting Range Determinations—Solidus data and liquid reaction 
isotherm temperatures were obtained by heating small samples of 
homogenized alloys at a series of temperatures above the homogeni- 
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zation temperature. When visual examination of the heat treated sample 
did not conclusively indicate that melting had occurred, the samples 
were examined metallographically for incipient melting. 

Calibration of the furnace against the gold-point showed the 
specimen temperature for these treatments to be within +3°C of 
the temperature reported. 

X-Ray Diffraction Techmques—xX-ray diffraction patterns were 
obtained for many of the alloys for phase identification. The patterns 
were taken with a 114-millimeter diameter Debye-Scherrer powder 
camera, using filtered characteristic cobalt and molybdenum radiation. 
Specimens were prepared by filing or by crushing and screening 
through a 325-mesh screen. Exposure times of 8 to 16 hours were re- 
quired. 

RESULTS AND DiIscuUSSION 

The Phase Diagram—Alloys containing 1, 2,....9, 10 (in incre- 
ments of 1%), and 10, 12, . . . 36, 38 (in increments of 2% ) and 42, 
46, 50, 52, 54, 55 weight % cobalt were prepared. These alloys were ex- 
amined micrographically in the as-cast conditions (which revealed 
many of the important features of the system) and the heat treated 
condition. Melting determinations and X-ray diffraction analyses were 
also used for portions of the study. The results of these studies are the 
basis for the phase diagram presented in Fig. 1. Since, as is shown in 
Table I below, the analyzed composition agreed closely with the in 
tended composition for nearly all of the alloys studied, data are 
plotted on the basis of nominal composition. 

Metallographic Studies—Microscopic examination of alloys in the 
as-cast condition revealed several important characteristics of the 
diagram. Solidification of the melt by means of a eutectic reaction was 





Table I 
Chemical Analysis of Alloys 
Nominal Composition (weight per cent) 
% Co Ti Co Cu 
1 98.91 1.09 none none 
2 98.03 1.97 — — 
3 96.66 3.34 — — 
4 95.89 4.11 _— — 
5 95.01 4.99 none none 
6 93.93 6.07 — _ 
7 92.99 7.01 — _— 
& 91.96 8.04 — — 
9 90.25 9.75 — — 
10 89.76 10.25 - ~- 
12 87.80 12.20 — = 
14 86.18 13.82 — — 
16 83.70 16.30 — —— 
18 82.15 17.85 — -- 
24 76.71 23.29 none none 
28 71.77 28.23 none none 
32 67.75 32.25 none none 
38 63.68 36.32 none none 


55 45.17 54.83 _— — 
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Fig. 1—Titanium-Cobalt Phase Diagram. Plotted circles with cross equal liquid plus solids. 





1500 1250 1O00 750 500 
Temperature °C 


clearly indicated in alloys above 16% cobalt. Fig. 2 shows a typical 
microstructure of primary dendrites surrounded by the eutectic matrix 
ina 22% cobalt alloy. Subsequent X-ray diffraction analysis of the 
homogenized alloy showed the phases to be beta (dark etching) and 
UigCo (light). As the cobalt content increased beyond 16% the amount 
ot primary dendrite decreased until at 28% the alloy was nearly 100% 
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Fig. 2—22% Cobalt Alloy, As-Cast. Primary beta plus eutectic mixture of beta + 
TieCo. Etchant: HF-H2Oz2 X 600 


Fig. 3—38% Cobalt Alloy, As-Cast. Primary TiCo (white) plus peritectic rims of 
TieCo in eutectic matrix of beta (black) + TisCo (grey). Etchant: HF-H2O2 X 1200 


7%, 4—32% Cobalt Alloy, Water-Quenched After Annealing 72 Hours at 930°C 
(1705 °F). TieCo in a beta matrix (dark). Etchant: HF-H2Oe X 70. 


Fig. 5—46% Cobalt Alloy, Weter econ’ After Annealing 72 Hours at 930°C 
(1705 °F). TiCo in a TisCo matrix. Etchant: HF-H2Oe. X 70. 


eutectic. For compositions above 28% cobalt the primary phase be- 
came TigCo the amount of which increased as the cobalt content in- 
creased to 32%. On the basis of the as-cast microstructures and melt- 


ing data for alloys in the 24-32% cobalt range the eutectic composition 
was estimated to lie at 27% cobalt. 
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Above 32% cobalt the nonequilibrium microstructures of the as- 
cast alloys indicated the peritectic reaction: liquid + TiCo + TieCo. 
This is shown in Fig. 3 by the primary dendrites of TiCo (white) 
which are surrounded by the peritectic reaction rim of TigCo (grey) 
and the eutectic matrix of TigCo + beta (black). As the composition 
of the alloys increased beyond 38% cobalt the amount of the non- 
equilibrium eutectic mixture of TigCo + beta decreased but persisted 
up to 46% cobalt. 

Microscopic examination of the homogenized alloys served mainly 
to indicate whether they were in the required homogeneous condition 
before proceeding with subsequent treatments. A typical microstruc- 
ture of the beta + TigCo alloys is shown in Fig. 4 for a 32% cobalt 

lloy. Here the primary phase is a light etching dendritic phase of 
ioCo surrounded by a matrix of beta (dark etching). Fig. 5 of a 
mogenized 46% cobalt alloy shows primary dendrites of TiCo in 
matrix of TigCo. It is noteworthy that the dark etching constituent 
the as-cast alloy (beta) has disappeared during homogenization. 

The low-cobalt alloys indicated that 6 to 8% cobalt was required 
suppress completely the beta — alpha transformation and retain 
» beta under ordinary quenching conditions. Alloys below 6% 
owed the typical acicular transformed-beta structure after quench- 
x from the homogenization temperature. 

Beta Decomposition—Alloys containing 1 to 18% cobalt were 
mogenized at 1025°C (1875 °F), equilibrated at various tempera- 
‘es from 650 to 1000 °C (1200 to 1830°F ), quenched, and examined 
crographically. The microscopic examination revealed readily the 
thermal decomposition or transformation of beta into alpha or into 
»Co as the composition of the alloy fell below or exceeded the beta 
ubility limits. The Widmanstatten arrangement of the precipitated 
»Co in the retained-beta matrix as shown in Fig. 6 is representative 
the microstructures obtained in this portion of the study. From the 
sults obtained thereby it was possible to plot on the phase diagram 
e B/(a+ B) solvus and the B/(8 + TieCo) solvus. 

Alloys containing 8 to 12% cobalt were equilibrated at 650 and 
75°C (1200 to 1245°F) for times ranging from 200 to 564 hours. 
ig. 7 shows a typical microstructure in which the presence of the alpha 

phase (matrix) and TieCo (spheroids) were confirmed by diffraction 
inalysis. From these results the 8 =a-+ TieCo isotherm was set at 
085 + 10°C (1265 °F). A eutectoid composition of about 9% cobalt 
is indicated. 

Intermediate Phases—Homogenized and quenched alloys in the 
composition range 20-55% cobalt were studied by X-ray diffraction 
methods to identify the equilibrium phases. In the samples taken from 
alloys in the 20-38% range (two-phase) a body-centered cubic phase 
(beta) was readily recognized which consistently showed a parameter 
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Fig. 6—12% Cobalt Alloy, Homogenized 72 Hours at 930°C (1705 °F), Water- 
Quenched, Equilibrated 360 Hours at 700°C (1290 °F), Water-Quenched. TieCo in a 
matrix of retained-beta. Etchant: HF-H2Oe. X 65. 


Fig. 7—8% Cobalt Alloy, Homogenized 72 Hours at 1025 °C (1875 °F), Water- 
Quenched, Equilibrated 510 Hours at 650°C (1200 °F), Water-Quenched. TieCo in a 
matrix of alpha-Ti. Etchant: aqueous HF. X 1200 


Fig. 8—46% Cobalt-Alloy, Homogenized 72 Hours at 930°C (1705 °F), Heated to 
1060 °C (1940 °F). TiCo grains (white) surrounded by nonequilibrium beta (black) 
and TieCo from grain boundary melting. Etchant: HF-H2Oe. X 375. 


of 3.21A. Since these samples were quenched from 903 °C (1705 °F), 
this value represents the effect of about 13% cobalt on the room tem- 
perature parameter of unalloyed beta-titanium (3.282A) (11). Alloys 
in the 42-55% cobalt range also showed a body-centered cubic phase 
with a cell edge of 2.99A. No evidence of ordering was noted. These 
results are in agreement with those reported by Duwez and Taylor (4) 
for TiCo. 

Diffraction patterns for the second phase in all of the foregoing 
samples were readily indexed on the basis of a face-centered cubic 
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Table Il 
Comparison of Interplanar Spacings and Relative Intensities for TieCo 
ee eacamiautimmanttastummmaseaiiayminaita eae Ate 
This Investigation Duwez & Taylor(4) 
hkl d(A) I/Io d(kx) I/Io 
111 6.407 4 6.53 w 
220 — — 3.97 vw 
222 3.226 3 3.26 Ww 
331 2.579 4 2.59 Ww 
422 2.295 6 2.31 m 
333 2.167 10 2.17 s 
440 1.988 ‘ 6 2.00 m 
531 1.903 3 1.91 vw 
442 1.877 4 1.88 w 
622 — 1.72 w 
444 1.629 l 1.63 Ww 
711 1.580 ? 1.59 Ww 
642 1.507 l 1.51 Ww 
731 1.468 4 1.472 Ww 
800 1.412 ] 1.413 vw 
733 1.380 1 1.382 W 
822 1.330 8 1.334 m 
751 1.304 4 1.305 Ww 
911 1.241 2 1.242 vw 
842 1.231 2 1.234 Ww 
933 1.136 6 1.136 m 
862 1.109 3 1.109 vw 
951 1.092 2 1.095 vw 
6600 1.087 2 1.087 Vw 
775 — — 1.019 vw 
884 0.9416 6 0.9423 m 
777 0.9318 6 0.9330 m 
10.64 0.9164 6 0.9172 m 
Table Ill 
Vacuum Fusion Analysis of Heat Treated Alloys 
Nominal Thermal Gas Content-Weight Per Cent 
Composition History He Ox Ne 
30% Co 72 hours at 930 °C 0.013 0.050 0.031 
32% Co 72 hours at 930°C 0.007 0.020 0.057 
32% Co 72 hours at 930 °C plus 0.011 0.041 0.077 
8 hours at 975 °C 
38% Co 96 hours at 930 °C 0.003 0.073 0.067 
Table IV 
Melting Range Determinations 
Alloy Incipient Melting 
Wt. % Cobalt Melting Observed, °C. No Melting, °C. 
18 1025 1018 
20 1025 — 
22 1032 aad 
24 1043 1014 
26 1043 1014 
28 1027 1014 
30 1043 1014 
32 —- 1014 
42 1080 1050 
46 1060 1025 
50 1150 


1050 


structure with a lattice parameter of 11.30A. Extinctions, relative in- 


tensities, and “d’’ spacings (Table 


Il) were in close agreement with 


those reported for TigNi (4), an isc morph of TigCo. Gas contents of 
certain of the samples sttidied are shown in Table ITI. 

Rostoker (8) has suggested a structure, “predominately cubic, 
MgCue type,” for the TigCo phase. However, cobalt has an atomic 
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diameter about 14% less than that of titanium (12) and the usual con- 
dition for the Laves ABs phases is D,/Dgx ratio varying between 1.2 
and 1.3 (13). 

Both Rostoker (8) and Karlsson (6,7) have studied the struc- 
tures of TigX and TigX2O phases. Both report essentially the same 
structure (Fe;W3C type) for TigCogO as that shown in this investi- 
gation for TigCo. While Karlsson has stated that this same structure 
persists when cobalt atoms are substituted for titanium to the limit of 
TigCogO, neither has discussed the effects of various oxygen contents 


a tes 
600 


400 








Vickers Hardness Number (!O kg. loa 


O 10 20 30 40 50 60 
Weight % Cobalt 


Fig. 9—Hardness Versus Composition for Binary Ti-Co Alloys. 
Water-quenched following homogenization. 


on the structure of the TisCo2O phase. The results of this investigatio1 
show that the reported Fe;W3;C type structure for the stoichiometri 
phase TigCo2O persists in the oxygenated TigCo phase to low levels 0’ 
gas content and suggest that cobalt may be similar in behavior to coppe1 
and nickel (8), for which both the TigX and Ti,X»O phases have th: 
FesgW3C structure. 

Melting Range Determinations—The method employed for de- 
termining melting ranges accurately established the temperature fo: 
the eutectic reaction B + TigCo= liquid at 1020°C (1870°F) and 
for the peritectic reaction liquid + TiCo = TieCo at 1055°C 
(1930 °F). Fig. 8 shows incipient melting in a 46% cobalt alloy. Re- 
sults of determinations are shown in Table IV. 

Hardness of Titanium-Cobalt Alloys—The hardness of the alloys 
as quenched from the homogenizing temperature was measured on a 
Vickers Hardness Tester using a 10-Kg load and a 74” objective. The 
hardness as a function of composition for the alloys studied is shown in 
Fig. 9. Peaks at 10% and 38% and a pronounced minimum at 55% 
cobalt will be noted. 
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SUMMARY 


Additions of cobalt to titanium stabilize the beta phase and lower 
the transformation temperature until a eutectoid decomposition occurs 
between 9 and 10% cobalt and at 685 °C (1265 °F). Beta with 17% 
cobalt and TieCo form a eutectic at 27% cobalt and 1020°C (1870°F). 
TieCo is formed by peritectic reaction between TiCo and the melt at 


1055 °C (1930 °F). 
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DISCUSSION 


Written Discussion: By W. Rostoker, supervisor, Physical Metallurgy 
Research, Armour Research Foundation, Chicago. 

The publication of this paper fills one of the few remaining gaps in our 
knowledge of binary phase equilibria in titanium-base systems. The authors 
make reference to a technical note of a few years ago in which I reported that 
a TisCo phase isomorphous with TicCu and TisNi was not found. Since the 
authors have identified such a phase metallographically and by X-ray diffraction 
analysis, there appears to be a contradiction. After reading the preprint, w: 
melted a 10 gram ingot of normal composition TisCo and examined it in bot! 
the as-cast and as-annealed (950 °C—24 hours) states, using metallography 
and powder pattern analysis. Our results are in complete agreement with th: 
authors’, that a single phase does exist at the approximate atomic proportion 
TisCo, and that this phase is apparently isomorphous with TisCu and TisNi. Th 
cube unit cell dimensions were calculated to be 11.28 kX. It must be inferred tha 
the alloy examined and reported upon in my earlier technical note was not o 
the analysis intended. 

Since for practical purposes, the phase equilibria in the region 0 to 20° 
cobalt is most important, the authors would perform a valuable service b 
replotting their data on a magnified scale. The diagram as shown does not pe: 
mit easy or accurate reconstruction. 

Can the authors make any estimate of the rates of eutectoid reaction? Th 
is a point of some interest to alloy development. 


Authors’ Reply 


The authors are grateful to Dr. Rostoker for his discussion and are pleas: 
to have his more recent results corroborating our report of the existence of t! 
TizCo phase. His comment on the size of the figure showing the diagram is ws 
made and steps are being taken to increase the scale of the reproductio: 
Since, in general, only a single heat treatment time was used at each temperatur: 
in the course of this study, the authors can make only the qualitative observa 
tion that the eutectoid reaction is “sluggish.” 











THE SYSTEM TITANIUM-ALUMINUM-MANGANESE 


By R. F. DoMAGALA AND W. ROSTOKER 


Abstract 


Phase equilibria in the titanium-aluminum-manganese 
system have been investigated in the composition range de- 
fined by titanium and the two binary intermediate phases TiAl 
and TiMngz and in the temperature range 700 to 1200°C 
(1290 to 2190 °F). Six isothermal sections, six vertical sec- 
tions, projections of the beta space and of the surface of visible 
melting are presented. 


INTRODUCTION 


S PART of a program under the sponsorship of the Watertown 
/ \ Arsenal, on the development of titanium-base ternary phase dia- 
ams of technical importance, the titanium-rich corner of the system 
anium-aluminum-manganese has been studied in detail. The scope 
the investigation included the composition range roughly defined 
the titanium corner and the first binary intermediate phases en- 
intered at elevated temperature in titanium-aluminum and titanium- 
inganese systems. Phase equilibria were established in the solid state 
tween 700 and 1200°C (1290 to 2190°F). A surface of incipient 
lting was constructed from measurements on a large number of 
VS. 

The binary system titanium-aluminum has been established (1)?. 
e alpha modification of titanium is stabilized to increasingly higher 
nperatures by progressive aluminum additions terminating in a 
ritectoid reaction (8 + L——>y). The first intermediate phase (y) 
s the atomic proportions TiAl, stoichiometrically 36% aluminum,? 
| possesses a substantial homogeneity range. 

[In the binary system titanium-manganese (2) the beta phase is 
ibilized to lower temperatures with increasing manganese content. 
he maximum solubility of manganese in alpha titanium is less than 
5%. At about 550°C (1020°F), beta solid solution (20% man- 
anese ) decomposes eutectoidally into alpha and an intermediate phase 





Sponsored by the Ordnance Corps, U. S. Army, Watertown Arsenal, Watertown, Mass., 
nder Contract No. DA-11-022-ORD-272. 





‘The figures appearing in parentheses pertain to the references appended to this paper. 
* All compositions refer to weight percentages 





A paper presented before the Thirty-sixth Annual Convention of the Society, 
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sociate metallurgist and W*.’ Rostoker is supervisor, Physical Metallurgy Re- 
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Fig. 1—Compositions of Alloys Prepared, System Titanium-Manganese- 
Aluminum. 
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Fig. 2—Isothermal Section at 750°C, System Titanium-Manganese- 


Aluminum. Open circle—one phase; half circle—two phases; triangle— 

three phases. 
having the tentative formula TiMn. Two intermediate phases TiMn 
(53% manganese) and TiMnz (65% manganese) are known to enter 
into equilibrium with the primary solid solutions of titanium. Evidence 
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Fig. 3—Isothermal Section at 800°C, System Titanium-Manganese- 
Aluminum. Open circle—one phase; half open circle—two phases; triangle— 
three phases. 
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Fig. 4—Isothermal Section at 900 °C, System Titanium-Manganese-Alumi- 
um pen circle—one phase; half open circle—two phases; triangle—three 
phases. 


has been presented (3) to show that the reported peritectic origin of 
TiMn is incorrect, and that this phase actually forms by a peritectoid 
reaction: B + TiMn2= TiMn at some temperature between 900 and 
1000 °C (1650 and 1830 °F). 








568 TRANSACTIONS OF THE ASM Vol. 47 


Ti 











4 


Q 
4 
B+timn, 2” Batimn +TiAl 
7 2 
4 
Z 


45 


TiAI+Ti Al, 


SO 


Fig. 5—Isothermal Section at 1000 °C, System Titanium-Manganese- 
Aluminum. Open circle—one phase; half open circle—two phases; triangle— 
three phases. 
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Fig. 6—Isothermal Section at 1100 °C, System Titanium-Manganese- 
Aluminum. Open circle—one phase; half open circle—two phases; triangle— 
three phases. 


The ternary equilibrium at the titanium-rich corner may be ex 
pected to involve the interaction between the peritectoid, 8 + TiMn- 
= TiMn (900-1000°C) and the eutectoid, B=a+ TiMn (550°C) 
of the Ti-Mn system. 
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Fig. 7—-Isothermal Section at 1200 °C, System Titanium-Manganese- 
Aluminum. Open circle—one phase; half open circle—two phases; triangle 
three phases. 
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Fig. 8—Contour Projection of the Beta Space, System Titanium- 
Manganese-Aluminum. 


PREPARATION AND [TREATMENT OF ALLOYS 


More than 100 alloy compositions were prepared for the study of 
this system. By preliminary arc melting experiments, two important 
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points were established. First, metallic volatilization was observed to 
be confined almost exclusively to the manganese. By comparison, 
titanium and aluminum volatilize to a negligible extent. Because of 
this, weight losses could be used to correct nominal to actual analyses. 
Chemical analyses conducted on selected alloys agreed closely with 
weight loss corrections. The compositions of alloys shown in Fig. 1 
are believed to be correct to + 1% manganese. Second, a systematic 
correlation exists between weight losses and nominal manganese con- 
tent. By means of this. correlation, it was possible to prepare alloys 
close to intended compositions by the addition of precalculated extra 
manganese. 

Fifteen-gram alloy buttons were prepared by arc melting in a non- 
consumable electrode furnace using inert atmosphere protection, and a 
water-cooled copper crucible. The construction and operation of this 
type of melting unit have been adequately described elsewhere (4). To 
ensure complete solution of all alloy additions, the ingots were remelted 
alternately on top and bottom as many as five times. This was ac- 
complished without removal from the furnace by a suitable mechanism 
for flipping over the ingots. 

Iodide titanium (99.97% titanium) was used as the alloy base. 
Aluminum of 99.99+-% purity and a specially refined electrolytic 
manganese were used as alloy additions. 

Specimens heat treated below 1100°C (2010°F) were enclosed 
in Vycor bulbs. For temperatures in excess of 1100°C (2010°F), 
quartz bulbs were used. Reduced pressures of argon prevented collapse 
of the bulbs at temperatures above 950°C (1740°F). Bulbs were 
simply evacuated for treatment at lower temperatures. Heat treatments 
were conducted in resistance element tube furnaces with a temperature 
control of + 3 °C. 

All as-melted alloys were given a preliminary homogenization an- 
neal at 1000°C (1830°F) for 24 hours. Homogenized buttons were 
broken or cut to provide sufficient specimens for subsequent equi- 
librium anneals. Time schedules for the equilibrium anneals are given 
in Table I. No annealing times were carried beyond 30 days. To pre- 

















Table I 
Schedule of Annealing Treatments, Ti-Al-Mn Alloys 
Temperature—°C Time—Hours 

1300 2 

1200 4 

1100 oo 
1000 24 

50 75 

900 100 

850 150 

800 200 

750 300 

700 400 


*Two sets of alloys annealed. 
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serve the equilibrium structure characteristic of the annealing tempera- 
ture, bulbs were quenched into water and broken at the moment of 
quench. 
EXAMINATION OF ALLOYS 
The isothermally annealed alloys were prepared for examination 
by metallographic polishing and etching. An etchant containing 10% 
HF, 60% HNOs, and 30% glycerine was found suitable for the whole 
range of alloys. In specimens quenched from elevated temperatures the 
individual phases were sufficiently coarse to identify; this was not 
always possible at lower temperatures because of the fineness of the 
dispersions. It was therefore necessary to establish isothermal sections 
at least in part on the basis of the number of phases and the known 
forms of the binary systems, in conjunction with elementary require- 
ments of the Phase Rule. Repeated construction of critical vertical 
sections served to establish phase boundaries with more exactness than 
the data for individual isothermal sections would permit. In particular 
he shape of the beta space supplied the key to the four-phase invariant 
eaction encountered between 700 and 1200°C (1290 and 2190°F). 
It is generally very difficult to measure the liquidus and solidus 
emperatures of refractory metal systems by thermal arrest methods. 
\n approximation of the solidus temperature is achieved by the use of 
icipient melting techniques. In principle, sharp corners of small speci- 
lens are observed to round or collapse on heating to a temperature 
ove the solidus at which sufficient liquid has formed to destroy the 
bility of the specimen to retain its external shape. When this observa- 
on is made with an optical pyrometer, the temperature at which in- 
pient melting occurs can be measured concurrently. Specimens are 
ispended on a tungsten wire in a high temperature vacuum induction 
irnace. The design and operation of this unit have been described else- 
here (4). ? 
The incipient melting measurement apparatus was calibrated 
igainst a selection of pure metals with sufficiently diverse melting 
oints that the correction curve covered the range encountered in the 
loys under study. Thus, all corrections were based on interpolations. 
During testing, it was observed that alloys in the high manganese, low 
aluminum regions evolved volatilized manganese. For this reason, it is 
probable that such measurements are in error on the high side. 


PHASE EQUILIBRIA 


Isothermal sections were constructed at 50-degree intervals be- 
tween 700 and 1000°C (1290 and 2190°F), inclusive, and at 100- 
degree intervals between 1000 and 1200°C (1830 and 2190°F), 
inclusive. Six of these sections corresponding to the 750, 800, 900, 
1000, 1100 and 1200 °C (1380, 1470, 1650, 1830, 2010 and 2190 °F) 
levels are shown in Figs. 2 to 7, documented with the observed data 
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Fig. 9—Alloy with 14% Manganese, 14% Aluminum Annealed at 100 °C for 24 Hours 
Showing a Two-Phase Structure (a + 8). X 150. 


Fig. 1%—Alloy with 22% Manganese, 22% Aluminum Annealed at 100°C for 24 
Hours Showing a Three-Phase Structure (8 + TiMne + TiAl). X 750. 


Fig. 11—Alloy with 12% Manganese, 12% Aluminum Annealed at 800°C for 200 
Hours Showing Two-Phase Structure (a + 8B). X 250. 


Fig. 12—Alloy with 13% Manganese, 13% Aluminum Annealed at 800°C for 200 
Hours Showing Three-Phase Structure (a + B + TiMne). X 1000. 


points. For the complete set of nine isothermal sections, the reader is 
referred to reference (5). 

At elevated temperatures, the phase fields a, 8B, (a + 8), 
(a+ B+ TiAl), (8 + TiAl), and (B + TiAl +TiMne) were clearly 
established. This set the pattern for subsequent transformations. The 
shape of the beta space as shown in Fig. 8 showed that the (8 + TiAl) 
field narrowed with progressively lower temperatures. By the con- 
struction of critical vertical sections, the (8 + TiAl) field was judged 
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Fig. 13—Alloy with 19% Manganese, 19% Aluminum Annealed at 800°C for 200 
Hours Showing Three-Phase Structure (a + TiAl + TiMne). X 750. 
Fig. 14—Alloy with 14% Manganese, 14% Aluminum Annealed at 900°C for 100 
Hours Showing Two-Phase Structure (a B). X 150. 
Fig. 15—-Alloy with 14% Manganese, 14% Aluminum 
Hours Showing Three-Phase Structure (a 


Annealed at 800°C for 200 
- 6 + TiMne). X 1000. 


to disappear at 865 °C (1590°F) 


Chis trend necessitates the occur- 
rence of a four-phase reaction at that temperature of the type 


6+ TiAl=TiMm + a 


he TiMn phase is excluded from this reaction by an intervening 
(8 + TiMng) field which necessarily persists even below the tempera- 
ture of the binary peritectoid reaction: 8 + TiMno=—=TiMn. 
The (B + TiMng), field may be expected to enter into a second 
our-phase reaction of the type: 8 + TiMne—a-+ TiMn before the 
disappearance of the beta space. No indications of this reaction were 
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_ Fig. 18—Vertical Section at 70% Titanium, System 
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found at temperature levels as low as 700°C (1290°F) and it musi 
therefore be inferred that it occurs between 550 and 700 °C (1020 and 
1290 °F). The (a + TiMn) field so formed would then swing toward 
the titanium corner with falling temperature to appear finally as the 
eutectoid transformation in the binary system titanium-manganese. 

A selection of photomicrographs is presented to illustrate the 
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Fig. 20—Vertical Section at 5% Manganese, System Titanium-Manga- 
nese-Aluminum. 


variations in structures encountered in the composition range of the 
four-phase reaction: 6 + TiAl = a + TiMng. Two structures at 
L000°C (1830°F) along a line of Al:Mn = 1:1 are given in Figs. 9 
and 10 to show the change from (a + 8) to (8 + TiMng + TiAl). At 
800 °C (1470 °F), i.e., below the temperature of the four-phase reac- 


576 TRANSACTIONS OF THE ASM Vol. 47 


Ti Mn,tTiAl + TiAl, - 


1200 10% Mn 
1100 


1000 


900 


Temperature ° C 





% Aluminum 


Fig. 21—Vertical Section at 10% Manganese, System Titanium-Manga- 
nese-Aluminum. 
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Fig. 22—Contour Projection of the Surface of Visible Melting, System 
Titanium-Manganese-Aluminum. 


tion, the three photomicrograph sequence in Figs. 11,12 and 13 along 
the same direction shows a progression of structures from (a + 8) to 
(a + B + TiMng) to (a + TiAl + TiMng). No microstructure was 
available in the narrow intervening (a + TiMne) field. Figs. 14 and 
15 show the change in structure of an alloy containing 14% aluminum 
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: and 14% manganese as observed above 900°C (1650°F) and below 
: 800 °C (1470°F) the four-phase reaction temperature. 

Selected vertical sections at 90, 80, 70 and 60% titanium, and at 
5 and 10% manganese are shown on Figs. 16, 17, 18, 19, 20 and 21, re- 
spectively, as constructed from the nine isothermal sections. 

The surface of visible melting is represented as a contour plot 
in Fig. 22. The surface was constructed from an assembly of visible 
melting temperatures of 28 alloys by a graphical method which is es- 
sentially the same as that used by Anderson and Jette (6) in the con- 
struction of a parametric surface. 















SUM MARY 


1. The ternary equilibria of the titanium-aluminum-manganese 
system has been investigated in the composition range defined by 
Ti-TiAl-TiMng and in the temperature range between 700 and 1200 °C 
(1290 and 2190 °F). 

2. A four-phase invariant reaction to the type: 8 + TiAl=a + 
TiMnge was found to occur at 865°C (1590 °F). 

3. A second four-phase invariant reaction of the type: 8 + TiMnpe 
=a + TiMn was logically inferred to occur between 550 and 700 °C 
1020 and 1290 °F). 


4. A surface of visible melting temperatures has been constructed. 
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CONSTITUTION OF ORDERING ALLOYS OF THE 
SYSTEM COPPER-GOLD 


By F. N. Runes, W. E. Bonn ann R. A. RUMMEL 


Abstract 


The constitution of the ordering alloys of the copper-gold 
system has been re-surveyed from 19.5 to 70 atomic per- 
centage gold. No evidence is found for a third low tempera- 
ture phase at 41 atomic percentage gold; there is, instead, a 
eutectoid equilibrium between the CuAu and CusAu solid 
solutions at 36 atomic percentage gold and 284°C (545 °F). 
Near 70 atomic percentage gold there is a reversal in the 
electrical resistance change upon ordering, possibly related to 
the appearance of ordered CuAus, as postulated by Ogawa 
and Watanabe. Observations upon the rates of transformation 
indicate that ordering and disordering proceed as nucleation 
and growth processes. 


HE copper-gold alloy system is the prototype of a group of systems 

which are isomorphous at high temperature and which undergo 
ordering transformations at lower temperature. It is generally ac- 
cepted that two types of ordered structures are formed, one ideally 
having equal numbers of atoms of the two metals and being referred 
to as the CuAu type, the other ideally having three copper atoms for 
every gold atom and being called the CugAu type. The former is 
characteristically of tetragonal crystal symmetry, the latter face 
centered cubic ; both transform into an isomorphous face-centered cubic 
disordered solid solution at higher temperature. There is general agree- 
ment also that ordering is not confined to the alloys of ideally stoichio- 
metric composition, but occurs in the copper-gold system in the range 
from about 18 atomic percentage gold to approximately 70 atomic 
percentage, or higher. 

There have been a number of constitutional investigations of the 
copper-gold system, of which the most commonly accepted is that of 
Haughton and Payne (1),’ Fig. 1. These authors presented a phase 
diagram drawn in accordance with the Phase Rule. The two ordered 
phases were represented as undergoing congruent transformation at 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-sixth Annual Convention of the Society, 
held in Chicago, November 1 to 5, 1954. Of the authors, F. N. Rhines is Alumi- 
num Company of America professor of light metals, Carnegie Institute of Tech- 
nology, Pittsburgh, W. E. Bond is research assistant and R. A. Rummel is 
laboratory assistant, Metals Research Laboratory, Carnegie Institute of Tech- 
nology, Pittsburgh. Manuscript received April 26, 1954. 
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Fig. 1—Haughton and Payne’s Phase Diagram of the System Copper-Gold. 































emperature maxima at their respective stoichiometric compositions, 
‘xisting at lower temperatures as two ordered solid solution series to- 
vether spanning the composition range of ordering. The conjugate 
single phase regions were separated, according to rule, by two-phase 
egions which were estimated to be very narrow. A unique feature of 
the Haughton and Payne diagram is the representation of a third, pos- 
sibly ordered, phase near 41 atomic percentage gold, and thought to 
exist over a very limited temperature range. These conclusions were 
based largely upon carefully conducted thermal studies. More recent 
electron diffraction studies by Ogawa and Watanabe (2), indicate the 
possible occurrence of yet another ordered phase, CuAus, with an 
ordering temperature of 243 °C (470°F). 

Subsequently, the Haughton and Payne diagram was thrown into 
doubt as a consequence of the promulgation of a concept of ordering 
transformation which was incompatible with the existence of Phase 
Rule type equilibria. This concept contemplated a homogeneous trans- 
formation from the disordered to the ordered state, and vice versa, so 
that no two-phase regions of order plus disorder should exist. Since 
the evidence of the co-existence of order and disorder at equilibrium 
was all either indirect, 6r considered inconclusive, it was thought that 
the ordered state should not be represented as a unique phase on the 
phase diagram. 
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The existence of an intermediate ordered phase was doubted, also, 
upon the basis that no simple and reasonable pattern of ordered atom 
arrangement, having the required atomic ratio, could be devised. 
Furthermore, there was no crystallographic evidence of the existence 
of such a phase, only thermal evidence. 

The initial portion of the present research dealt with the ques- 
tion of the co-existence, at equilibrium, of the ordered and disordered 
phases and the results have been published (3). Direct crystallographic 
evidence of the co-existence of the ordered and disordered phases, at 
equilibrium, was presented. It was concluded therefrom that the 
Haughton and Payne diagram is correct in its representation of two- 
phase equilibria and that the order-disorder transformation is subject 
to the restrictions of the Phase Rule. These studies were, however, 
limited to a rather narrow composition range adjacent to the stoichio- 
metric alloy CusAu. In this range it was found that equilibrium is estab- 
lished very slowly at constant temperature and that much of the con- 
fusion relative to the nature of the transformation may be assigned to 
the failure of many of the investigators to achieve equilibrium in their 
experiments. 

There remains a broad range of intermediate alloys whose consti- 
tution is imperfectly established and whose transformation character- 
istics remain almost unstudied. Within this range lies the disputed 
“intermediate ordering phase.”’ Further knowledge of these alloys is 
desirable, both to extend the understanding of the ordering character- 
istics of nonstoichiometric alloys, and, because of a growing technical 
interest in the heat treatment of analogous alloys, some of which involve 
useful magnetic properties, in particular the system cobalt-platinum 
(4). 

Accordingly, the present studies consisted in a re-examination of 
the constitution of twenty-four ordering alloys covering the range 
19.5 to 70 atomic percentage gold, using a technique that was selected 
for the opportunity that it offered to establish true equilibrium. This 
consisted in measuring the electrical resistance at a sequence of con- 
stant temperatures after sufficient time at each temperature had elapsed 
to ensure the attainment of equilibrium and proving equilibrium by 
repeating the process, approaching the equilibrium from the opposite 
direction. This method is arduous, inasmuch as very long times at 
constant temperature are required, but it seemed that the questions at 
issue could scarcely be answered as certainly by less laborious means. 
The alloy series studied did not include the composition of CuAug, 
(75 atomic percentage gold) because information concerning ordering 
at this composition appeared too late. 

In the process of establishing equilibrium, certain features of the 
dynamics of the ordering transformations were revealed. From these 
observations it is apparent that the ordering process proceeds by the 
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nucleation and growth of the precipitating phase, as in all other types 
of phase transformations. Some details of the analyses leading to this 
conclusion are presented in this paper. 


MATERIALS 


High purity copper-gold and cobalt-platinum alloys were used in 

this research ; compositions are given in Table I. Charges totalling 10 
grams of the purest available grades of electrolytic gold and oxygen- 
free electrolytic copper were sealed in aqua-dag lined silica glass cap- 
sules. At the time of sealing, the capsules were evacuated and partially 
filled with an atmosphere of purified argon. The assembly was then 
held in a gas-oxygen flame until the metals were melted, shaken to effect 
stirring and alternately re-melted and shaken several times to ensure 
complete mixing. Frozen in the capsule, the resulting ingots were ap- 
roximately one inch long by 3/16 inch in diameter. These were an- 
iealed 30 hours at 500°C (930°F), in argon, to minimize dendritic 
egregation, and were then cold forged, with intermediate flame an- 
iealing, to produce strips that could be further reduced with wire dies. 
\fter each heating the surface was removed by filing, to eliminate 
ny oxidized copper and to point the rod for passage through the next 

ie. The final draws, to a finished diameter of 0.017 inch, were made 

ith tungsten carbide dies, in order to ensure roundness and smooth 


irface. The resulting wires, after a final anneal, became the subject 
aterials of the research. 


EXPERIMENTAL EQUIPMENT 


Inasmuch as the objective of the research was to establish equi- 





Table I 
Copper-Gold Alloys 





Nominal 


Composition Analyses 
tomic % Au Atomic % Au Weight % Au Weight % Cu Total Wt. % 

19.5 19.569 43.00 56.96 99.96 
22 22.066 46.73 53.24 99.97 
25 25.004 50.81 49.16 99.97 
28 28.038 54.69 45.28 99.97 
32 32.011 59.33 40.65 99.98 
3 34.977 62.49 37.45 99.94 
36 36.096 63.64 36.32 99.96 
37 37.027 64.56 35.40 99.96 
38 38.013 65.51 34.44 99.95 
39 39.098 66.52 33.40 99.92 
40 39.969 67.35 32.61 99.96 
41 40.941 68.24 31.73 99.97 
42 42.076 69.23 30.72 99.95 
43 43.057 70.08 29.88 99.96 
45 44.983 71.70 28.27 99.97 
47 46.942 73.27 26.70 99.97 
49 49.012 74.85 25.11 99.96 
50 49.986" 75.58 24.39 99.97 
51 51.056 76.38 23.59 99.97 
54 53.948 78.40 21.58 99.98 
59 59.028 * 81.69 18.28 99.97 
64 64.002 84.63 15.35 99.98 
66 66.018 85.74 14.23 99.97 
70 69.971 87.81 


12.15 99.96 
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librium at relatively low temperatures, where a long time at constant 
temperature would be required, the chief characteristics required of the 
equipment were: (a) to maintain uniform temperature over the speci- 
men length and constant over long time intervals and (b) to prevent 
the contamination of the electrical resistance sample by any materials 
coming in contact with it. The latter requirement was met satisfactorily 
by maintaining about the wire a stagnant atmosphere of purified argon 
and by permitting the specimen wire otherwise to come into contact 
only with tungsten leads and pure alumina insulating beads, all of which 
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Fig. 2—Schematic Drawing of the Specimen Assembly. 


materials are of negligible solubility in the alloys concerned, at least at 
the temperatures of the experiments. 

A schematic drawing of the specimen assembly is given in Fig. 2. 
The sample, which was a wire 0.017 inch in diameter and 20 centi- 
meters between potential contact points, was bent into a grid about one 
inch long, so as to minimize the problem of maintaining a uniform 
temperature throughout its length. Two current and two potential 
leads of nickel, with short tungsten wire links, were spot welded to the 
ends of the specimen and extended about one foot to the cold end of 
the assembly, where they were spot welded to tungsten glass-seal wires 
leading to the exterior. The long nickel wires were used in order to 
avoid heat losses by conduction along the lead wires. Pyrex glass tubing 
was used for enclosing the assemblies. There is no evidence that the 
samples deteriorated chemically, during more than 2 years at the 
temperatures of the experiments. 

Uniformity of temperature throughout the specimen was main- 
tained without difficulty and constancy of temperature, within + ¥% °C, 
was achieved for considerable intervals. But occasional temperature 
changes of one to three degrees, resulting from causes beyond control, 
imposed a limitation upon the length of the effective stabilizing periods. 

The resistivity of each sample was measured with a Leeds and 
Northrup Type K potentiometer. In so doing a very small current 
was used, in order to avoid altering the temperature of the specimen. 
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Prior to taking readings, the current was allowed to flow until all 
potential drift had ceased. Then the resistivity was measured with the 
current flowing alternately in opposite directions, and the average of 
such readings was taken, in order to compensate for stray potentials 
that might result from temperature differences at various points in the 
external circuit. 


EXPERIMENTAL PROCEDURE 


The general plan of the experimental procedure was to measure 
the electrical resistance, at equilibrium, at a series of temperatures 
covering the range within which the solid state transformations occur, 
locating the temperatures of these transformations by the occurrence of 
inflections in the resulting resistance temperature curves. To do this, 
the sample was held at constant temperature until all resistance change 
had ceased ; then the temperature was lowered, (or raised) by a few 
legrees and the process repeated, continuing thus until the entire range 
of interest had been scanned. 

By scanning with progressively falling temperature and then with 
rogressively rising temperature, the coincidence of the temperature 
{ the inflections, or lack of coincidence, served to prove, or disprove, 
he attainment of true equilibrium. 

When it was possible to maintain the temperature constant until 
fective equilibrium had been attained, this state was signaled by 

onstancy in the resistance readings over an extended period. No less 
ian three days of constant resistance was considered adequate, and, 
here transformation temperatures were being approached closely, this 
ime was extended to a matter of weeks, because it was found that a 
ng induction period usually precedes the beginning of transformation, 
vhere the increments of temperature change are small. 

When it was not possible to maintain the temperature constant 
intil equilibrium had been attained, as was the case wherever much 
more than a month was needed, another procedure was employed. This 
consisted in utilizing the accidental temperature deviations to indicate 
iow closely equilibrium had been approached. For example, if just 
prior to an upward temperature deviation the resistance had been fall- 
ing gradually and continued to decline, despite a temperature rise of a 
degree or two, then the equilibrium value had not yet been approached 
at the prior temperature. But if the resistance rises more with a slight 
temperature increase, than can be accounted for by the thermal coef- 
ficient alone, then it is apparent that equilibrium had very nearly been 
attained. These criteria are most useful where phase changes ac- 
companied by large resistivity changes are occurring within a narrow 
temperature range; fortunately, this condition prevailed over most of 
the composition range under study, but there were some areas in which 
it could not be applied. 
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As a supplement to the resistivity studies, changes in the crystal 
structure of the alloys were followed by X-ray diffraction means, using 
a Debye-Scherrer rotating wire camera. Short pieces of the wires were 
sealed with argon in small glass capsules and were brought to equi- 
librium in the same furnaces with the corresponding resistance samples. 
The resulting photograms were used to identify the phases present, 
but no attempt was made to determine the relative quantities of the 
phases, or to measure their lattice spacings. By this means, an estimate 


of the span of existence of the one and two-phase fields, at subcritical 
temperatures was obtained. 


RESULTS OF EQUILIBRIUM STUDIES ON CopPpER-GOLD ALLoyYsS 


A maximum of two sharp inflections was found in each of the 
resistance temperature graphs developed in this study; only in some 


260 300 340 
Temperature °C 


Fig. 3—Typical Resistivity-Temperature Curves. 


of those alloys which commenced transformation from the disordered 
to the ordered state at relatively low temperature was a second inflec 
tion at yet lower temperature lacking. The four curves reproduced in 
Fig. 3 illustrate the range of shapes assumed. Curve ‘a’ represents an 
isothermal, or nearly isothermal, phase change; curves of this type 
were encountered only at and adjacent to 25 and 50 atomic percentage 
gold. 

Nonisothermal total transformation from a high to a low tempera 
ture solid state is indicated by curves of the types “b” and ‘“‘c” in Fig. 3. 
The first of these corresponds to the condition in which the conjugate 
solid state boundaries are substantially straight over the temperature 
range concerned. Such curves were encountered in alloys upon both 
sides of compositions at which the type ‘“‘a” curves were found. 

The other variation upon nonisothermal transformation, repre- 
sented by curve “c,” can be accounted for upon the basis of substantial 
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Fig. 4—Derivation of Disordus and Ordus Curves from a 
Resistivity-Temperature Plot. 


urvature of one or both of the conjugate solubility limits, within the 
emperature range of transformation, and in a manner such that the 
omposition range of two-phase coexistence decreases with declining 
temperature. The argument is presented in Fig. 4. Here it is assumed 
that the resistance, at a specific temperature within the transformation 
range, may be computed as a volume average of the extrapolated re- 
sistances of the high and low temperature states. Considering one of the 
dashed isothermal (vertical) lines in Fig. 4, the lengths between the 
resistance curve and the extrapolated resistance of the high and low 
temperature phases respectively are inversely proportional to the 
lengths between the gross composition of the alloy (horizontal dash- 
dot line) and the ordus afd disordus curves respectively. The absolute 
length of the tie-line between ordus and disordus remains unbroken, 
but if the further assumption is made that the disordus line (upper 
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Table Il 
Equilibrium Data for the System Copper-Gold 
SAMPLE NO. Type of curve 
TEMPERATURE °C (See Fig. 3) 
(Atomic %) a eae eT een, 
(gold content) First Inflection Second Inflection 
19.5 287 + 3 281+ 3 b 
22 367 +1 352+2 bh 
25 390 + 1 390 +1 a 
28 385 +2 378 +2 b 
32 344+~1 312 +2 c 
35 302 + 3 None identified d 
36 285+1 None identified d 
37 298 +2 290 + 3 c 
38 725 3 None identified d 
39 317 + 3 295 + 3 b 
40 359 +2 339 +1 c 
41 365 + 1 352+ 3 c 
42 37422 366 + 2 Cc 
43 386 +2 373 2 c 
45 403 + 3 397 +2 b 
47 409+ 1 405+1 a 
49 411~1 410+1 a 
50 411+ 1 411+1 a 
51 409 +1 407 +1 a 
54 392 +1 379 +2 b 
59 344+2 339 +2 b 
64 268 +2 None identified d 
66 240 + 2 (Inverse) 227 + 2 (Inverse) b—Inverse 
70 231 + 2 (Inverse) 212 + 2 (Inverse) b—Inverse 








transformation limit in the phase diagram) is a smooth curve, it is 
seen that the ordus line (lower transformation limit) must curve 
toward higher gold content at lower temperature. Cases of this kind are 
found in the composition range between about 30 and 45 atomic per- 
centage gold, except for a narrow range around 36 atomic percentage. 

The fourth kind of resistance-temperature curve, type “d,” Fig. 3, 
may correspond either to incomplete transformation (no lower inflec- 
tion) or to an alloy that is stable in a two-phase state at low tempera- 
ture. From 66 atomic percentage gold upward the curves are the inverse 
of type “b’’; the inflections are in the opposite directions. This means 
that the low temperature (ordered) phase has higher resistivity than 
the high temperature (disordered) phase at the same temperature. A 
type “d” curve, was found at 64 atomic percentage gold. Also at 35 
and 36 atomic percentage gold rather similar curves, probably repre- 
senting failure to attain equilibrium below the upper inflection, were 
obtained. 

A summary of the equilibrium data, obtained from all of the 
copper-gold alloys, is given in Table II. An estimate of the range of 
error in the determination of the temperature of each inflection is de- 
rived from the uncertainty in locating the inflection upon the resistance- 
temperature curve. Since all other experimental errors are believed to 
have been of much smaller magnitude, it is assumed that these may be 
ignored. The last column of Table II indicates the type of the resistance- 
temperature curve. From these data have been plotted the ordus and 
disordus curves of the phase diagram of Fig. 5. The temperatures of 
first inflection correspond to points upon the disordus curve, those of 
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Fig. 5—Partial Phase Diagram of the System Copper-Gold. 

























econd inflection to points upon the ordus. The shape of the ordus, rela- 
ive to the disordus, is further checked by the type of the resistance- 
emperature curve, according to the principle illustrated in Fig. 4. 

The resistance data fail to define completely the equilibrium rela- 
onships in the neighborhood of 36 atomic percentage gold and X-ray 
iffraction studies were used in an effort to clarify these relationships. 
n Fig. 6 are presented reproductions of three Debye-Scherrer patterns 

representing the crystal structures of alloys containing 25, 37 and 49 
itomic percentage gold, which, after disordering at 500°C (930°F), 
vere held at 270°C (520°F) for 14 days and quenched in water. 
Shaded areas in these photograms are portions covered with nickel 
foil, to filter out B radiation. The first of these patterns may be identi- 
fed as typical of CugAu, the third as typical of CuAu and the second 
displays both patterns superimposed. Thus, the co-existence of the two 
ordered phases, CugAu and CuAu, below the minimum in the disordus 
on the phase diagram of Fig. 5 is indicated. In order to obtain an esti- 
mate of the span of this two-phase field, all alloys between 28 and 45 
atomic percentage gold were similarly examined. The dashed bound- 
aries shown on the phase diagram are rather crude estimates of the 
immiscibility limits, made by this procedure; at 270°C (520°F) the 
two-phase field appears to extend from slightly above 35 to just short of 
41 atomic percentage gold. 
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Fig. 6—Some Typical Debye-Scherrer Patterns of Alloys 25, 37 and 49 Stabilized 
at 270 °C. 
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Fig. 7—Schematic Representation of a Typical Time-Resistivity Plot, 
Temperature Constant. 


Constitutionally there are just two possible forms that the phase 
diagram might assume in the neighborhood of the minimum in the 
disordus. This point might correspond to a minimum transformation 
temperature where ordus meets disordus in an isomorphous series be- 
tween CugAu and CuAu (which is difficult to conceive!), or the mini- 
mum might correspond to a eutectoid reaction. That two-phase equi- 
librium occurs at 270°C (520°F) in this composition range is strong 
evidence that eutectoid equilibrium does, in fact, exist. It is surprising, 
however, that the resistivity-temperature curves failed to register iso- 
thermal transformation in this composition range. Two possible ex- 
planations present themselves ; either the eutectoid reaction is so slug- 
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gish that equilibrium was not attained in this range, or the length of the 
eutectoid reaction tie-line is negligible. It is difficult to decide which of 
these, if either, is the correct explanation; possibly both contribute to 
the observed results. 

Something new and unexpected is found at 66 and 70 atomic per- 
centage gold. Here the disordus curve assumes a sharply different 
shape and the presence of an ordus curve is again evident. This has 
never before been reported. It is at least possible that these configura- 
tions are to be associated with the appearance of the newly discovered 
ordered phase CuAus. Since the data are insufficiently detailed to reveal 
the constitutional relationships at this inflection in the disordus, it is 
postulated that a peritectoid equilibrium exists, perhaps among the 
phases CuAu, CuAus, and the disordered phase, Fig. 5. The type ‘“‘d”’ 
curve displayed by alloy 64 is compatible with this proposal, although 
the occurrence of an isothermal arrest near 230°C (445°F) would 
have strengthened the argument. 

Another noteworthy characteristic of alloy 66 is the almost com- 
plete absence of resistance change in the temperature range 240 to 
270 °C (465 to 520 °F) and very little change all the way up to 350 °C 
(660°F). 


RATES OF APPROACH TO EQUILIBRIUM IN THE CopPpER-GOLD ALLoys 

In following the resistance change in each sample during the peri- 
ids of establishment of equilibrium, measurements of time-resistance re- 
ationships were obtained, which are capable of giving information of 
value in understanding the mechanism and dynamics of the crystallo- 
vraphic changes that were taking place. These data are so voluminous, 
however, that it is impractical to do more here than display the several 
nodes of approach to equilibrium that were found and to enumerate 
some of the conclusions that emerged from a detailed examination of 
the data. 

When observed in detail, by taking frequent readings, all time- 
resistance sequences displayed the essential features of the schematic 
curve shown in Fig. 7. Immediately upon lowering the temperature, 
from a level at which equilibrium had been established, to a new con- 
stant temperature, a few degrees lower, the resistivity decreased by a 
small amount corresponding to the thermai coefficient of resistivity of 
the material. Then followed an induction period during which no 
change in resistance was detected. Presently the resistance began to 
decrease again at an accelerating pace, with a maximum rate of de- 
crease shortly being attained. The rate of decrease then declined gradu- 
ally to near zero, as the new equilibrium state was approached. In the 
various alloys and in various temperature ranges this typical curve was 
modified by the exaggeration or suppression of its several parts. 

Steep time-resistance curves, such as that of Fig. 8, having al- 
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Fig. 8—Time-Resistivity Plot for Alloy 25, Progressing from Equi- 
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Fig. 9—Time-Resistivity Plot for Alloy 36, Progressing from Equi- 
librium at 338.25 °C to Equilibrium at 292.75 °C. 


most no induction period, were found to be typical of the approach to 
equilibrium within one-phase fields, where no phase transformation 
was taking place and also of those cases in which so large a difference 
was imposed between the new and initial temperature that the trans- 
formation was from one single-phased state all the way to another 
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Fig. 11—Time-Resistivity Plot for Alloy 59, Progressing from Equi- 
bela. at 413 °C to Equilibrium at 411 °C. 






single-phased state. The insert sketch, included in this and subsequent 
time-resistance plots, indicates the portion of the equilibrium resistance- 
temperature curve within which the equilibrium state is being changed. 

With temperature change wholly within the region of the dis- 
ordered phase (high temperature), equilibrium was usually attained 
within a matter of minutes. The crystallographic change involved is 
merely one of adjustment of the degree of short range order and is 
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expected to be rapid, because diffusion over very short distance is the 
only time consuming process involved. The very pronounced effect of 
the slowing of diffusion at lower temperatures was apparent, however, 
in the alloys near 36 atomic percentage gold, Fig. 9, which remain dis- 
ordered at relatively low temperatures ; the time for the attainment of 
disordered equilibrium increases to a matter of 2 or 3 days just above 
the transformation temperature. The latter effect was evident also in 
the approach to equilibrium within the region of the ordered phase, 
Fig. 10. Below about 200 °C (390°F) progress was so slow that it is 
doubtful that equilibrium was ever attained. 

Where a change of phase was involved, as in the transformation 
from disordered to ordered CuAu, there was always an induction 
period, Fig. 11, but its duration generally decreased with an increasing 
magnitude of temperature change, i.e., with the degree of undercooling. 
This is characteristic of a process which involves the nucleation of a 
new phase. The rate of nucleation increases, at first, with the extent of 
undercooling. Since this kind of transformation is essentially diffusion- 
less, the growth rate is high and the transformation proceeds very 
rapidly once nuclei are present. Rather unexpectedly it was found that 
the induction period was much longer when, instead of lowering, the 
temperature was raised, so as to cause the alloy to change in one step 
from an ordered to a disordered state, Fig. 12. A possible explanation 
of this difference is that a larger nucleus is required to establish the 
disordered than the ordered state, requiring a longer time for the ap- 
pearance of disordered clusters of suitable size. 

A large increase in the total time required to attain equilibrium 
was immediately noticeable when a small temperature change, calling 
for transformation from a one-phase to a two-phase state, or from one 
two-phase state to another, was imposed, Fig. 13. 

In the former of these two cases, both the induction period and the 
subsequent period of resistance change are magnified. This is also to be 
expected, because the composition of the nucleus must differ from the 
gross composition of the alloy and the growth of particles of the new 
phase can proceed only so fast as material of the proper composition is 
delivered by diffusion from considerable distance. The case for the 
change from one two-phase equilibrium to another, a few degrees above 
or below, differs only in that there is no nucleation requirement, and 
accordingly no induction period, since particles of both phases are 
already present. Here it is noteworthy, however, that the approach to 
equilibrium (the growth of particles of the waxing phase) is the more 
rapid the larger the temperature change, Fig. 14, presumably because 
of the larger composition potential and the correspondingly larger 
diffusion velocity thus imposed. 

It is interesting to observe also, that for a given temperature 
change, the rate of transformation from a one-phase state to a two- 
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Fig. 12—Time-Resistivity Plot for Alloy 50, Progressing from Equilibrium at 
$10.75 °C to Equilibrium at 413.50 °C. 
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_ . Fig. 13—Time-Resistivity Plot for Alloy 47, Progressing from Single-Phase Equi- 
librium at 410.5 °C to Two-Phase Equilibrium at 407 °C. 
phase state is smaller near the stoichiometric compositions, Fig. 15. 
Perhaps this is because the ordus and disordus boundaries are nearly 
horizontal in this region, making the tie-lines longer and calling for a 
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Fig. 15—Time-Resistivity Plots for Alloys 49 and 50, Progressing from Equi- 
librium at 414.75 °C to Equilibrium at 411 °C. 
larger chemical segregation between the two phases that are required 
to coexist, i.e., more diffusion. 
The greater reluctance to transform in the direction of disorder- 
ing is also very marked in one-phase to two-phase transformations. 
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An impressive example of this was encountered in the 32 atomic per- 
centage gold alloy, which, after ordering at a subcritical temperature, 
was superheated 10°C above the ordus line and held three months 
without the development of any of the disordered phase. Upon subse- 
quent heating to 20°C above the ordus, the disordering transformation 
began and then continued, even when the temperature was dropped 
back to a few degrees above the ordus. This is clearly an example of 
an extremely slow nucleation rate for the disordered phase. 

The influence of departure from stoichiometric composition upon 
the rates of approach to equilibrium is made somewhat ambiguous by 
the fact that the temperatures of two-phase coexistence decrease si- 
multaneously. Thus, the slower transformation rates, near the mini- 
mum in the disordus and at the extremes of the composition range 
tudied, may be due solely to the slower diffusion rates at low tempera- 

ires. So great is the difference in rate, however, especially in the 
iiddle region, near 36 atomic percentage gold, that it seems probable 
lat the lower degree of perfection of the nonstoichiometric ordered 
ate contributes to the slackening of the rate of phase change, by de- 


easing the energy difference between the ordered and disordered 
ates. 
DIscuUSSION 


The observations that have been described make it clear that the 
pper-gold phase diagram of Haughton and Payne is correct in its 
neral form, except for the inclusion of a fourth solid phase near 41 
omic percentage gold. Neither the present equilibrium studies, nor 
ray diffraction studies, provide any basis for postulating the existence 
' this phase. The diagram presented in Fig. 5 is believed to be more 
‘ecise than the Haughton and Payne diagram, especially in the loca- 
on of the ordus boundaries, the positions of which were only crudely 
stimated in the earlier work. Good agreement exists between the short 
an of disordus recently determined by Newkirk (5), using X-ray 
iffraction measurements and the corresponding section of the bound- 
ry in Fig. 5. Less perfect agreement exists with Newkirk’s correspond- 
ng section of ordus curve, which lies in a composition range several 
percent higher in gold content than that section of the curve established 
by the present studies. 

That a eutectoid reaction exists near 36 atomic percentage gold 
and 284 °C (545 °F), seems almost inevitable. A degree of uncertainty 
must be recognized, however, in the failure of the equilibrium measure- 
ments to report an isothermal resistivity change at this temperature. An 
adequate reason for this behavior is to be found in the extreme sluggish- 
ness of reaction in this composition range, but the fact remains that 
the existence of the eutectoid can be argued only from the observation 
that three two-phase regions meet at this location. It is perhaps worthy 
of note that the CuAu + CugAu region that exists below the eutectoid 
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has a span of nearly 5 atomic percentage gold. Preston (6), in 1931, 
was unable to detect the co-existence of these two phases and con- 
cluded that the two-phase region must be very narrow indeed. 

Of particular interest is the observation that the low temperature 
phase near 70 atomic percentage gold exhibits higher resistivity than 
the high temperature phase, at the same temperature. This has not been 
predicted, and no explanation can be offered here. So little is presently 
known of the characteristics of CuAug that it remains difficult to as- 
sociate the observations presently in hand. 

The rate studies leave little room for doubt that the ordering and 
disordering reactions proceed as conventional nucleation and growth 
processes. The nucleation rate, estimated from the inverse of the induc- 
tion period, increases with undercooling and superheating, as it should. 
It also increases as the composition difference between the precipitating 
and parent phases decreases and ceases to be significant where no new 
phase is appearing. The growth rate is obviously responsive to the re- 
quirements of diffusion, being very high, as should be expected, wher: 
no composition change is requisite to growth and low where the pre 
cipitating phase differs in composition from the parent phase. 

Although others have proposed that the ordering reaction occur 
as a nucleation and growth process, this clear demonstration is im 
portant, because it shows that the homogeneous transformation con 
cept, upon which the modern order-disorder transformation theory ha 
been constructed, is untenable. Some comfort is to be derived, howeve: 
from the fact that a nucleation and growth process, framed within th 
limitations of phase equilibria, leads qualitatively, at least, to the san 
predictions with respect to the forms of electrical resistivity and speci! 
heat curves, as does the modern theory. 


CONCLUSIONS 

1. By means of measurements made at equilibrium, the ordus an 
disordus boundaries of the system copper-gold have been re-locat« 
and the existence of such conjugate boundaries has been proved ; a ne 
phase diagram is presented. 

2. A eutectoid transformation (disorder to ordered CuAu and 
ordered CugAu occurs at about 36 atomic percentage gold and 284 °C 
(545 °F). 

3. The existence of a field of coexistence of the ordered phases 
CusAu and CuAu, between about 35 and 40 atomic percentage gold, 
has been demonstrated. 

4. There is no evidence of an intermediate phase at 41 atomic per- 
centage gold, such as had been postulated by Haughton and Payne. 

5. Evidence exists of the occurrence of another phase near 7/0 
atomic percentage gold; this phase seems to have higher electrical 
resistivity than the conjugate disordered phase at like temperature. 








1955 DISCUSSION—ALLOYS OF THE SYSTEM COPPER-GOLD — 597 


6. A copper-gold alloy, containing 66 atomic percentage gold, ex- 
hibits a nearly zero temperature coefficient of electrical resistivity be- 
tween 240 and 270 °C (465 and 520°F) and a very small coefficient at 
higher temperature. 

- 7. Ordering in the copper-gold system proceeds in a manner 
typical of phase changes that occur by nucleation and growth processes. 
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DISCUSSION 


Written Discussion: By J. B. Newkirk, General Electric Research 
oratory, Schenectady, N. Y. 
This paper, representing several years of very careful experimental work, 
strates the importance and the difficulty of approaching equilibrium con- 
ons when studying structure transformations in copper-gold alloys. In the 
t a regrettably large amount of effort has been wasted because experimental 
servations, made under transient conditions, were interpreted as representing 
juilibrium. 
There are a few somewhat disconnected points on which I shall comment. 
1. The authors’ interpretation (Fig. 4) of their type “c” resistivity curves 
could lend added support to the ordus and disordus construction which they 
have proposed in Fig. 5. It would be interesting to see similar analyses of the 
other experimentally determined temperature versus resistance curves and the 
results correlated on a single temperature versus composition diagram. The 
quality of the fit of the curves from one specimen to the next, or of the slopes 
where the curves overlap, would comprise a test of the interpretation of this type 
of datum. 


2. I have found that initially disordered copper-gold wire specimens do not 











598 TRANSACTIONS OF THE ASM Vol. 47 






give sharp Debye-Scherrer lines after they have been annealed below 300 °C 
for periods as long as 187 days. This is true even when the wires were initially 
in the “as-drawn” condition. I was therefore surprised to learn that the authors’ 
specimens, initially softened and disordered by annealing at 500°C, gave pat- 
terns representing structural equilibrium after having been subsequently treated 
for only fourteen days at 270°C. Nevertheless, if these Debye-Scherrer pat- 
terns are sharp enough to permit an estimate of the line positions, one could 
deduce approximate composition limits for the two-phase region at 270 °C. The 
validity of the proposed eutectoid reaction could be greatly strengthened by this 
information. 

3. I should like to know if the authors have found any X-ray evidence 
for the existence of a CuAus superlattice. In an attempt to produce this structure 
I have annealed two wires of CuAu; for two months at 200 °C in a static atmos 
phere of low pressure argon. One of the wires was initially in the “as-drawn’ 
condition and the other had been thermally disordered by quenching from 500 °C 
After two months at 200 °C, the wires were furnace cooled and then photographe: 
in a 10 cm diameter Debye-Scherrer camera using Cu radiation. The diffractio: 
lines given by the initially “as-drawn” wire were diffuse and the doublets wer 
unresolved, indicating that the crystal distortion attending the drawing opera 
tion was not relieved by the long anneal at 200°C. All diffraction lines given | 
the other specimen were sharply resolved and corresponded to reflections & 
pected from a disordered face-centered cubic metal of composition copper + 75 
atomic per cent gold. No visible superlattice lines were given by either wi 
although heavy exposures were made. 

4. It is well known that another crystal structure, usually described 
orthorhombic, is found in alloys near CuAu which have been equilibrated b 
tween the ordus and about 395 °C. I would ask the authors if they ever fou 
any electrical resistance or other effect which might be used to define t 
boundary between this orthorhombic phase and the tetragonal phase which 
stable at lower temperatures. 

5. I should like to know if the authors have included any microsco; 
studies in this research. 



































Authors’ Reply 





1. The type “C” resistivity curve is characteristic of alloys whose trai 
formation temperatures are relatively low. We lack sufficient equilibrium data 
in the temperature-composition range concerned to apply this analysis (vicinity 
of the eutectoid). Times to reach equilibrium at these temperatures are of the 
order of months or years. 

2. A heat treatment of 14 days at 270 °C, of course, will not give equilibrium 
structures. We maintain only that the transformation is sufficiently complete to 
gain an estimate of the limits of the proposed two-phased field at this tempera- 
ture. 

3. Replying to Mr. Newkirk’s item 3, the answer is “no.” [ts occurrence 
was discovered too late in the research program. 

4. Accelerated nonequilibrium temperature-resistivity runs, which were 
made for all of the alloys to determine the approximate temperatures of trans- 
formation, did not show any indication of the phase in question. True equilibrium 
runs would most probably verify the existence of this phase provided that there 
is a sufficient difference between the resistivities of the two phases in equilibrium. 
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AT HIGH TEMPERATURES 


By TAKEO FuUKUTOMI 




















Abstract 


Behaviors of two kinds of tungsten wires under the in- 
fluence of twisting were compared at high temperatures. 
Sample wires were first twisted and then released after a 
definite time of heating. The ratios of the angle of free rota- 
tion after releasing to the angle of given torsion were meas- 
ured at various temperatures. There was little difference 
between the values of this ratio of nonsag wires and wires 
which show a large sag by hairpin tests, until a definite high 
temperature, T, and T,, respectively, was reached. But, a sud- 
den change occurred in the wires, especially in nonsag wires, 
at those temperatures. The ratio for nonsag wires decreased to 
a large extent at T,, whereas the ratio for sag wires decreased 
only a little, at T,. 

Besides these experimental results, a short discussion 
was given on the correlation between the grain structure of 
tungsten wire and its resistivity to torsional deformation. 





















INTRODUCTION 


MONG the many physical properties of tungsten filaments, their 
¥ degree of resistivity to deformation at high temperatures is one 
the most important for such technical purposes as the manufacture 
incandescent lamps and thermionic valves. Many makers of in- 
idescent lamps have been annoyed by the sagging of tungsten fila- 
nts which causes many inconvenient results. According to Smithells’ 
ory, the sag of a coil is caused by alternate deformation of the fila- 
ment under gravity and relief of strain by recrystallization, both 
processes being concurrent (1).1 The addition of thoria, which re- 
stricts the grain growth in tungsten wires, was successful to reduce 
the sag (2). The so-called nonsag wires, now exclusively employed 
for coiled filaments, are produced by the addition to pure tungsten of 
mixtures of volatile alkali compounds and nonvolatile oxides, such 
as SiOe, or AlgO3. These additions promote oriented growth and pro- 
duce overlapping, extremely large crystals of tungsten in the wires. 
When a coil is suspended horizontally, it is bent downward and is 
elongated by the action of gravity. Elongation of a coil produces tor- 








The figures appearing in parentheses pertain to references appended to this paper. 
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sion in any section of wire perpendicular to the axis of the wire. The 
observation of the effect of twisting on straight wires, therefore, pro- 
vides a method to investigate the effect of gravity on coils which are 
suspended horizontally. This is the basic idea of the following experi- 
ment in which the behaviors of twisted tungsten wires were examined 
at high temperatures by the author. Two kinds of wires, one of which 
is a nonsag wire and the other is a wire which sags to a great extent, 
were used as samples and their behaviors were compared. 


APPARATUS 


A glass tube, as shown in Fig. 1, is supported vertically and a 
tungsten sample wire F is suspended along the axis of the tube. The 
length of the glass tube is about 60 cm and its internal diameter is 
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Fig. 1—Apnparatus of Experiment. 


about 3.3 cm. The upper end of sample F, which is 18 cm long, is 
attached to a thick nickel wire C by pressing the sample filament in 
the bended tip of C, and the lower end is attached to another thick 
nickel wire E at the point D by the same way. E has two needles which 
are perpendicular to E. The one K is made of molybdenum and used to 
twist F, and the other K’ is used to measure the angle of torsion. The 
lower end of E dips into a mercury pool at the bottom of the glass 























195 TWISTING TUNGSTEN WIRES 601 
tube and can rotate freely around its axis. N is the handle which can 
be rotated around its axis by the aid of a ground glass joint G. Two 
iron needles, P and P’, are connected with N and give the sample F a 
desired torsion by the aid of K. N is operated by hand. The total 
weight of K, K’, and E is 0.5 gram and there was no apparent elonga- 
tion of sample wires caused by this weight throughout the whole period 
of this high temperature experiment. 

The air in the apparatus was pumped out by an oil diffusion pump 
without traps at first until a high vacuum of ca. 10° mm-Hg was 
reached. Then barium azide was burnt by the aid of a gas burner and 
the whole apparatus was evacuated again until the pressure fell to 10% 
am-Hg. Finally, the apparatus was sealed off at M, and the experi- 
nent was begun. 


EXPERIMENTAL PROCEDURE 


There are four possible procedures of twisting and heating. 

1. The heating current is allowed to pass through the 

sample filament and then the sample is twisted. After t minutes 

of heating, the sample is made free and then the heating cur- 
rent is cut off. 

2. The heating current is passed at first and then the wire 
is twisted. After t minutes of heating, the current is cut off and 
the sample is released. 

3. The sample is twisted and then heated. After t minutes 
of heating, the sample is released and then the current is cut 
off. 

4. The sample is twisted and then heated. After t minutes 
of heating, the current is cut off and then the sample is re- 
leased. 

Actual filaments of incandescent lamps are always lighted and cut 
‘f in the field of gravity. And so, actual cases are best represented by 
iethod No. 4. This process was adopted for the experiment. 

The sample was first treated by preparatory heating which will be 
lescribed subsequently. Then, by the aid of N, P, and P’, F was 
wisted by the desired angle a. It was kept at a certain temperature T° 
for a convenient period of t minutes by an electric current passing 
through it. And then, the heating current was cut off and P and P’ 
were detached from K. K’, being made free, rotated in the direction 
opposite to a by an angle y and ceased to rotate. The residual angle, B, 
which is equal to a minus y, was dependent upon the temperature of 
heating, the kind of sample wire, its heat treatment, and the magnitude 
of given torsion, a, the length of the sample being kept constant. The 
ratio, B/a, however, was independent of a if a was smaller or not too 
much larger than 90 degrees, and the ratio did not change as the torsion 
test was repeated as far as the preparatory heating was applied to the 
sample before each measurement. 
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The temperature of the filament F was determined from the table 
of Smithells (4) by calculating the value of specific resistivity from 
the values of heating current and voltage applied to that sample. 


SAMPLES USED AND PREPARATORY HEATING 


In the experiment group No. 1, NT-2 wires produced by a Japa- 
nese factory were used. These wires are nonsag wires. (mg = 12.0, 
length = 18 cm, diameter = 0.063 mm. ) 

In the experiment group No. 2, NS-—2-29 wires produced by 
another Japanese factory were used. These wires showed a large sag by 
hairpin tests. (mg = 8.0, length = 18 cm, diameter = 0.051 mm.) 

Attached graphite was not removed before the experiment. Re- 
moval of graphite by boiling the wire with caustic soda and wiping it 
afterwards, did not show any serious effect on the results. 

When the sample filament was heated and kept at a definite 
temperature, it began to rotate in either direction except when the 
filament had been treated with preparatory heating at the same tempera- 
ture or above. But, after sufficient time of heating, (15 minutes of 
heating was necessary, in general) the wire ceased to rotate. When a 
measurement was made without this preparatory heating, the ratio 
8/a changed as the torsion test was repeated and gave quite random 
values. So, every sample was treated with this preparatory heating just 
before each measurement was made. 

To heat the wire, the use of alternating current is preferable be- 
cause in most actual cases incandescent lamps are heated by alternating 
current. But, when a sample was heated by alternating current, it began 
to vibrate and the measurement became impossible. This vibration was 
probably caused either by the periodical change of length of the wir: 
due to alternating heating and cooling, or by the mutual action of alter- 
nating current and terrestrial magnetism. The latter explanation is 
more probable as the vibration always occurred on a plane perpendic- 
ular to a meridian of the earth. The use of direct current, therefore, 
was necessary to heat the samples. 


RESULTS 


Freely suspended and treated with preparatory heating at the 
temperature of the following measurement or above that, the sample 
filament was twisted about a = 40 ~ 90 ° and heated and kept at T for 
three minutes. (A series of tests which was held at 1880 °F (1025 °C) 
indicated three minutes was the most convenient period of heating to 
compare the values of B/a.) Typical examples of B/a vs. temperature 
curves are shown in Fig. 2. The numbers show the order of experiment. 

NT-2 wires—Before the wire is heated to a certain temperature 
T,, the value of 8/a always lies on curve a. The order of choice of heat- 
ing temperature had nothing to do with the ratios of B/a. But, when the 
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Fig. 2—Heating Temperature Versus 8/a Curves. 


imple was heated to T,, B/a decreased suddenly. When the measure- 
ent was repeated, the values of 8/a became less and less. After several 
easurements it stopped decreasing and stayed at a constant value. 
(ter this change B/a began to lie on curve b. The order of choice of 
mperature had nothing to do with the 8/a value in this case, again. 
he change from curve a to curve b was irreversible. The values of T, 
nged between 3770°F (2075°C) and 3950°F (2175°C) for the 
ve samples used. 

NS-2-29 wires—Before the sample was heated to a certain high 

‘mperature T,, the values of B/a increased with temperature and 
irve a was quite similar to that of NT-—2. When it was heated to T,, 
hich was always in the vicinity of 3860 °F (2130°C), B/a slightly de- 
reased. The degree of decrease was very small compared with that of 
\T-2 wire. After this change 8/a values lay on curve b, which was 
iimost linear between 1340 and 4040°F (730 and 2230°C). The 
values changed from 0% to 100% within this temperature range and 
the value remained at 100% at higher temperatures. In other words, if 
the sample were twisted and heated for three minutes, the heating 
temperature being above 4040 °F (2230°C). the sample would not ro- 
tate at all after it was released. 


DISCUSSION 


As seen in Fig. 2, in the case of nonsag wires, the value of B/a, 
which lay originally on curve a, decreased and lay on curve b after it 
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was heated at T,. This fact indicates immediately that nonsag wires 
become very “hard,” in other words, the resistivity to torsional plastic 
deformation becomes very high when a nonsag wire is kept at a certain 
high temperature for some time. NS—2—29 wires, which sag to a great 
extent, behaved in a somewhat different way since they did not become 
“hard” even after they were kept at temperatures higher than 4040°F 
(2230 °C). 

The change from curve a to curve b in Fig. 2 is considered to be 
the result of crystal growth, and curve b for sag wire suggests that, in 
NS-—2-29, crystal growth occurs to only a small extent. In fact, the 
average size of crystal grains in NS—2—29 remained as small as the di- 
ameter of the sample wire after a life test. The curve b for sag wire in 
Fig. 2, therefore, corresponds to polycrystalline structure. 

The temperature T, can be explained as the temperature of rapid 
crystal growth which was investigated previously by Robinson (5) 
He reported the crystal growth becomes very rapid between 2960 and 
3500 °F (1630 and 1930°C) for nonsag wires of 0.076 mm diameter 
and that the temperature range goes up for wires of smaller diameter 

The similarity between curves a in Fig. 2 is explained by the 
assumption that they correspond to polycrystalline structures, the size 
of grains being very small. 
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TRANSFORMATION STUDIES IN IRON-CARBON- 
TITANIUM-VANADIUM ALLOYS AND THE 
DISTRIBUTION OF CARBON BETWEEN 
THESE ELEMENTS 


By Moss V. Davis AND W. P. FISHEL 


Abstract 


The Acs and Ac, transformations in a number of iron- 
carbon-titanium-vanadium alloys were determined and were 
compared to alloys of similar compositions containing no car- 
bon. The partition of carbon between iron, vanadium and 
carbon was determined in fully annealed alloys. The vana- 
dium and titanium uncombined with carbon gave transfor- 
mation temperatures which fit the binary iron-vanadium dia- 
gram and the ternary iron-vanadium-titanium diagram. 


INTRODUCTION 


HE purpose of this paper is to compare the carbide forming tend- 

encies of titanium and vanadium, and to show the effects of each 
{ these elements, upon the transformations when combined with car- 
on and when uncombined or in solid solution in iron. 


THE DIsTRIBUTION OF CARBON 


The alloys listed in Table I were prepared from Armco Iron, 
‘rro-vanadium, sponge titanium and graphite. They were fully an- 
ealed so as to approach equilibrium. All alloys were analyzed for total 
itanium, vanadium and carbon; for the titanium and vanadium com- 
ined with carbon; for the uncombined titanium and vanadium; and 
or the carbon combined with titanium and vanadium. The determina- 

‘ion of carbides of titanium and vanadium depends upon their in- 
solubility in dilute H2SO,. This separation for VC is not exactly com- 
plete, i.e. VC dissolves slightly. This may be responsible for the almost 
constant value of 0.15% of combined vanadium in column 6. 

These alloys fall into three classes: Class 1. Those (6-12) having 
an excess of carbon over that required to unite with all the vanadium 
and titanium. These alloys contained FesC as pearlite, and only a small 
amount of uncombined vanadium. Class 2. Those (1 and 2) in which 
all of the carbon is combined with all of the titanium and with part of 
the vanadium. The excess vanadium is in solid solution. Class 3. Those 
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Table I 
Chemical Analyses of Iron-Titanium-Vanadium-Carbon Alloys 
Total Vanadium Titanium 

i Cc Com- Un- Com- Un- 
bined com- Total bined com- Total 

bined bined 
3.99 1.42 1.13 3.79 0.17 3.96 1.43 0.00 1.43 
2.52 1.09 0.56 1.39 1.05 2.44 1.11 0.00 1.11 
0.68 0.91 0.18 0.04 0.59 0.63 0.81 0.09 0.90 
1.36 1.39 0.27 0.06 1.27 1.33 1.30 0.12 1.42 
2.19 1.27 0.22 0.06 2.11 B52 0.94 0.36 1.30 
1.69 1.25 0.72 1.48 0.15 1.63 1.25 0.00 1.25 
1.49 0.54 0.78 1.32 0.17 1.49 0.53 0.00 0.53 
0.59 0.78 0.96 0.41 0.18 0.59 0.80 0.00 0.80 
0.53 1.26 0.57 0.36 0.13 0.49 1.25 0.00 1.25 
0.97 1.13 0.59 0.80 0.16 0.96 1.12 0.00 1.12 





| 
| 
| 
| 
| 
1] 
| 
| 
| 








(4,5 and 19) in which all the carbon is combined with part of the 
titanium and the remaining titanium and almost all of the vanadium all 
uncombined. 

The data of Table I indicate that in the annealed state carbon 
reacts with titanium in preference to vanadium; that very little vana- 
dium carbide is formed unless the carbon content exceeds that required 
to unite with the titanium present ; and that pearlite appears only with 
an excess of carbon over that required to unite with both titanium and 
vanadium. The order for the affinities of carbon is: titanium, vanadium 
and iron. These conclusions are also supported by the transformation 
studies. 


TRANSFORMATION STUDIES 


Additional alloy of each class were made and analyzed as de- 
scribed above. Their Acs and Ac, transformation temperatures were 
determined dilatometrically using the procedure described by Lucas 
and Fishel (1).1 Class I alloys are listed in Table II. These alloys con- 
tain an excess of carbon and therefore show, on heating, transforma- 
tions similar to plain carbon steels, since titanium and vanadium car- 
bides are practically insoluble at temperatures below 1050°C 


Table Il 


Chemical Analyses and Dilatation Results of Class I Alloys 
Pearl- Transformation °C 
Alloy Total Total Total litic Aci Acs Differ- 
No. V Ti Cc yg Begins Ends ence 
21 2.19 0.49 0.59 0.09 753 923 170 
6 1.69 1.25 0.71 0.13 755 904 149 
12 0.97 1.13 0.59 0.19 745 877 132 
22 1.15 0.34 0.54 0.25 745 852 107 
7 1.49 0.54 0.78 0.41 745 805 60 
10 0.59 0.78 0.95 0.67 745 752 7 


* Obtained by subtracting the carbon combined with titanium and vanadium (C in 
residue) from the total carbon. 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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(1920 °F). Therefore, the controlling factor should be the amount of 
carbon in excess of that required to unite with titanium and vanadium. 


Crass I. ALLoys CONTAINING PEARLITE 


In Fig. 1 the amount of excess carbon, pearlitic carbon, has been 
plotted against the temperatures of transformation. The open points 
are the end of the Acg transformation, and the open points with the 
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Pearlitic Carbon, Weight % 
Fig. 1—Aci and Acs Transformations in Iron- 
om > giles Alloys Having Pearlitic 
Carbon. 


ertical line through them indicate the beginning of Ac;. Ac; was 
‘ound to be the same for all alloys except those of low carbon, alloys 
»and 21. 

For comparison, Fig. 1 shows the Acs curves for pure iron-carbon 
alloys as determined by Mehl and Wells (2), using dilatation methods 
and a heating rate of 2°C per minute. Class 1 alloys containing titanium 
and vanadium as carbides and the excess carbon as pearlite show the 
usual transformations of plain carbon steels. This is evidence that the 
titanium and vanadium carbides are separated above the critical range, 
as a microscopic study indicates, and that they are not in solid solution 
since they have little effect upon the transformations. 


Crass 2. ALLoys HAvING VANADIUM ALLOYED WITH FERRITE 


Alloys of this class have all of the carbon combined with all of the 
titanium and part of the vanadium as titanium and vanadium carbides. 
The vanadium not combined with carbon will be alloyed with ferrite. 
A comparison of the transformation temperatures of alloys used in this 
study with the transformation temperatures of alloys of the iron- 














Total Total 
Vv Ti 
1.41 0.19 
3.33 1.08 
1.06 0.44 
1.23 0.26 
2.42 1.09 


1.33 1.79 
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Table III i 
Chemical Analyses and Dilatation Results of Class 2 Alloys 

Un- Transformation—°C Contraciliat 

Total Comb. Acs Acs Differ- During Acs 
es V Begins Ends ence x 102 Inches 

0.23 0.30 892 984 92 5.0 
0.34 0.49 926 1004 78 4.0 
0.14 0.74 951 1018 67 2.4 
0.12 0.80 945 1022 77 45 
0.56 1.04 974 1060 86 2.0 
0.43 1.32 1052 1083 31 





Temperature °C 
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_ Fig. _2—Acs Transformations _in 
Titanium-Vanadium-Carbon System Having Uncom- 
bined Vanadium. 









Iron- 


vanadium binary system has been made. Since the carbides of titanium 
and vanadium are practically insoluble in iron in the range of tempera- 
tures employed, the uncombined vanadium, as determined by analysis, 
is the actual amount of vanadium alloyed with ferrite. The amounts 
ot uncombined vanadium, vanadium alloyed with ferrite, in these alloys 
should, therefore, be equivalent to equal amounts of vanadium in iron- 
vanadium binary alloys, and the transformation temperatures of equiv- 
alent alloys should agree closely. The transformation temperatures of 
a series of six alloys in this class has been determined. The results are 
given in Table IIT. 


In Fig. 2, the uncombined vanadium, vanadium alloyed with 
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Table IV 
Chemical Analyses and Dilatation Results Per Cent by Weight Class 3 Alloys 
; Un. Un- Transformation—°C Contraction 

Alloy Total Total Total cmb. cmb. Acs Acs Differ- During Acs 
No. V Ti ¢ V Ti Begins Ends ence x 10% In. 
33 0.70 0.78 0.14 0.70 0.20 971 1037 66 5.7 

35 1.14 0.39 0.08 1.14 0.07 1007 1077 70 4.6 

29 1.03 1.01 0.16 1.02 0.37 1040 1114 74 2.2 

20 1.39 2.07 0.20 1.37 1.29 No transformation 

30 0.64 0.94 0.04 0.64 0.77 No transformation 





ferrite, has been plotted against the temperature of transformation. 
The curve shown on the plot is the beginning of the Acs transformation 
for equivalent alloys in the iron-vanadium binary system determined 
by Lucas (1) using the same rate of heating as employed in this study. 
[he open points indicate the beginning of the Acg transformation for 
alloys used in this study. The end of the Ac; transformation was not 
plotted since it varies with the rate of heating. 

The transformation temperatures of alloys used in this study, 
lotted in Fig. 2, compare favorably with transformation temperatures 
f equivalent alloys in the iron-vanadium binary system. This may 
e cited as further proof that all of the titanium and part of the vana- 
ium are combined with all of the carbon in the range of temperatures 
mployed. It may also be considered as further proof that titanium and 
‘anadium carbides are practically insoluble in iron in this range of 


emperatures. These alloys although carbon is present have no Ac, 
ransformation. 


Crass 3. ALLoys HAavinc TITANIUM AND VANADIUM 
ALLOYED WITH FERRITE 


Alloys of this class have all of the carbon combined with part of 
he titanium, leaving some titanium and practically all of the vanadium 
lloyed with the ferrite. A comparison was made between the trans- 
ormation temperatures of alloys used in this study and the transfor- 
nation temperatures of alloys of the iron-titanium-vanadium ternary 
system. Since titanium carbide is known to be practically insoluble be- 
ow 1100°C (2010°F), the uncombined titanium and vanadium, as 

determined by analysis, should represent the amounts of these elements 
dissolved in ferrite. 

The amount of uncombined titanium, titanium alloyed with 
ferrite, and the amount of uncombined vanadium, vanadium alloyed 
with ferrite, in these alloys should be equivalent to equal amounts of 
titanium and vanadium in iron-titanium-vanadium ternary alloys, and 
the transformation temperatures should agree closely. 

The transformation temperatures of a series of five alloys in this 
class have been determined. The results are shown in Table IV. This 
class also has no Ac, transformation. 
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The transformation temperatures of alloys in this class show 
good agreement with the ternary diagram of Lucas (1) if the amounts 
of titanium and vanadium alloyed with the ferrite, uncombined titanium 
and uncombined vanadium, are compared with the ternary diagram. 

Consider Alloy 29 as a typical alloy of this class. The analysis 
indicated 1.03% vanadium, 1.01% titanium and 0.16% carbon. An 
alloy of this composition without carbon would be outside the gamma 
loop. Alloy 29 has 1.03% vanadium, and 0.37% titanium alloyed with 
the ferrite, with the remaining titanium combined with carbon as 
titanium carbide. This alloy shows an Acs transformation beginning 
at 1040°C (1905 °F). This tends to substantiate the prior assumption 
that the carbides have very little effect on the temperature of trans- 
formation, and the amount of alloying element tied up as a carbide 
may not be considered as a factor in the transformation of these alloys. 


SUMMARY 


A series of alloys in the iron-titanium-vanadium-carbon system 
has been prepared. Alloys of this system have been classified as indi- 
cated in the previous section on partition studies and their alpha to 
gamma allotropic transformation temperatures have been determined 
by dilatometric methods. 

It may be concluded that titanium and vanadium carbides exert 
very little influence on the transformation temperatures. Only the 
titanium and vanadium actually alloyed with ferrite are the controlling 
factors for the alpha to gamma transformation. 
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ELEVATED TEMPERATURE PROPERTIES OF 
DUCTILE CAST IRONS 


By Cuartes R. Wirtks, Norman A. MATTHEWS AND 
R. Wayne Krart, JR. 


Abstract 


Creep and stress rupture properties are presented for 
three types of ductile cast tron over the temperature range of 
800 to 1200 °F (425 to 650 °C) ; the familiar standard ferritic 
and pearlitic grades (60-45-15 and 80-60-03 respectively) and 
a high alloy austenitic type. Tensile properties at room and 
elevated temperatures are included along with growth tests. 
The superior growth and scaling characteristics of the stand- 
ard ductile trons in comparison with grey trons, together with 
enhanced creep properties comparable to low carbon steel over 
the applicable temperature range, suggest wide utility for the 
ductile irons for elevated temperature service. Markedly 
higher hot strength at 1000°F (540°C) and above can be 
obtained with the high alloy austenitic grade. 


INTRODUCTION 


“™* AST irons with spheroidal graphite, variously termed ductile, 
\unodular or spherulitic graphite irons, have become recognized 
tandard materials during the past four years. Considerable research 
nd development and field testing have provided the essential back- 
round leading to substantial and increasing commercial production 
\r a wide range of applications. The ductile cast irons combine many 
f the processing or foundry handling qualities of grey cast irons with 
roduct or mechanical property characteristics approaching those of 
he annealed or normalized plain carbon cast steels. 

Data have been published demonstrating the superior growth and 
‘xidation resistance of ductile irons compared to flake irons (Gagnebin, 
Vlillis and Pilling (1)1 and White, Rice and Elsea (2) and suggesting 
attractive characteristics for elevated temperature service. 

However, published data on elevated temperature mechanical 
properties are limited. Saunders and Sinnott (3) reported the tensile 

and impact properties of one ductile iron heat over the temperature 
range of 800 to 1200°F (425 to 650°C) and obtained stress-rupture 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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properties at 1200 °F (650°C). Long term creep data have, however, 
not been generally available. 

The purpose of this paper, therefore, is to make available general 
base line data on the creep and stress rupture properties of ductile 
irons of three types and to indicate the level of properties which may be 
expected. Tensile properties at both room and elevated temperatures 
and growth test data are also included. 


COMPOSITIONS 


The properties of ductile irons are controlled primarily by matrix 
structure in a manner similar to steels. The graphite present as sphe- 
roids instead of flakes minimizes the potential effects of graphite volume 
and distribution on mechanical properties. Within the last five years 
research and development on ductile irons has accurately defined the 
effects of individual elements, heat treatments and section size on 
metallographic structures and resultant room temperature mechanical 
properties. However, two standard types have emerged which account 
for the majority of current production and are termed ferritic and 
pearlitic from their predominating matrix structures. Austenitic types 
have become commercially important and have been utilized for many 
special and critical type applications. Although other modifications hav: 
been tested, the scope of this presentation has been limited to the tw« 
standard types and a special austenitic grade in the interest of clarity 
and brevity. The nominal compositions of the three types which wer: 
studied are shown in Table I whereas analyses of individual heat: 
appear with the detailed data in Table II. 





Table I 
Ductile Cast Irons 


Nominal Compositions* 


Type T.C.% Mn% P% S% Si% Ni% Mg% Heat Treatme: 
Ferritic 3.7 0.4 Low Low 2.6 1.0 0.07 Annealed 
Pearlitic aa 0.4 Low Low 2.6 1.0 0.07 Normalized 
Austenitic 3.0 2.0 Low Low 2.5 22.0 0.08 None 





*Chemical compositions of 


individual heats are shown in Table IT. 





EXPERIMENTAL PROCEDURE 
Melting 
All of the heats which were extensively studied were made by basic 
induction practice. Pig iron, mild steel punchings and ferro-alloys 
constituted the charge except in the case of two austenitic iron heats 
EK-A and EL-A, where 50% shop returns were utilized. Heat sizes 
ranged from 100 to 1000 pounds. The furnaces were tapped at ap- 
proximately 2700 °F (1480 °C) and treated with a proprietory nickel- 
magnesium alloy with the subsequent addition of 1% silicon as 85 
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Table Il-A 
Summary of Creep and Stress Rupture Data of Ferritic Ductile Iron 








Chemical Analysis ———-———-—— 


Heat No. TC% Mn% P% S% Si% Ni% Mg% Heat Treatment 
EA-F 3.64 0.46 0.032 0.014 2.66 0.66 0.076 1650 °F-4-FC 
CD-F 3.60 (0.3)(c) (0.03)(c) 0.008 2.56 1.26 0.06 1650 °F-4-FC to 1300-4-FC 
CE-F 3.95 (0.3)(c) (0.03)(c) 0.009 2.56 1.22 0.08 1650 °F-4-FC to 1300-4-FC 
CF-F 4.15 (0.3)(c) (0.03)(c) 0.005 2.63 1.18 0.07 1650 °F-4-FC to 1300-4-FC 
CG-F 3.57 (0.3)(c) (0.03)(c) 0.008 2.63 1.22 0.06 1650 °F-4-FC to 1300-4-FC 
CH-F 3.85 (0.3)(c) (0.03)(c) 0.008 2.79 1.14 0.07 1650 °F-4-FC to 1300-4-FC 
CJ-F 3.90 (0.3)(c) (0.03)(c) 0.009 2.70 1.14 0.09 1650 °F-4-FC to 1300-4-FC 
-~Residual Room Temperature—, 
r—— Creep & Stress Rupture Data ——— Properties 
Temp. Stress Life Min. Rate Elong. Yield Str. Tensile Str. Elong. 
Heat No. °F psi Hours %/Hr. % psi psi % 
(a) (b) 
EA-F 800 40,000 4.1 3.7 22.0 
CD-F 800 40,000 3.4 2.9 15.0 
CE-F 800 40,000 6.3 2:43 23.0 
CF-F 800 40,000 7.5 1.8 21.0 
CG-F 800 40,000 7.9 1.9 22.0 
CH-F 800 40,000 9.1 1.65 24.0 
CJ-F 800 40,000 10.4 1.5 23.0 
EA-F 800 30,000 127.8 0.078 18.0 
EA-F 800 18,000 (1411) 0.0009 (1.45) 51,800 67,500 18.7 
EA-F 1000 15,000 4.5 2.2 13.0 
EA-F 1000 10,000 98.0 0.093 17.0 
EA-F 1000 4,000 (1697) 0.0001 (0.32) 48,600 64,200 20.0 
EA-F 1200 8,000 0.64 18.0 24.0 
EA-F 1200 5,000 10.1 1.14 28.0 
EA-F 1200 3,000 170.0 0.074 31.0 
EA-F 1200 1,000 (1200) 0.001 (1.3) 43,500 58,250 23.0 
EA-F 1200 0 (see Fig. 14)—growth test 50,600 62,600 16.9 





(a) Times in parentheses indicate duration of creep tests not run to fracture. 


(b) Elongation in parentheses indicate total plastic deformation in creep tests when 
discontinued. 


(c) Analyses in parentheses are nominal analyses. 


rade ferrosilicon on reladling in accordance with the practices defined 
y International Nickel Company patents. 

Test bars were also obtained from six heats of ferritic ductile iron 
hich were produced in a basic (magnesite) lined cupola. One ton 
ips were treated similarly to the induction heats. Ductile iron returns 
onstituted 25 to 40% of the cupola charge. 


Heat Identification Code 


For simplicity and clarity, the following heat identification code 

as been adopted: The prefix letter identifies the melting procedure, 

“E” for induction and “C” for cupola; the second letter is an arbitrary 

heat identification ; and the suffix letter describes the type of material, 

“EF” for ferritic, “P” for pearlitic, and “A” for austenitic. Thus, EB-A 
is heat B which was induction melted austenitic ductile iron. 


Heat Treatment 


Ferritic grade: The ferritizing heat treatment normally given to 
ductile iron is 1650 or 1700°F (900 or 925°C) for four hours (to 


(lissolve any massive carbides that may be present in the as-cast con- 
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Table II-B 
Summary of Creep and Stress Rupture Data of Pearlitic Ductile Iron 







————— —— Chemical Analysis ———————_————_—_- 
Heat No. TC% Mn% P% S% Si% Ni% Mg% Heat Treatment 
EA-P 3.64 0.46 0.032 0.014 2.66 0.66 0.076 1650 °F—4—A.C. 



















—Residual Room Temperature— 

























Properties 
r Creep & Stress Rupture Data-— Yield Tensile Elong. 
Temp. Stress Life Min. Rate Elong. Strength Strength % 
°F psi Hours %/Hr. % psi psi 
(a) (b) 
800 70,000 5.2 1.2 11.0 
* 800 50,000 201.3 0.031 16.0 
800 50,000 162.3 0.042 16.0 
800 25,000 (1917) 0.0005 (1.34) 82,000 111,800 2.6 
* 1000 35,000 1.3 5.9 20.0 
* 1000 25,000 12.6 0.70 17.0 
* 1000 18,000 67.2 0.13 18.0 
* 1000 10,000 701 0.0098 24.0 
1000 4,000 (1819) 0.00092 (3.3) 51,100 67,100 17.4 
1000 0 (See Fig. 13) — growth test 53,800 68,800 14.3 















1200 8,000 6.8 1.85 34.0 
1200 5,000 36.5 0.32 38.0 
1200 3,000 375.5 0.052 29.0 
1200 1,000 (1290) 0.0013 (4.0) 45,200 58,800 =. 











* 1200 0 (See Fig. 14) — growth test 45,400 58,200 






(a) Times in parentheses indicate duration of creep tests not run to fracture. 
(b) Elongation in parentheses indicate total plastic deformation in creep tests when 


discontinued. the 
* These bars originally heat treated 1650 °F-4—F.C. and then reaustenitized at 1650 °F 


and normalized as shown above. 























dition) followed by a slow cool (100°F per hour max.) to prevent 
reprecipitation of pearlite. This practice was followed except for six 
test bars which were heat treated in a smaller laboratory furnace. As 
the normal cooling rate of this furnace was fast enough to cause some 
pearlite to form (250 °F per hour), the cooling cycle was interrupted at 
1300 °F (705°C) to graphitize this pearlite and to provide time for 
the graphite to migrate to the original carbon spherulites, thus pro 
ducing an essentially ferritic matrix. 

A typical ferritic structure is shown in Fig. 1. 

Pearlitic grade: This grade was heat treated at 1650 °F (900°C) 
to dissolve any carbides as above, and then air-cooled to yield a fine 
pearlite. The microstructure typical of this grade is shown in Fig. 2. 

Austenitic grade: The austenitic grade is normally used in the 
as-cast condition and contains some massive carbide, as shown in Fig. 3. 

















Test Bars and Specimen Preparation 


One inch Y block castings, Fig. 4, suitable for duplicate tensile 
or creep bars, were used exclusively. Immediately after pouring, an 
insulating compound was added to the riser to assure soundness 
throughout the test coupon. A few of the test bars poured in the pro- 
duction foundry (cupola heats) had only one test coupon beneath the 
riser section. This modified Y block and the one illustrated have essen- 
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Table LI-C 
Summary of Creep and Stress Rupture Data of Austenitic Ductile Iron 


——_—————_Chemical Analysis———-——_——__, 

Heat No. TC% Mn% P% S% Si% Ni% Mg% Heat Treatment 
EB-A 2.84 2.13 0.030 0.011 2.67 23.2 0.064 None 
EC-A 2.96 2.13 0.020 0.013 2.65 23.1 0.100 None 
EK-A 2.86 1.93 0.026 0.013 2.49 22.0 0.127 None 
EL-A 2.92 1.82 0.032 0.010 2.47 21.6 0.114 None 
EM-A 3.04 1.94 0.025 0.015 2.50 22.2 0.134 None 
EN-A 3.05 1.85 0.014 0.015 2.44 22.2 0.138 None 


Residual Room Temperature 


Properties 
r——— Creep & Stress Rupture Data Yield ensile 


"ome. Stress Life Min. Rate Elong. Strength Strength Elong. 





Heat No. psi Hours %/Hr. % psi psi % 

(a) (b) 

EB-A 800 45,000 26.3 0.14 16.0 

EB-A 800 40,000 134.4 0.037 15.0 

EB-A 800 35,000 (500) 0.0054 (9) 45,570 64,800 22.6 

EB-A 800 25,000 (1508) 0.00058 (2.0) 36,400 57,200 29.0 

EB-A 1000 30,000 22.9 0.45 17.0 

EC-A 1000 30,000 17.7 0.37 13.0 

EK-A 1000 30,000 12.5 0.76 14.0 

EL-A 1000 30,000 12.9 0.65 14.0 

EM-A 1000 30,000 20.6 0.25 12.0 

EN-A 1000 30,000 26.0 0.23 14.0 

EB-A 1000 25,000 161.0 0.05 16.0 

EB-A 1000 20,000 (821) 0.0044 (7.0) 39,000 55,900 12.6 

EB-A 1000 14,000 (1464) 0.0002 (1.2) 40,200 59,600 26.5 

EB-A 1000 0 (1003) Growth nil 37,200 60,600 26.5 

EC-A 1200 20,000 1.4 5.2 12.0 

EC-A 1200 18,000 3.3 not obt. 14.0 

EC-A 1200 15,000 16.3 0.43 14.0 

EC-A 1200 9,000 910 0.0024 7.0 

EC-A 1200 6,000 (1172) 0.00014 (.57) 36,600 54,200 20.0 

EC-A 1400 9,000 3.0 1.7 11.0 

EC-A 1400 6,000 66.9 0.054 12.0 

EC-A 1400 3,000 1315 0.0013 6.5 





(a) Times in parentheses indicate duration of creep tests not run to fracture. 


(b) Elongation in parentheses indicate total plastic deformation in creep tests when 
scontinued. 





ially the same cooling rate, which is equivalent to that of an infinite 
ate 0.9 inch thick (4). 

For the room temperature tensile tests, shouldered 0.505 inch 
liameter by 2.0 inch gage length specimens were prepared from the 
oupons cut from the Y blocks. Threaded specimens %4 inch diameter by 
5 inch long with a 0.357 inch diameter by 2.0 inch gage length (%o 
square inch) were machined for all of the elevated temperature tensile 
and creep work. The smaller gage diameter was required to permit 
reaching the requisite stress levels at the lower temperatures with the 
loading capacity of the creep testing units. The system was followed 
tor consistency for all elevated temperature work. 


Testing 


Testing followed in general the applicable ASTM procedure. 
Elevated temperature creep and stress-strain rupture tests require 
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Fig. 1—Ferritic Ductile Iron, Heat EA-F, As Heat Treated (1650 °F for Four Hours 
and Furnace-Cooled). Etchant—3% nital. X 250. 


Fig. 2—Pearlitic Ductile Iron, Heat EA-P, As Normalized From 1650 °F. Etchant 
3% nital. X 250. 


Fig. 3—Austenitic Ductile Iron, Heat EC-A, As-Cast. Etchant—3% nital. X 250. 


careful and critical control to obtain consistent and reproducible data. 
These testing procedures further conformed to previously described 
techniques (5) as standardized at the American Brake Shoe Com- 
pany’s Metallurgical Laboratory for the study of iron-chromium-nickel 
heat resistant alloys. Where tests were discontinued before fracture, 
residual room temperature tensile properties were subsequently ob- 
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Fig. 4—One Inch “Y’’ Block Casting. 


tained. Growth was measured in the creep testing units with the test 
bar under zero load. 

Tensile tests were pulled at a strain rate of 0.1 inch per minute. 
The yield strengths were determined by the “dial arrest” method. For 
the elevated temperature tests, three thermocouples were spot welded 
at l-inch intervals along the gage length. The bars were held at the 
testing temperature for a period of 15 minutes minimum, and tem- 
peratures over the gage length were held within +10 °F of the nominal 
test temperature. 

Microspecimens of the “as-tested’” materials were cut from the 
Y blocks adjacent to the tensile bars. Those taken after elevated tem- 


Table Ill 





Summary of Creep and Rupture Properties of Ductile Irons 
Limiting 
Creep Stress ah ; 
(for 0.0001% Limiting Rupture Stress (psi) 
Temp. per Hr. Min. Rate) for Fracture in 
Type “— psi 10 Hours 100 Hours 1000 Hours 
Ferritic 800 14,000 37,000 31,000 25,000 
1,000 4,000 13,000 10,000 7,500 
1,200 550 5,000 3,300 2,200 
Pearlitic 800 19,000 65,000 52,000 42,000 
1,000 1,750 26,000 17,000 9,100 
1,200 480 7,100 4,100 2,400 
Austenitic 800 18,500 50,000 41,000 35,000 
1,000 13,000 33,000 26,000 21,000 
1,200 5.700 15.500 12,000 9,000 
1,400 2,000 


7,800 5,700 3,300 
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Heat | Code} TC% |Mn%| P% | S% | Si% | Ni% | Mg%| Heat Treat. 
EA-F 3.64 | 0.46 | 0.032 | 0.014 | 2.66 | 0.66 | 0.08! 1650°F-4-FC 
CD-F | 3.60 | (0.3) | (0.03)| 0.008 | 2.56 | 1.26 | 0.06 

CE-F | 3.95] « 10,009] 2.56 | 1.22] 0. ‘. 

CF-F 4.15 « |0005|2.63 | 1.18] 0.07 | '§5° ta 
CG-F 3.57 « |0008| 2.63 | 1.22 | 0.06 . 
CH-F 3.85| « « |0.008| 2.79 | 1.14 | 0.07| '90O°F-4-FG 
Cu-F 3.90 » |0.009] 2.70] 1.14 


Creep Rate — 








Applied Stress, |OOOpsi 


0.000! 0.00! 0.01 
Minimum Creep Rate, % per Hour 


Fig. 5—Log Applied Stress Versus Log Minimum Creep Rate for Ferritic 
Ductile Iron. 


Heat TCX Mn% PY SY Si%X Nix Ma% Heat Treot. 
EA-P 3.64 0.46 0.032 0.014 2.66 0.66 0.08 I650°F-4-AC 


ae a ess | 
Pk er, 














Applied Stress, |OOOpsi 


ore Tl 
Be ccd AAR Te PEG 
Pia tf —— te Pearlitic Ductile Iron _ 
Ys staid  uihaaaeaie saniied 


0.000! 0.001 0.01 0.1 | lO 


Minimum Creep Rate. % per Hour 


Fig. 6—Log Applied Stress Versus Log Minimum Creep Rate tor Pearlitic 
Ductile Iron. 
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perature tests were cut longitudinally from the gage length of the 
specimens. All were etched with 3% nital. 


ELEVATED TEMPERATURE PROPERTIES 
Creep and Stress-Rupture Properties 


Preliminary testing of earlier heats of all three grades had shown 
that creep was, for all practical considerations, of negligible impor- 
tance at 600 °F (315 °C), paralleling the behavior of steels. Extended 
creep testing on these materials was therefore confined to the tem- 


Heat | Code | TC% | Mn%| P% | S% | Si% | Ni% | Mg% | Heat Treat. 


EB-A ° 2.84 | 2.13 |0.030 0.011 | 2.67 | 23.2 | 0.064 As-Cast 
EC-A 4 2.96 | 2.13 |0.020/ 0.013 | 2.65 | 23.1 | 0.10 " " 




















2.44 | 22.2 | 0.138 | 


' 


EK-A| 1 | 2.86 | 1.93 |0.026| 0.013 | 2.49 | 22.0 | 0.127 

EL-A | *2 | 2.92 | 1.82 |0.032 | 0.010 | 2.47 | 21.6 jo 114 

EM-A | *3 | 3.04] 1.94/0.025| 0.015 | 2.50 | 22.2 | 0.134 | 
°4 





3.05 | 1.85]0.014 | 0.015 








Applied Stress, |OOOpsi 











0.000! 0.00! 0.01 0.1! | Te) 
Minimum Creep Rate, % per Hour 


Fig. 7—Log Applied Stress Versus Log Minimum Creep Rate for Austenitic 
Ductile Iron. 


perature range of 800-1200°F (425-650°C). In addition, a few 
tests were made on the austenitic grade at 1400 °F (760°C). 

Detailed results of the stress-strain rupture and standard creep 
tests are summarized in Table II. The creep rate data are plotted for 
each grade in Figs. 5-7, and Figs. 8-10 illustrate the effect of tempera- 
ture and stress on fracture time. Values of limiting creep stress 
(0.0001% per hour minimum rate) and limiting rupture stress (for 10, 
100, and 1000 hour life) are summarized in Table III. Graphic com- 
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Heat |Code| TC% | Mn% | P% | S% |Si% | Ni%|Mg%| Heat Treat. 
EA-F | © | 3.64 | 0.46 |0.032| 0.014 | 2.66 | 0.66 | 0.08 | 1650°F-4-FC 
co-F | *1 | 3.60 | (0.3) |(0.03)| 0.008) 2.56 | 1.26 | 0.06 
ce-F | *©2|3.95| « « |0,009| 2.56 | 1.22 | 0.08 aca 
cF-F | °3 1/415] = « |0.005] 2.63 | 1.18 | 0.07 | '©9° a 
CG-F | °4|3.57| « « |0,008 | 2.63 | 1.22 | 0.06 . 
CH-F | *5 |3.85| « |0.008| 2.79 | 1.14 | 0.07 | 'S00°F-4-FC 
cu-r | *6 13.90! « « 10,009! 2.70 | 1.14 | 0.09 
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Fig. 8—Log Applied Stress Versus Log Rupture Time for Ferritic Ductile Iron. 
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Fig. 9—Log Applied Stress Versus Log Rupture Time for Pearlitic Ductile Iron. 
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Heat | Code | TC% |Mn%| P% | S% | Si% | Ni%|Mg% | Heat Treat. 


EB-A | o | 2.864 | 2.13 |0.030/0.011 | 2.67 | 23.2 |0.064| As-Cast 
ec-a| 4 | 2.96 | 2.13 |0.020/0.013 | 2.65 | 23.1 | 0.10 “4 
EK-A | #1 | 2.86 | 1.93 | 0.026|0.013 | 2.49 | 22.0 | 0.127 

EL-A | e2 | 2.92 | 1.82 |0.032/0.010 | 2.47| 21.6 | 0.114 

EM-A | «3 | 3.04 | eto | 2.50 | 22.2 | 0.134 


| 
| 
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EN-A | *4 | 3.05 | 1.85/0.014|0.015 | 2.44 | 22.2 | 0.138 
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Fig. 10—-Log Applied Stress Versus Log Rupture Time for Austenitic Ductile 
Iron. 


arisons are shown in Figs. 11 and 12 respectively, with comparative 
lata for low carbon steels (6,7). 

At 800 °F (425 °C) creep becomes prominent, with limiting creep 
stress values that range from approximately 20 to 40% of the ultimate 
tensile strength at this temperature. Marked differences in short-term 
rupture strength are evident, with the pearlitic iron being superior to 
oth the ferritic or austenitic grades. Under long-term creep condi- 
tions, at lower stresses, these differences are moderated although the 
pearlitic iron retains a margin of superiority based on expected life. On 
the basis of limiting creep stress values, the pearlitic and austenitic 
grades are essentially equivalent (19,000 psi and 18,500 psi respec- 
tively). The ferritic grade is definitely weaker with a limiting creep 
stress value of 14,000 psi. 

Above 800 °F (425°C), the creep strength of both the ferritic 
and pearlitic grades falls rapidly as temperature is increased. While 
industrial experience is as yet inadequate, utility of these grades ap- 
pears limited to a maximum temperature of 1000 to 1100°F (540 to 
595°C) for long-term load carrying applications when scaling re- 
sistance as well as strength is considered. This does not preclude their 
potential usefulness at higher temperatures where other special con- 
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Temperature °C 
425 480 540 595 650 705 760 


Limiting Creep Stress 
(0.0001% / Hr Minimum Rate) 








a —Ferritic 
Ductile 


Pearliti 
Ductile 


Limiting Creep Stress, |OOOpsi 


800 900 1000 1100 1200 1300 1400 
Temperature °F 


Fig. 11—Limiting Creep Stress Versus Temperature 
for Ductile Irons and Low Carbon Steel. 


siderations apply, for shorter term applications, or for essentially 
functional shapes. 

The comparisons with carbon steel, with similar temperature limi- 
tations based on strength and scaling resistance, are of interest. From 
Fig. 11 it is evident that ferritic ductile iron and low carbon steel have 
similar creep properties over the temperature range of 800-1200 °F 
(425-650 °C). It is plausible to suppose that the weakening effect of 
the spheroidal graphite in the ductile iron is compensated for by the 
higher alloy content (particularly silicon) of the ferrite in the ductile 
iron. The low carbon steel is, however, superior to the ferritic iron on 
the basis of rupture strength as shown in Fig. 12. 

The austenitic iron has markedly superior strength at and above 
1000 °F (540°C) in comparison with the ferritic and pearlitic types. 
This reflects the greater resistance to creep which characterizes the 
face-centered cubic structures at higher temperatures. The higher 
strength, coupled with the greater resistance to scaling conferred by 
the high nickel content, suggests that for long-term load carrying appli- 
cations this alloyed grade might have utility as high as 1200°F 
(650°C), possibly 1300°F (705°C). The practical limit can be set 
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Temperature °C 
425 480 540 595 650 705 760 
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Ductile 












0.10-0.1I5%C 
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800 900 1000 1100 1200 1300 1400 
Temperature °F 


Fig. 12—1000 Hour Rupture Stress Versus Temperature 
for Ductile Irons and Low Carbon Steel. 


nly through industrial experience and the limiting factor will be 
renerally oxidation resistance. 

A limited number of short-term rupture tests were made on test 
ars poured from current production heats of ferritic and austenitic 
iron to determine at least partially the range of properties that might 
be encountered and to ascertain whether the base line data were rea- 
sonably typical. The ferritic heats (CD-F to CJ-F, Table II) were 
tested at 800 °F under a stress of 40,000 psi. These data have been in- 
cluded in the ferritic ductile iron plots of creep characteristics (Fig. 5), 
and time to rupture (Fig. 8). The tests on the austenitic irons (EK-A 
to EN-A, Table II) were at 1000 °F—30,000 psi and the data are in- 
cluded in Fig. 7 and 10. 

Both the ferritic and austenitic irons from recent production show 
good reproducibility. Comparisons suggest that the base line data are 
reasonably representative. 


Structural Stability and Growth 


The pearlitic grade progressively graphitizes at the higher tem- 
peratures and thus is structurally unstable. The net effect is the 
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“ferritizing” or conversion of the pearlitic grade to the ferritic type, 
if time and temperature are sufficient. While this is further discussed 
and illustrated in the section on metallography, this structural insta- 
bility is manifested in the creep behavior of the pearlitic grade. Where 
the time-temperature test conditions are such that the pearlite matrix 
remains substantially unaltered, the pearlitic grade is stronger than its 
ferritic counter-part. These conditions prevail at 800°F (425°C) 
even for the longer term creep tests. The effects of more extended 
times have not been studied, but it is probable that, up to 800°F 
(425 °C), the pearlitic structure is reasonably stable; graphitization, 
if it does actually occur, undoubtedly would proceed extremely 
slowly. | 

At 1000°F (540°C), however, graphitization proceeds at a 
finite rate, but over such an extended period that the shorter-term 
stress-rupture properties are those of the pearlitic structure essentially 
unaltered. The longer-term stress-rupture tests, however, provide 
additional time for the graphitization process to proceed. The resultant 
properties approach those of the ferritic grade rather than reflecting 
the higher strength that would be anticipated by extrapolation of the 
short-time properties, a reasonable procedure if no structural changes 
were to have occurred. With more extended testing periods, such as 
characterize the lower stress creep test, graphitization can proceed 
essentially to completion. Under these conditions the originally pearlitic 
grade exhibits lower strength than the iron which had been in the 
ferritic condition from the start of testing. The additional impair- 
ment, beyond that expected from ferritizing per se, appears associated 
with modifications of the grain size and of the graphite spheroids whic! 
are further discussed in the section on metallography. 

The progressive ferritization of the pearlitic grade is further evi 
denced by the residual room temperature properties obtained on those 
creep tests at 1000 °F and 1200°F (540 and 650°C) which were dis 
continued before fracture. 

Except for the primary growth of the pearlitic iron as the result 
of the volume changes produced by graphitization, no significant 
growth was expected in these irons at these moderately elevated tem- 
peratures, particularly under constant temperature creep test condi- 
tions. Precision growth tests, Figs. 13 and 14, at 1000 and 1200 °F 
(540 and 650 °C) confirm this. The tests on the pearlitic iron serve to 
delineate the progress of graphitization and the marked effect of in- 
creasing temperature is readily apparent. Graphitization proceeds quite 
slowly at 1000°F (540°C) and appears to be essentially complete in 
about 1500 hours. At 1200°F (650°C), however, a major portion 
occurs in the first forty hours and graphitization appears essentially 
complete in less than 200 hours. The ferritic grade was checked at 
1200 °F (650 °C) and showed, as expected, negligible growth. 
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Fig. 14—Growth of Pearlitic and Ferritic Ductile Irons at 1200 °F. 


Hot Tensile Properties 
Table IV summarizes the hot tensile test data which are plotted in 
tig. 15. Ductility as well as strength of the ferritic and pearlitic grades 
hrst decreases with increasing temperature, up to about 1100°F 
(595°C) and 800°F (425°C) respectively. Above these tempera- 
tures elongation rises sharply as the strength further decreases. 
Austenitic ductile iron shows more moderate loss of strength and 
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Table IV 
Tensile Properties of Ductile Irons 


Tensile Yield 
Type and Temperature of Strength Strength Elong.  Brinel! 
Heat Treatment Z Test psi psi % Hardness 

Ferritic—1650 °F-4—FC LA- 70 °F— 21°C 65,500 47,900 24.0 156 
Ferritic—1650 ° F-4—FC tA-F 70°F— 21°C 65,000 48,100 24.0 
Ferritic—1650 ° F—4—FC cA-F 800 °F — 425 °C 45,400 36,200 12.5 
Ferritic—1650 ° F-4—FC A-F 1000 °F—540°C 26,800 25,200 
Ferritic—1650 ° F-4—FC : 1200 °F — 650 °C 10,800 10,400 
Ferritic—1650 °F—4—FC 1400 °F — 700 °C 5,000 4,950 


Pearlitic—1650 °F—4—AC 
Pearlitic—1650 °F—4—AC 
Pearlitic—1650 °F—4—AC 
Pearlitic—1650 °F—4—AC 
Pearlitic—1650 ° F—4—AC 
Pearlitic—1650 ° F—4—AC 
Pearlitic—1650 °F—4—AC 
Pearlitic—1650 °F—4—AC 


70 
70 
70 
800 
900 
1000 
1200 
1400 


21°C 127,500 118,000 
ai - 125,35 98,500 
an: G, O47 un 109,200 
-425 °C 89,000 64,200 
— 480 °C 67,000 60,400 
— 540 °C 49,000 46,200 
-650 °C 25,500 25,200 
- 760 °C ,800 7,200 


e° oo 80 FP 8 8 Oo 


PPP rrr ryr PY 
ERAS AA PS 
1 
Prey Pel ay yf Pf af yy 


Austenitic — As Cast 
Austenitic — As Cast 
Austenitic — As Cast 
Austenitic — As Cast 
Austenitic — As Cast 
Austenitic — As Cast 
Austenitic — As Cast 
Austenitic — As Cast 


70 
70 
70 
70 
800 
1000 
1200 
1400 


a3. ><. 64,000 27 ,000(a) 

21:24; 65,500 28,200(a) 

an 63,600 34,100 

~~ 2Y 76; 60,300 34,200 

— 425 °C 52,400 26,200 

— 540°C 42,000 23,100 
650 °C 28,000 24,200 

= 260 °C 17.200 16,600 
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* These specimens first ferritized and then reheat treated and normalized from 1650 ° F(90\ 
(a) Yield strength at 0.2% offset determined by SR4 resistance wire strain gages. All 
values were determined by dial arrest method. 


ductility with increasing temperatures than the unalloyed material: 
The yield strength is only slightly affected up to 1000 °F and, at tem 
peratures higher than this, decreases gradually. 


METALLOGRAPHY 
Ferritic grade 
No changes in the basic ferritic structure shown in Fig. 1 wei 
evident after any of the high temperature tests, other than the defo: 


mation of the graphite spheroids and ferrite grains which occurred 
under load. 


Pearlitic grade 

The creep and rupture properties reflect the effects of pearlite 
decomposition to ferrite and graphite after relatively long exposures 
at 1000°F (540°C) and shorter exposures at higher temperatures. 
Figs. 16 and 17 illustrate the salient features of the accompanying mi- 
crostructural changes. 

The intermediate structure between the normalized pearlite of 
Fig. 2 and a completely graphitized iron is a spheroidized and partly 
graphitized pearlite (Fig. 16). The product after long exposures at 
subcritical temperatures, essentially completely graphitized, is shown 
in Fig. 17. The finer but markedly less uniform ferrite grain size and 
the more highly irregular deposition of the secondary graphite on the 
original graphite spheroids, contrasted with the normal ferritic struc- 
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Fig. 15—-Effect of Temperature Upon Tensile Properties of Ductile Irons. 


Table V 
Microstructure Evaluation and Combined Carbon Content of Pearlitic Iron Specimens 


Combined Reference 
mperature Hours Exposure Carbon Microstructure Matrix Figure 
"<3 at Temperature Content Evaluation * Number 
21 As normalized 0.69/0.88 Fine lamellar pearlite 2 
mat’l. 
0) 425 5.2 0.82 No change from normalized 
condition 
425 1917 0.68 No change from normalized 
condition 
00 540 1.3 0.79 
0 540 12.6 0.84 
540 67.2 0.87 No significant change from 
normalized condition 
1) 540 701 0.18 25% spheroidized pearlite 16 
75% ferrite 
1000 540 1819 0.04 
000 540 1917 1% spheroidized pearlite 17 
99% ferrite 
650 6.8 0.48 50% spheroidized pearlite 
50% ferrite 
200 650 36.5 0.26 10% spheroidized pearlite 
90% ferrite 
1200 650 375.5 0.01 1% spheroidized pearlite 
99% ferrite 
1200 650 1079 0.16 
1200 650 1290 Negligible spheroidized pearlite 


* Pearlite-ferrite ratios 


are estimated. 


100% ferrite 
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Fig. 16—Pearlitic Ductile Iron After 701 Hours Exposure at 1000 °F 
Under a Load of 10,000 psi. Heat EA-P. Etchant—3% nital. X 250. 
Fig. 17—-Completely Graphitized Pearlitic Ductile Iron After 1917 Hours 


Exposure at 1000 °F in a No Load Growth Test. Heat EA-P. 


Etchant—3% 
nital. X 250 


ture of Fig. 1, were found to be typical. Both of these conditions likely 
contribute to the impaired creep strength of the ferritized pearlitic 
iron in comparison with the stable ferritic grade. 

Table V summarizes an evaluation of the microstructural changes 
and combined carbon contents. From this tabulation and from the 
growth test data it appears that (a) at 800 °F (425 °C) pearlitic ductile 
iron is essentially stable, (b) at 1000°F (540°C) the pearlite sphe- 
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roidizes during the first few hundred hours, the iron subsequently 
graphitizes and eventually will be somewhat weaker than the basic 
ferritic iron, and (c) at 1200°F (650°C) the pearlite spheroidizes 
and graphitizes rapidly, within less than 100-200 hours. 


Austenitic grade 

No change was observed in the microstructure of austenitic iron 
after testing at 800°F (425°C) or at 1000°F (540°C) for times up 
to about 1000 hours. After 1464 hours at 1000°F (540 °C), approxi- 
mately 1000 hours at 1200°F (650°C) and 67 hours at 1400°F 
(760 °C) an extremely fine precipitate was noted in the austenite adja- 
cent to the original carbides. Undoubtedly carbide, it could be resolved 
only with difficulty at X2000 using an oil immersion lens. 


SUMMARY AND CONCLUSIONS 

1. The short term tensile and rupture properties of pearlitic duc- 

ile iron are superior to those of the ferritic grade. Correspondingly 
superior creep properties, reflecting long-term behavior, hold only to 
ibout 800°F (425°C). At higher temperatures, the potential long- 
‘rm superiority cannot be realized as the pearlitic iron, structurally 
instable, progressively graphitizes and reverts to a ferritic iron which 
as lower creep strength than the standard ferritic grade. Creep 
trength of the stable ferritic iron is comparable to that of low carbon 
teel from 800 to 1200 °F (425 to 650 °C). 

2. The austenitic iron is markedly stronger at and above 1000 °F 
540°C) than the ferritic and pearlitic grades, which lose strength 
ipidly above 800°F (425°C). 

3. Utility of the standard ferritic and pearlitic grades appears 
mited to a maximum temperature of 1000 to 1100 °F (540 to 595 °C) 
i long-term load carrying applications when both scaling resistance 
s well as strength is considered. The high nickel austenitic iron should 


ive similar utility to 1200 or 1300 °F (650 to 705 °C). 
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DISCUSSION 


Written Discussion: By W. Lee Williams, metallurgist, U. S. Nava! 
Engineering Experiment Station, Annapolis, Md. 

Very little has been published on the elevated temperature properties of 
ductile cast irons. So we think it would be worthwhile to augment the data i 
this excellent paper by contributing a summary of data from our own experi 
ments. 

Our tests were limited to a single iron with a practically complete ferritix 
structure. The composition was: 

TC 3.47% Ni 0.55% 

Si 2.49% Cu 0.30% 

Mn 0.42% Mg 0.048% 
Room and elevated temperature tension data follow. 


Temperature Tensile Str. 0.2% Yield Elong. Red. 
°F psi psi % 
Room 63000 45000 24 
700 55800 35400 10 
800 47200 32600 7 
900 40000 28000 12 


A summary of our creep and rupture test findings follows. 


Temperature Stress, psi, for Stress, psi, for min. 
’ ___ rupture in ee - creep rate of _ 
100 hrs. 1000 hrs. 0.0001 % /hr. 0.00001 % /hr 
700 45000 41000 27000 19000 
800 30000 23000 13000 8200 
900 18500 13500 6800 3900 (7?) 


Comparison of our 800 °F data with those in the author’s Table III shows 
excellent agreement. Our material showed no microscopic evidence of growth or 
structural change during exposure up to 2000 hours at 900 °F. 

Written Discussion: By A. P. Gagnebin, Development and Research 
Division, The International Nickel Co., Inc., New York. 

We should like to congratulate the authors on their excellent work in 
measuring the elevated temperature properties of ductile iron and on the clear 
presentation of their results. 
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The International Nickel Company, Inc. laboratory in Bayonne has been 
doing work along the same lines and will subsequently publish a paper giving 
their results in detail. Broadly speaking the Inco laboratory results confirm the 
values given by the authors for ductile iron in the pearlitic condition and also 
confirm that pearlitic irons are stable at temperatures up to 800 °F. Some of the 
test bars have been under load at this temperature for 7000 hours with no evi- 
dent deterioration. 

In connection with ferritic ductile irons, the Bayonne results indicate that 
variation within the normal compositional ranges of such elements as manganese, 
copper and phosphorus has an important bearing on creep strength. These re- 
sults tentatively indicate that it will be necessary to specify composition in the 
ferritic ductile irons in order to assure a given level of creep strength. By 
deliberately alloying with nickel and molybdenum, it has been possible to 
develop creep strengths of 25,000 psi at 800 °F for a rate of 1% in 10,000 hours 
in ferritic ductile iron. 


Authors’ Reply 


The authors wish to thank Mr. Williams and Mr. Gagnebin for their 
liscussion of this paper. 

Mr. Williams’ tabulation of properties which they obtained on a ferritic 
ductile cast iron is a welcome addition, and it is gratifying that the results are 
n excellent agreement with those which we have reported. 

Mr. Gagnebin’s comments on the pearlitic grade indicate substantial agree- 
ient on the properties of this material, and provide confirmation on the stability 
f this grade up to 800 °F. 

Our testing of ferritic ductile cast irons was limited to a single base-line 
inalysis, and thus we have no data to evaluate the effects of compositional 
ariations. The effects on hot strength of variations within normal compo- 
itional ranges of such elements as manganese, copper, and phosphorous, as re- 
orted by Mr. Gagnebin, are certainly of interest. We look forward to the de- 
iiled data which are to be subsequently published. 





EFFECT OF COLD WORK ON THE HIGH 
TEMPERATURE CREEP PROPERTIES 
OF DILUTE ALUMINUM ALLOYS 


By Ropert E. FRENKEL, OLEG D. SHERBY AND JOHN E. Dorn 


Abstract 


The creep rate of annealed and cold-worked aluminum 
loys at elevated temperatures can be represented by the 
equation ¢€= Se—S#I/KTe8s where AH, = activation energy 
for creep, n= = gas constant, T = absolute temperature, o = 
applied stress, B = stress parameter and S = structure pa- 
rameter. The activation energy for creep is unaffected by cold 
work and S is only slightly increased by the previous cold de- 


formation. The principal effect of cold work on the creep re- 
sistance of aluminum appears to arise from a decrease in 
B by this factor. The results are discussed in terms of a new 
recovery model for creep. 


[ NTRODUCTION 

NUMBER of routine investigations (1—6)' have been made in 

order to determine the effect of prior cold work on the cree; 
properties of metals. Since the basic laws for high temperature cree; 
were not then known, the results of such investigations were mm 
readily interpretable. Recent progress in formulating the laws for hig! 
temperature creep (7-12) has now provided a better basis for evalu 
ating the effect of cold work on the creep properties of metals. It 1 
the purpose of this investigation to study the effect of prior cold wor 
on each of the significant parameters that determine the high tempera 
ture creep behavior of metals. 


MATERIALS 
Sheets of the high purity aluminum alloys listed in Table I wer: 
used in this investigation. These alloys were homogenized, cold-rolled 
from 0.100 to 0.070 inch in thickness and then recrystallized to about 
the same grain size. Their chemical composition, recrystallization treat 
ment and grain size are recorded in Table I. Creep specimens were 
machined with their tensile axes in the rolling direction. 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-sixth Annual Convention of the Society, 
held in Chicago, November 1 to 5, 1954. Of the authors, Robert E. Frenkel and 
Oleg D. Sherby are research engineers, Institute of Engineering Research, and 
John E. Dorn is professor of physical metallurgy, University of California, 
Berkeley. Manuscript received August 28, 1953. 
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EFFECT OF CoLp WorK ON THE ACTIVATION ENERGY FOR CREEP 
Extensive investigations on the creep of annealed metals (7—9,11) 
have shown that the creep strain, e, for a constant stress a, is related to 
the time, t, and the test temperature, T, in accordance with the func- 
tional relationship 


e=—f (@) o. = const. Equation 1 
where @=te “™./** Equation 2 
AH. = activation energy for creep 
and R = gas constant. 


In general, Equation 1 has been found to be valid for annealed 

materials (11) over the high temperature range of creep (above about 
0.45 of the absolute melting temperature up to the melting tempera- 
ture) where the rates of crystal recovery are rapid. The activation 
‘nergy for creep of initially annealed metals was found to be constant, 
ndependent of temperature, duration of test, creep strain, stress, grain 
ize and the various subgrain structures developed during creep 
7,8,11). Furthermore, AH, was found to be insensitive to minor 
lloying additions (7,11) and to small amounts of dispersed intermedi- 
ite phases (9). Therefore the activation energies for creep of relatively 
ure metals approached those for the elements, and were shown to ex- 
ibit a normal periodic variation with atomic number (11). Wher- 
ver appropriate data were available (11) the activation energy for 
reep, AH,, agreed well with the activation energy for self-diffusion, 
\Hp, suggesting that the rate controlling mechanism for the high tem- 
erature creep process 1s that of self diffusion. 

Although the activation energy for creep was found to be insensi- 
ive to the series of subgrain structures that were developed during 
reep of a previously annealed alloy, AH, might nevertheless be affected 
y more severe structural changes such as those induced by prior cold 
vork. In order to examine this possibility, each of the alloys listed in 
able I was creep tested in three different initial states. As shown in 
Cable II, state A refers simply to the as-annealed condition, and the 
esulting creep curves for this initial condition are shown by the solid 


Table I 
Composition, Recrystallization Treatment and Grain Size of Aluminum 
Solid Solution Alloys Investigated + 


Recrystallization Mean 
Chemical Composition Treatment Grain 

\lloying Atomic Weight percent of impurities (after 30% Diameter 
Element Percent Si Fe Cu Mg Mn cold rolling) (mm) 
Pure Al (99.987) 0.003 0.003 0.006 0.001 . 860 °F 30 mins. 0.25 
Mg 1.617 0.003 0.004 0.006 800 °F 10 mins. 0.26 
Cu 0.101 0.003 «6.003 — 0.0006 0.001 800 °F 43 mins. 0.29 





+ The authors wish to acknowledge their appreciation to the Aluminum Company of 
America Research Laboratories for the preparation of these alloys and the determination of 
their chemical composition. 
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Table Il 
Initial State of the Alloys Tested in Creep 





B ec 
_ Annealed, Annealed, 
Prestrained 15% at 78 °K Prestrained 15% at 78 °K 
Annealed and recovered as follows: and recovered as follows: 


Ti ti Te Ti ti T2 te 


te 
°K Hrs. °K Hrs. Or Hrs. °K Hrs. 


530 1.95 477 2.00 3.636 1075 47 
530 2.0 -— — 3.636105 47 


7 1.98 422 2.00 8.386 > 
7 2.00 - — 8.386 > 


symbols of Fig. 1. These data confirm the earlier observations (7-9) 
that the activation energy for creep of dilute aluminum alloys is about 
36,000 calories per mole. 

Initial states B and C were obtained by prestraining the annealed 
alloys 15% at 78°K followed by an appropriate recovery treatment 
for each of the two states as shown in Table II. Such consistent re- 
covery treatments were necessary to provide the same initial state for 
each alloy at the creep test temperatures investigated. It was reason- 
sonable to expect that the amount of recovery depended on 62 = 
te 4Hn/RT where t is the time of recovery at temperature T, and AHr, 
the activation energy for recovery, is equal to AH, for creep. This con- 
cept is verified by the data recorded in Fig. 2 which represent the tensile 
stress-strain curves for cold-worked high purity aluminum at 298 °K 
following various recovery treatments. Almost identical stress-strain 
curves were obtained for two different recovery treatments, one after 
1750 hours recovery at 530°K and the other after 117.5 hours re- 
covery at 572°K. These data prescribe an activation energy for re- 
covery equal to about 36,000 calories per mole which is identical with 
that for creep. 

In order to achieve a standard recovered state in a reasonable 
period of time, it was occasionally desirable to recover for time t, at 
temperature T, followed by recovery for time t2 at temperature To. 
Under these conditions equivalent recovered states were presumed to 
be established at constant values of 6g, where 


On = tre Bn/™*1 + te ey! ** Equation 3 


As shown in Table II, state B refers to recovery to 0g = 3.636 x 10~—"” 
whereas state C is that obtained following recovery to 6g = 8.386 x 
10-17. In Fig. 2 the 6 concept for recovery of aluminum is again shown 
to be valid for these multiple recovery treatments wherein ‘the acti- 
vation energy for high temperature recovery equals the activation en- 
ergy for creep. Fig. 2 also reveals that the stress-strain curves at 
298 °K for the two recovered states are yet appreciably greater than 
that for the annealed state, showing that considerable effects of the 
previous cold working were retained following recovery. Additional 
confirmation of the retention of the effects of cold work following re- 
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o- True Stress, |OOO psi 


Recovery 
Treatment 


© No Recovery 0 
& 2hrs.at 477°K 8.386x107!7 
; 1.98hrs.at477°K | -17 
os | 
Annealed fe 2hrs.at 422°K{ 9 986x!0 
Material © | 2hze.ot 830°  3.636x 107!5 
1.95hrs. at 530°K | “15 
Land 2hrs. at 477°K)} 3-636 x10 
Y 117.5 hrs.at 572°K 2.58x107!2 
1750 hrs. at 530°K 6.38x107'2 





O 0.01 0.02 0.03 0.04 
e- True Strain 


Fig. 2—-Effect of Recovery on the Tensile Curves at 298 °K 
g J 


of High Purity Aluminum Prestrained 15% at 78 °K. 


overy to 6g = 8.386 x 10~—' is shown by the back-reflection Debye- 
Scherrer X-ray photograms reproduced in Fig. 3. The annealed coarse- 
grained structure reveals only relatively few grains so oriented to 
satisfy Bragg angles. After cold working and recovery broad short 
diffuse arcs were obtained indicative of the retention of some of the 
cold working effects. 

The creep curves following cold work and recovery are recorded 
in Fig. 1. Although the creep resistance of each of the alloys was ap- 
preciably increased following the cold working and recovery treat- 
ments, the activation energy for creep remained about 36,000 calories 
per mole. Therefore the activation energy for creep is presumed to be 
a constant independent of the structural changes induced by cold work. 


Errect or CoLtp WorK ON THE STRESS PARAMETER 
As shown in Fig. 1 cold work improves the creep resistance, but 
the activation energy for creep appears to be independent of the struc- 
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Cc 

Fig. 3—X-Ray Back Reflection Photograms of Annealed and Cold Worked Aluminun 
Before and After Creep Testing. a and b—Annealed aluminum; a—Before creep testing 
b—At fracture after creep under a, 3400 psi at 477 °K. c and d—Annealed aluminu: 
prestrained 15% at 78 °K and recovered to Or = 8.386 x 10-7; c—Before creep testins 
d—At fracture after creep under ge = 3400 psi at 477 °K. 


tural changes attending cold working. Consequently cold work mus! 
affect some other parameter of the creep equation. Previous investi 
gations (10) have demonstrated that the creep rate of initially annealed 
metals is given by 


. AH RT_.B 
c= aL ene 


Equation + 


where B, the stress parameter, was observed to be a constant independ- 
ent of the instantaneous temperature or the previous creep history of 
the alloy. Consequently all effects of structural changes attending creep 
on the instantaneous creep rate were found to arise from changes in the 
parameter S. The reciprocal of B, however, increased practically 
linearly with atomic percent of small additions of solute elements (10). 


2 Equation 4 is valid for values of Bo>>O. As Bo approaches zero the creep rate must 
also approach zero. For low stresses therefore, e8* must be replaced by some function that 
vanishes as Bo vanishes such as sinh Bo, (e®*"—1) or Boe ® 
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Because AH, is unaffected by cold work and yet the creep resis'- 
ance is improved, either B or S or both of these parameters must be 
affected by the structural changes attending low temperature straining. 
In order to study the effect of pretreatment on S it is first necessary to 
determine whether the structural changes subsequent to cold work and 
partial recovery affect B. Since the stress parameter B might change 
with changes in the cold-worked state during creep it was necessary to 
evaluate B for various creep strains. The procedure adopted in evalu- 
ating B during creep of a cold-worked and recovered metal was as 
follows: Annealed high purity aluminum was prestrained 15% at 
78 °K, held for two hours at the creep temperature of 477 °K and then 
precrept under o, = 4,000 psi to a prescribed strain, following which 
the stress was reduced and the new instantaneous creep rate was de- 
termined. It was assumed that the structural changes attending the 
precrept condition would remain unaltered immediately following a 
reduction in stress.* The instantaneous creep rate at the lower stress 
vould thus be characteristic of the particular cold worked, recovered 
ind precrept structure. This procedure was repeated on a new sample 
‘or each new value of the reduced stress. The relationship between the 
nstantaneous creep rate and the true stress for the various reduced 

tresses would therefore pertain to a specific structure. The results for 
ur precrept states of the cold-worked and partially recovered metal 
re shown in Fig. 4. The linear relationship between the stress and 
he logarithm of the strain rate exhibited by the data of Fig. 4 further 
onfirm the earlier validity of the stress term in Equation 4. Cut A of 
‘ig. 4 reveals that 1/B is about 535 following a precreep strain of 
0.0017 whereas the remaining cuts show that 1/B decreases as the 
recreep strain increases. Since previous tests on annealed high purity 
luminum (10) gave 1/B equal to about 191 for all creep strains, it 
ollows that cold work results in an increase in 1/B. As shown in 
‘ig. 5 the value of 1/B for the cold-worked aluminum decreases with 
ncreasing creep strain and appears to approach the value of 1/B for 
he creep of aluminum in the annealed state. This suggests that the 
tructural modifications induced by cold working are gradually elimi- 
nated during high temperature creep. Partial confirmation of this sug- 
gestion is contained in the x-ray photograms of Fig. 3, which reveal 
extensive polygonization for the fractured specimen initially in the 
annealed state as well as for the ruptured specimen initially cold 
worked. 


Errect oF Co_Lp WorK ON THE STRUCTURE PARAMETER 


During creep of annealed aluminum AH, and 1/B remain constant 
independent of the creep strain (10). This fact implies that the param- 


8 This, of course, would not be true upon increasing the stress because the instantaneous 


increase in strain due to the increase in stress would result in an instantaneous change in the 
structural state. 
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ao -True Stress, |OOOpsi 





io? 102 10' 10% 103 10? 
e - True Creep Rate, !/,, 
Fig. 4 Effect of True Stress on the True Creep Rate at 
Various Cold-Worked Structures of Aluminum. (Structures 
developed by prestraining 15% at 78°K followed by creep 


under Ge 4000 psi at 477 °K to creep strains indicated 
above. ) 


—— Aluminum Prestrained 15% at 78°K 
and Recovered to 8g= 8.386 x 107!” 


——=— Annealed Aluminum (Ref. !0) 




















0.04 0.06 0.08 0.10 O.12 0.14 O.16 0.18 
€- True Creep Strain 


Fig. 5—Effect of Creep on 1/B for Cold-Worked Aluminum Under a 
Creep Stress of de 4000 psi at 477 °K. 


eters AH, and 1/B are insensitive to the structural changes that attend 
the creep of initially annealed aluminum. Consequently the great 
changes in the creep rate of initially annealed specimens with creep 
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strain are attributable to the effect of structural changes that are in- 
duced by creep on S. A typical example of the effect of creep strain for 
a constant load creep test on S for a. = 4000 psi is shown by curve (b) 
in Fig. 6. The values of S were calculated by means of Equation 4 using 
the instantaneous true creep rate, the instantaneous true stress, AH, = 
36,000 calories per mole, and 1/B = 191. 

The effect of creep strain on S was calculated in an analogous way 
for the initially cold-worked and partially recovered aluminum under 
the same constant load condition of o, = 4000 psi. Here however, the 
instantaneous values of 1/B given in Fig. 5 were introduced in Equa- 
tion 4. As shown in Fig. 6, S for the cold-worked material also appears 
to decrease with the creep strain. Unfortunately a direct comparison 
between the annealed and cold-worked aluminum cannot be made be- 
cause of the high initial strain upon initial loading of the annealed 
aluminum and the early fracture of the cold-worked aluminum. The 
extrapolated curves, however, suggest that when comparisons are made 
at the same creep strain, S appears to be increased merely by about an 
der of magnitude for the various cold-worked states developed in 
his investigation. 


DIscUSSION 
Although it is somewhat premature to attempt a complete analysis 
f the data reported here at this time, some interesting deductions might 
ievertheless be made. The data for cold-worked and partially recovered 
luminum are consistent with the previously reported data in that the 
igh temperature creep rate of metals is given by 


ez Soe” Equation 4 


hese results demand that the usual models for creep, consisting either 
{ thermal activation of dislocations over barriers (13) or local fluc- 
uations of strain energy (14), be discarded since they all require that 
he stress parameter B be proportional to the reciprocal of the absolute 
emperature. An alternate model for creep has been suggested (15) 
vhich is based on the hypothesis that the rate-controlling process con- 
ists of the recovery of barriers and that dislocations migrate to the next 
arrier whenever the barrier strengths recover to the value of the ap- 
plied stress. Since the barriers themselves are often considered as dis- 
ocations or patterns of dislocations, the unit recovery process can be 
self-diffusion, consisting of vacancy-atom exchanges at the center of 
the dislocations. 

According to the usual models for creep (13,14), cold work would 
be expected to increase the_barrier heights and thus the activation en- 
ergy for creep. This prediction is contrary to the reported observation 
that AH. is independent of the initial state of the metal. On the basis 
of the recovery model, however, the AH, for the creep of an initially 
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cold-worked metal should remain equal to that for self-diffusion in 
complete harmony with the facts reported here. 

On the basis of the model of thermal activation of dislocations 
over a barrier, B is proportional to the so-called volume of a disloca- 
tion divided by the absolute temperature. It is possible that an entire 
dislocation could not be activated at one time but that it loops over -he 
barriers in segments. If the length of each loop were determined by the 
spacing of the barriers it is possible that cold work, which might intro- 
duce more closely spaced barriers, would result in the looping of 
smaller segments of the dislocation, causing B to be smaller than that 
for an annealed material. But the previously proven fact that B is in- 
dependent of temperature (10) disqualifies the usual model for creep 
based on the thermal activation of dislocations over a potential barrier. 
On the other hand the recovery model for creep does not yet permit an 
unqualified conclusion as to why 1/B is greater for the cold-worked 
state. As is known, alloying increases 1/B, apparently by increasing the 
barrier strengths. It would therefore be expected that vacancies, inter- 
stitials and dislocations introduced during cold work could well cause 
1/B to increase in a manner analogous to the effect of solid solution 
alloying. But the high temperature recovery annealing treatment fol- 
lowing cold work and preliminary to the application of the creep stress, 
should have restored the vacancy and interstitial patterns to their 
equilibrium states. Perhaps the high 1/B values for the cold-worked 
and partially recovered aluminum are attributable to the nonequilib- 
rium retention of some vacancies and interstitials in low energy states 
in appropriate strain centers or to the greater interaction forces arising 
from an overall increase in the number of dislocations. The gradual ap- 
proach of 1/B with creep from that of the cold-worked and partially 
recovered metal to that for an initially annealed metal suggests the 
rather gradual approach to a steady state structure. Even though the 
picture on how 1/B is increased by cold work is yet very incomplete 
the experimental results do not disqualify the recovery model for creep. 

The effect of structural changes during creep on the S-parameter 
can be incorporated into both the activation-over-barrier models (13, 
14) and the recovery model for high temperature creep. On the basis 
of the more acceptable recovery model for creep, cold working should 
increase the density of barriers and also increase the number of dislo- 
cations present. Whereas the first factor would decrease S, the second 
would increase S. Since there is as yet no apriori justification for as- 
suming which of these two factors might predominate, the probable in- 
crease in S following cold work and partial recovery as suggested by 
the results in Fig. 6 is not a critical observation. The increase in S due 
to cold working, however, does not appear to have nearly as important 
an effect on the creep rate as the exponential effect of an increase in 1/B 
due to cold working. 
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Fig. 6—Effect of Creep on S-Parameter for (a) Cold 


Worked Pure Aluminum and (b) Annealed Aluminum Under 
a Creep Stress of % = 4000 psi at 477 °K 


High values of AH, and low values of B and S are conducive to 
igh creep resistance at elevated temperatures. The principal effect of 
old working on the creep resistance appears to be primarily attributa- 
le to the effect of cold work on decreasing B. Additional investiga- 
ions, covering a wider range of cold-worked states, however, will have 


o be made in order to ascertain more completely the effect of cold work 
mn S. 


CONCLUSIONS 
1. The high temperature creep of cold-worked as well as annealed 
aluminum can be represented by the equation 


€ — S eH /RT gBe 
where e€ = creep rate 
AH. = activation energy for creep 

R = gas constant 
T = absolute temperature 
o = applied stress 
B = stress parameter 

and S = structure parameter 
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2. The activation energy for high temperature creep is unaffected 
by previous cold work. This fact, as well as others, disqualifies the 
commonly postulated model for creep that is based on the assumption 
that the rate-controlling process for creep consists of thermal activa- 
tion of dislocations over barriers. 

3. The value of 1/B for initially cold-worked and partially re- 
covered aluminum is greater than that for aluminum initially in the 
annealed state. However, as creep continues 1/B appears to approach 
that for the annealed metal. 

4. S appears to be slightly larger for the initially cold-worked 
and partially recovered state than for the annealed state when com- 
pared at the same total creep strain and the same creep stress. 

5. The principal effect of cold work on the creep resistance of 
aluminum appears to arise from its effect on increasing 1/B. 
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DISCUSSION 


Written Discussion: By C. O. Smith, research engineer, Mechanical 
esting Division, Aluminum Company of America, New Kensington, Pa. 

The authors are to be congratulated on their presentation of a very in- 
resting proposed recovery model for creep. The data presented appear to 
ipport the proposal but it is unfortunate that these data apply only for a stress 
f 4000 psi at a temperature of 400 °F. 

As the authors point out “Additional investigations, covering a wider 
inge of cold-worked states, however, will have to be made in order to ascer- 
in more completely the effect of cold work on S.”’ It appears to us that 
lditional work is also required to better delineate the behavior of the stress 
irameter, B. 

We wonder whether this proposed recovery model and the proposed creep 
ite equation will work for more highly alloyed aluminum and for cold- 
orked material which has not been given a recovery treatment. We have used 
e values of the parameters and the creep rate equation given in this paper 
’ compare with measured creep rate at a stress of 4000 psi at 400 °F for data 
reviously published by Messrs. Sherby and Dorn.‘ Four examples were con- 
idered: two samples of 1100-0 (2S-0) with different annealing treatments, 
me sample of 1160-H18 (99.6-H18) and one sample of 1100-H18 (2S-H18). 
‘or the samples of 1100-0 (2S-0) the measured creep rates were 100 x 10° 

and 2 x 10° in/in/hr. while the calculated creep rate for both samples was 10 
in/in/hr. or about 100 and 5000 times as great, respectively. In the case of 
1160-H18 (99.6-H18) the measured creep rate was 1 x 10° in/in/hr. while 
the calculated creep rate was 200 x 10° in/in/hr. or about 200 times as great. 
Similarly, for 1100-H18 (2S-H18) the measured creep rate was 1.2 x 10° 
in/in/hr. and the calculated creep rate was 600 x 10° in/in/hr. or about 500 times 
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as great. (In all cases it is assumed that the units of S, the structure param- 
eter, are in/in/hr. as they do not appear to be specified in the paper.) 

To us, this large difference between measured and calculated creep rate 
emphasizes that much more work is needed to determine if the proposed re- 
covery creep model and creep rate equation are workable, and if so, to determine 
the proper values of the parameters for various conditions of cold work. 

Written Discussion: By R. P. Carreker and R. W. Guard, Metallurgy 
Research Department, General Electric Co., Research Laboratory, Schenectady, 
N. Y. 

Before discussing the technical aspects of the paper we would like to make 
several comments on the format. Although this paper represents one of a con- 
tinuing series by the same group of authors, a brief summary of the experi- 
mental techniques used to obtain the data would be very desirable. The task 
of the reader is also rendered more difficult because five important references, 
including the description of the “Recovery Model” of creep, are privately distrib 
uted reports. 

While we do not fully agree with all of the premises made by the authors 
based on previous work, the following discussion will generally be confined t 
the present paper. In this paper the authors have attempted the difficult tas! 
of reasoning from phenomenology to mechanism. Our criticisms are directed a 
places in this reasoning process where we feel that the data are not conclusiv: 

The data of Fig. 1 indicate that the scatter in plots of @ versus e is largé 
than might be expected from sample to sample variation. Our experience i 
using this parameter on our own data is that AH. for aluminum is not ver 
clearly defined but may vary from 28,000 to 42,000, depending on the exa 
details of how it is determined. While it is obviously a useful tool for engineerin 
approximation, the 6 parameter leaves much to be desired as a scientific la 
Likewise, it is not appropriate to reason from equivalency of AH creep 
AHpirrusion to equivalency of processes. 

We feel that Fig. 2 does not represent a proper test of the validity of Equ 
tion 3. Differences in minutes between the two treatments for States B and ‘ 
could hardly be altered by two hours at 50 °K less in view of the temperatu: 
dependence indicated by the data shown. Equation 3 may be correct, but mo: 
strenuous tests are necessary. 

In justifying Equation 4, the authors put forth the argument that B is i 
dependent of temperature. Such an argument is valid only if the term related 
to the “volume” of a dislocation is completely independent of prior histor) 
The data in Reference 10 do not prove whether this is true or not. 

We are disappointed that neither the effect of cold work on B or on S can 
be explained by the proposed “recovery” model. It is hoped that more work on 
the details of the model in the future will allow one to make predictions using it. 

Written Discussion: By William D. Jenkins, National Bureau of Stand- 
ards, Washington, D. C. 

This paper represents an excellent attempt, by the authors, to formulate a 
basic law of high temperature creep of metals. 

The fact that the authors’ observations do not appear to conform to the 
usual models may be attributed to the structural changes induced by tempera- 
ture prior to and during the creep or tensile test. Additional information regard- 
ing the hardness and the microstructure of the material in the initial condition, 
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as affected by the test temperature only, and as affected by the test conditions 
would be most helpful. 

The nonexistence of the recovery model for creep was not a deterring 
factor in the interpretation of the data, obtained in the laboratories of the 
National Bureau of Standards, for high purity copper tested within the tempera- 
ture range 110 to 300°F (less than 0.45 of the melting point of copper). It 
was shown, within the range of test conditions used, that the barrier heights 
were definitely increased by cold working. Confirmation of this observation has 
been made from both creep tests and short-time constant-strain rate tensile 
‘tests on both copper, nickel and alloys of these two elements. 

The low temperature creep and tensile results indicate the necessity of 
the application of the Becker or Kauzmann concept. The data, obtained by the 
writer on two 70% nickel — 30% copper type alloys, indicate that the activation 
energy and the mechanical properties were unaffected by small variations in 
illoy content (initial grain size constant) within the temperature range 1200 to 
1700 °F. Moreover, within this temperature range, the activation energy of a 
0% copper — 30% nickel alloy was apparently unaffected by cold drawing 
the material 25%, 40% or 70% reduction in area before testing in tension at the 
ime strain rate. 

It appears to the writer that the complete abandonment of accepted and 

irtially proven concepts in favor of a theory admittedly limited to a small 
inge of test conditions, would be unwise at this time. 


Authors’ Reply 


The authors wish to thank Dr. C. O. Smith for his contribution to their 
iper. They heartily agree with Dr. Smith concerning the need for more 
finitive investigations not only on the 8 and s parameters that the authors 
ive introduced but equally on all phases of the phenomenon of high tempera- 
re creep. 

As shown in the text as well as by extensive earlier publications and more 
‘ent unpublished data, Equation 1 of the text has rather broad ranges of 
plicability. Of course it is not universally applicable inasmuch as it applies 
ly to high temperature creep and simple alloy systems which are structurally 
ible. As shown in the text, however, it appears to be valid for cold-worked 
ietals. 

The authors’ comments that s of Equation 4 appeared to be insensitive 
» cold work did not mean that it depended only on the creep strain. As shown 
| the text, for the single example investigated, the s value for the cold-worked 
etal was only about 15 times greater than that for the annealed state when 

the data were extrapolated to the same creep strain. This is indeed small in 
contrast to the 10,000 times decrease in s during primary creep of the annealed 
metal. It was therefore suggested that 15 times is a small change when compared 
to a change of 10,000 times. 

Evidently the authors did not outline in sufficient detail why their cold- 
worked specimens were recovered to the same state before creep testing. In the 
usual procedure the specimens are heated to the creep testing temperature and 
held for a fixed period of time before the load is applied. Consequently cold- 
worked specimens will have recovered more extensively during the hold at 
higher temperatures preceding application of the load. Such procedures were 
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used for obtaining the creep data for the cold-worked alloys 2S-H18 etc. which 
Smith describes in his discussion. Under these conditions the cold-worked alloys 
were not at the same state at the beginning of each creep test. But as shown 
by the data of Fig. 2, the recovery treatments used in this study did provide 
the same initial state for all cold-worked specimens. One factor, therefore, 
that was responsible for the lack of correlation obtained in Dr. Smith’s anal- 
yses arose from the fact that this issue was neglected. But other factors also 
contributed to the lack of correlation Smith obtained. The parameters quoted 
in the text of this paper apply only to the alloys that were tested. Furthermore 
the variations of 8 and s for the cold-worked metal was evaluated for only 
one stress and temperature. These parameters might well be quite different 
for creep of the alloys that Smith considered in his analyses. 

The authors wish to express their appreciation to Drs. Carreker and 
Guard for their contribution to this paper. The desirability of reducing the con- 
text of the paper precluded the opportunity of summarizing again the experi- 
mental techniques which had been announced previously. Furthermore almost 
all references to “privately distributed reports” have been modified upon proof 
of the galley sheets to actual publications in the open literature. They will 
therefore be available to the general reader. 

The authors must agree that some scatter exists in the AH that is calcu 
lated for creep, dependent on the technique that is used. In general, however 
the e — 6 and correlated methods of measuring AH give “reasonably” reproducibl: 
values. As analyses of the extensive data by Carreker on the creep of Pt reveal 
(Ref. 11), the scatter upon e—9@ analysis appear to be essentially random 
As a matter of fact Carreker’s data show that such scatter is also obtaine 
when duplicate or triplicate tests are run under identical conditions of stres 
and temperatures. Such scatter cannot be used to imply “that AH. for aluminu 
is not very clearly defined.’ Obviously the e — @ technique of evaluating A! 
results in accumulating all scatter in 8 and s in the estimated value of Al! 
In addition, the authors would like to state that we are now using a ne 
technique ® that avoids this difficulty. Here AH was found to be insensitive t 
stress and strain. The variation among the various AHs being less than 10‘ 
Additional tests now in progress on aluminum and its dilute alloys also confir: 
the nominal validity of previous studies except perhaps that a slightly lower A! 
is being obtained by the new technique. 

The authors cannot agree that the equivalency of AH for high temperatur: 
creep and AH for self-diffusion is without meaning as inferred by Carreker an 
Guard. This equivalency does not and should not be inferred to mean identit: 
of processes. But it is reasonable in view of this equivalency to assume that 
high temperature creep is somehow controlled by a self-diffusion process. 

In general the authors agree with the comments of Carreker and Guard 
concerning whether the data recorded in Fig. 2 prove that AH for recovery is 
identical with that for creep except perhaps for the 117.5 hour recovery at 
572 °K and the 1750 hour recovery at 530 °K where this statement appears to 
be valid. But these data were not obtained primarily for this purpose; rather 
they were obtained to illustrate that these alternate treatments preceding creep 
of the cold-worked metal does lead to approximately the same recovered state 
at the time the creep load was applied. And these data do reveal nominal 
validity of this fact. 
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The justification for 8 of Equation 4 being insensitive to the temperature 
was clearly shown for the case of annealed alloys in a series of previous in- 
vestigations. This justification does not rest, as Carreker and Guard suggest, on 
some assumptions concerning a Kauzmann model for creep where 8 is presumed 
theoretically to be proportional to the area of a dislocation times the distance 
it must be moved for activation (in terms Carreker and Guard’s terminology 
the volume of the dislocation loop that is activated) divided by the absolute 
temperature. Actually 8 is insensitive to the temperature because experiment 
shows this to be true. And conversely all theories yielding contrary results 
appear to be inaccurate and consequently are ineffectual arguments against the 
experimental facts. In the current paper, however, no attempt was made to 
ascertain how 8 of a cold-worked metal varies as the creep test temperature 
is changed. Perhaps as suggested by Carreker and Guard such studies as well 
as additional studies on s should be made. The e — @ correlations obtained for 
the cold work state revealed in this report, however, suggest that 8 is a 
function of @. 

The authors wish to express their appreciation to Dr. Jenkins for his 
nteresting contribution to their paper. His observations that the high tempera- 
ure activation energy for plastic flow of 70% nickel—30% copper alloys is 
nsensitive to minor changes in composition and cold work further confirm the 
uthors’ thesis. But the authors cannot agree that their observations regarding 

e insensitivity of the activation energy to stress and to strain does not in- 
ilidate the Becker-Orowan or the Kauzmann types of creep models for the 
igh temperature region of creep. Of course these models might be valid at 
w temperatures and should not therefore be completely discarded as yet. 
ir. Jenkins’ observations on the intermediate temperature creep of copper are 
teresting. It is indeed unfortunate, however, that he did not present his 
riginal data and the methods of analysis by which he deduced that the activation 
.ergy for low temperature creep increased with strain, especially since they 
re contrary to results obtained recently for the creep of copper from 348 to 
8 °K.® In this investigation the temperature was cycled +15 °C abruptly 
i\roughout the course of creep. Consequently an unambiguous evaluation of the 
ctivation energy for creep was obtained showing that AH for these tests was 
7,000 + 3,000 cal/mole for strains up to 0.38 and for stresses ranging from 
900 to 38,300 psi. Thus in this intermediate range of temperatures, the same 
iws of creep were observed as are obtained at elevated temperatures; the only 
ignificant difference concerned the fact that the activation energy was less than 
hat for self-diffusion at the intermediate temperatures. 


5 R. P. Carreker, ‘‘Plastic Flow of Platinum Wires,” Journal of Applied Physics, 1950, 
Vol. 21, p. 1289. ‘ 

6T. E. Tietz and J. E. Dorn, ‘“‘Creep of Copper at Intermediate Temperatures,’’ Institute 
f Engineering Research Report, University of California, Berkeley, Series No. 22, Issue 
No. 38, September 15, 1954. 












CREEP-TEMPERING RELATIONSHIPS IN HARDENED 
45% CHROMIUM STEELS 


By E. C. Roperts, N. J. GRANT AND Morris COHEN 


Abstract 


The behavior of three hardened 4.5% chromium steels 
has been studied from the standpoint of tempering phenomena 
and creep-rupture properties in the temperature range of 800 
to 1300 °F (425 to 705 °C). By interrelating the information 
obtained on the time dependency of the tempering reactions 
and the creep characteristics of these steels, it has been pos- 
sible to show that the application of stress during the fourth 
stage of tempering, formation of (Cr,Fe);Cs3, produces no 
consistent change in the tempering reaction rate from that 
found in unstressed specimens. 

Hardness and electrical resistance measurements have 
been employed to delineate the second, third and fourth stages 
of tempering im the hardened steels and to evaluate the effect 
of stress on the fourth stage. Carbide isolation has been used to 
follow the development of (Cr,Fe),C3 and the disappearance 
of (Fe,Cr)sC. 

Microscopic evidence for the accelerated loss of strength 
at 1200 and 1300°F (650 and 705 °C) in the highest carbon 
steel is presented. The increased rate of softening of the 
stressed specimens at 1300°F (705°C) compared to the 
unstressed specimens tempered at the same temperature is 
discussed. 































INTRODUCTION 


ee NT among the many factors affecting the creep-ruptur: 
properties of alloys is the occurrence of phase changes. However, 
not much is known about the possible effect of stress and strain on th: 
phase changes that may take place during creep-rupture measurements 

The complexity of the so-called “high temperature alloys’? makes 
the diagnosis of the reactions and the determination of their rates in 
these alloys quite difficult (1). On the other hand, low alloy steels, 


! The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 


Chemical Composition of Steels 
Steel % C % Cr % Mn % Si 
A 0.16 4.58 0.33 0.19 
B 0.40 4.32 0.25 0.19 


Cc 0.68 4.55 0.30 0.28 


which are used for certain limited-temperature applications (2), are 
considerably simpler in composition and far better understood with 
regard to the identity and kinetics of the reactions that occur. 

A common phase transformation in such steels is the formation 
f an alloy carbide from one or more of its less stable predecessors 
3,4). Certain low chromium steels, for example, ultimately develop 
Cr,Fe)7Cz as the stable carbide but, preliminary to the nucleation and 
rrowth of this phase, cementite, (Fe,Cr)3C, is precipitated (5). In 
he first stage of tempering the original martensite decomposes into a 
exagonal carbide (¢ carbide) and another martensite containing about 
25% carbon. The second stage of tempering involves the decomposi- 
ion of the retained austenite into bainite. The formation of cementite 
mstitutes the third stage of tempering, while the development of 
Cr,Fe)7Cs and the concurrent disappearance of the cementite com- 
rise the fourth stage of tempering in these chromium steels. These 
tter two stages of tempering have been carefully evaluated in low 
iromium steels in a previous investigation (5), thus providing the 
isis for the steel compositions selected in the present studies. 

The overall objective here was to determine the effect of stress 
nd strain on the rate of formation of (Cr,Fe)7C3, and simultaneously, 
) ascertain the influence of this tempering reaction on the concomitant 
reep-rupture properties. The test temperatures were chosen primarily 
| the fourth stage of tempering (800-1300 °F). 


EXPERIMENTAL PROCEDURE 
Materials—Three steels were selected from within the composition 
ange where (Cr,Fe)7C; is the stable carbide phase (5,6); their 
inalyses are given in Table I. These materials are fairly representative 
of the low, the medium, and the high carbon ranges of 4.5% chromium 
steel. 

The steels were received in the form of * inch diameter rods which 
had been hot-rolled, spheroidized, and then centerless ground. The 
creep specimen gage dimensions were set at 0.250 inch in diameter and 
2 inches long. Hardening studies showed that these specimens could be 
oil-quenched and then refrigerated in liquid nitrogen without crack- 
ing. The austenitizing temperature was adjusted to obtain complete 
carbide solution without incipient melting at the grain boundaries. 


Holding for 30 to 40 minutes at 2100 + 10°F (1150 + 5°C) not 
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only satisfied these two requirements, but did not cause excessive grain 
growth from the standpoint of creep-rupture properties (ASTM 
Nos. 3-4). An atmosphere of prepurified nitrogen was used during 
austenitizing to avoid undue decarburization and oxidation. 

In order to minimize retained austenite as a possible variable in 
the creep-rupture measurements, the test specimens were cooled in 
liquid nitrogen immediately after the hardening treatment. This re- 
duced the retained austenite to well below 10% in the highest carbon 
steel, and the retained austenite decreased noticeably with decreasing 
carbon content. 

Tempering Studies—The tempering treatments (except for those 
conducted as a part of the creep-rupture tests) were carried out in 
molten alloy or salt baths, controlled to + 5 °F. Bare specimens were 
used for the short tempering times, but the specimens were sealed in 
evacuated pyrex tubes for the longer runs. 

The reaction kinetics in both the unstressed and stressed states 
were followed by hardness and electrical resistance measurements. Be 
cause of the wide range of hardness values encountered, the Rockwell A 
scale (brale indentor with 60 kilogram load ) was adopted. The electrica 
resistance was measured between fixed knife-edges (114 inches apart 
with a Kelvin double bridge. These measurements were all made i: 
liquid nitrogen (—320 °F ) in order to minimize the thermal componen 
of the resistance and thus accentuate the changes due to structura 
transformations. The values reported here have been corrected to 
standard cross section of 0.250 inch diameter, and are accurate 
within + 1 microhm. 

Previous work (5) had shown that it was possible to determin: 
the amount of (Cr,Fe)7Cs in low chromium steels as a function of th: 
tempering treatment by chemical analysis of the electrolytically ex 
tracted carbides. However, in the present investigation the extracte: 
carbides, consisting of mixtures of (Fe,Cr)3C and (Cr,Fe)7Cs3, wer: 
subjected to X-ray analysis, and the respective fractions of these tw 
phases were found from the integrated intensities of a pair of promi 
nent diffraction lines. Calibration of the method was obtained fro: 
synthetic mixtures of the two carbides. The specimens used for the 
electrolytic extraction were the same ones that provided the hardness 
and electrical resistance data and, in certain cases, the creep-rupture 
data. 

Creep Studies—Because a preliminary check showed that exces- 
sive oxidation of the specimens might be expected if the usual type of 
creep-rupture furnace were employed, a special furnace arrangement 
was designed to allow the specimens to be tested in a purified helium 
atmosphere. The applied stresses were adjusted to permit the speci- 
mens to undergo first and second stage creep within reasonable periods 
of time (about 500 hours max.). Third stage creep, where necking 
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ensues, was generally avoided for the concomitant tempering studies in 
order that the effective stress could be regarded as uniaxial. 

Creep-rupture curves for hardened specimens could only be ob- 
tained, however, on testing at 1200 and 1300°F (650 and 705 °C). 
When tested at the two lower temperatures (800 and 1000°F), the 
specimens invariably fractured in a brittle fashion by cracking along 
the austenitic grain boundaries before appreciable creep occurred. 
Prior tempering for extended periods at the testing temperatures be- 
fore the application of stress was of no avail in the prevention of this 
brittle grain boundary failure. Nevertheless, loads below a certain level 
could be sustained without creep by the hardened steels at 800 and 
1000 °F (425 and 540°C), and such loads were used. On the other 
hand, brittle fractures were not encountered even at these low testing 
temperatures if the steels were either annealed or hardened and 
tempered at 1350 °F (730°C). 

Secause of the great dependency of the tempering rate on tempera- 
ure, it was necessary to bring the hardened specimens to the testing 
temperature as rapidly as possible. This was done by superheating the 
furnace to a predetermined temperature, then inserting the specimen 
nd its holding apparatus and allowing the assembly to reach the de- 
sired testing temperature. This usually occurred in about 20 minutes. 
he specimen was then held at the testing temperature for a full hour in 
he unstressed condition before the load was applied for the creep- 
upture run. 

The load was applied as carefully as possible in order to avoid 
shock by the use of a hydraulic jack. The creep extensions were meas- 
ured with a dial gage having 0.001 inch divisions. 

One set of test specimens was used to determine the creep-rupture 
‘urves, and hence was run to fracture. Tests on additional specimens 
vere interrupted at intermediate periods of time so that the course of 
he tempering reactions could be traced. 


DIscussION 

Creep-Rupture Behavior—The creep-rupture curves for the three 
hardened steels at 1200 and 1300°F (650 and 705 °C) are presented 
in Fig. 1. There is the usual linear relationship between log stress and 
log rupture time. It is noteworthy that the lines for the highest carbon 
steel C have the steepest slope, and designate an accelerated loss of 
strength with long times of testing. The most plausible explanation for 
this behavior is that preferential carbide precipitation takes place along 
the austenitic boundaries (Fig. 2) as the tempering proceeds under 
stress, but this does not occur in the unstressed condition, nor in the 
lower carbon steels. As a result, steel C fails in creep with an inter- 
granular fracture, while the lower carbon steels have transgranular 
fractures. 
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Fig. 4—Elongation at the End of the Second Stage 
of Creep as a Function of Time at 1200 and 1300 °F for 
Hardened 4.5% Chromium Steels. A = 0.16% carbon, 
B = 0.40% carbon, C = 0.68% Carbon. 

This difference in behavior is also illustrated by the magnitude of 
the per cent elongation at the end of the second stage of creep (some- 
times called the “true elongation” (7) ). An example of the variation 
ot “true elongation” is given in Fig. 3 for steel A at 1200°F (650°C). 
Similar plots for the three steels at the two test temperatures of 1200 
and 1300°F (650 and 705°C) permitted the drawing of Fig. 4, from 
which it is evident that the elongation at the end of the second stage of 
creep decreases with increasing time much more rapidly for the C steel 
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Fig. 5—-Changes in Hardness and Electrical Resistance of 4.5% Chro- 
mium Steels on Tempering at 800 °F. Inserted numbers show applied stress 
for indicated points. 
than for the two lower carbon steels. This is a consequence of the dif 
ference in the mode of fracture as previously discussed. 

Analysis of Tempering Phenomena—Hardness and electrical re 
sistance changes during tempering at 800 to 1300 °F (425 and 705 °C), 
with and without stress, are plotted in Figs. 5 through 8. The curves 
are drawn through the points for the unstressed specimens, while the 
data for the stressed specimens are shown as individual points with 
the applied stress indicated. The effect of stress on the tempering 
process is discussed in the next section. 

The stages of tempering represented by the data in Figs. 5 through 
8 are conveniently analyzed in terms of the composite resistance curves 
in Fig. 9. These curves were obtained by translating the 1000, 1200, 
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Fig. 6—Changes in Hardness and Electrical Resistance of 4.5% Chro 
mium Steels on Tempering at 1000 °F. Inserted numbers show the applied 
stress for indicated points. 


id 1300°F (540, 650 and 705°C) curves of the three steels along 
the log time axis of the respective 800°F (425°C) curves until the 
best match between overlapping portions of the curves was ascer- 
tained. This gave an effective time scale at 800°F (425°C) ranging 
from 10% seconds (17 minutes) to 10!! seconds (32 centuries), and 
comprised the end of the third stage of tempering followed by the 
fourth stage of tempering. In order to delineate the third stage more 
clearly by introducing at least a part of the second stage, additional 
data were taken at 800°F (425°C) for short tempering times down 
to one second. 
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mium Steels on Tempering at 1200 °F. Inserted numbers show the applied 
stress for indicated points. 


The generalized curves in Fig. 9 tend to smooth out some of the 
details * revealed by the individual curves in Figs. 5 through 8, but 
permit an instructive overall picture of the tempering process. The 
initial increase in electrical resistance is caused by the decomposition 
of the retained austenite during the second stage of tempering. This 
change is relatively small because: 

(a) the amount of austenite present was deliberately reduced by 
the prior refrigeration treatment, 

2 One of these details is the slight increase in electrical resistance after about 10* seconds 
at 1000 °F (Fig. 6). This may be ian to coherency strains involved in the early precipitation 


of (Cr,Fe)7Cs. However, it was not observed at the other tempering temperatures, and so was 
av eraged out in the composite curves of Fig. 9. 
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Fig. 8—Changes in Hardness and Electrical Resistance of 4.5% Chro- 
mium Steels on Tempering at 1300 °F. Inserted numbers show the applied 
stress for indicated points. 

(b) the austenite conversion during tempering at 800 °F (425 °C) 
occurs too quickly to be studied in detail. Nevertheless, it is worth not- 
ing that the second stage of tempering produces an increase in electri- 
cal resistance whereas the opposite is true in plain carbon and most 
other alloy steels. Chromium appears to increase the electrical resist- 
ance of austenite less rapidly than that of its decomposition products, 
and hence the usual change in resistivity on transformation reverses 
sign in the presence of sufficient chromium. 

The marked drop in resistance, after the initial increase, denotes 
the formation of cementite in the third stage of tempering. The further 
decrease in resistance beyond about 10* seconds at 800 °F (425°C) is 
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due to the fourth stage of tempering in which (Cr,Fe)7C3 precipitates 
and (Fe,Cr)3C redissolves (5). The hardness data given in Fig. 5 for 
tempering at 800 °F (425 °C) correspond to the end of the third stage 
and the beginning of the fourth; there is relatively little change in 
hardness during this period. After the initial part of the fourth stage, 
a pronounced decrease occurs in hardness as well as in resistance. 
Electron micrographs show that the (Cr,Fe)7C; particles are larger, 
more spheroidal and less numerous than the cementite particles that 
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Fig. 9—Changes in Electrical Resistance of 
4.5% Chromium Steels on Tempering at 800, 1000, 
1200, and 1300 °F, all Referred to Equivalent Times 
at 800 °F. 


are replaced (5). This difference, together with the removal of chro- 
mium from the solid solution matrix to form the chromium-rich carbide. 
results in appreciable softening during the fourth stage. The chromium 
depletion from the matrix is evidenced by the cross-over of the resist 
ance curves in Figs. 6,7,8, and 9. The highest carbon steel ultimately 
attains the lowest resistance because the amount of chromium removed 
from the matrix, when (Cr,Fe)7C; precipitates, increases with the 
carbon content. 

By means of electrolytic extraction and X-ray diffraction studies 
the carbide precipitated during the third stage of tempering was identi- 
fied as (Fe,Cr)3C, and that of the fourth stage as (Cr,Fe)7Cs3. Fig. 10 
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by X-ray diffraction measurements on extracted carbides. 


hows how the (Cr,Fe)7Cs3 replaces the ( Fe,Cr )3C in steel C as a func- 
m of time and temperature. 

Effect of Stress—In general, the experimental points for the 
ressed specimens, as plotted in Figs. 5 through 8, fall near the hard- 
‘ss and electrical resistance curves drawn for the unstressed speci- 
ens, although there is considerable scatter. The data are indicative of 
e fourth stage of tempering. Except for the hardness curve at 1300 °F 
705°C), no consistent variations due to stress are evident. The results 
e compared in Table II. 

At 1300°F (705°C) (Fig. 8), the hardness values of the three 

els decrease more rapidly under stress than without stress. However, 
corresponding effect of stress on the electrical resistance changes at 
300 °F (705 °C) is not observed. Accordingly, it must be concluded 
it the applied stress influences the state of aggregation of the precipi- 


Table Il 








ffect of Stress on Changes in Hardness and Electrical Resistance During Tempering 
800 °F 1000 °F 1200 °F 1300 °F 
Displacement from Hardness Curve for Unstressed Specimens * 
Steel A None Slightly None Below 
Above 
Steel B None None None Below 
Steel C Below None None Below 


Displacement from Electrical Resistance Curve for 
Unstressed Specimens * 


Steel A None Slightly Slightly None 
Below Below 

Steel B None Slightly None Slightly 
Above Above 

Steel C None Above None None 


* In view of the downward trend of the hardness and electrical resistance curves, “below” 
signifies acceleration by stress and “above” signifies retardation by stress. 
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tated carbides, rather than the rate of precipitation. Microscopic exam- 
ination does, in fact, show a more rapid agglomeration of the carbides 
in the stressed specimens than in the unstressed ones. This would ac- 
count for the faster softening of the stressed specimens. 

These experimental findings may be summarized as follows: be- 
cause of the various tempering reactions latent in hardened steels, 
structural instability assumes a prominent role in the creep behavior of 
the chromium (7) steels under study. The brittle fracture of the 
hardened specimens when subjected to stress at 800 and 1000 °F (425 
and 540°C) is a consequence of a high temperature instability, such 
as has been previously observed in other steels (8,9) and alloys (10,11). 
The grain boundary precipitation in the high carbon steel C under 
stress, which results in intergranular fractures even at 1200 and 
1300°F (650 and 705°C), is also a manifestation of structural in- 
stability. The accelerated rate of agglomeration at 1300°F (705°C) 
under stress is likewise an instability effect, leading to reduced hard- 
ness and strength. 

It is significant that neither applied stress nor the associated strain, 
at least within the limits investigated here, increases the rate of the 
fourth stage of tempering. Evidently, the precipitation of (Cr,Fe)7C, 
or the accompanying solution of (Cr,Fe)3C is diffusion-controlled (5), 
and the rate of diffusion is not materially affected by the creep process 
It has been shown (12) that the self-diffusion rate of iron unde: 
uniaxial compression is a function of the strain rate, rather than of th« 
strain itself. Presumably, the creep rates encountered in the present 
work were too small to exert a measurable influence on the overa! 
kinetics of the fourth stage of tempering. The conditions of cree; 
testing do lead to localized precipitation at the grain boundaries in th: 
high carbon steel C at 1200 and 1300°F (650 and 705°C), but ther 
is no corresponding effect on the bulk reaction rate as revealed by th« 
electrical resistance measurements. 


CoNCLUSIONS 


1. Hardened 4.5% chromium steels are not amenable to creep test 
ing at 800 and 1000 °F (425 and 540°C) because they undergo inter- 
granular fracture before appreciable creep takes place. 

2. On testing and tempering at 1200 and 1300°F (650 and 
705°C), the high carbon, 4.5% chromium steel (0.68% carbon) has 
higher strength than the lower carbon steels (0.16 and 0.40% carbon) 
only for short testing times. As the time of testing is increased, the 
strength of the high carbon steel decreases more rapidly than that of 
the lower carbon steels. This is due to the intergranular type of failure 
found in the high carbon steel, which is initiated under stress by prefer- 
ential carbide precipitation at the grain boundaries during the fourth 
stage of tempering. 
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3. The second, third and fourth stages of tempering in 4.5% 
chromium steels can be readily followed by electrical resistance meas- 
urements. The second stage of tempering is attended by an increase in 
resistance, unlike the case in plain carbon and most other alloy steels. 
The third and fourth stages are accompanied by successive decreases in 
resistance. Electrolytic extraction studies show that the (Fe,Cr)3C 
formed during the third stage of tempering is replaced by (Cr,Fe)7Cg 
during the fourth stage. 

4. The application of stress, as in creep runs, during tempering 
has no consistent effect on the overall kinetics of the fourth stage. This 
is also true for the associated hardness changes, except at 1300 °F 
(705 °C) where the hardness is found to decrease more rapidly under 
stress than without stress. The latter phenomenon appears to result 
from an increased rate of agglomeration of the carbides on tempering 
inder stress. 

5. The insensitivity of the fourth-stage kinetics to applied stress 

; attributed to the fact that the underlying reaction is diffusion- 
ontrolled, and the rate of diffusion is not affected much by stress un- 
‘ss the corresponding strain rate is considerably higher than is en- 
ountered in the usual creep studies. 
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THE STRENGTH OF WROUGHT ZIRCONIUM-BASE 
BINARY ALLOYS AT 1800 TO 2200 °F 


By H. A. SAtter, J. T. Stacy anp S. W. PorREMBKA 


Abstract 


The effects of binary additions of chromium, columbium, 
molybdenum, tantalum, tungsten, and vanadium on the work- 
ability, hardness, and high-temperature strength of zirconium 
were investigated. Alloys of tantalum or tungsten were the 
most easily worked. At 1600°F (870°C), maximum hard- 
ness was obtained with a tungsten addition. Metals of Group 6 
were more effective strengtheners than metals of Group 5, 
tungsten being the most effective strengthener for zirconium 
at 1800 to 2200°F (980 to 1205°C). The 100-hour creep- 
rupture strength at 1800°F (980°C) of a zirconium — 
8wt % tungsten alloy was 1700 psi. None of the alloys studied 
were superior in strength to Inconel or Type 310 stainless 
steel over the range 1800 to 2200 °F (980 to 1205 °C). 


INTRODUCTION 

-YECAUSE of its high melting point (3325°F), zirconium is po- 
tentially an attractive material for high temperature service, 
ther in non-corrosive media or with suitable protective cladding. At 
evated temperatures, however, zirconium has relatively poor mechani- 
| properties. The possibility of improvement by alloying is of con- 
lerable interest. The present investigation was undertaken to 
termine the effectiveness of alloying in increasing the strength of 

rconium at 1800 to 2200 °F (980 to 1205 °C). 

The development of zirconium-base alloys for use at elevated 
mperatures has been reported previously by both Battelle Memorial 
istitute and the General Electric Research Laboratory ; however, in 
‘th instances, testing was carried out at lower temperatures. In the 
irlier Battelle investigations, strengths were obtained at 930°F 
500°C) and hardness values were measured at temperatures up to 

1470°F (800°C) (1,2).1 In the General Electric work, tensile 
trengths were measured at temperatures up to 930°F (500°C) 
(3,4,5,6). The Battelle studies differed from those of General Electric 
in that they were concerned with the maintenance of low neutron 





‘ The figures appearing in parentheses pertain to the references appended to this paper. 
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absorption in the alloys. In the present work, nuclear cross section was 
of secondary interest, although its importance in reactor application 
was recognized. 

At temperatures of 1800 to 2200 °F (980 to 1205 °C), it appeared 
unlikely that much precipitation hardening could be expected and that 
strengthening would have to be of the solid-solution type. Selection 
of the zirconium-binary alloy systems for initial investigation was based 
on: known solid-solution alloying characteristics, solid-solution alloy 
theory, the results of zirconium-alloy tests at lower temperatures, and 
such pertinent elemental properties as melting points and high tempera- 
ture strength. Elements selected for alloying additions to zirconium 
were the transition metals of Groups 5 and 6: chromium, columbium, 
molybdenum, tantalum, tungsten, and vanadium. 

The investigative program consisted of five phases : preparation of 
the binary alloys by melting; rolling the alloys to sheet at 1850 and 
2200°F (1010 and 1205 °C) ; hardness testing at room temperature 
and 1600°F (870°C) ; short-time rupture-strength determinations at 
1800, 2000, and 2200 °F (980, 1095 and 1205 °C) in helium ; and creep- 
rupture testing of the most promising alloy at 1800°F (980°C) in 


vacuum. 
EXPERIMENTAL PROCEDURE 


Materials and Melting 


All alloys were made with low hafnium crystal-bar zirconiun 
obtained from the Foote Mineral Company. The following alloyin; 
elements, of commercial purity, were used : 

Chromium, Union Carbide and Carbon electrolytic ; 

Columbium, Fansteel sheet and partially sintered bar ; 

Molybdenum, Fansteel wire and sheet ; 

Tantalum, Fansteel sheet ; 

Tungsten, Fansteel rod and powder ; and 

Vanadium, Union Carbide and Carbon ductile chips. 

Nonconsumable (tungsten)-electrode-arc furnaces with powe: 
sources of about 500 and 1000 amp were used to melt the zirconium- 
base alloys in a helium atmosphere. Water-cooled copper-block cruci- 
bles of 7.5- and 32-cm*® capacity permitted the melting of small 
rectangular ingots in two sizes for rolling and hardness tests, and for 
short-time stress-rupture tests, respectively. Charges of 50 to 75 grams 
were generally melted four to six times to attain homogeneity, and then 
melted together where larger rectangular ingots were needed, as in the 
fabrication of short-time rupture specimens. Alloys of zirconium- 
molybdenum and zirconium-tungsten were the most difficult to pro- 
duce. Increasing the current and the number of remelts resulted in 
increased homogeneity of the zirconium-molybdenum alloys. Alloying 
of zirconium and tungsten was improved by charging tungsten powder 
and stacking pieces of nibbled zirconium around it in the crucible. On 
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partial melting at relatively low current, the powder was gathered by 
the molten zirconium. Homogeneous alloys were obtained after several 
remelts. 

Test Methods 

All alloys were tested for workability by rolling at 1850 and 
2200°F (1010 and 1205°C). The specimens, unjacketed halves of 
50-gram rectangular arc melts, were reduced 50% by reductions of 
10% per pass. A reheat time of 15 minutes, in a helium-atmosphere 
furnace, was allowed between passes, and the alloys were examined for 
surface and edge cracks after each pass. 

An increase in gas content, which might affect subsequent hard- 
ness and strength determinations, appeared likely to result from roll- 
ing the zirconium-base alloys bare at 1850 to 2200°F (1010 to 
1205 °C). To check this possibility, gas determinations were made on 
arc-melted zirconium after each of three stages in the processing. The 
results of these analyses are tabulated below for metal which had been 
surface ground to remove the heavy oxide. No increase in gas content 


s indicated. Analysis, w/o 





Condition of Zirconium Oxygen(a) Hydrogen(a) Nitrogen(b) 
Arc melted 0.071 0.0062 0.002 
Arc melted, rolled at 1850 °F 0.053 0.0053 0.002 
Arc melted, rolled at 2200 °F 0.046 0.0054 0.002 


(a) Vacuum-fusion analysis, accuracy + 10 to 20% 
(b) Chemical analysis. 


Hardness measurements were taken at room temperature and at 
1600°F (870°C) on all workable alloys. Although it was desirable to 
letermine hardnesses in the range 1800 to 2200°F (980 to 1205 °C) 
‘or purposes of comparison and selection for strength tests, deter- 
minations above 1600°F (870°C) were not possible with existing 
‘quipment. While this temperature is slightly above the allotropic- 
ransformation temperature of zirconium, 1585 °F (865°C), and con- 
iderably above the reported transformation temperatures of some of 
the alloys,” it was recognized that the alpha-beta transformation may 
cur over a temperature range. In such cases, the hardnesses ob- 
ained at 1600°F (870°C) would not be true approximations of the 
hardnesses of the beta phases of the alloy systems. 

At room temperature, hardness tests were made with a Vickers- 
Armstrong tester using a 5-kilogram load. At 1600°F (870°C), an 
apparatus employing a Vickers-type indenter was used (2). In these 
hot tests, the specimens and indenter were heated together in vacuum 
and held at 1600 °F (870°C) for 15 minutes, and four or five indenta- 
tions were made in each specimen under a load of 0.870 kilogram. 
When the specimens had, eooled to room temperature, the impressions 


2 All of the alloying elements tested lower the Apo ee tometer temperature; e.g., 


een ewets it to 1535 °F, columbium to 1200 °F, molybdenum to 1435 °F, and tungsten 
to i 
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were measured and converted to Diamond Pyramid Hardness Num- 
bers, and the numbers averaged. In each case, values for the same speci- 
men did not differ by more than 10%. 

To determine rapidly the relative strengths of the zirconium-base 
alloys from 1800 to 2200 °F (980 to 1205 °C) in a neutral atmosphere, 
a short-time stress-rupture testing apparatus was constructed. A 
description of the construction and operation of this equipment is given 
below. Alloys for stress-rupture tests were fabricated from 225-gram 
arc-melted rectangular ingots. These were rolled to strip at 2200°F 
(1205°C) from a helium-atmosphere furnace, surface ground, and 
machined. Spectrographic analyses were made on material from the 
gage length of each alloy. To provide a basis for comparison and to 
check the testing procedure, the strengths of several commercially avail- 
able alloys were evaluated also. 

The short-time rupture-test apparatus is shown in Fig. 1. It con- 
sists essentially of a wire-wound resistance furnace, suitable adapters 
and expansion bellows, and a 1%4-inch-bore pneumatic cylinder fo 
applying a load. The furnace and cylinder are swivel mounted t 
facilitate specimen handling and alignment. To protect the O-ring seal: 
between the ceramic furnace tube and flanges, the flanges are water 
cooled. To obtain a relationship between air pressure in the cylinde: 
and load on the specimen, the pneumatic cylinder was calibrated wit! 
a beam balance prior to testing. These values were corrected for th: 
effects of the bellows and neutral-gas pressure. 

Test specimens were 10% inches long and 0.030 inches thick, an: 
had a gage length of 2 inches. Temperatures were measured in th: 
center and at each end of the gage length with three platinum-platinun 
10 per cent rhodium thermocouples ; uniform temperatures being ob 
tained by the appropriate shunting of the furnace winding. A sligh 
positive pressure of helium was maintained in the furnace at all times 
After heating, a specimen was held at temperature for 15 minutes 
before applying a load. In loading, compressed air was introduced int: 
the cylinder in steps of 1 psi, equivalent to about a 1.5-pound load in the 
specimen. After each step, 144 minutes were allowed before checking 
for elongation, which was shown by a pointer on the piston shaft. Load 
ing was continued in this manner until sustained elongation was noted. 
Then the specimen was allowed to clongate to rupture without further 
loading. The time of elongation ranged from 0.3 to 0.5 hours. The 
accuracy of the stress measurement was about + 50 psi. Temperature 
was controlled to + 10°F. 

A series of creep-rupture tests were made on a zirconium-tungsten 
alloy at 1800°F (980°C) in vacuum. These tests were made in a 
vacuum resistance furnace mounted on a standard creep frame. The 
furnace consisted essentially of a Chromel-wound central tube shielded 
from an exterior water-cooled brass shell by concentric stainless steel 
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Fig. 1—Sketch of Short-Time Stress-Rupture Apparatus. 


baffles. Metal expansion bellows provided for the movement of the 
specimen adapters for transmitting the load, while suitable windows 
permitted observation of the heated specimen. A vacuum of 1 to 5 
microns was maintained during test and the specimen temperature was 
controlled to within + 3 °F. 
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Table I 
Workability and Hardness of Zirconium-Base Alloys 


Nominal a Diamond Pyramid 
Alloy Addition, Workability(*) at Hardness Number 
Wt % 1850 °F 2200 °F 70°F 1600 °F 


0(100 Zr) — 121 12.6 


4Cr I 329 
10Cr 440 
20Cr 
30Cr 


5Cb 
10Cb 
20Cb 
30Cb 
40Cb 


7.5Mo 
15Mo 
20Mo 
22Mo 
30Mo 
40Mo 


5Ta 
10Ta 
20Ta 
40Ta 
50Ta 


5V 
10V 
15V 
20V T , 
40V NG NG or, 


Se 
| MONO AwWwonm 


' Anup 


4W , . 320 
8W (°c) t : 414 
10W(*) c : 418 
12W J c 362 
1I5SW(*¢) y , 490 
20W L L 509 


me Wet DONT 
Ny NTR ONO 00 
UNANDAOw 


(*)Workability is based on rolling characteristics: E — no cracks; F — small cracks 
essentially sound; P = large cracks; and NG = broken. 

(») Results could not be reproduced. 

(¢)Prepared with tungsten powder. 


Two arc-melted ingots of the alloy were rolled at 2200°F 
(1205 °C), surface ground, and machined to form specimens 0.050 
inches thick and 544-inches long with a gage length of 11% inches. In 
testing, the stress was applied within 2 or 3 hours after the specimen had 
reached temperature. Extensometer readings were taken on ruled 
platinum reference strips attached to the gage section of the specimen ; 
a filar micrometer microscope with a sensitivity of 0.00005 inches be- 
ing used for the measurements. 


RESULTS 
W orkability and Hardness 


The data obtained from workability and hardness tests of the arc- 
melted zirconium-base alloys are listed in Table I. Of the alloys rolled 
at 1850 and 2200°F (1010 and 1205°C), tantalum and tungsten 
alloys were the most workable and vanadium and chromium alloys the 
least workable. Workability ratings given in Table I indicate that 
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Table Il 
Short-Time Rupture Strengths of Zirconium-Base Alloys 
Short-Time Rupture Snes") 

Nominal co 1800 °F§—— E2000 * F 7 — 2200 °F ’ 
Alloy Elonga- Elonga- Elonga- 
Addi- Analy- tion Analy- tion Analy- tion 
tion, sis(»), Stress, in 2 In., sis(»), Stress, in 2 In., _ sis(®), Stress, in 2 In., 
Wt % Wt % psi To Wt % psi 0 Wt % psi % 
0(100Zr) = 740 30 — 270(°¢) 62.5 79(¢) 106 

t 3.7Cr 3010 32 3.9Cr 1440(¢) 37.5 3.4Cr 430 78 
Ch 20.4Cb 2350 81 19.8Cb 1810 124 19.7Cb 1650 126 
Mo 7.1Mo 3030 65 7.1Mo 1230 62.5 6.8Mo 750 116 
15Mo 14.9Mo 3310 61 -— 2220 104 14.7Mo 1330 125 
20Mo — -~ 20.5Mo 1800 102 —_ eh 
— 1790 56 10.4Ta 1050 56 a 820(¢) 97 
— 3680(¢) 36 — 2320(°¢) 44 19.7Ta 1200 114 
39.3Ta 3510 44 — 2320 50 40.3Ta 1960 81 
a — — = — 14.5V 150 130+ 
. ao dine one — 18.6V 160 130+ 
4.4W 4660 11 3.9W 1870 24 3.6W 1460 29 
1) 8.1W 3950 11 8.1W 2280 28 7.3W 2180 18 
, — — 12.2W 2550 31 . ~ pt 


ita are for two specimens, except as 
ectrographic analysis of gage section. 
ngle specimen. 

wdered tungsten used to lower segregation. 


otherwise indicated. 


etter rolling results were obtained at 2200°F (1205°C) than at 
1850°F (1010°C). However, considerably more oxidation occurred 
it the higher temperature and, to secure clean metal for subsequent 
esting, it was necessary to remove about 0.015 inches of the surface 
y grinding. 

Hardness tests at room temperature and at 1600 °F (870°C) gave 
juite dissimilar results, as would be anticipated from knowledge of the 
solubility changes and the intervening allotropic transformation. At 
room temperature, additions of equal weight percentages of chro- 
nium, molybdenum, tungsten, or vanadium had roughly equivalent 
hardening effects on zirconium. In this regard, all were superior to 
columbium or tantalum. At the 5wt % addition level, however, the 
hardnesses of all the binary alloys were within a 10% spread. At 
1600 °F (870°C), maximum hardness was developed by an addition 
of 4wt % tungsten, the hardness decreasing with increasing tungsten 
content. This behavior appeared to be a transformation-temperature 
effect. A similar decrease with increasing tungsten content was also 
noted in short-time stress-rupture tests at 1800°F (980°C), but did 
not occur at 2000 or 2200 °F (1095 or 1205 °C). At 1600 °F (870 °C), 
the zirconium-binary alloys containing 30 to 40wt % columbium, 15 to 
20wt % molybdenum, and 20wt % vanadium showed relatively high 
hardnesses, whereas binary alloys containing chromium and tantalum 
were comparatively soft. 
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Fig. 2—Short-Time Rupture Strengths of 
Zirconium-Base Alloys at 1800, 2000, and 2200 °F 
in Helium. 


Short-Time Rupture Strengths 


The short-time rupture strengths obtained for the zirconium-base 
alloys at 1800, 2000, and 2200°F (980, 1095 and 1205 °C) in helium 
are listed in Table II and are shown graphically in Fig. 2. These alloys 
were all arc melted and hot rolled. Tungsten is by far the most effective 
strengthener at these temperatures, on either a weight or an atom 
basis. Although a quite comparable strength at 2200 °F (1205 °C) can 
be obtained with an addition of 40wt % tantalum, the thermal-neutron 
cross section of such an alloy is excessively high and the principal ad- 
vantage of zirconium for any high temperature reactor application is 
nullified. Of the alloys tested, the 20wt % columbium alloy showed the 
least loss of strength over the 1800 to 2200°F (980 to 1205°C) 
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Fig. 3—Strength Comparison of Zirconium-Tungsten 
Alloys and Commercial High-Temperature Alloys. 


temperature range. However, this alloy was relatively weak at 1800 °F 
(980 °C). 

No good correlation could be obtained between results of hardness 
tests at 1600 °F (870°C) and the short-time stress-rupture strengths 
obtained at 1800, 2000, and 2200 °F (980, 1095 and 1205°C). Plots 
of hardness at 1600°F (870°C) versus high temperature strength 
were erratic, and even showed a decrease in strength with increase in 
hardness for tungsten alloys at 2000 and 2200 °F (1095 and 1205°C). 
These inconsistencies are probably attributable to the proximity of the 
hardness-testing temperature to the alpha-beta-transformation tempera- 
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Table Ill 





Short-Time Rupture 


Strengths of Commercial High Temperature Alloys at 
1800, 2000, and 2200 °F in Helium 


Short-Time 
Rupture 
Strength(*), Elongation 
Alloy Temperature, °F psi in 2 In., % 
Type 310 stainless steel 1800 8280 40 
Type 446 stainless steel 1800 1780 75 
Inconel 1800 7380 39 
Type 310 stainless steel 2000 4690 31 
Type 446 stainless steel 2000 1090 (>) 62.5 
Type 310 stainless steel 2200 2140 20 
Type 446 stainless steel 2200 580 68 
Inconel 2200 2780 53 
Timken 16-25-6 2200 2350 18.5 





(*)Two tests, except as otherwise indicated. 
(>) Single test. 





ture as has been previously mentioned. It is unlikely that segregation 
influenced the results, inasmuch as the surfaces on which hardness 
measurements were taken were homogeneous when examined metal- 
lographically. Segregation, which occurred only in the arc-melted 
tungsten and molybdenum alloys, was eliminated by using additions of 
tungsten powder or fine molybdenum wire and increasing the number 
of remelts, as has been described. 


Comparison with High Temperature Alloys 


For comparison, several commercially available high temperature 
alloys were tested under conditions similar to those used in testing the 
zirconium alloys. The strengths obtained are listed in Table III and 
are compared graphically in Fig. 3 with those of two zirconium- 
tungsten alloys. It will be noted in Fig. 3 that the 8wt % tungsten alloy 
although decidedly weaker at 1800°F (980°C), has a strength at 
2200 °F (1205 °C) comparable to that of Type 310 stainless steel. 

To relate the short-time rupture strengths obtained in this investi- 
gation to the more usual short-time tensile-strength figure, duplicate 
sheet specimens of Type 310 stainless steel were tensile tested at 
1800°F (980°C) in air at a strain rate of 0.02 per minute. Tensile 
strengths of 9550 and 9380 psi were obtained. These values are about 
1000 psi greater than short-time rupture strengths of the same ma- 
terial at 1800°F (980°C), as noted in Table III. This difference is 
ascribable to the sensitivity of the elevated-temperature tensile strength 
to the time required to complete the test (7). 


Creep-Rupture Tests 


On the basis of its strength in the short-time stress-rupture tests, 
the arc-melted zirconium—8wt % tungsten alloy was selected for creep- 
rupture testing at 1800 °F (980°C) in vacuum. Test results are given 
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Table IV 
Creep-Rupture Tests of a Zirconium—8 wt% Tungsten Alloy at 1800 °F in Vacuum 

Arc- Rupture Elonga- Minimum 
Melt Stress, Time, tion in Creep Rate, 
Ingot psi hr 15 In... © Jo /hr 

1 (*) aaa oa ns 

1 2000 192.0 (>) 0.0014 

2 2500 0.1 2.8(¢) — 

2 2500 0.2 6.9(¢) 8.5 

2 2000 18.4 6.4 1.6 

2 1500 74.9 14.8 0.10 


(*)Failed during assembly. 
(>) Broken in removal from furnace; badly oxidized. 
(¢)Ruptured at end of gage length. 


xX First Melt 

© Second Melt 

© Short-Time Rupture Strength 
in Helium; Average of 2 Tests 








0.1 | fe) 100 
Rupture Time, hr 


Fig. 4—-Stress-Rupture Strength of a Zirconium—8Wt% Tungsten Alloy 
at 1800 °F in Vacuum. 


in Table IV. A plot of the stress-rupture strength, shown in Fig. 4, 
indicates that the alloy has a 100-hour rupture strength of about 1700 
psi at 1800°F (980°C). It will be noted that the melts differ some- 
what in strength and that there is considerable discrepancy between the 
stress-rupture strength obtained in vacuum and the short-time rupture 
strength previously observed in helium. 

Although additional tests would be necessary for a more accurate 
100-hour rupture-strength determination, the zirconium—S8wt % 
tungsten alloy appears to be somewhat weaker at 1800°F (980°C) 
than the better wrought austenitic stainless steels. At this temperature, 
the 100-hour rupture strengths of Type 310 and 309 stainless steels 
are 3200 and 2200 psi, respectively (8). 


CONCLUSIONS 


Tungsten was found to be a very effective strengthener for zir- 
conium in the temperature range 1800 to 2200°F (980 to 1205 °C). 
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Zirconium-tungsten alloys can be readily hot-worked, but care is re- 
quired to produce homogeneous alloys by arc melting. Comparison 
with commercial alloys in this temperature range shows that zirconium- 
tungsten alloys approach the strength of Inconel or Type 310 stainless 
steel at 2200 °F (1205°C). 

Binary additions of chromium, columbium, molybdenum, and 
tantalum also strengthen zirconium at 1800 to 2200°F (980 to 
1205 °C), but to a less extent than does tungsten. With the exception of 
tantalum, these elements and vanadium markedly reduce workability 

In conclusion, the metals of Group 6 are more effective in 
strengthening zirconium at 1800 to 2200 °F (980 to 1205 °C) than are 
those of Group 5. For a given group, the heavier the metal, the more 
effective it is as a strengthener, and the less it reduces hot workability. 
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DISCUSSION 


Written Discussion: By J. H. Keeler, General Electric Research Labo 
ratory, Schenectady, N. Y. 

The authors, like others working with zirconium-base alloys, are handi 
capped by the lack of constitution diagrams for some of the seemingly interest 
ing alloy systems. For this paper, it would have been advantageous to have 
diagrams for the zirconium-columbium,* .zirconium-tantalum, and zirconium- 
vanadium * systems readily available so that more detailed conclusions could be 
drawn from the data. Even though constitution diagrams for the systems 
zirconium-chromium, zirconium-molybdenum, and zirconium-tungsten have been 
determined by the Armour Research Foundation, these other diagrams would 
be useful for comparison purposes. 

It is of interest, as might be anticipated, that for the alloys containing 


8 The Zr-Cb and Zr-V systems have recently been investigated by the Ames Laboratory 
of the Atomic Energy Commission, but as yet have not been placed in the readily available 
metallurgical literature. 
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tungsten, chromium, and molybdenum, the short-time rupture strengths shown 
in Fig. 2 can be roughly correlated to the maximum solid solubility in beta 
zirconium at the test temperature. Estimates of the amount of solubility of 
tungsten, chromium, and molybdenum in beta zirconium from their constitution 
diagrams,*° are shown in Table V. 


Table V 


Amount of Solubility of Tungsten, Chromium and Molybdenum in Beta Zirconium 
Element 1800 ° F 2000 ° F 2200 ° F 
W i. - % 2.5% 
Cr hoe 2.6 3.7 
Mo 11.5 5 


13 1 


The rate of increase of rupture strength with per cent alloying element is 
greater with smaller solubility values since the slopes in Fig. 2 are in increasing 
order, molybdenum, chromium, and tungsten. 

It is also to be noted that the slopes of these curves in Fig. 2 decrease after 
the solid solubility limit is exceeded. This seems to indicate that second-phase 
hardening by these elements is less effective per unit amount of element added, 
than is solid-solution hardening. 

In addition to the present value of this paper, greater importance will 
accrue as additional constitution diagrams become available to aid in the inter- 
pretation of the data. 

Written Discussion: By J. A. McGurty, Aircraft Nuclear Propulsion 
Project, General Electric Co., Cincinnati. 

The authors are to be commended for a concise report which clearly defines 
the high temperature strength properties of the binary zirconium-base alloys 
studied. The preparation of high alloy zirconium-base compositions of satis- 
factory uniformity is a difficult problem as is their testing at temperature levels 
at which zirconium is highly reactive with air. The authors report no con- 
tamination of their alloys by oxygen, nitrogen, or hydrogen, as a result of hot 
working in air, but one wonders if surface effects (oxidation) could have had 
an effect on the work properties of these alloys (described in Table 1). In 
further work of this type there might be some merit to hot working under an 
inert atmosphere. In their widely distributed film on the hot forging of molybde- 
num, the Knolls Research Laboratory of the General Electric Company has 
demonstrated the value of this means of processing reactive metals. 

The higher strength of the 4.4% tungsten alloys in comparison to the 8.1% 
tungsten alloy at 1800°F is certainly interesting, and one wonders at what 
tungsten content below 4.4% that maximum strength might be achieved. From 
a thermal neutron absorption cross section viewpoint, tungsten is one of the 
least desirable materials for reactor applications; however, zirconium alloys 
containing columbium additions for strength above 1800°F might also be 
strengthened appreciably at temperatures below 1800 °F by the addition of only 
1 or 2% tungsten. 


The main use of zirconium and its alloys at the present time is in the 


*R. F. Domagala, D. J. McPherson and M. Hansen, ‘“‘Systems Zirconium-Molybdenum 
and Zirconium-Wolfram,” Journal of Metals, Vol. 5, January 1953; Transactions, American 
Institute of Mining and Metallurgical Engineers, Vol. 197, 1953, p. 73. 

5 R. F. Domagala, D. J. McPherson and M. Hansen, “System Zirconium-Chromium,”’ 
Journal of Metals, Vol. 5, Sec. 2, February 1953; Transactions, American Institute of Mining 
and Metallurgical Engineers, Vol. 197, 1953, p. 279. 
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atomic energy field because of the excellent nuclear properties of this element 
for reactor applications. Of the alloys studied in this paper, those containing 
columbium are of the most interest for this purpose since next to zirconium, 
columbium possesses the best nuclear properties of the addition elements studied. 
It is unfortunate that the authors were unable to carry their strength evaluation 
studies of these columbium-containing alloys to compositions above 20%. From 
the hardness data presented for these alloys in Table I (to 40% columbium) 
and from the short time tensile strength data presented graphically in Fig. 2 
for alloys containing up to 30% columbium, one might expect that alloys con- 
taining up to 30% columbium might be as good as 8% tungsten alloy or even 
better especially in the high temperature range. 

The poor workability reported for the 30% columbium alloy is surprising 
since B. A. Rogers and D. F. Atkins of lowa State College in their investigation 
of the zirconium-columbium phase diagram (Document ISC 500) report that 
alloys containing 20 to 30% columbium can be readily fabricated hot or cold. 
As a matter of fact, they report that the 20 to 30% columbium alloys are more 
readily workable than the 10 to 20% compositions which in the BMI investi- 
gations were found to have fair to excellent workability properties at 1850 and 
2200 °F. 

Although the high temperature strength of these alloys is not as high as 
those of type 310 stainless steel and Inconel, it does appear that alloys of 
adequate high strength may be obtained for some high temperature structural! 
applications where zirconium is a preferred element. It is probable that furthe: 
work using the excellent techniques developed by the authors may well result 
in the development of alloys more closely competitive with 310 stainless stee! 


and Inconel. 
Authors’ Reply 


The authors thank Dr. Keeler and Mr. McGurty for their very interesting 
and very pertinent comments. As Dr. Keeler points out for the chromium 
molybdenum, and tungsten alloys, the rate of strengthening with added alloying 
element is greater with smaller solubility values. In regard to the zirconium 
columbium alloys, the constitution diagram*® shows that at 2000 and 2200 °F 
(1095 and 1205°C), there is complete solid solubility. In the present work 
the rate of hardening with added columbium is lower than with chromium, 
molybdenum, or tungsten and Dr. Keeler’s observations are, consequently, 
further confirmed. The zirconium-vanadium constitution diagram‘ shows that 
the solubility of vanadium in zirconium falls between the solubilities of chro 
mium and molybdenum in zirconium. However, only two zirconium-vanadium 
alloys were tested for strength. Both of these alloys contained a considerable 
excess of vanadium from the standpoint of solid solubility and both were very 
weak at 2200°F (1205°C). Further testing would be necessary to correlate 
strength data with solid solubility in the case of the zirconium-vanadium alloys. 

The authors agree with Mr. McGurty that it would be desirable to hot 
work the zirconium-base alloys in an inert atmosphere. With regard to ternary 
zirconium-base alloys, none were investigated. Certainly, zirconium-columbium- 
tungsten alloys should be examined in any future work in this field. The differ- 


6 Rogers, B. A., and Atkins, D. F., “Zirconium-Columbium Diagram,” Report ISC-500, 
Ames Laboratory, Iowa State College, June 29, 1954. 

7 Williams, J. T., “The Vanadium-Zirconium Alloy System,” Report ISC-491, Ames 
Laboratory, Iowa State College, June 15, 1954. 
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ence in workability of the zirconium-columbium alloys observed in the present 
study and that observed by B. A. Rogers and D. F. Atkins may be ascribable 
to several causes. In recent work with columbium-base alloys, the authors have 
found that the purity of the columbium affects the workability very markedly. 
Rogers and Atkins used wrought columbium sheet for their alloys, while the 
authors used both sheet and partially sintered bar. The presumed lesser purity 
of the partially sintered bar may have rendered the alloys less workable. Also, 
Rogers and Atkins hot swaged jacketed alloys only, while in the present work 
all alloys were hot rolled unjacketed. In the case of the 10-20 w/o columbium- 
zirconium alloys, which Rogers and Atkins found somewhat less workable than 
the higher columbium alloys, it must be remembered that in the present work 
the alloys were rolled in the gamma field, or at considerably higher temperatures 
than those employed by Rogers and Atkins, where no two-phase field would be 
encountered. 





THE INFLUENCE OF CHEMICAL COMPOSITION ON 
THE MACHINABILITY OF REPHOSPHORIZED 
OPEN HEARTH SCREW STEEL 


By E. J. PALiwopa 


Abstract 


Uniformity of machining quality is particularly im- 
portant in steels which are subjected to mass production in 
automatic screw machines. Minor differences in chemical 
composition appear to be responsible for appreciable machin- 
ability variations. Modified tool life tests indicate that in- 
creased carbon and silicon contents are markedly detrimental 
to the cutting quality of C-1213 steels. The machinability 
advantages of sulphur depend on both the nature of the 
sulphide inclusions and the amount present. As in Bessemer 
screw stock, oval sulphides are desirable for maximum ma- 
chinability and the formation of this type of sulphide is 
favored by low carbon and silicon contents. 

Results were not conclusive regarding the significance of 
manganese, phosphorus and nitrogen differences. It is pos- 
sible, however, that tool life tests do not accurately define 
the principal machinability benefits derived from nitrogen 
and phosphorus. 

The machining quality of a number of C-1213 steels 
evaluated in automatic screw machines was calculated in 
terms of the effects of carbon, silicon and sulphur observed 
in laboratory tests. The correlation between calculated rat- 
ings and automatic screw machine performance suggests that 
carbon, silicon and sulphur contents can be employed as an 
approximation of machinability and that improved uniformity 
may be realized through strict control of these elements. 


INTRODUCTION 





RODUCTION of rephosphorized open hearth screw steels has in 
creased substantially during recent years. These steels are gen- 


erally similar in chemical composition to standard Bessemer grades, 
although some producers have modified the base analyses in order to 
improve other metallurgical characteristics (1).1 Adjustment of 
phosphorus and nitrogen contents, for example, may be utilized to ob- 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-sixth Annual Convention of the Society, 


held in Chicago, November 1 to 5, 1954. The author, E. J. Paliwoda, is research 
engineer in the Metallurgical Research Division, Jones and Laughlin Steel Corp., 


Pittsburgh. Manuscript received May 10, 1954. 
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tain a screw steel for specialized applications in which cold working is 
an important consideration. 

Despite the similarity in chemical composition, there appear to 
be some subtle differences between Bessemer and open hearth screw 
steels. Specifically, oxysulphide inclusions, frequently found in Besse- 
mer, are not generally present in open-hearth screw stock. The in- 
clusions of the latter vary from oval, bulky nonmetallics to elongated 
stringer-like sulphides. Differences favoring open hearth screw steel 
have been noted in cold working properties, case hardening response 
and rolling performance. 

Bessemer and open hearth screw steels are subjected to mass 
cutting operations in automatic screw machines and the machinability 
problems are essentially similar.. Due to the economic penalties in- 
volved in tool changes, machining uniformity as well as overall quality 
are of paramount interest. Data have been published regarding factors 
governing machinability variations within Bessemer grades (2,3,4). 
On the other hand, little information is available concerning the 
machining variations in open hearth screw stock. 

In the present work, efforts were made to isolate the influence of 
minor differences in the amounts of common elements on the machina- 
bility of rephosphorized open hearth screw stock. Machinability meas- 
urements were made by means of special turning tests and by evalu- 
ation in automatic screw machines. 


MACHINABILITY TESTING PROCEDURE 


Machinability has frequently been described as the ease or satis- 
faction with which a material can be cut in various machining oper- 
ations (5,6,7). Rate of cutting or tool life, machined finish, chip char- 
acter, and power required are some of the many factors involved in the 
measurement of machinability. 

Experience has shown that the primary considerations in the 
production of premium screw steels are rate of machining (tool life) 
and as-machined finish. The machinability test employed in this work 
is a modified method of ascertaining the cutting speed-tool life re- 
lationship. Briefly, moderately alloyed and comparatively soft cutting 
tools are used to turn screw steel at progressively increased speeds 
(usually 10 surface feet per minute increments). The highest speed 
at which two cubic inches of metal can be turned without exceeding a 
prescribed tool wear is termed the machinability index or rating. 
Specific details of the test procedure have been described previ- 
ously (8). 

After each test run, a 50 diameter image of the cutting tool is 
projected on the screen of an optical comparator as shown in Fig. 1. 
Extensions of the comparatively unaffected edges of the tool are em- 
ployed to gage the amount of tool tip wear. Acceptable test runs are 
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Fig. 1—Method of Determining Tool Wear. Following each turning test, a magnified 
image (X50) of the cutting tool is projected on the screen of an optical comparator. Extensions 
of the relatively unaffected edges of the test tool are employed to gage tool tip wear. Th: 
highest speed of turning two cubic inches of metal that produces a 1/16 inch or less tool 
tip wear is termed the machinability rating or index. 


obtained when ¢-inch or less tool tip wear is noted on the projected 
profile. The machinability rating or index is expressed as turning speed 
in surface feet per minute calculated on the basis of the final diameter 
of the bar. 


The Effect of Various Elements on Cutting Quality 

Machinability ratings were obtained on a series of 27 experi- 
mental and production heats which represented a wide range of chemi- 
cal compositions as shown in Table I. 

Multiple correlation methods were employed in an attempt to 
isolate the effects of minor variations of the common elements on the 
machinability rating. These findings indicated that carbon, silicon and 
sulphur variations are particularly significant. The combined influence 
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Table I 





Chemical Composition and Machinability Data * 
ample —__————Chemical Composition————, Machinability 
. Na. ¢ Mn P S Si N Index—S.F.M. 

1 0.08 0.95 0.09 0.31 0.02 0.009 100 

2 0.09 0.81 0.10 0.36 0.02 0.007 90 

3 0.08 0.90 0.10 0.28 0.01 0.006 130 

4 0.11 0.93 0.08 0.30 0.01 0.007 90 

5 0.09 0.82 0.09 0.37 0.01 0.008 120 

6 0.10 0.79 0.10 0.38 0.01 0.008 120 

7 0.14 0.93 0.11 0.28 0.01 0.012 70 

& 0.07 1.06 0.14 0.24 0.01 0.014 105** 

9 0.09 0.80 0.10 0.35 0.02 0.007 80 
10 0.08 0.83 0.09 0.33 0.03 0.007 80 
11 0.09 0.81 0.10 0.35 0.01 0.008 120 
12 0.09 0.82 0.10 0.29 0.04 0.012 below 50 
13 0.08 0.94 0.09 0.32 0.01 0.006 100 
14 0.13 0.88 0.07 0.25 0.01 0.006 80 
15 0.11 0.87 0.08 0.26 0.01 0.009 90 
16 0.11 0.86 0.09 0.31 0.01 0.006 80 
17 0.10 0.91 0.08 0.26 0.01 0.006 90 
18 0.12 0.86 0.09 0.30 0.01 0.008 80 
19 0.12 0.86 0.09 0.29 0.02 0.008 70 
20 0.08 0.78 0.10 0.32 0.01 0.007 120 
21 0.08 0.81 0.10 0.33 0.01 0.007 120 
22 0.12 0.94 0.09 0.28 0.02 0.012 65** 
23 0.09 0.79 0.11 0.35 0.01 0.007 120 
24 0.13 0.92 0.08 0.28 0.01 0.007 80 
25 0.12 0.80 0.11 0.29 0.02 0.011 80 
26 0.13 0.95 0.11 0.28 0.01 0.011 70 
27 0.09 0.93 0.10 0.34 0.01 0.010 110 


*All steels were 1 to 1.5 inch cold drawn rounds. 
** Average of two tests. 


f these elements will be discussed later in the report. For purposes of 
clarity, observations regarding each of the elements will be treated 
separately. 


Carbon 


The relationship between carbon content and machinability ratings 
of rephosphorized open hearth screw steels containing 0.01% silicon 
is shown in Fig. 2. The least squares correlation indicates that an 
0.01% increase in carbon is equivalent to a loss of about 8 index 
points. The standard deviation for the relationship is approximately 
+ 10 index points. In this investigation, steels containing high carbon 
contents generally exhibited stringer-like sulphides, while the non- 
metallics in low carbon material were usually oval, bulky sulphides 


(Fig. 3). A similar observation has been made in Bessemer screw 
stock (9). 


Silicon 

As a rule, the action of silicon in C-1213 steels parallels that noted 
in Bessemer screw stock (3,10). Fig. 4 illustrates the marked detri- 
mental effect of increased silicon on the cutting quality of open hearth 
screw steels containing 0.08 to 0.09% carbon. An increase of 0.01% 
silicon is accompanied by a loss of about 20 index points. Steels with 
relatively high silicon contents contained stringer-like sulphides 
(Fig. 5). Exceptions to the effect of silicon on inclusions and ma- 





684 TRANSACTIONS OF THE ASM Vol. 47 
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Fig. 2—The Influence of Carbon Content on the Machinability 
Ratings of C-1213 Steels. It can be noted that for C-1213 steels 
containing 0.01% silicon, an increase of 0.01% carbon is equivalent 
to a machinability loss of about 8 index points. 


chinability similar to those observed in Bessemer steels were not en 
countered in this group of steels (4). 


Sulphur 


The influence of sulphur in rephosphorized open-hearth screw 
steels is illustrated in Fig. 6. This correlation is based on the effect 
of sulphur on the machinability rating of a series of steels containing 
0.01% silicon. The ordinate, in this instance, represents the deviation 
from the least squares correlation between carbon content and ma- 
chinability shown in Fig. 2. The deviation is the difference between 
the actual machinability index and the average value expected from 
the carbon content. An increase of 0.01% sulphur is equivalent to a 
machinability rating change of + 1.5 index points. It is interesting to 
note that machinability tests, in the past, indicated a 20 index point 
difference between B-1112 and B-1113 steels or that an 0.01% in- 
crease in sulphur resulted in a gain of about 2 index points. 

From the standpoint of machinability, both the total sulphur con- 
tent and the sulphide inclusion nature are important factors. As in 
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a, pl eee 

Fig. 3—The Effect of Carbon Content on Sulphide Inclusion Nature. X 200. (a) 
0.14% carbon-0.01% silicon. (b) 0.07% carbon-0.01% silicon. In this work, steels contain 
ing higher carbon contents generally exhibited more elongated sulphide inclusions. Low 
carbon material possessed oval, bulky sulphides. 
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Fig. 4—Machinability Ratings Versus Silicon 
Contents for C-1213 Steels Containing 0.08 to 0.09% 
Carbon. Increased silicon is markedly detrimental to 
the cutting quality of C-1213 steels with an 0.01% 


increase resulting in average loss of 20 surface feet 
per minute in the machinability rating. 


Bessemer steels (10), oVal rather than stringer-like sulphides are 
desirable. Oval inclusions are associated with low silicon and carbon 
contents. Since these elements are strong deoxidizers in screw steel, it 
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Fig. 5—The Influence of Silicon on Sulphides in C-1213 Steels. X 200. (a) 0.09% 
carbon-0.04% silicon. (b) 0.08% carbon-0.01% silicon. Increased silicon contents appear 
to favor the formation of stringer-like sulphides. These observations are similar t 
those made by Van Vlack (10) and Boulger, Moorhead and Garvey (4). 





Deviation From Carbon - 
Machinability Relationship - S.F.M. 





0.23 0.25 0.27 0.29 0.3! 0.33 0.35 0.37 0.39 
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Fig. 6—The Influence of Sulphur Variations on the Machinability of 
Rephosphorized Open Hearth Screw Steels. The ordinate represents the devia- 
tion from the least squares relationship between carbon content and machinabil- 
ity shown in Fig. 2. A difference of 0.10% sulphur is equivalent to 15 index 
points which compares favorably with the 20 point difference in average machin- 
ability ratings of B-1112 and B-1113 grades. 
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Machinability Index, S.F.M. 
Fig. 7—Calculated Versus Actual Machinability 
Ratings. It can be observed that machinability ratings of 
the first series of steels can be approximated in terms 


of the measured effects of carbon, silicon and sulphur 
contents. 


appears logical to assume that a high state of oxidation favors the 
formation of oval sulphides and hence contributes to cutting quality. 


Manganese 
The significance of manganese variations in screw stock, either 
Bessemer or open hearth grades, has not been completely established. 
[In the present work, no pronounced effect of manganese on the ma- 
chinability rating was observed. It should be recognized, however, 
that the amount of manganese present may be an important factor 
in the formation of oval, bulky sulphide inclusions. 


Phosphorus and Nitrogen 


Variations in these elements did not appear to influence cutting 
quality as measured by the machinability test. Enzian observed that 
the effects of phosphorus and nitrogen are, to some extent, comple- 
mentary in contributing to the work-embrittlement of steel (11). 
These elements may act to promote “cleaner” cutting with its inherent 
advantages to finish, chip characteristics and dimensional accuracy. 
Simple turning tests may not accurately define the benefits derived 
from nitrogen and phosphorus. Past experience has indicated that 
the 0.090% minimum phosphorus limit stipulated by Graham is im- 
portant in the production of premium free-cutting steels (12). 


FuRTHER STUDIES'OF CARBON, SILICON AND SULPHUR 


By means of multiple correlation analysis, it was possible to de- 
termine the effects of carbon, silicon and sulphur variations on the 
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Table Il 
Composition Range of the Steels Evaluated in Automatic Screw Machines 


Cc Mn P S Si N 


Minimum 0.06 0.68 0.08 0.24 Trace 0.005 
Maximum 0.14 1.16 0.13 9.44 0.03 0.021 
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Calculated Machinability Ratings, S.F.M. 
Fig. 8—Calculated Machinability Ratings Versus Automatic 
Screw Machine Performance. The correlation suggests that carbon, 


silicon and sulphur contents can be used as an approximation of the 
machining quality of C-1213 steels. 


machinability ratings of all steels tested. The mathematical expression 
is as follows ; 


Machinability Index = 159—850(%C)—1800(%Si) + 150(%S) 


The correlation between actual and calculated ratings for the first 
series of steels (1 to 1.5 inch cold drawn rounds) is shown in Fig. 7 
The standard deviation of the relationship is approximately 11 index 
points which indicates that about 95% of the calculated ratings should 
fall within limits of + 22 index points of the actual rating. It can 
be noted that carbon, silicon and sulphur contents may be used as an 
approximation of the machinability rating of cold drawn C-1213 ma- 
terial. 

During the course of the investigation, thirty-three free cutting 
steels were evaluated in commercial cutting operations in automatic 
screw machines. The steels were rated as inferior, fair, or excellent in 
terms of tool life and/or as-machined finish. Table II contains the 
composition limits for this material. 

The steels involved were not of a bar size suitable for machinabil- 
ity testing, and a comparison was made between calculated machinabil- 
ity ratings based on the measured effects of carbon, silicon and sulphur 
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and automatic screw machine performance. The relationship is shown 
in Fig. 8. It can be noted that carbon, silicon and sulphur contents may 
be employed as an approximation of the machining quality. In addition, 
improved machining uniformity may be realized through close control 
of these elements. 

One exception to the effect of silicon was observed in this phase 
of the work. One steel termed fair in an automatic screw machine con- 
tained 0.03% silicon with a resultant calculated rating of 65. Metallog- 
raphic examination of this material indicated that the silicon did not 
promote formation of undesirable thin stringer-like sulphides. Boulger, 
Moorhead and Garvey found that Bessemer screw steels with higher 
than normal silicon contents machined satisfactorily if the steels ex- 
hibited oval sulphides (4). A similar condition probably exists in 
C-1213 steels, but further data are needed since only one exception was 
observed in sixty steels. 


SUMMARY 


In C-1213 steels, carbon and silicon exert a pronounced influence 
on cutting quality. Increased carbon and silicon contents are markedly 
detrimental to machinability, as measured by tool life tests, and favor 
formation of elongated sulphide inclusions. Higher sulphur contents 
have a mild beneficial effect on machining performance of rephos- 
phorized open-hearth screw stock. The principal machinability ad- 
vantages of sulphur may be determined by the nature of the sulphide 
inclusions. As in Bessemer screw steels, oval inclusions appear desir- 
able. 

Minor variations in manganese, phosphorus and nitrogen con- 
tents did not appear to influence cutting quality as measured by tool 
life tests. 

An expression based on the effects of carbon, silicon and sulphur 
was developed as an approximation of the machinability rating of cold 
drawn C-1213 steels. A relationship was noted between calculated 
machinability ratings and automatic screw machine performance which 
suggests that these elements can be employed as a gage of the machining 
quality. Within practical limits, control of carbon, silicon and sulphur 
contents appears to be an effective means of improving the machining 
uniformity of rephosphorized open-hearth screw steel. 
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DISCUSSION 


Written Discussion: By R. F. Harvey, Chief Metallurgist, Brown and 
Sharpe Mfg. Co., Providence, R. I. 

The author is to be commended for a comprehensive investigation of the 
machining characteristics of 27 different compositions of: screw stock. The 
many recent efforts of steel suppliers to improve the machinability of screw 
stock should result in advantages to users in increased production, longer tool 
life and better finishes. 

The author concludes that steels having oval or thick inclusions were 
better machining than long, stringer type sulphides. L. H. Van Vlack and other 
investigators have also reported this. In recent years there has been somewhat 
of a trend towards lower carbon screw stock and the author reports that de- 
creased carbon favors the formation of the more desirable oval or globular 
inclusions. 





Fig. 9—Globular Sulphides in C1119 Steel. Good machining. Unetched. X 200. 
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We have found that this is not always true, at least not in the presence of 
higher manganese. For example, C 1119 steel, higher in carbon than any of 
the compositions listed in Table I of the author’s paper, was observed to have 
thick, globular inclusions. These characteristics of sulphides, found to impart 
good machining qualities to C 1119 steel, are illustrated in Fig. 9. This tends 
to substantiate the observations of the author and others that thick sulphides 
are desirable but also indicates the need for a more detailed investigation into 
the influence of carbon. 

The C1119 steel was found to turn at higher surface speeds than B1113 or 
C1213. A limited amount of testing done on screw machine parts also indicates 
etter machinability for C1119 steel than the standard nonleaded screw stocks. 
While these results are insufficient to be considered other than indicative, it 
loes appear that the standard machinability ratings based on turning B1113 
r C1213 and C1119 should be reviewed. 

In view of the increased popularity of leaded screw stock it would be of 
nterest to know how this type compares with other screw stocks reported. 
While leaded C1119 has not been made insofar as it is known, there are indi- 
ations that such a grade may have very excellent cutting qualities. 


Authors’ Reply 


The author wishes to express his appreciation to Mr. Harvey for his dis- 
ission. The observation that C-1119 material can be turned at faster rates 
han B-1113 or C-1213 stock is interesting. In a limited number of tool life 
sts, we have encountered a somewhat similar condition in which cutting rates 
r several C-1117 heats were higher than expected and approached those for 

1213 steel. It seems likely that established turning rates for low phosphorus 
rew steels could well be reviewed in the light of changes in steelmaking 
ractices during the past few years. For example, furnace blocking with silicon 
has been eliminated in the production of C-1100 series steels at Jones and 


laughlin; this has resulted in an overall improvement in the quality of these 
grades.” 


[t appears difficult, at present, to evaluate the significance of sulphide in- 
clusion differences between grades, since other variables such as chemical compo- 
sition may also be important. Sulphide inclusions of the type shown in Figs. 
3b and 5b are not usually found in C-1119 or other similar grades. This is con- 
sistent with the observed trend between carbon content and sulphide nature of 
rephosphorized open hearth screw stock. 


2 


H. Flaherty, “Quality Control in the Production of High Sulpher Steels,’’ Open 
Hearth Proceedings, Vol. 36, 1953, pp. 13-19. : ; 





THE INFLUENCE OF THE GRINDING PROCESS 
ON THE STRUCTURE OF HARDENED STEEL 


By WaLTER E. LiIrTMANN AND JOHN WULFF 


Abstract 


The temperature distribution within hardened SAE 
52100 steel has been measured, using a thermocouple formed 
by welding a constantan wire to the bottom of a hole which 
extends nearly to the ground surface. The observed tempera- 
ture history within ground samples was correlated with 
structural changes and with the energy expended in grinding. 
The heating rates in grinding were reproduced by electrical 
heating of thin strips to determine the peak temperature re- 
quired to form a rehardened surface layer in grinding. The 
peak temperature required for surface rehardening in grind- 
ing is about 1550 °F (845°C). A peak temperature of about 
650 °F (345 °C) is required to cause additional tempering in 
a prior structure of 52100 steel hardened and tempered to 
Rockwell C-64. 


INTRODUCTION 


HE effect of the heat which is generated in the grinding process 

has long been a subject of interest for those who make machin 
parts of hardened steel. If such heat is excessive, the structure and 
the state of residual stress in the material beneath the ground surfac: 
can be altered to the detriment of the product. 

One of the characteristics of the grinding operation is the hig! 
energy required per unit volume of metal removed. Almost all of thi 
energy is dissipated as heat and much of it enters the work, causing a 
momentary rise in temperature as the grinding contact passes a give1 
point in the work. 

Several investigators (1-6)' have made metallographic obse1 
vations of structural changes resulting from grinding and have shown 
that grinding damage may alter the fatigue properties of hardened steels 
Their research has shown that when the steel just beneath the ground 
surface is heated sufficiently a thin layer may be austenitized as the 
grinding wheel passes. The cooler material in the bulk of the work 
promptly quenches and thus rehardens the austenitized layer. Beneath 
such a rehardened layer the steel, heated to temperatures approaching 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-sixth Annual Convention of the Society, 
held in Chicago, November 1 to 5, 1954. Of the authors, Walter E. Littmann is 
research metallurgical engineer, The Timken Roller Bearing Co., Canton, Ohio, 
and John Wulff is professor of metallurgy, Massachusetts Institute of Tech- 
nology, Cambridge, Mass. Manuscript received April 6, 1954. 
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that required to form austenite, is tempered to a degree depending upon 
the peak temperatures reached. The depth to which these structural 
changes extend is a function of the grinding severity. 

The mechanics of grinding have been studied with quantitative 
measurement of grinding forces (7,8,9). Outwater attempted to meas- 
ure surface temperatures in grinding and compared his results with 
temperature calculations based on grinding forces. 

Some information concerning the extent of penetration of grind- 
ing heat was obtained by Wulff (10) in the grinding of 18-8 stainless 
steel. Detection of ferrite by electron diffraction at various depths be- 
low the ground surface gave an indication of the penetration of plastic 
deformation and of the maximum temperatures reached beneath the 
rround surface. 

Because the damage produced by grinding in hardened steel 
should be related to the thermal history of the steel beneath the ground 
surface, it seemed worthwhile to measure the temperature distribution 
n ground steel samples and to relate such data to corresponding struc- 
tural changes. : : 

EXPERIMENTAL WoRK 
The temperature distribution in space and time was measured for 
oints at various depths below the ground surface by placing a thermo- 
uple at a known distance below the surface to be ground. The tem- 
erature was recorded as a function of time for each grinding pass, the 
hermocouple moving a known incremental distance closer to the sur- 
ace with each pass until the thermocouple was ground through. The 
thermocouple was formed by spot welding a constantan wire (0.010- 
nch diameter) to the bottom of a hole which extended nearly to the 
surface to be ground as shown in Fig. 1. The diameter of the small hole 
was 0.021 or 0.026 inch, depending upon the thickness of the insu- 
lation on the wire. An iron wire was welded to the back side of the 
sample and was connected, with the constantan wire, to an oscillo- 
scope which permitted the accurate recording of the extremely rapid 
changes in temperature within the ground samples. The horizontal 
sweep on the oscilloscope was synchronized with the motion of the 
sample, relative to the grinding wheel, so that each sweep of the spot on 
the oscilloscope photographed on 35-millimeter film recorded the ther- 
mocouple emf as a function of time for a point at a given depth below 
the ground surface. 

Because the heat flow to the measuring junction was entirely by 
metallic conduction the observed trace of emf versus time was a true 
measure of the temperature history beneath the ground surface. An ex- 
ample of the record obtained for two successive passes of intermittent 
grinding is shown in Fig. 2 with a typical record obtained in continuous 
grinding. 

The emf values were converted to temperatures by using a cali- 
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Cross Section of a Hardened 52100 Steel Specimen 





Grinding Wheel 


Spot Weld 


Constantan 
Wire 
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Spot 
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Fig. 1—A Diagrammatic Longitudinal Section of a Sample Used for Measure- 
ment of Temperatures Beneath the Ground Surface. One thermocouple is shown in 
the hole at the left. A second constantan wire would be welded into the hole at the 
right for use after grinding through the first thermocouple. 


i 





_ Fig. 2a—A Photograph of the Oscilloscope screen Showing the Trace of emf Versus 
Time tor Two Successive Grinding Passes on an Intermittently Ground Sample. One 
one horizontally is 0.005 second; one division vertically is 5 millivolts. The work speed 
was 20 fpm. 
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Fig. 2b—A Similar Photograph for a Continuously Ground Sample. One division 
horizontally is 0.00083 second; one division vertically is 0.45 millivolts. The work speed 


was 250 fpm. The traces for several revolutions of the work are superimposed in the 
photograph. 


ration curve which was determined experimentally for the hardened 
2100 steel-constantan thermocouple. This curve was similar to the 
tandard (I.C.) iron-constantan curve but displaced from it by 50°F 
r less. 
Samples for intermittent grinding “4 by % inches in cross section 
id of various lengths were machined from *4-inch square bars of 
nnealed AISI 52100 steel. The samples for continuous grinding were 
hort cylinders, 114 inches high, 494 inches O.D. with a *% inch wall 
ickness. Before hardening, holes for the thermocouples were drilled 
all specimens. Each hole was shorter than the one preceding it. Thus, 
; soon as one thermocouple was ground through, the next was used, etc. 
The samples were austenitized at 1550 °F (845°C) for one hour, 
il-quenched, and tempered one hour at 300°F (150°C) to give a 
ardness of Rockwell C-64. After hardening, the bottoms of the holes 
vere cleaned and the thermocouple welds were made. By gaging the 
lepth of each hole before making the welds, the distances of the measur- 
ing junctions below the ground surface were always known. 

The intermittent grinding was carried out on a reciprocating table 
surface grinder so that the grinding direction coincided with the long 
dimension of the sample. The continuous grinding was done on a 
6-inch rotary surface grinder, the grinding wheel being in continuous 
contact with the cylindrical specimen. In the latter case, the downfeed 
was driven at a constant rate by a low speed electric motor; in the 
former, the downfeed was made manually at the end of each pass when 
the wheel was out of contact with the work. 

In all cases, the grinding wheel was % inch wide, 6 to 7 inches in 
diameter and was rotated at a speed which maintained the peripheral 
speed between 5500 to 6500 fpm. The wheel face in all cases was wide 
enough to overlap the work width and no crossfeed was used. 

The grinding wheel was dressed by passing a pyramidal diamond 
across the face of the wheel at a constant speed, feeding the wheel down 
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0.001 inch after each crossfeed of the diamond. Thus, a reproducible 
dress was obtained, but it should be noted that for a given wheel 
specification the condition of the wheel was influenced by the grinding 
conditions as well as the dress. 

The principal variables used to control the severity of grinding 
were: (a) the abrasive used, aluminum oxide or silicon carbide, (b) 
the downfeed per pass or per revolution designated as d, in inches, and 
(c) the work speed, v, in feet per minute. 

Force measurements were made for the same grinding conditions 
under which temperature measurements were made to permit corre- 
lation of grinding energies with temperature distributions. The force 
measurements were made, using strain gage dynamometers in the Metal 
Cutting Laboratory at the Massachusetts Institute of Technology. 

The structural changes resulting from grinding heat were evalu- 
ated by examining taper sections of the ground samples, using the 
optical microscope and by making microhardness traverses on the same 
taper sections. A Reichert microhardness tester was employed, using a 
20-gram load with a Vickers type diamond indenter. 

In order to obtain a quantitative relationship between the tem- 
perature distribution and changes in structure, it was necessary to 
grind several samples under reproducibly severe conditions. The re- 
sulting gradient in structure was gradual enough so that microhardness 
measurements made on taper sections were not in error because of 
the hardness of underlying material. The grinding conditions used for 
specific samples referred to in this paper are given in Table I. Sampl: 
G-19 showed perceptible tempering to a depth of 0.015 inch with a 
hardness gradient gradual enough to permit an accurate evaluation o!| 
the degree of tempering as a function of depth except for the regio 
0.0005 inch or less below the ground surface. 

Even under the very severe grinding conditions of sample G-19 
the depth of the rehardened layer was only 0.0001 inch. For very 
small values of depth below the ground surface, the thermocouple re 
sults become less accurate; therefore, an indirect method was used t 
confirm the peak temperature required to form austenite under th: 














Table I 
Grinding Conditions For Several intermittently Ground Samples 
Peripheral 
eel Work 
Speed Speed Downfeed 

Sample Wheel* V os d : 
No. Specification Ft./Min. Ft./Min. In./Pass Coolant 
G-12 38A60H8VG 6500 60 0.001 Soluble Oil 
M-1 38A60H8VG 6000 60 0.0005 Soluble Oil 
G-19 37C36P5V 5700 15 0.0005 Soluble Oil 





*38A indicates aluminum oxide abrasive 
37C indicates silicon carbide abrasive 








EFFECT OF GRINDING HARDENED STEEL 


Fig. 3—A Photograph of the Oscilloscope Trace Obtained From the 
Lead Sulphide Cell in the Rapid Heating of a Thin Strip of Steel by 
Passage of Electric Current. The horizontal sweep of the pattern represents 
about one-half second and the vertical amplitude is proportional to the 
temperature at any time. 


nditions of grinding. The rapid heating rates of grinding were re- 
roduced by heating strips of hardened 52100 steel * inch wide, 0.007 
uch thick, and about 2 inches long by passage of electric current. This 
as done by clamping the strips between the electrodes of a spot welder 
an evacuated chamber and using the welding cycle controller to 
regulate the duration of the current pulse and to turn on a hydrogen 
uench immediately after shutting off the electric current. The tem- 
erature history of the heated portion of the strip was recorded by 
sighting an infra-red sensitive lead sulphide cell on the strip and photo- 
graphing the oscilloscope which was connected to the cell output. The 
use of the lead sulphide cell to measure rapidly changing temperatures 
produced in this fashion has been described in a paper by Huggins, 
Roll, and Udin (11).? 

A series of thin strips were thus heated to peak temperatures from 
1350 to 1650 °F (730 to 900 °C) and a record of the heating and cool- 
ing obtained from each. A typical photograph of the oscilloscope trace 
obtained for one of these samples is shown in Fig. 3. The calibration 
between the cell signal and temperature is not linear, but the shape of 
the actual heating and cooling curve is quite similar to the trace shown. 


* The equipment described in Reference 11 was used for this phase of the investigation and 
Robert A. Huggins assisted in obtaining the data on the thin strips heated electrically. 
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DISCUSSION OF RESULTS 


The results obtained from the electrically heated strips are re- 
ported in Table II which shows the peak temperature reached for each 
specimen. The heating rates obtained are shown with the resulting 
structural changes as indicated by microhardness measurements and 
metallographic observations. The results show that for heating rates 
of the order of 11,000°F per second, austenite appears between 1510 
and 1540 °F (820 and 840 °C) and a completely rehardened structure 
is obtained when the peak temperature is between 1540 and 1560°F 
(840 and 850 °C). Heating rates measured beneath the surfaces being 


Table II 
Results from Electrical Heating 


Peak Heating Hardness 


Sample Temperature ate g/mm? 

o. °F °F/Second (20 g Load) Structure 
S-14 1650 10,700 1150-1200 Rehardened 
S-15 1560 11,000 1150-1200 Rehardened 
S-20 1540 10,500 ~— Partly Rehardened 
S-18 1510 10,100 500-550 Tempered 
S-17 1470 9,570 540-580 Tempered 
S-16 1350 9,300 605-635 Tempered 














ground ranged from 3 x 10*°F per second to 5 x 10° °F per second, 
depending on work speed and the magnitude of the peak temperatures. 
The heating rates in grinding decreased as the peak temperatures were 
approached, so that the heating rates obtained in the electrically heated 
strips were of the same order or somewhat lower than those in th: 
severely ground samples. 

The effect of heating rates up to 2400 °F (1315 °C) per second o1 
the critical temperatures for several steels has been reported by Feuer 
stein and Smith (12). Extrapolation of their data indicates that the 
peak temperature required to form austenite should not exceed 1650 °F 
(900 °C) for a heating rate of 5 x 10° °F per second in hardened 5210 
steel. 

Since the time in the vicinity of the peak temperature was ex- 
tremely short and the heating rates were similar for the ground samples 
and the electrically heated strips, it was concluded that the peak tem- 
perature of about 1550°F (845°C) which was required to form 
austenite in the electrically heated strips is the same as the peak tem- 
perature reached at the lower boundary of a rehardened zone formed 
in grinding. 

The tempering which occurred beneath the rehardened zone in 
grinding and in the electrically heated samples should likewise be a 
function of the peak temperature reached in each case because of the 
very rapid heating and cooling. By comparing the hardness correspond- 
ing to several subcritical peak temperatures in the electrically heated 
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Fig. 4—Summary of Results Obtained from Sample G-19, Severely Ground. The 
peak temperature distribution is compared with the corresponding microhardness distribu- 
tion made on a taper section of the sample after grinding. The dotted line shows the 
probable hardness distribution near the surface where the steep hardness gradient made 
values inaccurate. 


samples with the microhardness variation with peak temperature in the 
severely ground samples a check on the accuracy of the grinding tem- 
perature measurements was obtained. 

The peak temperature and microhardness are shown in Fig. 4 
as a function of depth for sample G-19. By cross plotting the data of 
Fig. 4, the variation of hardness with peak temperature was found and 
is shown in Fig. 5 and the normal tempering curve for one hour at 
temperature is included for comparison. The hardness gradient shown 
in Fig. 4 is the cumulative result of about forty successive grinding 
passes, each pass removing 0.0005 inch of material. It should be noted 
that the curve of hardness versus peak temperature would be somewhat 
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Fig. 5—Hardness Changes in Hardened 52100 Steel Resulting from Transient 
Grinding Heat Obtained from Fig. 4. The curve for one hour at temperature is included for 
comparison. The microhardness measurements were calibrated against Rockwell C hardness 
for the steel used to obtain the scale shown at the right. 
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higher for a single grinding pass because the degree of tempering 
shown in Fig. 4 at a given depth is the result of repeated cycles of 
heating and cooling with a small increase in peak temperature for each 
successive cycle. For this reason, the points for the electrically heated 
strips which are the result of a single heating and cooling lie above the 
extrapolation of the grinding data in Fig. 5. 

The fact that the hardness corresponding to a given peak tem- 
perature reached in the electrically heated strips is in agreement with 
that predicted by the grinding data as shown in Fig. 5 indicates that 
the temperatures measured in the ground sample were reasonably ac- 
curate. When the grinding conditions were less severe, the temperature 
gradient became steeper and the temperature measurements became 
less accurate for very small values of depth below the ground surface. 

An overall picture of the temperature distribution beneath the 
ground surface for moderately severe grinding is shown in Fig. 6. This 
diagram was prepared from the data for sample G-12. The diameter 
of the thermocouple weld area is seen to be small compared to the length 
of the are of contact between wheel and work and relative to the 
variation of temperature in the grinding direction. Temperatures above 
900 °F (480 °C) were present just beneath the surface, but could not 
be accurately measured. The transverse variation in temperature was 
appreciable at small depths below the ground surface as shown in 
Fig. 7 by the structural variation in that direction. For distances less 
than 0.001 inch below the ground surface, the recorded temperatures 
were somewhat lower than the actual peak temperatures because only 
an average temperature over the area of the measuring junction of the 
thermocouple was recorded. 
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Fig. 6—The Temperature Distribution in a Longitudinal Section of Sample 
G-12. The work speed was 60 fpm and the downfeed was 0.001 inch at the end of 


each intermittent grinding pass. 


For identical grinding conditions, the measured temperature dis- 
ributions were reproducible within 50°F or less. The scatter of data 
1 a Single thermocouple is shown in curve (a) of Fig. 8. For very 
ight feed rates the condition of the grinding wheel became more 
‘ritical and slight variations in dressing technique were reflected in 
lifferences in grinding forces and temperature distribution. 

The data shown in Fig. 5 may be used with the knowledge of the 
peak temperature required to form austenite in grinding to deduce the 
temperature gradient in samples ground under conditions where di- 
rect measurement is impossible. In Fig. 7, for example, point (a) at 
the lower boundary of the rehardened region must have reached a peak 
temperature of 1500 to 1550°F (815 to 845°C). Since the prior 
structure of sample M-1 was 52100 hardened and tempered to Rock- 
well C-64, a perceptible difference in etching should be produced by a 
decrease in hardness beyond Rockwell C-63. From. Fig. 5 it is seen 
that a peak temperature of 650 to 700°F (345 to 370°C) is required 
to cause tempering to Rockwell C-63 in grinding. Thus, point (b) 
in Fig. 7 must have reached above 700°F (370°C). Since (b) was 
about 64 x 10~-® inches below point (a) the average temperature 
gradient between (a) and (b) was 12.5 x 10°°F per inch, Extrapo- 
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Fig. 7—A Taper Section of Sample M-1. The superficial rehardened layer appears 
as a light etching area just beneath the chromium plating used to preserve the surface 
profile. The optical magnification is X 250, vertical magnification of distance is X 12,50( 
because of the 1/50 taper section. Etch: 4% nital with Zephiran Chloride. 


lating this gradient linearly to the surface gives a surface temperature 
estimate of 1900°F (1040°C). The actual surface temperaturs 
must be even higher since the temperature gradient is even steepe: 
nearer the surface. The steep temperature gradients near the ground 
surface for conditions approaching good commercial practice must 
result in steep gradients of structure so that microhardness measure 
ments must be interpreted with due regard to the effect of steep 
hardness gradients. For example, the Vickers microhardness measured 
just under the rehardened zone in the sample of Fig. 7 was 850 kilo 
grams per square millimeter (Rockwell C-58) whereas the actual valu: 


at that point should be about 500 kilograms per square millimeter 
(Rockwell C-43) according to Fig. 5. 


EFFrect oF MECHANICAL VARIABLES 


The temperature distributions resulting from various grinding 
conditions are summarized in Fig. 8. As the work speed, v, is increased 
or downfeed, d, is decreased the peak temperature reached at any depth 
is lowered. The grinding forces are likewise decreased and a relation 
is to be expected between temperature distribution and energy ex- 
pended in grinding. By the combination of data from Fig. 8 with force 
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Fig. 8—Peak Temperature Distribution for Various Grinding Conditions. 
Downfeed, d, Work Speed, v, Wheel Type of 
Curve In./Pass Ft./Min. Specification Grinding 
a 0.0005 15 37C36P5V (SiC) Intermittent 
bh 0.0010 30 38A60H8VG (AleOs) Intermittent 
c 0.0010 60 38A60H8VG (AleOs) Intermittent 
d 0.0005 60 38A60H8VG (AleQOs) Intermittent 
te 0.000011 250 38A60H8VG (Al2Os) Continuous 


[he actual points are shown only for curve a. The scatter became less for the less severe 
grinding conditions and points are omitted for clarity. 


measurements made for the same grinding conditions the relationship 
indicated in Fig. 9 was obtained. QO, is the total grinding energy per 


square inch of work area ground in a plunge cut (no crossfeed) ob- 
tained from the following equation : 


oO. = Fa(V + v) 


12bv 
where: Fx = horizontal force component in pounds, 
‘ fet : D’N 
V = _ surface speed of grinding grits a7 
in fpm, 
D’ = wheel diameter in inches, 
v= work speed in fpm, 
b= width of contact between wheel and 
work in inches, 
Q,.= total grinding energy per square inch of 


work area ground in a plunge cut in foot 
pounds per square inch. 


It is not implied that all of the grinding energy enters the work as 
heat, but merely that the fraction of the total grinding energy which 
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tained from Force Measurements and the Curves of Fig. 8. D indicates depth below 
the ground surface in inches. 


enters the work as heat does not vary widely. The depth at which a 
given peak temperature occurs can be estimated from the relationship 
between peak temperature distribution and grinding energy shown in 
Fig. 9 and measurement of the energy consumed in grinding. Such a 
measurement may be made by comparing the power input to a grinder 
when it is grinding, with the power input when it is idling at the normal 
operating speed. Thus, Ox, is a semi-quantitative measure of grinding 
severity and can be used to estimate the temperature rise beneath the 
ground surface during a plunge cut. 

The effect of wheel condition is difficult to express quantitatively. 
The grinding operation tends to establish a given condition for a wheel 
of given specification which is somewhat dependent on the type of 
dressing technique used. The variation in wheel condition is most 
significant for light feed rates where attritious wear glazes the wheel 
quickly. For example, in Fig. 8, curves (e), (f), and (g) show the 
variation in temperature distribution for grinding conditions identical 
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except for slight variations in wheel condition. Curve (e) was obtained 
with a wheel which had been grinding at the same feed rate for ten 
minutes. Curve (g) was obtained with a freshly dressed wheel, and 
curve (f) with a wheel in a condition between these extremes. Force 
measurements showed that the condition of the wheel changes as 


grinding proceeds until the glazing is sufficient to cause wheel break- 
down. : 
SUMMARY 


The temperature distribution has been measured within hardened 
steel samples during the surface grinding operation. Structural changes 
corresponding to the observed temperature histories have been de- 
termined from metallographic observation and microhardness surveys. 

The peak temperature required to cause tempering to Rockwell 
C-63 in a prior structure of 52100 steel, hardened and tempered to 
Rockwell C-64, is about 650°F (345°C). The peak temperature re- 
juired to reaustenitize and, thus, reharden a surface layer in such a 
prior structure is about 1550°F (845°C) for the rapid heating pro- 
luced by grinding at commercial work speeds. 

One temperature gradient near the surface deduced from struc- 
ural changes was found to be 12.5 x 10° °F per inch for a work speed 
§ 60 feet per minute and a downfeed of 0.0005 inch per pass with 
luble oil coolant. The extrapolated surface temperature for these con- 
litions was in excess of 1900°F (1040 °C). 

An approximate relationship was found between the grinding 
nergy input and the peak temperatures reached within the work. 

The mechanical factors which minimize the heat generated in 
srinding are decreased downfeed per pass, increased work speed, lubri- 
‘ation by the coolant, and a dressing technique which yields the sharpest 
wheel conditions consistent with finish requirements. 
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DISCUSSION 


Written Discussion: By D. Niconoff, Canton Metallurgical Laboratory, 
Republic Steel Corp., Canton, Ohio. 

The authors succeeded in filling a blank space in the existing knowledge of 
some important details of the grinding operation, which are of considerabl« 
interest not only to a relatively small group of metallurgists engaged in surfac: 
finishing of their products by grinding, but also to a much greater number of 
laboratory workers employing this process as an intermediate step in the 
preparation of their test pieces. 

It is generally agreed, for instance, that grinding of flats on E. Q. harden 
ability specimens is one of the least amenable to standardization steps involved 
in the preparation of these pieces, and therefore one most likely to be responsibl 
for abnormal scatter of the hardenability data encountered occasionally. But 
because the “burning” or overheating by grinding can occur at the point of 
maximum hardness as well as at any other spot along the specimen, the know!- 
edge also of the peak temperature distribution for intermediate hardness levels 
would be helpful for this application. 

While referring frequently to the severity of grinding, the authors somehow 
omitted giving a definition of this concept. What constitutes the severity of 
grinding? It would be logical to define it as the rate of removal of the materia! 
subjected to grinding. The authors were probably thinking in these terms when 
they said that “as the work speed and/or downfeed is decreased, the peak 
temperature reached at any depth is lowered.” In such a case the severity of the 
grinding operations corresponding to the curves reproduced in Fig. 8 could be 
evaluated thus: 


Downfeed Work Speed Severity 
Curve In./Pass Ft./Min. Sq.in./Pass/Min. 
A (high) 0.0005 20 0.012 
B 0.0010 30 0.036 
Cc 0.0010 60 0.072 
D (low) 0.0005 60 0.036 
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Fig 
and Hardened SAE 8617 Steel on Which Heavy Grinding Checks Were Indicated by 
Magnaflux Inspection. 4% picral etch. Original Magnification X 100, reduced 4. 


. 10—Cross-Section of the Ground Bearing Surface of a Camshaft of Carburized 


But instead of the expected direct relation between severity of grinding 
and the resulting overheating, we find conditions of almost inverse proportional- 
ity. Here appears to be a powerful factor, probably burnishing, which has been 
verlooked in this study and which assumes predominant role under conditions 
of lower severity of grinding. 

It was probably the consideration of this burnishing effect that prompted 
the authors to say in their summary: “The mechanical factors which minimize 
the heat generated in grinding are decreased downfeed per pass, (and) in- 
creased work speed... .” 

Do the authors refer to the same work speed when they say one time that 
the decreased work speed lowers the peak temperature, and next time that in- 
creased work speed has the effect of minimizing the heat generated in grinding? 

Written Discussion: By R. B. Boswell, research metallurgist, Chrysler 
Corp., Detroit. 

It should be pointed out that structural changes of the type described in 
this paper can often be observed on metallographic examination of the cross- 
sections of heat treated parts which have been ground. For example, Fig. 10 
shows the cross-section at X 100 of the ground bearing surface of a camshaft 
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of carburized and hardened SAE 8617 steel on which heavy grinding checks 
were indicated by Magnaflux inspection. It is apparent that the structure of 
the carburized and hardened case has been affected to a depth of approxi- 
mately 0.004 inch as evidenced by the darkened area of tempered martensite 
found immediately below the surface. 

The Vickers hardness impressions (10 kg. load) shown in this photo- 
micrograph are taken every 0.004 inch inward from the surface. The hardness 
impression nearest the surface at the boundary of the heat affected zone gave a 
reading of 627 V.D.P. (Rockwell C-56.5), whereas the next reading inward 
gave a reading of 698 V.D.P. (Rockwell C-60). Using a microhardness tester 
with Vickers penetrator (100 gm. load), the hardness at 0.001 inch below 
the surface was measured at 589 V.D.P. (Rockwell C-54.5), increasing to 695 
V.D.P. (Rockwell C-60) at 0.004 inch depth, and reaching a maximum of 
716 V.D.P. (Rockwell C-61) at 0.006 inch below the surface. Specification 
hardness for the bearing surfaces was Rockwell C-58 minimum. No evidence 
of a white reformed martensitic layer was found either on metallographic exami- 
nation of the cross-section or on visual examination of the ground bearing sur- 
faces after etching with a 4% solution of nitric acid in water followed by a 2% 
solution of concentrated hydrochloric acid in acetone. The grinding checks and 
soft surface condition described were subsequently completely eliminated on 
such parts through a 25% reduction in the downfeed rate during semi-finish 
grinding of the bearings. 

The authors are to be congratulated for presenting a paper which not 
only substantially furthers our understanding of the grinding process, but also 
contains important information of practical value for those who are confronted 
with grinding problems in practice. 

Written Discussion: By Robert A. Huggins, assistant professor of 
metallurgy, School of Mineral Sciences, Stanford University. 

The metallurgical problems resulting from grinding are of great com 
mercial importance, and the authors are to be congratulated upon their funda- 
mental approach to the problem. 

Recent work* on the formation of austenite at heating rates of 2000 to 
20,000 °C per second has shown that the austenitizing behavior is quite de 
pendent upon the prior structure. The prior structure had considerable influence 
on both the temperature of the onset of austenite formation and the rate at 
which it transformed, finer structures transforming more rapidly and at lower 
temperatures. This would mean that the depth of the rehardened zone under 
identical grinding conditions would be somewhat different for different prior 
structures of the same steel. 

The authors stated that they converted emf values to temperatures by using 
a calibration curve for a hardened 52100-constantan couple. The structure of 
the 52100 would certainly be changed upon exposure to the calibration tempera- 
tures. Did the authors find that metallurgical structure had any effect on 
thermoelectric behavior ? 

One might expect a slightly different temperature distribution just under 
the grinding wheel for uphill grinding compared to downhill grinding. Have 
the authors any information on this? 


® Huggins, Udin, and Wulff, ‘““‘The Formation of Austenite in Plain Carbon Steels at High 
Heating Rates,” to be published. 
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Finally, we know that the state of stress has an effect upon the tempera- 
ture at which some phase transformations occur. I would like to ask the authors 
if they would care to comment on the probable state of stress at the time of 
austenite formation just below a ground surface, and what effects that might 
have upon the transformation kinetics. 

Written Discussion: By L. P. Tarasov, Research and Development De- 
partment, Norton Co., Worcester, Mass. 

This is the first paper on the quantitative evaluation of grinding tempera- 
tures that is based on first-rate experimental work and that does not involve 
the questionable assumptions characteristic of what little has been previously 
published on grinding temperatures. The authors are to be congratulated for 
having developed an experimental technique whose validity it will be most diffi- 
‘ult to dispute. 

Several comments should be made about the ground surface illustrated by 
Fig. 7. While it is true that the extreme shallowness of the burned layer in 
this particular instance caused the indenter to penetrate into the underlying 
steel that reached a lower peak temperature and hence was harder than the 
taper section surface at that point, there is another factor that may contribute 

» the greater measured hardness than would be expected from the instantaneous 
mpering curve of Fig. 5. This is the transition structure between the fully 
ehardened and the fully overtempered region, in which the pre-existing austen- 
tic grain boundaries become reaustenitized at the same temperature at which 
ustenite does not have time to form in the grain interiors. The writer has ob- 
erved the resultant formation of martensitic grain boundaries surrounding 
vertempered grain interiors in heat treated and severely ground 18-4-1 high 
peed steel, high-carbon high-chromium die steel, and 52100 steel. In order to 
‘bserve this transition structure, it is generally necessary to burn the steel 
ufficiently to get a much deeper heat-affected layer and perhaps to use a higher 
iper magnification, such as 100 to 1. The grain boundary rehardening just 
elow the fully rehardened surface can result in a considerably greater hardness 
than that of the fully overtempered grain interiors, as has been shown in the 
.uthors’ Ref. 4. Perhaps grain-boundary rehardening was negligible under the 
i\uthors’ experimental conditions, but the possibility of its existence and effect 
ipon the microhardness measurements should be kept in mind in other studies 
that may be made along this line. 

To return to the increase in hardness caused by the presence of less over- 
tempered steel directly underneath the surface of the taper section, this can be 
reduced to some extent by the use of a Knoop indenter instead of a Vickers type 
indenter because the former produces a shallower and longer indentation for 
the same load than does the latter. 

A very interesting feature of the burn pattern in Fig. 7 is that while the 
depth of rehardening is roughly the same in the greater portion of the taper 
section, the depth of softening is far greater for the principal peaks of the 
grinding scratches than it is for the adjoining valleys. The substantially equal 
depth of rehardening indicates a corresponding degree of equality in the tem- 
perature gradient in the rehardened layer and presumably below it. Would the 
large differences observed in the depth of softening be due to a time effect, in 
which the peaks were heated for a longer time to the same maximum tempera- 
ture than were the valleys? 


Now that the experimental technique has been developed, it is to be hoped 
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that it will be possible to continue this work so as to obtain similar information 
for a far wider range of significant grinding variables. 

Written Discussion: By Milton C. Shaw, professor of mechanical engi- 
neering and John E. Mayer, assistant in mechanical engineering, Massachusetts 
Institute of Technology, Cambridge, Mass. 

The grinding of hardened steel surfaces of members designed to operate 
in sliding contact is an important production problem. If care is not exercised 
a thin softened surface layer may result from phase transformation or over- 
tempering near the surface. The authors have presented a valuable discussion of 
the variables that influence the subsurface temperature, which is one of the im- 
portant items pertaining to surface softening. 

Other items of interest to this problem are the temperature and stress at 
the surface during grinding and the time during which the surface and sub- 
surface material is at temperature. 

It has been reasoned by the authors that the maximum temperature at any 
interval point in a ground surface (6@i) will be proportional to the grinding 
energy per unit of ground surface (Q,) 


i.e., 8 ~ Oa Equation 1 


The quantity Qa may also be expressed in terms of the energy required to 
grind a unit volume of metal (u) as follows: 


bd 
Ona= = > =ud Equation 2 





where v is the work speed 

b is the width of grind 

d is the wheel downfeed per pass. 
It is convenient to express Qa in terms of u since the energy per unit volume 
has been shown to be a very important quantity in grinding (8) and quite a bit 
is known about the influence the several grinding variables have on u. The 


log u 


log t 
Fig. 11 


quantities which influence u are work material, abrasive material and sharpness 
and the mean size of the individual chips produced. Only the mean chip size will 
vary when a given material is ground with a given wheel, and the manner in 
which u varies with chip size (t) is shown in Fig. 11 of this discussion. Here, 
the mean chip size is taken to be the maximum undeformed chip thickness which 


t= A Av ld | Equation 3 
VCr D 


is approximately (9) 








5 eS Leer cor 
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where D is the wheel diameter 

C is the number of cutting points per square inch of wheel surface 

r is the mean ratio of width to depth of an individual scratch. 
From Equations 1 to 3 and Fig. 11 we have a convenient means for estimating 
the influence of any grinding variable upon the subsurface temperature at any 
point. 

The mean surface temperature (@,) has been discussed in reference (7) 

and it may be shown that 


O.~u Equation 4 


to about the same approximation as the subsurface temperature (0:1) may be 
taken to be proportional to Q,: 


i.e.,0:~ud Equation 5 


The surface and subsurface temperatures are thus seen to be related to the 
wheel depth of cut (d) in an entirely different way. While the surface tempera- 
ture will decrease slightly with an increase in d (since t ~ d** in Equation 3), 
the subsurface temperature will increase significantly with an increase in d. 

In addition to the surface and subsurface temperatures, the time the metal 
is at temperature is also important. Negligible over-tempering or phase change 
will occur even at high temperature if the time is short enough. The time any 
given point on the workpiece will be subjected to grinding action during a 
single pass of the wheel is a measure of the time at temperature. This grinding 
time per pass (T) will be 


T= ee Equation 6 
Vv Vv 
where | is the mean undeformed chip length = »/ Dd. 


In order to avoid grinding damage, surface and subsurface temperatures 
should be as low as possible and the time at temperature as short as possible. 
This may be best achieved in the following ways: 


1. By use of sharp cutting points chosen to give low u. Points 
are sharpened by proper dressing and an aluminum oxide wheel will 
give lower u on steel than a similar silicon carbide wheel. 

2. By use of a good fluid that removes heat and decreases u 
particularly in the fine grinding region. In general oils provide better 
lubrication and hence lower u while water base fluids provide better 
cooling. Both of these actions are important in practice. 

3. By use of a small wheel depth of cut (d) in finishing opera- 
tions. While giving slightly higher surface temperatures (Equations 
3, 4) this will give lower subsurface temperatures for shorter periods 
of time (by Equations 5 and 6). The net effect of a decrease in d 
should in all cases be a decrease in the extent of surface damage. 

4. Use of a small diameter wheel in finishing operations is very 
attractive since it will reduce the time at temperature (Equation 6) 
and simultaneously decrease surface and subsurface temperatures by 
increasing t (Equation 3) and hence decreasing u (Fig. 11). The 
disadvantage of fising a small wheel lies in the fact that more frequent 
dressing is required which results in increased labor and wheel costs. 

5. Use of a large table speed (v) will not only decrease time at 
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Table Ill 
7—— Measured——., ee 
Temp, ° F 
81 
: d, MF v, t, u, ud ** at 0.001” 1. ‘1 
Test Abrasive ipp fpm fpm in. psi Ib/in Os depth in Se 
a 36 grit-SiC .0005 5700 15 52x10-® 12x108* 6000 4000* 1320 059 20x10-8 
b 60 grit-Ale0s .0010 6000 30 73x10 3.6x10® 3600 1700 880 084 14x10-3 
c 60 grit-Ale0s .0010 6000 60 103x10-% 2.9x10® 2900 1100 800 .084 7x10-3 
d 60 grit-Ale0s .0005 6000 60 87x10-*% 3.8x10% 1900 1400 650 059 5x10-8 
g 60 grit-AleOs .00011 6000 250 11x10* 6.9x10® 76 3200 160 0088 0.17x10-2 
Notes ane ; 
* 1. Estimated from other work on SiC. ia 
** 2. @s measured by method to be described in forthcoming paper. 
3. In computing t, C was taken equal to 3000 grains per square inch, r = 15, and wheel 
diameter D = 7 in. 


4. A soluble oil was used in all tests. 


1500 





1000 
e 
x 
500 
O 
0 2000 4000 _ 6000 
ud, Ib/in. 
Fig. 12 


temperature (T, 


see Equation 6) but also decrease 6; and 0, since t 


will increase (Equation 3) and hence u will decrease (Fig. 11). 


6. 


A decrease in wheel speed will increase t, decrease u and henc: 


cause a decrease in both the surface and subsurface temperatures. 
7. A decrease in C, the number of cutting points per square inch 


will likewise cause an increase in t, a decrease in u 


and hence a de 


crease in 0, or @;. The quantity C can be increased by a fast dressing 
feed and use of a wheel of fairly large grain size. Contrary to what 
might be expected a 60 grit finishing wheel is much less likely to cause 


grinding damage than an 80 or 120 grit wheel. 


The last three quantities (v) (V) and (C) can be adjusted only within 


the limits of the finish required, for as v is increased or C and 
the finished surface will become rougher. 


V are decreased, 


In conclusion the data of the authors’ Fig. 8 may be reconsidered to illus- 
trate the foregoing points. Additional quantities needed for this purpose are 
given in Table III. While an attempt will not be made to illustrate all of the 
foregoing points the reader can readily verify that the quantities in Table II] 
are in good agreement with the foregoing discussion of the surface and sub- 


surface temperatures and time at temperature. 


The measured values of 6; at a distance 0.001 inch below the surface are 
seen to vary directly with the quantity u d (Fig. 12). Likewise, the surface 
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temperature 0, is seen to be approximately 


’ proportional with u. In test (g) we 
have a case where the surface temperature 


is very high (due to u being large) 
while the subsurface temperature is very low (due to u d being small). The 
time T is seen to be very small and hence it is expected that this would be a 
good grinding condition from the point of view of grinding damage despite the 
high surface temperature obtained. It is significant to note that test (g) corre- 
sponds to a very small d and very large v. The temperatures for case (a) are 
so very high due to the fact that SiC always gives a much larger u than Al.O; 
when grinding steel. The aluminum oxide tests in Table III (tests b to g) are 
arranged in order of decreasing tendency for grinding damage to occur. The 
improvement is again achieved by increasing v and decreasing d. Further im- 
provement could be obtained if necessary by decreasing wheel diameter (D), 
using a more effective grinding fluid than the soluble oil used and by decreasing 
the wheel speed V (if permissible, considering the surface finish required). 


Authors’ Reply 


The authors are grateful to Mr. Niconoff and others who pointed out the 
rror on page 11-13 of the preprint. The phrase “as the work speed and/or 
lown-feed is increased,” should read “as the work speed is increased or down- 
eed is decreased.” The standardization of a grinding technique for end quench 
ardenability specimens is practical, but the dressing technique will be the op- 
ration most difficult to reproduce from one laboratory to another. However, 

standard wheel specification and schedule of downfeeds could be used which 
vould leave a margin of safety so that no softening would be produced by the 
‘rinding despite variations in wheel condition. The temperature distribution 
hould not vary with hardness for a given steel, but the softer structures which 
re less susceptible to structural damage are probably more susceptible to the 
ntroduction of residual tensile stresses by grinding. 

The severity of grinding is defined in a semi-quantitative fashion by Qa. 
‘ertainly more data are required to confirm the usefulness of this parameter, 
ut for plunge grinding it seems to correlate well with temperature distribution 
within the work piece. 

Mr. Boswell has given us an excellent example of the type of structural 
damage which can occur in practice. The absence of any rehardened layer would 
indicate that this layer was removed in finish grinding, but the tempered region 
formed in rough grinding penetrated beyond the finish grinding stock. The 
powerful effect of downfeed is emphasized since a 25% decrease eliminated the 

damage. 

The transition region which Dr. Tarasov mentioned was extremely narrow 
for the steel and grinding conditions used. Grain boundary rehardening has been 
observed in 52100 hardened from 1900 °F, having a prior austenite grain size of 
34 when severe grinding produces a low temperature gradient. 

The Vickers indenter with a 20 gram load was used because it gave more 
reproducible results than a Knoop indenter using the same load. 

The increased penetration of tempering beneath the peaks shown in Fig. 7 
is probably due to a focussing of heat from the sides of the peaks, whereas the 
heat generated at the bottom of the scratches can be dissipated over a wide 
range of directions. Thus, a point beneath a peak probably does spend a longer 


time in the vicinity of the peak temperature than a point at the same depth below 
the bottom of a scratch. 
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We will look forward to Dr. Huggins’ publication on the effect of prior 
structure and heating rate on the formation of austenite. In answer to the ques- 
tion on calibration of the 52100 constantan thermocouple, an irreversible change 
did occur in the samples heated for calibration. The curve of emf versus tempera- 
ture for the 52100 constantan couple ran parallel to the standard I.C. curve, but 
approached it at higher temperatures. The displacement was extrapolated for 
this work because of the rapid heating and cooling, but in no case could an error 
larger than 50 °F have been due to calibration error. 

We have no reliable data on uphill versus downhill grinding. All the results 
reported in this paper were for uphill grinding. 

We would expect strong compressive stress at the time austenite is formed 
in grinding. The Claussius Clapeyron equation and the data of Ref. 12 would 
lead us to believe that austenite should form at a lower temperature. under 
compressive stress than under no stress at a given heating rate. Thus, we may 
over estimate the peak temperature reached at the lower boundary of the re- 
hardened region since the electrically heated strips were under essentially zero 
stress in the determination of the temperature required to form austenite at 
high heating rates. 

Messrs. Mayer and Shaw have related the measurable grinding parameters 
to give a coherent picture of the manner in which they affect temperatures at 
the surface and within the work. Because of an error in the original data of 
Fig. 8, the work speed and grit size for Test a are incorrect. A 36 grit SiC wheel 
was used and v was 15 feet per minute. T will thus be 20x10 seconds, but 
since both C and v are decreased, the effect on t and the other data will be 
negligible. The analysis of grinding mechanics as related to grinding damag« 
provides valuable information. Quantitative data is still needed, however, on the 
partition of grinding energy between chips, coolant, work and wheel. This 
partition may vary widely with downfeed, coolant, and wheel condition. It is 
hoped that the technique described in this paper can be used with the recently 
developed analysis of grinding mechanics to provide a better understanding of 
the grinding process. 

The authors wish to thank all the discussers for the interest demonstrated 
by their comments. 


THE ZONAL ROLLING TEXTURE OF LOW CARBON 
STEEL COLD-ROLLED AT VARIOUS 
TEMPERATURES 


By C. NusBAUM AND WILLIAM BRENNER, JR. 


Abstract 


Most of the factors which influence the texture of cold- 
rolled steel strip are well recognized and have been adequately 
studied. In a recent publication it was shown that when such 
strip is rolled at higher temperatures a new type of rolling 
texture was developed. However, the samples examined were 
prepared in the laboratory and the X-ray study made only on 
the surface. 

In view of these conditions, it seemed desirable to extend 
the investigation to samples taken from several production 
rolled conditions; (a) when the mill was cold, (b) when the 
mill was warm and (c) when the mill was hot (operated with 
the maximum temperature above 500 °F); also to determine 
the extent of this new type of texture which is developed 
during ‘warm rolling.” 

X-ray examinations were made not only at (a) the sur- 
face of the samples but also (b) after 25% of the sample had 
been removed by etching and (c) after 50% of the sample had 
been similarly removed. The results indicate quite clearly 
that the “warm rolling” texture (110) |001)| exists primarily 
in the outer layers of a sample; that at the middle portion of 
the strip (50% etch) the (001) [110] texture is present 
though the orientation is not of such a high degree as for cold 
or normal rolling ; that at the intermediate region (25% etch) 
there is for “warm rolling” a transition stage between the two 
types of orientation. 


INTRODUCTION 


HE texture developed at ordinary temperatures by a rolling op- 
eration has for most metals been quite thoroughly investi- 
gated (1)! and presented in the literature. Perhaps of all the metals, 
the rolling texture of iron has been most extensively studied, both as 
produced at ordinary temperatures and also by hot rolling (2,3). The 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-sixth Annual Convention of the Society, 
held in Chicago, November 1 to 5, 1954. Of the authors, C. Nusbaum is associate 
professor of physics, Emeritus, Case Institute of Technology, Cleveland, and 
consultant, The Cold Metal Products Company Laboratory, Canfield, Ohio, and 
William Brenner, Jr., is metallurgist, The Cold Metal Products Company Labora- 
tory, Canfield, Ohio. Manuscript received March 31, 1953. 
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textures of several metals rolled at higher temperatures has also been 
described (4,5). 

In a recent publication of work done by Goss (6), in this labo- 
ratory, he has shown that when low carbon steel strip is rolled at tem- 
peratures above 500 °F (260°C), a new type of texture is developed. 
In this texture the diagonal plane of the elementary cube is in the 
rolling plane and the edge of the cube is in the rolling direction. This 
texture is designated by (110) [001]. The texture of the low carbon 
steel as developed by rolling at ordinary temperatures is of the type 
(001) [110] in which the cube face is in the plane of rolling and the 
diagonal of the cube face in the rolling direction. At intermediate tem- 
peratures (300 to 500°F) there is a transition from one texture to 
the other during which random orientation is simulated. 

In molybdenum, according to Tsien and Chow (7), the effective 
slip planes are the (112) planes at lower temperatures (15-300 °C) 
while at 1830 °F (1000 °C) the (110) planes become the effective slip 
planes. If the effective slip planes for iron change with temperature on 
account of the change in elastic constants due to temperature, a new 
type of texture might well be expected at higher temperatures. 

In the present day rolling practice of using the 4 high mill, either 
in tandem or as a single stand, the strip may easily reach a temperature 
of 500°F (260°C) or higher, depending on the speed of the strip, 
the amount of reduction per pass, and the manner of cooling. It thus 
seemed desirable to investigate the degree and extent to which thes« 
types of textures existed under various temperature conditions of roll 
ing as actually performed in the mill. This was especially important 
since in his experiment Goss had examined only the surface texture 
of the samples prepared in the laboratory. 


EXPERIMENTAL PROCEDURE 
Preparation of Samples 


In order that the chemical composition and the initial microstruc- 
ture of all the samples should be as nearly the same as possible, the 
original hot strip of 6.5 inches in width was slit into three strips, each 
2 inches wide. Each of the strips was then rolled on a single stand 
4 high mill. One of these strips was rolled at a low temperature such as 
would be encountered when rolling the first strip on a cold mill—one 
which had been idle overnight. The second rolling was performed after 
the mill had been in operation for some time, and the housing and the 
back-up rolls had become quite warm. The third and last rolling was 
performed after the mill had been in operation for a considerably 
longer time, and the rolls and mill stand were quite hot. In this rolling 
no water was circulating through the cooling drums; however, the 
speed of the mill was increased as well as the percentage of reduction 
per pass. 
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Table I 
Cold Rolling 
Hot Strip 6% Inches by 0.0985 Inch Total Reduction 75.9% 
Strip % Strip Temperature (°F.) of 
Pass Thick- Reduc- Reduc- Speed Strip Strip B.U.* 
No. ness tion tion F.P.M. Enter Leave’ Rolls Remarks 
0 0.0985 -- — 
l 0.084 0.0145 14.75 150 R.T. 120 80 Loading Pass 
2 0.0755 0.0085 10.1 200 90 120 90 
3 0.068 0.0075 9.9 180 100 130 90 
4 0.061 0.007 10.3 200 100 140 100 
5 0.055 0.006 9.8 200 110 150 100 
6 0.0495 0.0055 10.0 200 110 150 100 
7 0.0445 0.005 10.1 200 110 140 100 
8 0.040 0.0045 10.1 250 100 140 100 
9 0.036 0.004 10.0 200 100 140 100 
10 0.0325 0.0035 9.7 250 100 140 100 
11 0.029 0.0035 10.8 250 100 140 100 
12 0.026 0.003 10.3 250 90 130 100 
13 0.0235 0.0025 9.65 300 90 130 100 


Average 100 135 
(*) Back-up Rolls 


The samples taken from the first of these strips may be desig- 
nated as “cold-rolled” samples, the second as “normal-rolled” samples, 
ind the third as ““warm-rolled” samples. These terms “‘cold,” “‘normal,” 
ind ‘“‘warm” are used in this sense so as to properly differentiate these 
‘onditions of cold rolling from the term “hot rolling’? which correctly 
lesignates rolling at temperatures above 1300°F (705°C). The con- 
litions of rolling are presented in Tables I, II, and III. They include 
the initial and final thickness of each strip for each pass, the number of 
asses, and the per cent reduction per pass, the temperature of the strip 
ior each pass, and also the temperature of the back-up rolls. The re- 
lationship between the strip thickness-temperature for cold, normal and 
warm rolling is shown in Fig. 1. 


Table II 
Normal Rolling 





Hot Strip 6% Inches by 0.0985 Inch Total Reduction 75.9% 


Strip % Strip Temperature (°F.) of 
Pass Thick- Reduc- Reduc- Speed Strip Strip B.U.* 
No. ness tion tion F.P.M. Enter Leave Rolls Remarks 
() 0.0985 . 
| 0.0865 0.012 12.2 500 Re. 110 130 Loading Pass 
1200 
2 0.0735 0.013 15 1300 120 150 130 
1000 
3 0.0625 0.011 15 1200 130 190 140 
900 
4 0.053 0.0095 15.2 1100 170 250 160 
800 
5 0.045 0.008 15.1 1000 180 250 160 
800 
6 0.0383 0.0067 14.9 1000 210 270 180 
800 
7 0.0325 0.0058 15.1 1000 280 280 180 
900 
8 0.0277 0.0048 14.8 1150 260 300 200 
1000 
9 0.0235 0.0042 15.1 1200 230 260 180 


Average 185 230 





(*) Back-up Rolls 





LE ——————— 
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Table Ill 
Warm Rolling 


Hot Strip 6% Inches by 0.0985 Inch Total Reduction 75.9% 
Strip Temperature (°F.) of 


Strip % Speed Strip Strip B.U.* 
Thickness Reduction Reduction F.P.M. Enter Leave Rolls Remarks 

0.0985 _ woe $00 — — oe 

0.072 0.0265 26.9 ae R.T. 180 150 Loading Pass 
0.057 0.015 20.9 1200 140 240 160 

0.046 0.011 19.4 1300 220 270 170 

0.037 0.009 19.5 1200 250 340 190 

0.0295 0.0075 20.3 1300 260 360 200 

0.0235 0.006 20.3 1900 360 620 210 


Average 220 335 
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Pig. i—Strip Thickness-Temperature Curves for Cold, Normal and 
Warm-Rolled Strip. 


The temperatures of the strip during rolling were measured by 


mean 
were 
these 


s of an Alnor Pyrocon portabie-contact pyrometer. On each strip 
placed special “markers” separated initially by several feet. As 
“markers” passed the observer for each pass, the temperature 


between each of them was recorded along with the other data. The 
rolling operation was at no time interfered with by the observer. 

The total reduction for each of the strips was the same. However, 
to attain the higher temperatures the number of passes for the separate 


strips 


was decreased, and the per cent of reduction per pass as well as 
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the speed of the strip was increased. The mean temperatures for the 
strips entering and leaving the rolls are summarized in the table below: 


Condition Mean Number Average __Mean Temperature “F Back-up 
of Speed of Reduction Strip Strip Increase Rolls 

Rolling Ft/Min. Passes Per Pass Enter Leave Ave. °F 
Cold 220 13 10.4% 100 135 35 180 
Normal 1000 9 14.7% 185 230 45 95 
Warm 1300 6 21.2% 220 335 115 165 


[he temperature attained in the warm rolling at the last pass was 


620°F (325°C). 


X-ray Samples and Technique 


Several samples were taken from that portion of the strip between 
ie “markers” and were distributed along its length. None of the sam- 
les for X-ray analysis were taken from the edge of a strip, but only 
rom its central section. The samples taken from a given strip were 
laced into three groups. In one of these groups the surface of the 
imple for X-ray analysis was used in the “as-rolled’’ (unetched ) con- 
tion. The second group was etched in warm dilute nitric acid until 
; thickness had been reduced by 25%, and the third group was 
milarly etched to 50% of its original thickness. In the preparation of 
e latter two groups, one surface was adequately protected against acid 
tack by a coating of hard DeKhotinsky cement. The surfaces of the 
‘spective groups thus used for X-ray examination were (a) the un- 
eated surfaces, (b) surfaces 25% below the original surface of the 
imple, and (c) the surface in the central plane or 50% below the 
riginal surface of the sample. 


X-raygrams 


The “reflection” method of analysis in which the X-ray beam is 
ncident at a definite angle on the surface of the sample was used. The 
ingle used was 10 degrees as this is the Bragg angle for Mo Ka radia- 
ion for the (110) planes of iron. The most important advantage of 
his method is that it does not necessitate the preparation of a sample 
of a definite thickness, but rather the depth of penetration of the X-rays 
determines the effective thickness of the sample examined. The only 
disadvantage of the “reflection” method is that it does not give the 
entire diffraction ring. All X-raygrams were taken with the plane of 
the beam perpendicular (transverse “T”’) to the rolling direction, and 
parallel (P) to the rolling direction. These conditions are designated 
respectively by the notation T-10 and P-10. 

In Fig. 2 are shown a set of X-raygrams taken in the transverse 
(T) direction, in which the diffraction patterns for the cold-rolled 
samples are compared with the patterns for the warm-rolled samples 
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Fig. 2—X-ray Diffraction Patterns of Warm and Cold-Rolled Samples. All pattern 
were taken in the transverse (T) direction with the surface of the specimen set at an angle 
of 10 degrees with the X-Ray beam using Mo Ka radiation. (a) X-ray pattern of warm 
rolled sample (upper half of print) and cold-rolled sample (lower half) of the unetched surfac« 
(b) Same arrangement as (a) but etched to 25% below the surface. (c) Same arrangement 
as (a) but etched to 50% below the surface. The comparison patterns were made on th: 
same pin-hole and film to obviate differences in exposure, film, and developing. 


at the surface, 25%, and 50% etch. The diffraction ring (110) of th 
X-ray patterns taken at the surface of the warm-rolled samples hav 
their maximum intensities in the vertical position of the arc. All the 
cold-rolled samples have the conventional cold-rolled diffraction pat 
tern of iron in which the maximum of the diffraction ring (110) makes 
an angle of 30 degrees with the vertical. The intensity maximums of 
the diffraction patterns for the warm-rolled samples are less sharply 
defined for the 25% etch and 50% etch, than for the cold-rolled 
samples. 

In Fig. 3 are presented the diffraction patterns taken in the 
parallel (P) direction in which the patterns for the warm and cold- 
rolled samples are compared at the surface, 25% etch, and 50% etch. 
For the warm-rolled samples at the surface, the maximum of intensity 
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ci 
Fig. 3—X-ray Diffraction Patterns of Warm and Cold-Rolled Samples. All patterns 
» taken in the parallel (P) direction with the surface of the specimen set at an angle 

degrees with the X-ray beam using Mo Ka radiation. (a) X-ray pattern of warm-rolled 
ples (upper half of print) and cold-rolled samples (lower half) of the unetched surface. 
Same arrangement as (a) but etched to 25% below the surface. (c) Same arrangement 
a) but etched to 50% below the surface. The comparison patterns were made on the same 
hole and film to obviate differences in exposure, film, and developing. 


{ the diffraction ring (110) is again in the vertical position of the 
irc while the cold-rolled samples show the conventional pattern in 
which the maximums are at an angle of 45 degrees from the vertical. 
(he maximums for the warm-rolled samples are less sharply defined 
tor the 25% and 50% etch than for the corresponding cold-rolled 
samples. Similar X-raygrams were also taken in which the diffraction 
patterns for warm and normal-rolled samples were compared. No 
X-raygrams are presented but the intensity curves of such patterns are 
submitted. 


Intensity Curves 
Visual examination of the diffraction patterns gives only a quali- 
tative comparison of their relative intensity. In order that such com- 
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Fig. 4—lIntensity of the (110) Diffraction Pattern Measured in Degrees From the 
Vertical. Comparison of intensities for warm and cold-rolled sample. (a) at the sur- 
face, (b) 25% etch, and (c) 50% etch. X-raygrams taken in the transverse (T) direc- 
tion. Comparison of intensities for warm, normal, and cold-rolled sample (d) at the 
surface, (e) 25% etch, and (f), 50% etch. X-raygrams taken in the parallel (P) direc- 
tion. 


parison may be quantitative in nature, microphotometer measurements 
were made at 5 degree intervals from a vertical line through the dif- 
fraction patterns, for all the rolled samples cold, normal, and warm, 
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30 O lO 20 30 40 
Degrees From Vertical on(IIlO) Diffraction Ring 


Fig. 5—Intensity of the (110) Diffraction Pattern Measured in Degrees From the 


Vertical. (a) Comparison of the intensities for the warm-rolled samples at the surface, 
5 oF 


25% etch, and 50% etch. X-raygrams taken in the transverse (T) direction. (b) Similar 
comparisons for the warm-rolled samples, with X- raygrams taken in the par allel (P) 
direction. (c) Broad band indicating the range of intersities for normal and cold-rolled 
samples at the surface, 25% etch, and 50% eteh. X-raygrams taken in the transverse 
(T) direction. (d) Similar to (c) with the X- raygrams taken in the parallel (P) direction. 


ind at the surface, 25 and 50% etch. Intensity curves in which the in- 
tensity of the diffraction ring as ordinate is plotted against the angular 
co-ordinate in degrees as abscissa are presented in Figs. 4 and 5. In 
Fig. 4a, 4b and 4c, the intensity curves for the cold and warm-rolled 
samples taken in the transverse (T) direction are compared at the 
surface, 25% etch, and 50% etch. The curves for the normal-rolled 
samples are not included since they agree closely with the cold-rolled 
samples. In Fig. 4d, 4e and 4f, similar comparisons are made for the 
parallel (P) direction. The curves for the normal-rolled samples are 
included in Fig. 4d and 4e, but not in 4f. In Fig. 5a and 5b, comparison 
of the intensities are made for the warm-rolled samples at the surface, 
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Fig. 6a—110 Pole Figure for the Conventional Cold-Rolled 
(001) [110] Texture of Strip Steel. 

Fig. 6b—110 Pole Figure for (110) [001] Texture Devel- 
oped at the Surface by Warm Rolling of Strip Steel. 


25% etch, and 50% etch, for both the transverse (T) and parallel (P ) 
directions. Similar comparisons are also made for the normal-rolled 
samples in Fig. 5¢c and 5d, where the intensity curves for surface, 25 
and 50% etch fall within a broad band. 
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DiscUSSION OF INTENSITY CURVES 

The diffraction pattern taken at the surface of a warm-rolled 
sample has its maximum of intensity at zero degrees angular reading 
for both directions of the X-ray beam, while the normal and cold- 
rolled samples have their maximum of intensity at 30 and 45 degrees 
respectively, for both directions. The maximum of intensity is more 
sharply defined for the transverse (T) than for the parallel (P) di- 
rection. Also, the maximum of intensity for normal rolling is less 
sharply defined than the maximum for the cold rolling. 

The first of these surface textures in which the maximum of in- 
tensity is at zero degrees angular reading is the texture designated by 

110) [001] in which the diagonal plane of the elementary cube is in 
the rolling plane and the cube edge in the rolling direction. The second 
exture described by the notation (001) [110] has the cube face in 
he rolling plane and the diagonal of the cube face in the rolling direc- 
on, 

In the 25% etch samples the maximum of intensity in the trans- 
erse (T) direction for the warm-rolled samples agrees in position 
ith the maximum of intensity for the cold-rolled samples though it 
considerably less intense. However, in the parallel (P) direction 
iximum of intensity for the warm-rolled samples occurs at zero de- 
rees, while for the normal and cold-rolled samples it occurs at 45 
egrees. 

In the 50% etch samples, or the middle of the sample, there is 
‘ry little difference in the distribution of the intensities. However, 
e cold-rolled samples always show a more sharply defined maximum 
id thus a higher degree of preferred orientation. 

In Fig. 5a and 5b, the intensity curves for the surface, 25% etch 
nd 50% etch, are compared for the warm-rolled samples. These 
irves show that the (110) [001] texture in which the maximum of 
itensity occurs at zero angle, is primarily a surface effect. For the 
% etch the maximum of intensity occurs in the transverse (T) 

irection at 30 degrees, while in the parallel (P) direction the maxi- 
num still occurs at zero degrees. This difference between the two 
ypes of textures is due to the partial rotation of the grain fragments 
round the axis normal to the rolling direction and in the rolling plane. 

The normal-rolled samples as well as the cold-rolled samples at 
ll levels examined gives the first type of texture (001) [110], though 
the intensity maxima are more sharply defined at the central plane than 

at the surface. This is indicated by the curves of Fig. 5¢ and 5d, in 
which the curves cross but fall within a broad band. 

In Fig. 6a and 6b, are presented the pole figures for the two types 

of textures. These figures were constructed according to a method of 
analysis due to Wood (8), and DeBarr and Roberts (9). 


_~ 
~ 
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CoNCLUSIONS 


An analysis of the experimental results presented justifies certain 
conclusions : 

1. That the texture developed in the warm rolled samples is zonal 
in nature. 

2. That at the surface of a low carbon steel strip when rolled at 
a temperature above 400°F (205°C), the texture existing at the 
surface is of the type (110) [001]. 

3. That at the center of the strip the texture is of the type (001) 
[110], which is the conventional cold rolling texture. 

4. That in a plane 25% below the surface of the strip, the texture 
represents a transition from that of the first to the second type. This 
transition may be considered as a rotation of the crystal planes around 
an axis in the plane of rolling, and normal to the direction of rolling. 
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AN ELECTRON METALLOGRAPHIC STUDY OF THE 
DEPENDANCE OF MICROSTRUCTURE ON 
HARDENABILITY 


By S. T. Ross, R. P. SeErRNKA anp W. E. Jominy 


Abstract 


The nature of nonmartensitic transformation products 
in six 0.40% carbon steels is predicted from cooling transfor- 
mation diagrams and identified by electron microscopy. In- 
completely transformed martensitic areas of end quench 
hardenability bars are studied. Three shallow hardening steels 
(SAE 1040, 1340 and 4040) contain carbide-free ferrite, 
pearlite and upper bainite in martensite. Three deeper hard- 
ening steels (SAE 4340, 5140 and 8640) contain carbide-free 
ferrite, upper bainite and lower bainite in martensite. The 
physical appearance of the phases comprising the constituents 
of transformation products is similar for all steels investi- 
gated. A martensite subgrain structure is also reported. The 
accuracy of the proeutectoid ferrite area of the SAE 4340 
steel cooling transformation diagram is questioned on the 
basis of current data. An estimated revision of the area ts in- 


cluded. 


INTRODUCTION 


HE hardenability of steels is commonly determined through use 

of the end quench test. Such hardenability specimens contain struc- 
ires present as a result of continuous cooling conditions which vary 
‘om the drastic water quench to an air cool. These structures are 
lartensite, proeutectoid ferrite (or carbide), upper bainite, lower 
unite, pearlite and a constituent associated with martensite which 
innot be classified by optical microscopy. 

Early researchers such as Portevin (1)! called this unknown 
tructure troostite or primary troostite. More recently (2,3) the name 
as become transformation products or intermediate transformation 
roducts. Hollomon and Jaffe (4) refer to a nonmartensitic product 
ind establish a need for its identification on the basis that it could en- 


able more accurate determination of the effect of alloying elements on 
hardenability. 





|The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 
Steel Analyses and Grain Size Measurements 


ASTM 
Grain — Percent Alloying Elements —— eenctite 
Type Size ; Mn P S Si ne Ce Mo emp., °F 
SAE 1040 8 ; 0.71 0.017 0.026 0.24 A 0.16 0.01 1550 
SAE 1340 ~9 ; 1.88 0.019 0.024 0.29 : 0.04 0.03 1550 
SAE 4040 —8 45 0.84 0.011 0.028 0.25 .03 0.04 0.24 1500 
SAE 4340 9 . 0.70 0.012 0.022 0.26 s 0.99 0.21 1500 
SAE 5140 8 ; 0.82 0.020 0.030 0.28 p 0.86 0.06 1500 
SAE 8640 -9 . 0.86 0.024 0.030 0.23 50 0.45 0.20 1550 


Occurrence of the other structures resulting from heat treatment 
of steels can be predicted from such relationships as isothermal or 
cooling transformation diagrams. Since transformation products are 
a result of an austenite change, it should also be possible to predict 
their nature from some time temperature relationship. Thus, the pur- 
pose of this investigation was twofold: To identify and to predict the 
nature of transformation products associated with martensite in in 
completely hardened steels. 


HARDENABILITY BARS 


Six common hypoeutectoid steels of the 0.40 carbon range wer 
chosen for this investigation: SAE 1040, 1340, 4040, 4340, 5140 an 
8640. The first three are shallow hardening, while the final three may) 
be regarded as relatively deep hardening steels. End quench harden 


ability bars were machined from cold-rolled rods of each steel whic! 
had been normalized previously for 4 hours at 1650 °F (900 °C). Wit! 
the exception of the SAE 4340 bar, each was of the standard dimen 
sions : 3 inches long by 1 inch in diameter. The SAE 4340 bar was mad: 
4 inches long since, because of its extremely deep hardening charac 
teristics, it was not possible to obtain a 50% martensitic area withi 
3 inches from the quenched end. Analyses and grain size measure 
ments of the steels investigated are given in Table I. 

Hardenability data were recorded on standard forms (5). Thes 
forms indicate the relationships between Rockwell C hardness, distanc 
from the quenched end in %g¢ inch and cooling rate as measured a 
1300 °F (705°C). Also, notation was made of the location of the 90 
70 and 50% martensitic areas of each bar. These data were condensed 
and are presented in Table II. The hardenability data are in agreement 
with those obtained by U. S. Steel (6) and the SAE (7). 

The per cent martensite was rated by optical microscopy at X 500 
on polished and etched surfaces. Fig. 1 is given in example. It shows 
an area rated as 90% martensite on the SAE 5140 hardenability bar. 
at 4, inch from its quenched end. Fig. 2 is a photograph of the same 
area taken near the limit of optical microscopic magnification a‘ 
X 2000. It will be noted that the black transformation products are in 
capable of resolution at both X 500 and X 2000. 








1955 EFFECT OF MICROSTRUCTURE ON HARDENABILITY — 729 


Table II 
Hardenability Data 


Distance from 


Per cent Quenched End, Cooling Rate at 1300 °F 
Type Martensite 1/16 Inch °F per Second 

SAE 1040 90 2.1 190 

SAE 1040 70 2.8 120 

SAE 1040 50 KK 100 

SAE 1340 90 4.0 75 

SAE 1340 70 5.5 50 

SAE 1340 50 7.0 36 

SAE 4040 90 3.0 100 

SAE 4040 70 3.5 85 

SAE 4040 50 4.5 60 

SAE 4340 90 18.0 ‘ 

SAE 4340 70 54.0 3 (Est.) 
SAE 4340 50 63.0 0.2 (Est.) 
SAE 5140 90 3.0 100 

SAE 5140 70 4.5 60 

SAE 5140 50 6.5 40 

SAE 8640 90 4.5 60 

SAE 8640 70 6.0 45 

SAE 8640 50 8.0 30 





Fig. 1—Micrograph of SAE 5140. The Area Shown was Judged to Contain 90% 
\lartensite. Similar Ratings on Each Hardenability Bar of the Six Steels Investigated 
Were Made at this Magnification for 90%, 70% and 50% Martensite. 4% Picral Etch. 
X 500. 

Fig. 2—Micrograph of SAE 5140. The Area Shown is 90% Martensite. At This 
Higher Magnification, Which is Nearing the Practical Limit of the Light Microscope, the 
l'ransformation Products are Still Unresolved. 4% Picral Etch. X 2000. 


Cooling rates at 1300°F (705°C) for each 90, 70 and 50% 

inartensitic area were determined from the hardenability data and are 
listed in Table II. Areas of lower martensite content were not included. 

Slack quenching is not often done deliberately, and few such areas are 

of critical significance in commercial production. It was recognized 

that the cooling rate of a given area on a hardenability bar varies at 
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lower temperatures from that determined at 1300°F (705 °C). How- 
ever, it was believed that such variation would not be so significant as 
to destroy the qualitative nature of the investigation. 


CooLING TRANSFORMATION DIAGRAMS 


A time temperature relationship for the decomposition of aus- 
tenite and its transformation to martensite is recorded for a steel by its 
isothermal transformation diagram. The data required for construction 
of these diagrams are gathered under constant temperature, or iso- 
thermal, conditions. However, the end quench hardenability bar is 
subjected to an infinite number of rates of cooling. Thus, its austenite 
cannot be considered as undergoing isothermal change. 

According to Grange and Kiefer (9) and Liedholm (10), the 
isothermal transformation diagram does not reflect the course of 
austenite decomposition or transformation under conditions of con- 
tinuous cooling. Moreover, cooling rate curves cannot be constructed 
on it without contradiction of the principle of constant temperature 
change. However, a diagram can be constructed from an isothermal! 
transformation diagram which will allow prediction of the course of 
athermal austenite change. It is referred to as a cooling transformation 
diagram. Cooling curves may be plotted on this diagram without vio- 
lation of underlying principles. 

The method of Grange and Kiefer (9) was used to construct cool 
ing transformation diagrams for the steels considered in this report 
Isothermal data were not available for SAE 1040 and 8640 steels 
However, Grange (11) recommended that their isothermal diagrams 
be estimated from data published on other steels of the same alloy 
type. Thus, the isothermal transformation diagram for SAE 8640 stee! 
was estimated from data published on SAE 8630 and 8660 steels, and 
that for SAE 1040 was estimated from data on SAE 1050 and 106( 
steels. The Ms temperatures for the steels were calculated from th: 
data of Republic Steel (12) after the method of Grange and Stewar' 
(13). The balance of the cooling transformation diagrams were cal 
culated from the isothermal data of U.S. Steel (6). 

In construction, two basic assumptions are made: 

1. The condition of continuously cooled austenite at the instant 
it cools to the temperature at which its cooling curve intersects the 
line signifying the beginning of austenite decomposition on the iso 
thermal transformation diagram is not substantially different than if 
the austenite had been quenched instantly to that temperature. Thus, 
some additional cooling time will be required before any measurable 
decomposition occurs, 

2. The amount of decomposition of austenite cooled through a 
limited temperature range (T, to T2) ina given time (1, to Iz) is ap- 
proximately equal to the amount indicated by the isothermal diagram 
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Fig. 4—Cooling Transformation Diagram of SAE 1340 Steel. 


at the mean temperature 4% (T, + Te) after a time interval of 
( I, — I,) ° 

Cooling transformation diagrams so determined are given in 
Figs. 3 through 8. Those for SAE 1040, 1340 and 4040 steels contain 
areas wherein austenite decomposes to ferrite and pearlite directly 
over areas wherein austenite decomposes to ferrite and bainite. Most 
authors generalize by describing both of these areas as one large region 
representing the decomposition of austenite to ferrite and carbide. 
Since prediction of the nature of decomposition products is desired, it 





732 TRANSACTIONS OF THE ASM Vol. 47 


eee + Ferrite 


Gee 





Time - Sec 


Fig. 5—-Cooling Transformation Diagram of SAE 4040 Steel. 
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Fig. 6—Cooling Transformation Diagram of SAE 4340 Steel. 


is necessary to divide this region into pearlitic and bainitic areas accord- 
ing to the temperatures and configurations of the diagrams involved. 
Therefore, the dashed line dividing these areas extends from the 
pearlite nose of the cooling transformation diagram to the lowest in- 
flection point of the end-of-transformation line. Each is a point of in- 
flection showing different rates of change at both higher and lower 
temperatures. Thus, the effects of two reactions are indicated. The 
higher temperature decomposition is to pearlite and the lower is to 
bainite. Insufficient data were available to allow distinction between 
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Fig. 8—Cooling Transformation Diagram of SAE 8640 Steel. 


areas of upper and lower bainite. Differentiation between these prod- 
ucts could be made only on the basis of microstructure. 

Curves indicating the cooling rates for 90, 70 and 50% marten- 
sitic areas as determined from hardenability data were plotted from 
the Ae, temperature on the cooling transformation diagram of each 
steel. The nature of their transformation products was then predicted 
from consideration of .the mode of intersection of the cooling curves 
with the diagrams. Table III lists the predictions made from considera- 


tion of Figs. 3 through 8. 
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Table III 
Predictions of Transformation Products 


Cooling Rate Range 


Steel °F Per Second Predicted Nature of Transformation Products 
SAE 1040 130 —240 Pearlite, Bainite and Carbide-free Ferrite 
SAE 1340 36 — 75 Pearlite, Bainite and Carbide-free Ferrite 
SAE 4040 60 -—100 Pearlite, Bainite and Carbide-free Ferrite 
SAE 4340 0.2—- 8 Bainite 
SAE 5140 40 -100 Bainite and Carbide-free Ferrite 
SAE 8640 30 — 60 Bainite and Carbide-free Ferrite 








ELECTRON METALLOGRAPHY 


The hardenability bars examined were finish-polished on diamond 
abrasive laps and etched with 4% picral containing 0.1% zephiran 
chloride. Parlodion replicas were dry-stripped from the bars at each 
90, 70 and 50% martensitic area. The replicas were shadowed with 
chromium at an angle of approximately 45 degrees. Impressions used 
in obtaining hardenability data were used as guides in positioning 200- 
mesh nickel grids at the proper areas for stripping of the replicas. Grids 
served the dual purpose of delineating rated areas for study in the 
electron microscope, and supporting replicas in the electron stream. 

An RCA model EMU-Z2B electron microscope was used for view- 
ing the shadowed replicas at & 4000. Electron micrographs were 
taken at the selected areas using lantern slide contrast plates. Enlarged 
prints at X 15,000 were made from the & 4000 negatives. Micrographs 
were taken in such a manner that they would represent the nature of 
transformation products, and not necessarily reflect their relative 
amount at a given position. 

Progress reports (14, 15) issued by ASTM are concerned with 
identification of the microstructures of steel obtained through electron 
metallography. They are considered standards for isothermal work, 
and can serve as excellent guides for athermal investigations. 

This report concerns 0.40% carbon steel hardenability bars, and 
the published work was done on 0.87% carbon steel specimens iso- 
thermally transformed. Therefore, the ASTM data must be inter- 
preted to apply to these altered conditions. Since all steels under 
investigation are hypoeutectoid, they can contain proeutectoid ferrite, 
a structure not studied by the ASTM Committee. 

Some of the transformation products in martensite were under- 
developed in nature. Thus, differentiation between embryonic upper 
bainite and pearlite was difficult. Comparison of these structures in 
the ASTM papers was made on the basis of carbide size and orienta- 
tion. Since randomness, or order, of carbide distribution and relative 
size could not always be determined, another criterion of comparison 
was used in this investigation. 

The acicular nature of bainite has been well established in both 
light and electron metallography. Likewise, the equiaxed grain struc- 
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Table IV 





Identification of Transformation Products 

Fig. Percent ; 
No. Steel Martensite Identity of Transformation Products 

9 SAE 1040 90 Ferrite in Martensite (Pearlitic) 

10 SAE 1040 70 Pearlite, Upper Bainite and Carbide-free Ferrite 
11 SAE 1340 50 Upper Bainite and Carbide-free Ferrite 

12 SAE 1340 90 Pearlite and Carbide-free Ferrite 

13 SAE 4040 50 Pearlite and Upper Bainite 

14 SAE 4040 70 Pearlite and Upper Bainite 

15 SAE 8640 50 Lower Bainite 

16 SAE 8640 50 Upper Bainite 

17 SAE 5140 70 Lower Bainite 

18 SAE 5140 50 Carbide-free Ferrite, Upper and Lower Bainite 
19 SAE 4340 90 Carbide-free Ferrite and Upper and Lower Bainite 


y 
| 
| 


* 4340 50 Lower Bainite 


ture of pearlite has also been established. In this report, areas of 
electron micrographs in question were identified as upper bainite if 
they displayed an acicular habit and as pearlite if they were rhombo- 
hedral or equiaxed in nature. The typical cross-striated structure found 
in lower bainite needles was considered as readily identifiable in trans- 
formation products as in the ASTM specimens. 

The embryonic nature of transformation products also became 
apparent in some wholly pearlitic areas. Incomplete decomposition ap- 
parently resulted in lamellae of ferrite and martensite rather than fer- 
rite and carbide. Such areas, although not pearlite in the strict sense 
were regarded as pearlitic in habit for the purposes of classification. 


Identification of Transformation Products 

Figs. 9 through 20 are representative electron micrographs taken 
at the rated areas of each steel. All photomicrographs are captioned, 
and a summary of their structures is given in Table IV. 

Transformation products in the shallow hardening steels exhibited 
a marked pearlitic tendency. However, in these steels (SAE 1040, 1340 
and 4040) areas of carbide-free ferrite and upper bainite were found 
to coexist with pearlite in martensite. The deeper hardening steels 
contained upper and lower bainite and carbide-free ferrite as trans- 
formation products. The occurrence of proeutectoid ferrite in the 
martensite of SAE 4340 steel was not predicted from consideration of 
the cooling transformation diagram. However, carbide-free ferrite was 
found in transformation products of SAE 4340 steel to the same rela- 
tive extent as it was found in SAE 5140 and 8640 steels. The possibility 
that retained austenite could have been mistaken for carbide-free fer- 
rite was investigated by X-ray diffraction methods. A G.E. XRD-3 
direct-reading unit using chromium K« radiation at a tube voltage 
of 35 KV and 22 milliamperes was employed. This diffraction study re- 
vealed that no austenite was present in the investigated areas of the 
SAE 4340 sample. The martensite matrices appeared roughened and 
to have a subgrain structure. No lower bainite was found in the marten- 
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Fig. 9—SAE 1040 at an Area of 90% Martensite. Ferrite has Precipitated Along Pre 
ferred Planes Retained from the Prior Austenite and Displays the Pearlitic Habit within 
the Martensite Matrix. The Arrow Points to an Area of Pro-eutectoid Ferrite. X 15,000. 


Fig. 10—SAE 1040 at an Area of 70% Martensite. The Area Shown is Largely 
Pearlitic in Nature, But Contains Some Carbides Oriented in the Manner of Upper Bainite 
as May be Seen at the Bottom of the Micrograph. X 15,000. 


Fig. 11—SAE 1340 at an Area of 50% Martensite. The Intersection of Several Needles 
Containing Ferrite and Carbides Oriented as Upper Bainite is shown. X 15,000. 


Fig. 12—SAE 1340 at an area of 90% Martensite. Some Carbide-free ferrite areas 
Exist, and the Arrows Indicate an Area Containing Ferrite and Carbides in the Pearlitic 
Habit. X 15,000. 











1955 EFFECT OF MICROSTRUCTURE ON HARDENABILITY = 737 





Fig. 13—SAE 4040 at an Area of 50% Martensite. The Area is Predominately Pearlitic 


with Some Carbides Oriented in the Manner of Upper Bainite. No Martensite is Present 
in the Micrograph. X 15,000. 


Fig. 14—SAE 4040 at an Area of 70% Martensite. The Long Carbides Are Oriented 
in a Pearlitic Manner, while Those at the Right Appear as Upper Bainite. X 15,000. 


Fig. 15—-SAE 8640 at an Area of 50% Martensite. Several Needles of Lower Bainite 
are Oriented so that Their Axes are Nearly Vertical. A Cross-striated Habit is evident, 
which is Typical of Carbides*in Lower Bainite. X 15,000. 


Fig. 16—SAE 8640 at an Area of 50% Martensite. The Electron Micrograph Shows 
an Area of Upper Bainite Containing Carbides Oriented in Several Directions as Shown 
by the Arrows. This Indicates the Intersection of Several Upper Bainite Needles. X 15,000. 
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Fig. 17—SAE 5140 at an Area of 70% Martensite. A Long Needle of Lower Bainite 
is Shown, Containing Cross-striated Carbides at Angles of About 60 degrees to its Axis. 
X 15,000. 


Fig. 18—SAE 5140 at an Area of 50% Martensite. A Bainitic Area is Shown Con- 
taining Carbides Oriented Both Parallel to its Axis in the Manner of Upper Bainite, and 
at 60 degree Angles to its Axis in the Manner of Lower Bainite. The arrow points to the 
Region of Upper Bainite. X 15,000. 


Fig. 19—SAE 4340 at an Area of 70% Martensite. A Needle of Lower Bainite Ap- 
pears at the Bottom of the Micrograph. A Large Area of Ferrite at the Upper Right is 
Relatively Carbide-free. X 15,000. 


Fig. 20—-SAE 4340 at an Area of 50% Martensite. A Portion of a Large Needle Con- 
taining Carbides Oriented in the Manner of Lower Bainite is Shown. X 15,000. 


site of the shallow hardening steels, nor was any pearlite found in the 
martensite of the deeper hardening steels. 
Discussion 

It is now evident that the transformation products which could 
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not be resolved with the light microscope are finely divided products of 
austenite decomposition, or ferrite, pearlite, upper bainite and lower 
bainite. The martensite subgrain structure requires further investiga- 
tion, and may well be explained as being intermediate in the austenite 
decomposition when improved metallographic techniques enable resolu- 
tion at levels greater than & 15,000. The electron microscope, itself, is 
capable of higher magnification and greater resolution. However, 
electron metallographic technique is limited by both the resolving 
power of the etchant and the resolving power of the plastic replica (16). 
In this investigation, it was experienced that exposure of negatives at 
levels much greater than & 4000 resulted in empty magnification and 
loss in definition. Correspondingly, very little was gained by enlarging 
final prints to magnifications beyond 15,000. 

Consideration of the electron micrographs corroborates the con- 
cept that pearlite and upper and lower bainite are carbide-ferrite ag- 
elomerates differing only in the mode of their carbide precipitation. A 
corrolary to this concept may also be drawn: Pearlite or upper bainite 
or lower bainite will be of the same configuration in the martensite of 
all incompletely transformed steels. The amount of proeutectoid con- 
stituent may vary with the carbon content, but the arrangement of 
carbides within any given type of ferrite-carbide agglomerate in marten- 
site is the same. 

For example, pearlite in SAE 1340 steel is similar to pearlite in 
SAE 4040 steel as shown by Figs. 12 and 14. Likewise, lower bainite 
in SAE 8640 steel is similar to that in the martensite of SAE 4340 
steel as illustrated by Figs. 15 and 19. Thus, there is a lack of direct 
correlation between the chemical content (exclusive of carbon) and the 
nicrostructure of alloy steels that have been incompletely hardened. 
However, correlation has been established between chemical content 
and the hardenability of alloy steels. This report indicates that the 
nature of decomposition products in martensite is dependant on the 
hardenability of a given steel. Therefore, it may be summarized that 
alloy content will not influence the configuration of the ferrite and 
‘arbides in each decomposition product, but it will be a factor in deter- 
mining which decomposition products will be present in the martensite 
of an incompletely hardened steel. 

Interpretation of the electron micrographs also indicates that 
the same transformation products have been found in all rated areas 
of each given steel whether they contain 90 or 50% martensite. Thus, 
the suggestion of Hollomon and Jaffe (4) that the first nonmartensitic 
product is bainite does not appear to hold true for shallow hardening 
steels. Upper bainite was found only in conjunction with pearlite in 
SAE 1040, 1340 and 4040 steels, even at 90% martensitic areas. It 
seems much more likely that the first nonmartensitic product will be a 
proeutectoid constituent rather than a carbide-ferrite agglomerate ; 
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either carbide-free ferrite or cementite, depending on the carbon con- 
tent of the alloy in question. 

Analysis of the cooling transformation diagram of SAE 4340 
steel did not lead to prediction of the carbide-free ferrite that was found 
in the electron micrographs. Recent unpublished work (17) on the 
magnetic determination of the SAE 4340 steel cooling transformation 
diagram agrees with this electron micrographic evidence. Thus, the 
accuracy of the published isothermal transformation diagram (6) upon 
which Fig. 6 was based can be questioned. It is believed that reinvesti- 
gation of this diagram will disclose an enlarged proeutectoid ferrite 
region. An estimated revision of the cooling transformation diagram of 
SAE 4340 steel based on current data is indicated by dashed lines in 
Fig. 6. Since one in six of these steels investigated revealed discrep- 
ancies in isothermal data, other steels may require reinvestigation. 
Isothermal transformation diagrams for many steels were obtained 
before current techniques attained their present stage of development. 

Consideration of Figs. 3 through 8 resulted in accurate prediction 
of the nature of decomposition products found in the martensite of 
the steels investigated. These predictions also emphasize dependance 
on hardenability. Deep hardening steels do not contain pearlite in 
martensite, because, due to retarded initial decomposition, their 
austenite does not begin to change until such low temperatures ar« 
reached that pearlite is unable to form. Conversely, the austenite de 
composition in shallow-hardening steels is initiated at such higl 
temperatures that pearlite must form. 

From the thermodynamic concept, in end-quenched shallow 
hardening steels the free energy of formation of pearlite is greater 
than that of the formation of upper bainite over a range of temperatur: 
from the beginning of austenite decomposition to the pearlite nose o! 
the cooling transformation diagram as indicated in Fig. 21. Below th« 
nose and extending to the Ms temperature, the free energy of upper 
bainite formation is greater than that of pearlite formation. Below the 
Ms the free energy of formation of martensite is greater than either 
that of pearlite or upper bainite. Likewise, in end-quenched deep 
hardening steels, the free energy of upper bainite formation is the 
greater over the higher range of temperature, and that of lower bainite 
is the greater from some intermediate temperature down to the Ms 
temperature. It is understood that at rates faster than the critical cooling 
rate, these relationships are still valid, but that insufficient time is 
available for the proper amount of carbon diffusion to satisfy the 
several conditions of equilibrium. 

It should be emphasized that the three reactions: austenite —> 
pearlite ; austenite -> upper bainite and austenite -> lower bainite are 
similar in that all may be written : austenite —> ferrite + carbide. The 
electron micrographs show that the differences among ferrite-carbide 
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agglomerates lie in the mode of carbide precipitation in ferrite. For 
example, the long carbide plates of pearlite are the most stable (possess 
the greatest free energy of formation) at higher temperatures in 
shallow hardening steels as they are cooled toward the pearlite nose, 
while the shorter and cross-striating carbides of lower bainite are the 
most stable of all carbide configurations in deep hardening steels at 
temperatures near the Ms temperature. The fact that upper bainite and 
either pearlite or lower bainite can coexist in martensite indicates that, 
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Fig. 21—Relation Between Temperature, Free Energy and 
Austenite Decomposition in a Shallow-Hardening Steel. 


nce formed, a decomposition product possesses a sufficiently large 
nergy of activation that it does not undergo further change. If this 
vere not the case, then transformation products would have been 
lentified as consisting of only lower bainite and no steel would contain 
earlite no matter how slowly it was cooled. 

The following conclusions have been drawn from consideration 

{ the results of this investigation : 

1. The transformation products associated with martensite in 
ncompletely hardened steels can be resolved and identified by electron 
microscopy. 

2. The transformation products in the incompletely hardened 
shallow hardening steels (SAE 1040, 1340 and 4040) consist of ferrite 
and ferrite-carbide agglomerates identified as pearlite and upper 
hainite. 

3. The transformation products in the incompletely hardened 
deeper hardening steels (SAE 4340, 5140 and 8640) consist of ferrite 
and ferrite-carbide agglomerates identified as upper and lower bainite. 

4, The nature of transformation products in incompletely 
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hardened alloy steels can be predicted from consideration of applicable 
hardenability data and cooling transformation diagrams. 

5. With each individual steel investigated it was found that the 
same transformation products were always present whether that steel 
contained 90, 70 or 50% martensite. Between grades of steel these 
products can vary. 

6. The physical appearance of the phases (ferrite and carbide) 
comprising the constituents (pearlite, upper bainite or lower bainite) 
of transformation products is the same for all steels investigated, (e.g. 
pearlite in the martensite of SAE 1340 is similar to pearlite in the 
martensite of SAE 4040). 

7. The extent of the proeutectoid ferrite area of the SAE 4340 
cooling transformation diagram is questionable on the basis of mag- 
netic and electron microscopic evidence. Isothermal data on other 
steels may also require reinvestigation by these methods. 
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Written Discussion: By Bernard S. Lement, Research Staff (Division 
of Industrial Co operation), Massachusetts Institute of Technology, Cambridge, 
Mass. 

I would like to point out that Fig. 21 does not properly show the variation 
of free energy of formation (—AF) with temperature for the pearlite, bainite, 
and martensite reactions. The free energy of formation for each of these re- 
actions should be shown as continually increasing with decrease in temperature 
rather than first increasing and then decreasing to a zero value. 

The authors imply that it is necessary for the free energy of formation of 
bainite to be greater than that of pearlite in order for bainite to form; and for 
the free energy of formation of martensite to be greater than that of bainite in 
order for martensite to form. This is doubtful since at any temperature below 
Ay, the free energy of formation of pearlite would be expected to be greater 
than that of either bainite or martensite. 

From a thermodynamic point of view, a given reaction has the possibility 
of occurring if the free energy change is negative. However, whether the reac- 
tion will actually occur depends on rates of nucleation and growth. The prin- 
cipal factor controlling these rates is the activation energy associated with each 
process. The activation energy for the reaction as a whole is some combination 
of the activation energies for nucleation and growth. At a given temperature, 
the reaction that actually occurs is the one with the lowest activation energy. 
Thus, below the pearlite nose, bainite forms in preference to pearlite because 
the bainite reaction has a lower activation energy. Even though the free energy 
of formation may be lower than that of pearlite, the factors controlling kinetics 
are in favor of bainite formation. 

Written Discussion: By Subrata Bhattacharyya, research associate, 
Columbia University, New York. 

The authors have proposed that the appearance of a relatively carbide-free 
ferrite area in Fig. 19 indicates the presence of proeutectoid ferrite in their 
70% martensitic structure of SAE 4340 steel. They have also checked that no 
retained austenite is present in the resulting structure. 

Some electron-micrographic investigation has been carried out at Columbia 
University on isothermal transformation products of AISI 4340 steel, both at 
the lower and upper bainite temperature levels. At a transformation temperature 
of 845 °F, electron-micrograph of a partially transformed bainitic structure, as 
shown in Fig. 22, indicates many large ferrite areas free of carbide. At this 
temperature and under isothermal transformation condition no proeutectoid 
ferrite could be present in the structure. The large carbide-free ferrite areas could 
very well result from the fact that the orientation of the plane of polish was such 
that in those areas carbide particles were not intersected by the plane of polish. 
Also, this could be explained if we consider that for some reason, in these alloy 
steels carbide precipitation does not take place absolutely at random. It is also 
to be noticed in your Fig. 19 and in the given Fig. 22 that these relatively large 
carbide free areas are present in close proximity to the martensitic areas. With 
complete transformation and with time for far more uniform distribution of 
diffusing elements, appearance of such relatively large carbide-free areas will 
be insignificant. This has been verified in our investigation. Thus, it seems, that 
the ferrite in Fig. 19 may not be proeutectoid ferrite but is similar to what is 
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Fig. 22—Electron Photomicrographs of Upper Bainite Isothermally Formed at 845 °F 
for 100,000 seconds in AISI 4340 Steel. X 21,000. Etched in Saturated Picral. Ferrite 
areas can be seen within martensitic area and adjacent to it. Fine, short, black wavy lines 
in martensite are shadows of cracks in the replica. This is a reverse print. 


Fig. 23—Electron Phontomicrograph of Lower Bainite Isothermally Formed at 650 °F 
for 1200 seconds in AISI 4340 Steel. X 12,000. Etched in Saturated Picral. Cross-striated 
appearance of carbide particles indicative of lower bainite structure. This is a reverse print. 

Fig. 24—Electron Photomicrograph of Upper Bainite Isothermally Formed at 845 °F 
for 10,000 seconds under 60,000 psi stress in AISI 4340 Steel. X 12,000. Etched in Satu- 
rated Picral. Arrows indicate oriented appearance of some carbide particles indicative of 
lower bainite structure. This is a reverse print. 


indicated in Fig. 22. It therefore appears that more clear evidence of proeutectoid 
ferrite formation is necessary before any alteration in the present T-T-T dia- 
gram of AISI 4340 steel can be suggested. 

Table IV of the paper under discussion, indicates that in SAE 4340 steel, 
when 50% of austenite is transformed under continuous cooling, the transforma- 
tion product is lower bainite and an electron-micrograph of such a structure is 
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shown in Fig. 20. Table IV also indicates that at a faster cooling rate, when only 
10% of austenite is transformed, the transformed structure is carbide-free fer- 
rite, upper and lower bainite. Fig. 6 of this paper, however, indicates that with 
a slower cooling rate (50% martensite), the structure that is first formed will 
be in the upper bainite transformation range and thus one would expect more 
upper bainite in 50% martensitic structure in comparison to that in either 70% 
or 90% martensitic structure. 

At 650 °F, the isothermal transformation product is lower bainite, as ex- 
pected, and cross-striated appearance of the bainite is shown in Fig. 23. At 
845 °F, such cross-striated appearance is very seldom observed in the distribu- 
tion of carbide particles in the microstructure, but occasionally such is ob- 
served, and is shown in Fig. 24 as indicated by arrows. Possibly, lower to upper 
bainitic structural transition under isothermal condition begins around 800 °F 
and is completed not much above 850 °F. 























































Written Discussion: By R. A. Grange, United States Steel Corp., 
Fundamental Research Laboratory, Kearny, N. J. 

Reliable classification of the ferrite-carbide aggregate structures which 
are developed in steel continuously cooled from the austenitic state is often 
difficult, if not impossible, using the optical microscope; the authors are to be 
complimented for undertaking a pioneering study which applied the electron 
microscope to this problem. 

Using the electron microscope, the authors observed proeutectoid ferrite 
in specimens of 4340 steel cooled considerably faster than the critical cooling 
rate for proeutectoid ferrite according to a cooling transformation diagram 
estimated from isothermal data for a different heat of 4340 steel (Fig. 6). This 
led them to question the accuracy of the isothermal transformation diagram. If 
the following factors are considered, this apparent discrepancy demonstrates a 
limitation rather than an inaccuracy in isothermal transformation data. 

First, no single isothermal transformation diagram can precisely represent 
all heats of the grade of steel to which it applies. This is particularly true in 
the case of 4340 steel which, with elements on the high side of the permissible 
chemical composition range, will develop almost no proeutectoid ferrite and yet, 
with elements on the low side, is decidedly hypoeutectoid. Add to this the pos- 
sibility of chemical segregation in any particular sample, and it is to be expected 
that the amount of proeutectoid ferrite formed and, especially, the time required 
for proeutectoid ferrite to begin to form from austenite under either isothermal 
or continuous cooling conditions will vary appreciably among different heats 
of 4340 steel. 

Secondly, in common with most other isothermal transformation diagrams, 
the line representing the beginning of transformation in the 4340 isothermal 
transformation diagram referred to by the authors is based upon some arbitrary 
but definite amount of transformation rather than upon the first minute trace 
detectable anywhere in a specimen by means of the optical microscope. In this 
particular diagram, the beginning lines are based upon nominally 0.1% of 
transformation. A proeutectoid ferrite beginning line based upon the first trace 
of ferrite detectable with the optical microscope would be to the left of that 
shown in the published 4340 isothermal transformation diagram, and there 
would hence be less difference between it and the authors’ results using the 
electron microscope. It is pertinent to inquire of the authors as to the amount 
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of proeutectoid ferrite upon which the beginning line, as constructed in their 
Fig. 6, is based. 


Authors’ Reply 


The authors appreciate the comments and suggestions of Messrs. Lement, 
Bhattacharyya, and Grange. 

Dr. Lement has commented on Fig. 21 from the viewpoint of classical 
thermodynamics. His views agree with current writings. However, we think 
they are not entirely applicable to the problem at hand. We believe that two of 
the assumptions on which they are based are not entirely correct: (a) that 
equilibrium conditions exist and (b) that austenite decomposition can be repre- 
sented by a single equation. 

Table III of the paper indicates estimated cooling rates of areas of the end 
quench bars that were investigated. The rapidity with which these areas were 
cooled from Ae; to the M, temperatures precluded establishment of equilibrium 
during formation of nonmartensitic transformation. products. We have also 
shown that although the austenite change can be represented by the equation: 
austenite ——> ferrite + carbide, we consider that more accurate representation 
may be gained by use of the three relations: austenite ——> pearlite, austenite 
—> upper bainite and austenite —~ lower bainite. For the purpose of this 
treatment, the formation of pro-eutectoid ferrite was not considered. 

Concerning equilibrium conditions, we believe that the systems: austenite 
—-> pearlite and austenite —~> upper bainite are approaching a form of equi- 
librium with each other in the region of the pearlite nose. A similar situation 
exists between the system austenite ——> lower bainite and the martensite trans- 
formation at M, temperature. If the austenite change to nonmartensite decompo- 
sition products was thought to be represented by a single relation, the points of 
intersection of the curve in Fig. 21 at the pearlite nose and M,. temperatures 
could be considered as possible points on the free-energy temperature curve. It 
will be noted that these two points are indicative of constantly increasing free 
energy (—AF) with decreasing temperature. Rapid cooling of the end quench 
bars prevented consideration of single-reaction equilibrium at other tempera- 
tures. 

Passage of the separate curves through maxima is not considered contrary 
to current concepts, and it will be noted that the position of zero free energy 
has not been indicated on the abcissa of Fig. 21. The three curves were drawn 
to indicate the role of each reaction during austenite change to the nonmarten- 
sitic transformation products. Obviously, there was no need to represent them 
in their entirety. We are conscious of the importance of activation energy in 
consideration of reaction kinetics. We are also familiar with the concepts of 
pearlite nucleation by cementite and bainite nucleation by ferrite. Further, we 
know that two forms of bainite have been identified and that coarse pearlite may 
be differentiated from fine pearlite as a separate structure. Reconciliation of the 
structures of these three, and possibly four, products of austenite decomposition 
with the two proposed mechanisms of nucleation appeared exceedingly complex. 
Therefore, we employed the concept of the free energy-temperature diagram of 
Fig. 21. It was used to illustrate our concept of the relative importance of the 
separate reactions associated with austenite change to transformation products 
under the nonequilibrium conditions produced by continuous cooling. 
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Mr. Bhattacharyya has suggested that the carbide-free ferrite areas in 
SAE 4340 steel, as illustrated in Fig. 19, are the result of the mode of intersec- 
tion of the cutting plane with the microconstituent. Further, he compares these 
areas with those of his Fig. 22. 

The interpretation of Fig. 22 is difficult. Consideration of the highlights 
produced by shadowing discloses several etched levels. The few scratches present 
do not vary in appearance from martensite to what is described as ferrite, leav- 
ing doubt whether the so-called ferrite areas are etched in the expected manner. 
The probability of the cutting plane exposing such large areas free of carbide is 
remote. Although the cracks in the replica obscure the structure, it is believed 
the only ferrite present in Fig. 22 are the small depressed areas near the center 
and at one edge of the micrograph. The ferrite in Fig. 19 is a proeutectoid fer- 
rite, in that it formed before and did not take part in the decomposition of 
austenite to the two-phase mixture of ferrite + carbide. 

Bhattacharyya has also compared the structures listed in Table IV with 
those which he has anticipated on the basis of Fig. 6. It must be emphasized that 
Table IV is a summary of structures appearing in the micrographs as stated on 
page 735 of our paper; it is not a description of overall microstructures for the 
given rated areas. It is repeated that the micrographs do not represent the rela- 
tive amounts of the decomposition products, rather, only their nature. The 
relative amounts of microconstituents at any particular rated area is not a con- 
sideration of this paper. It is not believed that Fig. 6, or any of the cooling 
transformation diagrams indicates any more or less of one product than another 
at any rated area for a given steel. The cooling transformation diagrams are 
used in the qualitative sense only. 

It is agreed that Bhattacharyya’s Fig. 23 is representative of lower bainite 
and his Fig. 24 is representative of upper bainite. However, conjecture concern- 
ing the transition range of lower to upper bainite under isothermal conditions is 
beyond the scope of this paper. 

In answer to the question of Mr. Grange, the line indicating the beginning 
of proeutectoid ferrite formation in Fig. 6 is an approximation based upon the 
appearance of carbide-free ferrite in areas of the SAE 4340 hardenability bar 
studied. We established no criterion as to the amount present. It should be 
emphasized that quantitative determination of microconstituents by electron 
microscopy is greatly complicated by the difficulty of obtaining pictures repre- 
sentative of the entire sample under consideration. 

We agree that consideration of this factor and those of heat-to-heat varia- 
tion and chemical segregation reconcile much of the disagreement between our 
results and isothermal transformation data. 






































CALCULATION OF HARDENABILITY IN HIGH 
CARBON ALLOY STEELS 


By C. F. JatczaAk AnD R. W. DEVINE, Jr. 


Abstract 


Hardenability effects of manganese, silicon, chromium, 
nickel and molybdenum, singly and in combination, were 
studied in 1.0% carbon steels by the end-quench test at 
quenching temperatures of 1475 to 1575°F (800 to 855 °C) 
and from normalized and spheroidize annealed prior struc- 
tures. An empirical procedure for calculation of harden- 
ability, based upon multiplying factors, was devised which 
predicts hardenability from composition within about +10% 
for normalized steels and +15% for annealed steels. 


INTRODUCTION 


UR interest in the effects of alloying elements on the harden- 

ability of high carbon steels stems from necessity. Twice in the 
last ten years drastic curtailment of nickel has forced us to use other 
alloying elements as substitutes for part of the nickel contained in the 
AISI 4620 steel used in automotive bearing races. From the core 
hardenability standpoint, this substitution could be made readily from 
time-tested information. However, in considering case hardenability, a 
literature survey disclosed that what data were available at hyper- 
eutectoid carbon levels (1,2)! applied to austenitizing conditions de- 
signed to promote complete solution. Since our bearing races are 
quenched from the carburizing temperature and reheated to relatively 
low austenitizing temperatures for subsequent oil quenching, we were 
originally without worthwhile information relating to case hardena- 
bility. At normal hardening temperatures for double quenched cases of 
carburized steels and high carbon tool steels, carbide solution is in- 
complete and the excess carbide not only affects hardenability by rob- 
bing the austenite of alloy but also serves to nucleate subcritical 
transformation. Our own concern over case hardenability results from 
the fact that most races are quenched on a cold serrated plug with the 
hot race in contact with the plug lands. The consequent reduction of 
cooling rates of the surface layers, particularly in the subcritical 
temperature region, makes the subject of case hardenability one of real 
importance to us. 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-sixth Annual Convention of the Society, 
held in Chicago, November 1 to 5, 1954. The authors, C. F. Jatczak and R. W. 
Devine, Jr., are research metallurgists, Steel and Tube Division, The Timken 
Roller Bearing Co., Canton, Ohio. Manuscript received April 29, 1954. 
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As a result, a large amount of hardenability information has been 
amassed in our laboratory over a period of years. The approach has 
been largely unsystematic, but completely practical. The present paper 
is the result of an attempt to organize the available data into a form 
suitable for study of the effects of individual alloying elements. A 
completely empirical but, we believe, workable method of predicting 
hardenability from chemical composition under the conditions of test- 
ing imposed has resulted and will be described. 


PROCEDURE 
At the outset, it was decided to use only 1.0% carbon steels as 
material for end-quench hardenability testing rather than carburized 
-ases of low carbon steels because of the greater precision of the former 
ind the fact that the maximum surface carbon of our carburized cases 
orresponds closely to this value. 

Preliminary tests indicated complete agreement between the 
ardenability of 1.0% carbon alloy steels when end-quenched from a 
iormalized prior structure and the 1.0% carbon level of the carburized 
nd-quench bars when reheated to the same temperature and end- 
uenched. Limited data were obtained from annealed prior structures 
) compare with alloy tool steel practice. 

Table I lists the chemical compositions of the steels used. The four 
igit heat numbers designate thirty pound induction heats while the 
ve digit numbers correspond to basic electric production heats. All 
eats were forged or rolled to 144-inch diameter bars and spheroidize 
nnealed before machining. After machining, the specimens designated 
or the normalized prior structure were heated to 1700°F (925 °C) in 
iit for two hours and air-cooled. Those heat numbers followed by an 
\” indicate that they were tested from the spheroidize annealed prior 
tructure, while “N” designates the normalized condition. Where avail- 
ble, the production annealed hardness is given. 

The standard ASTM end-quench procedure was used throughout 

xcept that final austenitization was accomplished in a neutral salt 
ath. Duplicate specimens were subjected to a 45-minute austenitizing 
reatment (35 to 40 minutes at temperature) at each of three tempera- 
tures, 1475, 1525, and 1575 °F (800, 830 and 855 °C). The criterion of 
hardenability used was the distance to Rockwell C-60, a value close to 
the acceptable minimum for bearing components and most tool steel 
applications. Microscopic examination of the structure of many of the 
specimens indicated a close agreement between the Rockwell C-60 
point and 10% transformation for all but those quenched from the 
highest austenitizing temperature and some of the highly alloyed types 
where the presence of ‘bainite began to interfere with the otherwise 
simple pearlitic transformation behavior. 

The hardenability data are contained in Tables II and III for the 
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Table I 
Chemistry of 1.00% Carbon Steels 
Quenched From Normalized (N) and/or Annealed (A) Prior Structures 
Annealed 
Chemistry Hardness 
Heat No. Cc Mn Si Cr Ni Mo (B.H.N.) 
BASE REFERENCE ANALYSIS 
(Values Based On Average of Seven Heats) 
Various 
Production 
Heats 1.00 0.39 0.27 0.16 0.16 0.02 — 
SINGLE ALLOY STEELS 
Manganese Series 
Unknown N 0.99 0.32 0.26 0.24 0.20 0.01 
Unknown N 1.00 0.46 0.14 0.25 0.30 0.01 — 
Unknown N 1.02 0.50 0.26 0.23 0.24 0.02 -- 
10542 N 1.00 1.04 0.28 0.11 0.20 0.04 - 
2790 N 1.06 1.14 0.17 0.37 0.33 0.01 - = 
Nickel Series 
2424 NA 0.99 0.32 0.32 0.02 0.34 0.01 179 
2425 NA 0.99 0.31 0.34 0.03 0.58 0.01 179 
2428 NA 0.98 0.32 0.33 0.02 1.06 0.01 187 
2429 N 0.99 0.32 0.31 0.03 1.54 0.01 -- 
2430 NA 0.97 0.32 0.34 0.02 2.04 0.01 192 
Chromium Series 
2434 NA 0.96 0.32 0.34 0.53 0.06 0.01 179. 
2435 NA 0.98 0.29 0.31 1.07 0.06 0.01 179 
2436 NA 0.99 0.33 0.35 1.58 0.05 0.01 179 
2437 NA 0.99 0.34 0.34 2.10 0.05 0.01 187 
Molybdenum Series 
02330 N 1.00 0.28 0.14 0.31 0.30 0.12 - 
02787 N 1.03 0.27 0.14 0.36 0.30 0.16 
02698 N 1.00 0.28 0.28 0.12 0.40 0.20 —_ 
02788 N 1.06 0.24 0.12 0.33 0.31 0.43 _ 
Silicon Series 
Unknown 1.00 0.32 0.26 0.24 0.20 0.01 — 
2761 N 1.02 0.33 0.50 0.20 0.15 0.01 
2762 N 0.99 0.30 0.66 0.20 0.27 0.02 — 
MULTI-ALLOY (NICKEL-CHROMIUM-MOLYBDENUM) STEELS 
Standard 46100 Type (1.75% Nickel) 
1728 N 0.98 0.57 0.27 0.17 1.78 0.22 — 
1735 N 0.97 0.7 0.24 0.17 1.75 0.24 — 
1736 N 0.99 0.87 0.27 0.16 1.73 0.22 ~ 
1733 N 0.98 0.41 0.23 0.32 1.77 0.22 ~ 
1729 N 0.96 0.57 0.25 0.32 1.76 0.23 onints 
1734 N 1.00 0.71 0.24 0.32 1.73 0.23 coin 
1732 N 0.99 0.39 0.23 0.48 1.76 0.22 _ 
1731 N 0.96 0.46 0.25 0.48 1.77 0.23 
1730 N 0.96 0.58 0.23 0.48 1.74 0.23 
2123 N 0.98 0.46 0.28 0.46 1.76 0.22 — 
2124 N 1.02 0.57 0.29 0.34 1.78 0.22 
2125 N 0.98 0.71 0.30 0.20 1.78 0.23 - 
2126 N 0.96 0.46 0.29 0.27 1.79 0.23 
2127 N 0.98 0.63 0.27 0.31 1.78 0.22 - 
Modified 46100 Type (1.50% Nickel) 
2062 N 1.01 0.55 0.28 0.17 1.48 0.23 - 
2063 N 1.02 0.70 0.29 0.17 1.48 0.23 
2064 N 1.01 0.95 0.29 0.16 1.47 0.23 — 
2065 NA 0.99 0.45 0.30 0.31 1.50 0.23 — 
2067 NA 1.04 0.65 0.29 0.32 1.51 0.22 — 
2068 NA 1.01 0.76 0.28 0.28 1.51 0.20 om 
2069 } 1.00 0.34 0.27 0.45 1.49 0.23 see 
2070 N 1.03 0.48 0.27 0.45 1.50 0.24 — 
2071 N 1.03 0.62 0.27 0.46 1.50 0.23 — 
47100 Type (1.20% Nickel) 
2054 N 1.00 0.64 0.28 0.17 1.17 0.21 — 
2055 N 1.00 0.85 0.28 0.17 1.19 0.22 — 
2051 N 1.02 0.99 0.26 0.17 1.19 0.22 -— 
2056 NA 0.97 0.49 0.28 0.31 1.21 0.22 —- 
2057 NA 1.01 0.72 0.28 0.32 1.21 0.22 — 
2058 NA 1.00 0.83 0.28 0.32 1.20 0.22 — 
2059 N 1.01 0.38 0.29 0.44 1.21 0.22 — 
2060 N 1.02 0.57 0.31 0.42 1.20 0.23 — 
2061 N 1.02 0.67 0.31 0.43 1.21 0.22 _- 
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Table I—(Continued) 
Chemistry of 1.00% Carbon Steels 











Quenched From Normalized (N) and/or Annealed (A) Prior Structures 
Annealed 
LA ORT Y —— ieee Hardness 
Heat No. Cc Mn Si Cr Ni Mo (B.H.N.) 
Modified 47100 Type (0.90% Nickel) 
2039 NA 0.97 0.62 0.30 0.32 0.89 0.22 
2040 NA 1.02 0.77 0.28 0.32 0.87 0.22 - 
2053 NA 1.00 0.84 0.26 0.31 0.89 0.23 
2038 N 0.99 0.45 0.28 0.47 0.88 0.22 
2037 N 0.98 0.65 0.30 0.47 0.88 0.23 
2052 N 1.01 0.77 0.28 0.47 0.89 0.23 — 
2043 N 1.01 0.32 0.28 0.62 0.89 0.24 — 
2044 N 0.94 0.49 0.30 0.60 0.89 0.23 . 
2045 N 0.95 0.63 0.30 0.61 0.89 0.21 - 
94100 and 97100 Types (0.50% Nickel) 
2559 N 0.95 0.50 0.32 0.31 0.52 0.16 ‘ 
2560 N 0.99 0.75 0.32 0.30 0.52 0.16 _ 
2561 N 0.99 0.94 0.32 0.30 0.51 0.14 
2562 N 1.03 1.15 0.31 0.30 0.51 0.15 — 
2563 N 1.04 1.30 0.33 0.30 0.53 0.14 - 
97100 Type (Varying Silicon) 
2564 N 1.01 0.51 0.30 0.28 0.51 0.10 
2565 N 1.06 0.54 0.64 0.32 0.54 0.11 
2566 N 1.01 0.85 0.67 0.31 0.52 0.10 
2567 N 1.05 0.55 0.52 0.32 0.53 0.10 


Various Nickel-Chromium-Molybdenum Types (Varying Molybdenum) 


2271 N 1.05 0.60 0.27 0.54 1.05 0.12 
2272 N 1.06 0.59 0.30 0.54 1.29 0.10 
2274 N 0.98 0.66 0.26 0.34 1.10 0.25 
2275 N 1.00 0.63 0.24 0.34 1.29 0.27 
2467 NA 1.02 0.62 0.35 0.37 1.06 0.36 — 
2468 NA 1.07 0.59 0.35 0.35 1.32 0.35 
2469 NA 1.05 0.63 0.33 0.34 1.32 0.30 io 
2470 NA 1.03 0.61 0.33 0.31 1.05 0.32 aad 


41100 Type (High Manganese, Chromium, 


A 


1.03 





0.82 


Molybdenum—Low Nickel) 


27235 N 0.34 1.43 0.23 0.25 a 
27331 NA 1.01 0.77 0.31 1.40 0.15 0.28 
Miscellaneous Nickel-Chromium-Molybdenum Series, Annealed Data Only 
2099 A 1.00 0.31 0.31 0.56 0.10 192 
2101 A 0.97 0.30 0.30 1.01 0.09 197 
2102 0.98 0.29 0.29 1.48 0.09 201 
2104 A 0.97 0.57 in 0.32 0.52 0.09 01 
2106 A 1.02 0.58 " 0.32 1.02 0.10 207 
2105 A 1.02 0.60 a 0.32 1.48 0.10 212 
2134 A 0.97 0.91 N 0.31 1.02 0.10 212 
2140 A 0.93 0.87 0.31 1.53 0.10 223 
2193 A 0.96 0.45 0.40 1.32 0.13 207 
2271 A 1.01 0.61 2 0.53 1.05 0.10 204 
2272 A 1.04 0.59 = 0.51 1.30 0.09 215 
2273 A 1.01 0.59 S 0.51 1.50 0.11 219 
2274 A 0.96 0.66 0.33 1.11 0.27 209 
2275 A 0.98 0.63 "s 0.32 1.31 0.27 209 
2276 A 0.97 0.63 ~ 0.31 1.53 0.26 223 
2195 A 0.98 0.59 5 0.39 1.21 0.23 217 
2197 A 1.00 0.77 4 0.44 1.30 0.22 217 
2130 A 0.94 0.59 | 0.52 1.03 0.24 217 
2196 A 0.98 0.61 0.51 1.30 0.24 212 
; 2131 A 0.95 0.61 0.52 1.51 0.26 223 





normalized and annealed prior structures, respectively. The D; values 
were obtained from the Jominy distances by using the accepted con- 
version curve (3,5) of Fig. 1 relating the two. The Dy, values of 
lable II were subsequently corrected for deviations from 1.0% carbon 
by means of the curves of Fig. 2. The carbon multiplying factors were 
derived from data previously published from this laboratory (4,6). 
Corresponding values of D; in Table III were not corrected for carbon 
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MULTI-ALLOY 


AU STENITIZING TEMPERATURE ——— 
°Fr— oo “1875 °F — 


pa 1535 


—, 


Measured and Calculated Hardenability of 1.00% Carbon Steels Normalized Prior Structure 
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= = 14735 °F. .iS2: 
BASE REFERENCE ANALYSIS 
(Values Seven Heats) 
.30 8 1.40/ 8.0 7 
3 35 
SINGLE ALLOY STEELS 
Manganese Series 
1.10 2.30 2.7 1.35 1.40 8.0 8. 
1.26 2.70 sid 1.65 1.68 8.0 7. 
1.29 2.90 3.5 cJe i035 7.0 7. 
1.52 4.00 §.3 as 202 8.0 7. 
1.73 2.40 2.52 8.0 
2.40 1.2 1.35 1.43 6 
2.50 1.2 1.45 1.48 6 
2.70 Rea 1.55 1.60 6 
3.10 1.5 1.70 1.73 6. 
3.40 1. 1.90 1.94 6 
Chromium Series 
1.27 2.70 1.35 52 1.68 9.0 8. 
1.31 2.95 1.45 .68 1.78 9.0 9, 
1.38 3.20 1.55 95 1.90 9.5 10. 
1.57 3.80 1.80 82° 2.45 9.5 9. 
Molybdenum Series 
1.25 2.70 1.35 1.55 1.64 7. a 
1.30 — 1.65 1.69 7.0 
1.36 3.00 1.83 1.75 8.0 Z. 
1.45 2.18 2.26 8.0 
Silicon Series 
1.05 .20 1.33 < 3.85 8.0 
1.20 8.0 
1.30 8.5 
(NICKEL-CHROMIU os YBDENUM) STEELS 
Standard 46100 Type Nickel) 
3.53 8.0 
4.05 8.0 
8.0 
2.78 — 8.0 
3.42 — 8.0 
4.32 —— 8.0 
2.85 —- 7.5 
3.10 - 8.0 
3.70 - 8.0 
3.06 - - 8.0 
3.50 — ~~ 7.5 
4.20 — - - 8.0 
2.86 = = = 8.0 
3.50 ~ 8.0 
Modified 46100 Type (1.50% Nickel) 
2.50 6.4 9.0 3.15 3.40 8.0 8. 
2.90 9.2 12.1 3.82 4.22 8.0 7. 
- 13.0 — 19.0 5.00 — 8.0 8. 
2.34 rim 2.67 2.70 9.0 3415. 3.26 8.5 9. 
2.96 9.5 3.25 ste tea 4.10 4.28 8.5 8. 
3.38 11.0 3.55 3.48 17.0 4.70 4.80 8.5 8. 
2.30 6.2 2.45 2.64 8.1 2.90 2.95 8.0 7. 
2.60 8.2 2.95 3.00 11.5 3.70 3.72 8.0 8. 
3.00 9.9 3.35 3.46 14.0 4.20 4.42 8.5 8. 
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eS Os os O vs Os FRACTURE GRAIN SIZE 
= = = 1473 °F 3525 °F 15739 °F 
47100 Type (1.20% Nickel) 
5.0 215 2.18 5.9 2.38 2.46 7.9 2.85 2.96 8.0 7.0 6.5 
6.7 2.55 _ 8.2 2.93 — 11.4 3.70 - 8.0 8.0 6.5 
S80. ga — 94 322 — 08 438 - 8.0 8.0 6.5 
5.0 2.15 2.08 6.1 2.40 2.46 8.5 3.00 2.94 8.0 8.0 7.5 
6.5 2.50 2.46 8.0 2.90 2.95 12.0 3.80 3.75 8.0 8.0 7.5 
7.8 2.85 - 9.0 3.15 13.3 4.10 _— 8.0 8.0 /.2 
4.5 2.00 2.02 B.S 2.20 2.35 aa 2.65 2.78 8.0 8.0 7.0 
5.5 2.30 2.28 6.8 2.60 2.75 10.2 3.45 3.35 8.0 7.5 7.0 
6.5 2.50 2.48 8.0 2.90 2.98 11.5 3.70 3.72 8.0 8.0 7.0 
Modified 47100 Type (0.90% Nickel) 
4.6 2.05 2.00 5.5 2.36 2.32 8.0 2.90 2.95 8.0 8.0 8.0 
S22 2ae 2.35 a JS nan ate 8.5 3.02 3.16 8.0 8.0 v2 
6.2 2.40 2.20 7.0 2.65 2.60 10.0 3.30 3.30 8.0 8.0 8.0 
4.5 2.00 1.95 4.6 2.02 2.14 6.6 2.38 2.58 8.0 8.0 ie) 
am 4:44 415 5.1 4.420 - 2.50 8.2 2.95 3.14 8.0 8.0 wus 
6.0 2.38 2.28 6.8 2.58 2.66 8.5 3.00 3.37 8.0 8.0 7.5 
4.5 2.00 1.83 - 8.0 8.0 ‘B 
5.3 2.22 2.00 8.0 8.0 oa 
6.1 2.40 2.26 8.0 8.0 7.5 
94100 and 97100 Types (0.50% Nickel 
3.6 1.65 1.70 3.6 170 1.86 5.0 2.15 2.35 8.0 8.0 7.0 
4.4 192 1.90 4.6 2.03 2.14 6.8 2.60 2.72 8.0 8.0 7.0 
4.8 2.10 2.05 5.4 ga5 © 2.39 8.25 2.95 2.98 8.5 8.5 735 
5 Zane 254 5.9 2.35 2.42 9.4 3.45 Ba2 9.5 8.5 7.0 
7.3 2.70 — — — - 8.5 8.5 7.0 
97100 Types (Varying Silicon) 
3.4 1.60 1.60 8.5 
Aes 6|6kge. 1.73 9.0 
4.95 2.15 1.98 8.5 
5.45 1.65 1.63 9.0 
Various Nickel-Chromium-Molybdenum Types (Varying Molybdenum) 
4.45 2.00 2.05 5.5 nee 62.88 866.7 2.50 2.98 8.0 8.0 6.5 
4.6 2.02 2.06 61 2.35 2.37 7.3 2.75 3.00 8.0 7.5 7.0 
5.6 2.30 2.13 . £4 oe 8.5 8.0 7.5 
6.75 2.52 2.54 82 3.00 3.10 11.9 3.78 3.83 8.0 7.5 7.5 
7.6 2.78 2.68 8.75 3.10 3.05 13.8 4.18 3.85 8.0 8.0 7.5 
8.0 2.88 2.88 10.2 3.40 3.42 16.2 4.55 4.20 8.0 8.0 7.5 
75 23s 299 SS 3.25 3.38184 445 4.35 8.0 8.0 7.5 
6.25 298 2a. 72 2.70 2.75 10.9 3.58 3.50 8.0 7.0 7.0 
41100 Type (High Manganese, Chromium, Molybdenum and Low Nickel) 
65 - 358 24) - 33 3.10 3.00 12.0 3.80 3.74 9.5 9.0 9.0 
6.0 2.40 2.30 8.5 pee 2.9% . 11.3 3.68 3.82 9.5 8.5 
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Table Il—(Continued) 
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deviation since comparable data from annealed prior structures were 
lacking. The fracture grain size values were obtained by comparing the 
iractures of thin slices cut from the quenched end of the Jominy bars 
with Shepherd standards. 


Also given in Tables II and III are the calculated hardenability 


values for each quenching temperature. Comparison with the measured 
D; values reveals reasonable agreement over a fairly wide range of 


composition. The development of the method of computation will now 
be considered. 
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Table Ill 
Measured and Calculated Hardenability of 1.00% Carbon Steels Annealed Prior Structure 
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COMPUTATION OF HARDENABILITY 


A group of seven representative 1.0% carbon tool steel heats was 
chosen as the hardenability base line for this work. The average com- 
position is shown in Table I, while Table II gives the average meas- 
ured hardenability. The lower of the two D, values represents a later 
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Fig. 1—Jominy Distance Versus Ideal Diameter (Taken From Kramer, 
Toleman and Hafner (3), and Carney (5)). 
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Fig. 2—Average Carbon Correction Factor for Normalized Nickel-Chromium- 
Molybdenum 1.0% Carbon Steels at Three Austenitizing Temperatures. 
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Base D,; Values 
1.05 Dy; at 1475°F 


1.13 Dy at 1I525°F 
- Cr(I525°F- 


Fig. 3—Hardenability Multiplying Factors for Various Elements Limited to Nor- 
—e Single Alloyed Steels and to Normalized Multi-Alloyed Steels of Less than 
1.0% Nickel. 


Multiplying Factor 


1.00 1.25 
% Element 


correction of the base to a more adaptable composition of 0.25% eac! 
of manganese, silicon, chromium and nickel and zero% molybdenum 

The series of singly alloyed steels of Table II provided the firs 
approximation of the effects each of the common alloying element: 
manganese, silicon, chromium, nickel and molybdenum on harden 
ability. The measured Dy, values were plotted against element conte: 
for each series and quenching temperature and the curves extrapolate 
to 0.25% element content (0% for molybdenum), the arbitrari! 
selected base composition. These curves were then used to adjust the | 
values for all singly alloyed steels whose residual elements did n 
conform to the base composition, including the 1.0% carbon tool ste: 
heats referred to above. The final step was to derive multiplying factor 
for each element from the quotient of the adjusted D,; and the base D 
values. 

The results of such a procedure are shown in Fig. 3. The influen 
of quetiching temperature upon the multiplying factors is evident fo 
all the carbide formers. The nickel factors were independent of quench 
ing temperature and silicon was assumed to behave similarly, although 
data were available only at 1475°F (800°C). The base D, values 
shown are the adjusted ones at the head of Table IT. 

The base values and multiplying factors of Fig. 3 were used to com- 
pute the hardenability of a number of chromium-nickel-molybdenum 
steels for which hardenability data were available. Over the range of 
normalized steels shown in Table II, agreement between measured and 
computed hardenability was rarely worse than +10% of the measured 
value provided the nickel content of the composition did not exceed 
1.0%. At higher nickel levels, the computed hardenability value was 
always low and the divergence increased with nickel content. 
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Residual Level Residual Level Residual Level 
(0.17 Cr, O.30Si,0.20Mo) (0.32Cr,0.30Si,0.20Mo0) (0.45Cr,0.30Si,0.20 Mo) 


0.40 o60 0.80 1.00 0.40 o60 0.80 1.00 0.40 o60 0.80 
% Manganese 


Fig. 4—Effects of Manganese on the Hardenability of Normalized Nickel- 
Chromium-Molybdenum 1.0% Carbon Steels at Several Base Chromium and Nickel 
Levels and Hardening Temperatures. 


The data of Table II involving chromium-nickel-molybdenum 
steels are plotted in Figs. 4,5 and 6 in which D, is shown as a function 
of each of the alloying elements—manganese, nickel, chromium and 
molybdenum—at each temperature in turn at several increments of the 
other three elements. Analysis of these data led to the conclusion that 
the major cause of disagreement between measured and computed 
hardenability at the higher nickel levels lay in an interdependence of 
the effects of manganese and nickel on each other, in which the com- 
bined effect was far larger than consideration of their single effects 
indicated. This interaction, of course, precluded the use of multiplying 
factors for each element since independence of alloying element effects 
is implicit in the multiplying factor approach. In this case, however, 
the difficulty was surmounted by the expedient of computing combined 
nickel-manganese multiplying factors as shown in Fig. 7. Each nickel- 
manganese factor was obtained by dividing the D, of the steel by the 
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0.50 075 100 1.25 ~~ «61.50 0.50 o75 100 125 = 1.50 
% Nickel 
Fig. 5—Effect of Nickel on the Hardenability of Normalized Nickel-Chromium- 


Molybdenum 1.0% Carbon Steels at Several Base Manganese and Chromium Levels 
and Hardening Temperatures. 


product of the appropriate factors for silicon, chromium, molybdenum 
and the D, of the base analysis. For any specific nickel value, the com- 
bined factor may be found by interpolating between the curves of the 
manganese increments at the desired hardening temperature. 

In addition, it was found that while the molybdenum contribution 
to hardenability in the high nickel multi-alloy steels was apparently 
independent of other alloying elements, the specific effect was notice- 
ably greater above 0.20% molybdenum than in molybdenum steels 
alone or in low nickel, chromium-nickel-molybdenum compositions. 
The chromium and silicon multiplying factors were found to be un- 
changed. Fig. 8 gives the multiplying factors for these three elements 
appropriate for normalized chromium-nickel-molybdenum steels of 
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6—Effect of Chromium and Molybdenum on the Hardenability of Normalized 
Nickel ‘hromium- Molybdenum 1.0% Carbon Steels at Several Base Nickel Levels and 
Hardening Temperatures. 























greater than 1.0% nickel content. Within these limitations and the 
range of steels studied, hardenability values computed from Figs. 7 
and 8 compared with the measured values within about +10% of the 
measured value. 

The problem of hardenability calculation for steels end-quenched 
from spheroidize annealed prior structures proved to be a more dif- 
ficult task. In the first place, a far smaller amount of data was available 
for analysis (Table III) and secondly, inspection of the plots of Figs. 9 
and 10 disclosed almost complete dependence of each element upon the 
others for the value of its hardenability effect. Furthermore, some 
combinations such as nickel and molybdenum had a combined effect 
significantly greater than expected from their individual factors while 
others, chromium and molybdenum, yielded a combined value less than 
expected from their individual contributions. After several trials, the 
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Fig. 7—Combined Hardenability Multiplying Factors for Nickel and Manganese 


in Normalized Nickel-Chromium-Molybdenum 1.0% Carbon Steels at Several Harden- 
ing Temperatures. 


conclusion was reached that the multiplying factor approach could not 
be applied to these data. 

Recourse was made to a simple correlation, shown in Fig. 11, be- 
tween the D; from a normalized prior structure and the corresponding 
value from the spheroidized condition on all heats for which both values 
were available regardless of type. Besides showing the definite harden- 
ability advantage of the annealed over the normalized prior structure 
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Fig. 8—Hardenability Factors for Molybdenum, Chromium 
and Silicon to be used with Normalized Multi-Alloyed Composi 
tions Containing More than 1.0% Nickel. 
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_ Fig. 9—Effect of Nickel and Manganese on Hardenability of Annealed Nickel- 
Chromium-Molybdenum 1.0% Carbon Steels at Several Base Chromium and Molybde- 
num Levels and Hardening Temperatures. 
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Fig. 10—Effect of Chromium and Molybdenum on Hardenability of Annealed 
Nickel-Chromium-Molybdenum 1.0% Carbon Steels at Several Base Nickel Levels 
and Hardening Temperatures. 


under the conditions of test, except for the very low hardenability 
steels, this plot emphasizes the small degree of scatter of the data. In 
order to compute the hardenability of steels with annealed prior 
structures, it is only necessary to perform the calculations for the 
normalized condition and convert to the annealed by Fig. 11. The 
precision of the computation is rarely poorer than + 15%. 


DISCUSSION 


The procedure for hardenability calculation may be summarized 


as follows: 
1. Select the base D,; value corresponding to desired quenching 


temperature at top of Fig. 3. 
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D1, Normalized Prior Structure ( Inches) 





3 a 5 
Dy, Annealed Prior Structure (Inches) 


Fig. 11—Correlation Between Hardenability Based on Normalized and An- 
nealed Prior Structures in Alloyed 1.0% Carbon Steels. 


2. Correct for carbon deviation from the 1.0% base by use of 
multiplying factors of Fig. 2. 

3. If the nickel content of multi-alloyed steels is below 1.0% or 
the composition is a nickel steel in which the other alloying elements do 
not differ significantly from the base composition, apply the appropri- 
ite multiplying factors of Fig. 3. 

4. If the composition is a multi-alloyed steel of more than 1.0% 
nickel content, apply the multiplying factors of Figs. 7 and 8 instead 
yf Fig. 3 

5. If it is desired to know the hardenability from the annealed 
rather than the normalized prior condition, convert the final D; value 
by the use of the solid line of Fig. 11. 

6. Fig. 1 may be used to convert the final D; value to the more 
familiar distance to Rockwell C-60 on the end-quench bar. 

The use of this method of calculation is subject to several im- 
portant limitations which must be recognized. These are: 

1. The quenching temperature must be within the range of 1475 
to 1575 °F (800 to 855°C) and some discretion needs to be used in 
interpolating between the multiplying factor curves at other than the 
three temperatures shown. 


2. The time at the austenitizing temperature must be between 35 
and 40 minutes. 


3. Only normalized and spheroidize annealed prior structures may 
be applied. 
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4. Experience has shown that it is unwise to compute compositions 
requiring significant extrapolation of the multiplying factor curves for 
carbon and the alloying elements. It is also unwise to attempt computa- 
tion for compositions of D,; value above 5.0. 

5. The hardenability criterion used was the distance to Rockwell 
C-60 on the end-quenched bar. While this corresponds quite well to the 
10% transformation criterion for the vast majority of the compositions 
examined, it is probably better to accept the purely practical Rockwell 
C-60 criterion for calculation purposes. 

6. Variation in fracture grain size was ignored. Much of this 
variation is built into the base D,; values at a given quenching tempera- 
ture and even more is contained in the carbon correction curves of 
Fig. 2. The variability between different compositions at the same 
carbon content and quenching temperature is accepted as one of the 
errors inherent in the computation. 

It is readily admitted that the scope of the work described in this 
paper leaves something to be desired from both practical and theoretical 
standpoints. Data are certainly needed from high quenching tempera- 
tures to correlate with single quenched carburizing practice. From a 
theoretical standpoint, the empirical nature of the approach employed 
makes a fundamental appraisal of the effects of the alloying elements 
difficult. Under constant austenitizing and prior structure condition: 
the amounts of the various alloying elements in solution are obviously 
not the same, nor is the carbon solution equivalent as the composition 
is changed. It is recognized that a more fundamental criterion of the 
condition of the austenite just before quenching is needed for a tru 
appraisal of the effects of the common alloying elements on harden 
ability. Furthermore, the effects of changing transformation character 
istics need to be taken into account in establishing a hardenabilit, 
criterion based on structure rather than hardness and the interdepend 
ence of the alloying elements in their hardenability effects needs to be 
better understood. Some work is underway on these problems and, if 
fruitful, will be reported in due course. 

Nevertheless, from a standpoint of practical treatment of double 
quenched carburized cases and annealed tool steels, the hardenabilit) 
predictions arrived at by this procedure have been of definite usefulness 
in our operations. 


SUMMARY AND CONCLUSIONS 


The effects of manganese, silicon, chromium, nickel and molyb- 
denum, both singly and in combination, on the hardenability of 1.0% 
carbon steels were studied by means of the end-quench test. The tests 
were run from both normalized and spheroidize annealed prior struc- 
tures at commercial hardening temperatures of 1475, 1525 and 1575 °F 
(800, 830 and 855 °C) after thirty-five to forty minutes at tempera- 
ture. 
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For normalized prior structures, a system of multiplying factors 
was devised which predicted the hardenability from compositions with 
a precision rarely poorer than + 10% of the measured value. While the 
inter-relationships between alloying elements were apparently too 
complex to express by multiplying factors when quenched from an- 
nealed prior structures, a simple hardenability correlation between 
annealed and normalized data allowed the calculation of hardenability 
for annealed prior structures within about +15%. 
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DISCUSSION 





Written Discussion: By John C. Hamaker, Jr., 
Vanadium-Alloys Steel Co., Latrobe, Pa. 

Although many investigations have been devoted to hardenability calcula- 
tions in the past fifteen years, very few have involved high carbon steels and 
even fewer have employed normal austenitizing temperatures rather than 
temperatures of complete carbide solution. The authors are to be congratulated 
on their systematic approach to this problem, and, particularly, for the deter- 
mination of numerical values to indicate the very important effects of austenitiz- 
ing temperature and prior structure on the hardenability of hypereutectoid steels. 

In the tool steel industry, the hardenability of high carbon steel is of con- 
siderable interest because many die applications require closely controlled depths 
of hardened case and tough core for satisfactory performance. Because of the 
precision required at low hardenabilities, the Shepherd PF, PV, and Disk tests 
have been preferred over the end quench test for routine inspection and experi- 
mental work. A number of years ago, this Laboratory ran a series of PF tests 
to compare the effects of 1.00% additions of various alloys on the hardenability 
of 1.00% carbon tool steel.* Since the conditions of this experiment were similar 


research metallurgist, 





2 Refer to TOOL sTEELs by Gill, Roberts, Johnstin, and George, American Society for Metals, 
1946; Tables XXV and XXVI, p. 282. 
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to those given in the paper, it was felt that a comparison of D; values and multi- 
plying factors calculated from the two methods might prove interesting. 

The PF specimens, 1-'%4 inches in diameter and 3 inches long, were machined 
from forged bars 1-3 inches square, pretreated by oil quenching after 40 
minutes at 1600 °F, and then brine-quenched in a standard PF fixture after 12 
minutes at 1450 °F. The severity of the quench, determined in a separate experi- 
ment involving %, 4%, %, 1, 1-“%, 2, and 2-% inch rounds of three different steel 
compositions, gave H values of 4.5, 4.9, and 5.5 for an average of 5.0. In Table IV 
are assembled the PF readings and corresponding ideal diameters for the 1.00% 
carbon, 1.00% alloy compositions tested. In order to obtain data which could be 
compared with that in the paper, each D; value was then adjusted to correspond 
with the base composition selected by the authors, using the 1475 °F curves in 
Figs. 2 and 3 of the paper. Fortunately, at these low D; values, the difference 
between the PF, D; for 50% martensite at the center and the 90% martensite 
criterion used in the paper is believed to be quite small. Since the analyses of 
the carbon tool steels ran much lower in residual alloys than the selected base 
composition of the authors, rather large corrections were required to obtain 
the adjusted D; values shown in Table IV. The multiplying factors derived 
from these values could then be directly compared with the factors given at the 
1.00% element level in Fig. 3. 

The “adjusted D,” of 0.87 from the PF test of carbon tool steel quenched 
from 1450 °F is considerably smaller than the authors’ value of 1.05 from the end 
quench test of high carbon production steel quenched from 1475 °F. The 25 °F 
difference in austenitizing temperature can account for only a portion of this dis 
crepancy, since other data in our files indicates a maximum effect of only 1/64 
inch penetration or about 0.05 D; for carbon tool steel in this range. The lower 
pretreatment temperature which resulted in a finer grain size (9 vs 8) and the 
shorter austenitizing time (12 vs 35 minutes) would also contribute to 
smaller D; in the tool steel. Any remaining differences might be attributed to 
errors introduced in adjusting the D: values to a common base. However, in view 
of the relatively high residuals in the alloys studied in the paper, the presenc« 
of another relatively potent hardenability agent like copper must also be con 
sidered. Did the authors analyze for this element in any of their steels? 

A comparison of the multiplying factors derived from the PF tests wit! 
the curves in Fig. 3 shows a remarkably good check for the elements manganese 
chromium, and nickel—probably within 5%. A very rough extrapolation of th 
molybdenum curve suggests that it might also fall in the vicinity of the PF 
value (2.05), but the effect of silicon indicated by the two methods appears to 
be at considerable variance. The PF tests show silicon to be about equally as 
potent as manganese, whereas the end quench tests indicate it to be only ™% to 
i, as effective. The data of previous investigators show similar large discrepancies 
for silicon, but all tend toward higher multiplying factors per unit of added silicon 
than indicated by its slope in Fig. 3. However, considering the two vastly dif- 
ferent methods of testing and the extensive conversions and adjustments in- 
volved, the correlation between the two sets of data is generally very good. 

A comparison between the slopes of the multiplying factor curves for these 
hypereutectoid steels and those reported for lower carbon steels provides a 
point of theoretical interest. It will be noted that the stronger carbide-formers, 
chromium and molybdenum have relatively less potency in the high carbon 
steels because they are partially tied up in undissolved carbide, while nickel and 
manganese appear to behave about the same in both high and low carbon steels. 





1955 DISCUSSION—HIGH CARBON ALLOY STEELS 767 


As shown in Table IV, the very strong carbide-formers like tungsten or 
vanadium may actually reduce hardenability by decreasing the amount of carbon 
which dissolves in the austenite. 


Table IV 


Effect of 1.00% Alloy Content on the Hardenability of 
1.00% Carbon Tool Steel as Determined by the PF Test 


Base Analysis: 1.00% C, 0.25 Mn, 0.25 Si, 0.05 Cr, 0.03 Ni, 0.02 Mo 
Treatment: (1) 40 minutes at 1600 °F., oil quench (pretreatment) 
(2) 12 minutes at 1450 °F., agitated brine quench (H—5.0) 
Penetration Corre- 
64ths Inch sponding Adjusted* Multiplying** Fracture 
Steel in 1%” Round Dr D Factor Grain Size 

Base 5% 0.67 .87 9 
1.00% Si 1.16 9 
1.00% 1.09 834 
1.00% C ; 10 
1.00% Ni | 0.89 9% 
1.00% ; 9% 
1.00% W /s 0.62 9% 
1.00% 5% 0.67 9% 
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* Adjusted to “selected base composition” of 1.00% C, 0.25% Mn, 0.25% Si, 0.25% Cr, 
25% Ni, 0.00% Mo; and 1.00% of alloying element. E 

** For addition of 0.75% Si, Mn, Cr, or Ni; or 1.00% Mo, W, or V to “selected base 
ymposition.”’ 


Authors’ Reply 


We would like to thank Mr. Hamaker for his very constructive discussion 
f our paper. It is a pleasure to consider his comments and observations. 

First of all, we would like to state that copper was present in our 10100 
reference base analysis. In our zealous efforts to cut the original text to publi- 
‘ation size, we completely neglected to insert into the text or into the composition 
table, the full residual content of our 10100 base steels. We would like to make 
this correction for record and list now that in addition to the manganese, silicon, 
hromium, nickel, and molybdenum contents listed, our base composition con- 
tained 0.019% sulphur, 0.013% phosphorus, and 0.15% copper. Residual con- 
tents of other steels were similar, with copper about 0.08 to 0.15%, 0.13% 
average. It is obvious that 0.15% copper will contribute appreciably to the 
hardenability of the 10100 base analysis. Assuming the effect of copper to be 
closely similar to that of nickel, which is not an unreasonable assumption, this 
mount of copper can be expected to increase hardenability about 0.07 to 0.09 
D; units. Adding to this, the necessary adjustments of base D; values for the 
difference in hardening temperature, holding time, and grain size between Mr. 
Hamaker’s PF hardening conditions and ours, the value of 1.05 inch D; obtained 
by end quench means for our base analysis can reasonably be obtained from Mr. 
Hamaker’s value of 0.87. A correction of 0.05 D; units apiece, for the difference 
in temperature and for the difference in holding times is not unreasonable, while 
a correction of about 0.02 to 0.03 D; units for grain size would likewise not be 
excessive. Adding these corrections to the copper contributions to hardenability, 
a value of 1.08 is obtained, which agrees well with our measured value of 1.05. 
Actually, the 1.08 value can be brought even closer, if the difference in harden- 
ability criteria between our tests and Mr. Hamaker’s tests are considered. 

In Fig. 12 is shown a correlation of hardenability data based on the Rock- 
well C-60 hardness criterion and the 50% martensite criterion obtained during 
the course of this hardenability study. 
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Fig. 12—Correlation Between Hardenability Based On 50% Martensite And Rock- 
well C-60 Criteria In 1.00% Carbon Steels. 


This relationship was not included in the paper because of the fact that a 
structure and a hardness criteria, two different animals, were being correlated, 
and an explanation might unduly lengthen the paper. The use of this conversion 
proves interesting herein, however, and is thus shown. It is obvious that a D, 
value of 1.08 based on the 50% martensite criterion, corresponds to a value of 
about 1.04 or 1.05 based on the Re 60 criterion. Thus, when all factors ar« 
accounted for, Mr. Hamaker’s D; of 0.87 actually converts to 1.05. Referring again 
to Fig. 12, it is obvious that this correlation may be employed to convert data 
computed to the Rockwell C-60 criterion, to the 50% martensite criterion with 
equal facility at higher D; values. The accuracy of such conversions has not been 
determined, but is believed to be more than satisfactory. 

Commenting now on the hardenability effects of the various elements, we 
are extremely pleased that the PF test data checks so closely with our factors 
for manganese, chromium, nickel, and molybdenum. Why the effect of silicon 
should vary so radically, is however, quite disturbing. Not so much from the 
fact that our results are low, because these have been satisfactorily rechecked, 
but because on occasion under other alloying conditions, we have noted the 
effects of silicon to be considerably larger than shown in this paper. We do not 
feel that the method of hardenability testing was a factor, since the end-quench 
method was used in both cases. We are presently attempting to determine the 
cause for this apparently erratic behavior of silicon. In closing, we appreciate 
the addition of data on tungsten and vanadium, and have no constructive 
criticism to add on this point except to reiterate Mr. Hamaker’s words that 
strong carbide formers may actually decrease hardenability in hypereutectoid 
steels by decreasing the amount of carbon which dissolves in the austenite. 










HARDENABILITY OF CARBON TOOL STEEL 


By Nett J. Cup 


Abstract 










A series of hardness-penetration curves has been de- 
veloped for hypereutectoid carbon tool steels, annealed to a 
fully spheroidized structure, which permit prediction, to a first 
approximation, of the depth to which a given steel will harden 
in a cylinder of specified diameter. Rigid application of these 
curves to steels with a carbon content in excess of 0.90% 
necessitates a pretreatment of 40 minutes at 1600°F 
(870°C), followed by oil quenching prior to treating at 
1450 °F (790°C), and quenching into a well agitated brine 
solution at room temperature. This pretreatment, of course, 
may be omitted for steels with a carbon content of 0.90% 
lower. In order to utilize these curves, it is necessary only to 
ascertain the critical cooling velocity or the depth of hardness 
penetration in a given cylinder size of the steel in question, us- 
ing the aforementioned heat treatment. 

The construction of these curves is based on the calcula- 
tions of Scott (1,2),1 employing as a fundamental parameter 
to designate hardenability, the cooling rate in degrees Fahren- 
heit per second at 1300 °F (705 °C) with which the steel must 
be cooled to attain the critical hardness, or a 50% martensite 

50% pearlite structure. 

Calculated hardness-penetration curves are compared 
with e. vperime ntally determined hardness penetrations on 
l-inch, 1%4-inch, 2-inch, and 2%4-inch diameter cylinders 
from on of five well huosun types of carbon tool steel. The 
experimental data thus obtained indicate that these curves 
are sufficiently accurate for practical applications. 


































HE hardenability concept in recent years has acquired an increas- 

ingly fundamental and quantitative aspect. Primarily, this is due 
to the work of Grossmann (3), Shepherd (4), Jominy and Boegehold 

), Post, Greene and Fenstermacher (6), and Carney (7), to men- 
tion just a few. Today, the end quench test of Jominy (5) has been 
generally accepted as a basis for ordering alloy steel of specified harden- 
ability. Correlation curves are available to predict hardness contours 
in finite sections on the basis of the Jominy end quench test (8,9), and 
the critical bar diameter of Grossmann (3). 


1 The figures appearing in parentheses pertain to references appended to this paper. 








A paper presented before the Thirty-sixth Annual Convention of the Society, 
held in Chicago, November 1 to 5, 1954. The author, Neil J. Culp, is associated 
with the Metallurgical Department, The Carpenter Steel Co., Reading, Pa. 
Manuscript received April 12, 1954. 


769 


770 TRANSACTIONS OF THE ASM Vol. 47 


It is the purpose of this paper to introduce a series of curves for 
predicting hardness penetration in rounds of relatively shallow harden- 
ing carbon tool steel in terms of a fundamental parameter. The 
parameter chosen to designate hardenability is the rate in degrees 
Fahrenheit per second at 1300 °F (705 °C) with which the steel must 
be cooled to attain the critical hardness which is associated with the 
50% martensite—50% pearlite structure. For the hypereutectoid steels 
with which this paper is concerned, the critical hardness is Rockwell 
C-55, marking the boundary between case and core. 


CALCULATED CooLING RATES AND HARDNESS PENETRATION CURVES: 


A prediction of hardness contours in steel cylinders based upon a 
cooling rate parameter necessitates, of course, a determination of cool- 
ing rates at various positions in these sections during quenching. How- 
ever, to obtain these requisite cooling rates, either experimentally, or 
through solutions of the classical heat conduction equation, is both 
difficult and time consuming. Fortunately, Scott (1,2) and Russell 
(10) have considered solutions of this equation and have calculated 
comprehensive tables of temperature functions for the quenching of 
infinite slabs and cylinders. Briefly, their solutions are based upon the 
assumption that Newton’s “Law of Cooling” is followed during the 
quenching operation and that the thermal constants of the metal are 
independent of temperature.” 

By simple graphical analysis, Scott’s calculations (1) may be 
readily adapted to the conditions under which the steels in questio1 
are treated. Hereinafter, the austenitizing temperature for these steels 
is stipulated as 1450°F (790°C). The quenchant is a well agitated 
10% brine solution for which the quenching constant determined by 
the method of Grossmann (3) from the experimental work in this 
project equals 4.00%: (H = 4.00%") These conditions are thought t: 
be typical of the heat treatment of carbon tool steels. 

With but scant attention to the mathematics involved, the neces 
sary definitions, variables, and relations are as follows: 

(a) T= Temperature at a given position and time after start of quench, 
hereinafter = 1300 “°F (705 °C). 

(b) Ts = The initial or quenching temperature—1450 °F (788 °C). 

(c) To = Temperature of quenching medium—77 °F (25 °C). 

(d) By substitution of one variable for the above three in the usual manner: 


T—T. (5 °C — 2G) c 
U= 77.’ (788°C — 25°C) = 0.89, or 0.90 for this work. 


(e) a*= Thermal diffusivity of steel, and from previous work, it is taken to 
be 0.040 square centimeters per second.’ (This value was first deter- 


2 We would like to emphasize the fact that the pretreatment of the hardenability specimen 
and the steel sections, such as rounds, in which pt ys gai is desired must be identical. See 
Reference (6) for a detailed investigation of the effects of pretreatment on the hardenability of 
carbon steel. 

® Units are in c.g.s. system to permit the use of Scott’s calculated values. (All units are 
converted to the English system to obtain Figs. 2 and 3.) 
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mined by Scott in his work, and later redetermined by Post and 
Fenstermacher (11) in The Carpenter Steel Laboratory. 


Half diameter or radius of cylinder in centimeters. 


= Distance from axis of cylinder to point at temperature T, in centi- 
meters. 


Time at which temperature has fallen to T-degrees in seconds after 
start of quench. 


= Quenching constant of the quenching medium based on cylinder 
radius, in reciprocal centimeters (note that the quenching constant 
of Grossmann as determined for the well agitated brine quench, H = 
4.00-'*- is one-half of this constant.) Thus, for the agitated brine 


quench 
h=2xH = $™-., or 
h = 3.15 em”. 
(j) Critical cooling velocity is the cooling rate at 1300°F (705 °C) 


which is necessary to produce a critical hardness of Rockwell C-55 
in hypereutectoid steels. 


With these definitions in mind, the cooling rate at temperature, T, 
on the basis of Newton's law may be written: 


Ss . sa el le 


ae (Ti ce) } Equation | 


OT 


42 
wt = 5 (3 dali Equation 2 


vhere c (cooling rate term) iia es : 
a dt 
and is to be evaluated for U = 0.90. 

More detailed information concerning the actual mathematics in- 
volved may be found in the original work of Scott (1,2) or Russell 
(10). 

Scott’s tabulated values for a temperature ratio (U) of 0.90, how- 
ever, are incomplete, as they are calculated from a rapidly converging 
series. This necessitates extrapolation and interpolation of the original 
calculations into the region of large cylinder radius and high quenching 
power. Simple calculations of reciprocal values of the basic cooling rate 
term (c) and the product of cylinder radius and quenching power (hb) 
as listed in Table I permits construction of Fig. 1, to evaluate the cool- 
ing rate term (c) under the desired conditions. Values of c obtained 
by this method are tabulated in Table II. 

These values substituted in Equation 2 in turn enable construc- 
tion of Fig. 2, which is a plot of calculated cooling rates at 1300 °F 
(705 °C) at various positions along the radii of cylinders up to and 
including 5 inches in diameter. The information available in Fig. 2 
may be used quite simply to determine the case depth (depth of hard- 
ness penetration) on a.given size cylinder, providing the critical cool- 
ing velocity at 1300 °F (705 °C) of the steel has been determined. For 
example, if the critical cooling velocity at 1300°F (705°C) of a par- 
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Table I 
Reciprocal of Cooling Term and hb Product For U —0.90 











Soe VALUES OF a? dt for r/b: 
hb b? du 
Product 0 0.5 0.7 0.8 0.9 1.0 
0.000 0.296 0.198 0.071 0.026 — — 
0.100 0.364 0.262 0.132 0.064 0.028 — 
0.200 0.417 0.321 0.184 0.115 0.054 — 
0.333 0.500 0.412 0.250 0.167 0.087 — 
0.625 0.649 Not 0.394 Not 0.182 — 
Determined Determined 
1.000 0.840 Not 0.595 Not 0.331 0.200 
Determined Determined 
1.250 0.972 Not - Not Not 0.278 
Determined Determined Determined Determined 
2.000 1.351 Not 5 - 0.625 
ioe 
ose 00 
>| 0 
ww 
o| 2 


0.75 


0.50 


Reciprocal of Basic Cooling Rate ( 


0.25 








0 0.2 04 06 0.8 1.0 
Reciprocal of Product: (Quenching Power): (Cylinder Radius) 
(1/hb) 
Fig. 1—Basic Cooling Rate Term for Several Positions in Various Sized 
Cylinders as a Function of Quenching Power. Reciprocal functions plotted 


to permit extrapolations into the region of high quenching power and large 
cylinder radius. Broken lines represent extensions of Scott’s calculated values. 


ticular steel is known to be 200°F (95°C) per second, and the case 
depth of a 1.5 inch diameter cylinder is desired, one finds 200°F 
(95°C) per second on the vertical axis of Fig. 2 and proceeds across 
to the curves marked 1.5 inch diameter, and then observes on the hori- 
zontal axis the position 0.84 on the radius of the cylinder (0.75 inch). 
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Table II ore 
Cooling Rate Term For Various Positions in Cylinders Up to 5.00 inches in Diameter 
Under Conditions Stipulated in Part I 


b hb Values of bv du (c.g.s. units) U=—0.90 for r/b = 
Radius of Cylinder h=3.15 a? dt 

inches cms: cm—? 0 0.5 0.7 0.8 0.9 1.0 
0.50 1.27 4.00 2.30 3.00 4.96 8.25 19.70 106 
0.75 1.91 6.00 2.50 3.52 5.26 9.40 21.00 144 
1.00 2.54 8.00 2.65 3.70 6.22 9.86 22.50 170 
1.25 3.18 10.00 2.80 3.87 6.30 9.96 23.30 200 
1.50 3.81 12.00 2.93 3.97 6.62 10.10 23.50 210 
1.75 4.45 14.00 2.96 4.08 6.70 10.50 23.60 252 
2.00 5.08 16.00 2.99 4.16 6.79 10.80 23.71 293 
2.25 5.72 18.00 3.09 4.20 6.95 10.84 23.80 333 
2.50 6.35 3.10 4.28 


20.00 7.05 11.00 24.00 382 













































(hus, at a distance of 0.84 * 0.75, or 0.63 inches from the center of 
he cylinder, the cooling rate at 1300°F (705°C) will be 200°F 
95°C) per second, providing the steel has been treated according to 
he previously stipulated conditions. The value 0.63 inch, of course, is 
he calculated radius of the unhardened core of the particular cylinder 
inder discussion. By simple subtraction of this value from the actual 
ylinder radius, one then may calculate the desired case depth of the 
linder to be 0.75—0.63, or 0.12 inches. 

Selection of a wide range of cooling rates at 1300°F (705°C) 
) embrace all possible cooling rates given in Fig. 2, and the arbitrary 
esignation of these selected cooling rates as critical cooling velocities 
t 1300°F (705 °C), yields a sufficient number of values to construct 
‘ig. 3, using the simple arithmetical calculations previously outlined. 
n essence, Fig. 3 is a plot of critical cooling velocity at 1300 °F 
705 °C) versus radius of unhardened core, employing as a parameter, 
vlinder diameter. Direct plots of cooling velocity versus case depth 
vould result in a prohibitively narrow spread of the curves. However, 
lue to the arrangement of the step-like scales of Fig. 3, (which read 
‘rom right to left), it is possible to read directly the case depth of a 
given diameter cylinder when either the critical cooling velocity at 
1300 °F (705°C), or the case depth of a given size cylinder is known. 
This is accomplished simply by following the critical cooling velocity 
of interest to its point of intersection with the curve of the cylinder 
size desired, and then dropping to the horizontal axis pertaining to this 
particular cylinder and reading the case depth directly. Alternately, one 
may determine the depth to which a given size cylinder will harden 
and then locate this value on the horizontal scale of Fig. 3, which per- 
tains to the diameter of the test cylinder, then proceed vertically to the 
intersection of this value with the curve of the cylinder in question, 
and read on the vertical axis, the critical cooling velocity of the steel. 

Actually, from the-viewpoint of case depth, Fig. 3 is made up of 
a series of curves, each with its own horizontal axis (case depth) which 
is read from right to left, but all with a common vertical axis of critical 
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Center Surface 
Fig. 2—Calculated Cooling Rates at 1300 °F (705°C) In Various Sized 


Cylinders. Quenching temperature — 1450 °F (790 °C). Agitated brine quench 
H = 4.00 inch-. 


cooling velocity at 1300 °F (705 °C). The critical cooling velocity may 
be experimentally determined by the cone test of Post, Greene and 
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Fig. 3—Calculated Hardness Penetration Curves. Hardness penetration as a function 
(705 °C). Quenching temperature — 1450°F (790 °C) 


f cooling velocity at 1300 °F 
Agitated brine quench; H = 4.00 inch. 


‘enstermacher (6) or by the standard end quench test, although the 

accuracy of the latter test for these shallow hardening steels is rather 

questionable. It is thus possible by means of a simple test, e.g., the 
cone test, the end quench test, or by simply quenching a given size 
round, to ascertain quantitatively with the use of Fig. 3, the harden- 
ability of shallow hardening tool steels. It is, of course, essential that 
the pretreatment and hardening procedure employed for the harden- 
ability specimen and the rounds be exactly identical. 
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EXPERIMENTAL DETERMINATION OF CASE DEPTH ON ROUNDS, 
One INcu TurouGH Two-ANpD-ONE-HALF INCHES IN DIAMETER. 


Bar stock annealed to a fully spheroidized structure was procured 
from five heats of relatively shallow hardening tool steel. Included in 
this group are straight carbon, carbon-vanadium, and carbon low 
chromium steels. Analyses of these steels are listed in Table III. 
Cylinders 1, 144, 2 and 2% inches, all 6 inches in length, to minimize 


Table III 
Analyses of Steels Utilized in Experimental Work 
Steel & Mn Si P S Cr Ni Mo Cu V 
A 1.08 0.20 0.17 40.010 0.011 0.06 12 0.02 0.11 0.20 
B 1.04 0.24 0.27 # 0.011 0.014 0.15 0.10 0.02 £420.12 
€ 0.94 0.20 0.37 0.025 0.016 0.18 0.07 0.02 0.16 
D 0.99 0.33 0.32 0.020 0.013 0.44 0.28 0.07 0.15 
E 0.88 0.44 0.13 0.0 0.14 


0.37 0.012 0.009 0.02 











end effects, one standard hardenability cone, and one Jominy specimen 
were machined from each steel. 

Cone and Jominy specimens from steels A through D were pre- 
treated 40 minutes at 1600 °F (870°C), oil-treated, and then austen- 
itized 10 minutes at 1450°F (790°C) and quenched in a 10% brine 
solution at room temperature (80°F, 25°C) from Cone and Jominy 
fixtures, respectively. In accordance with normal practice, the pre- 
treatment at 1600°F (870°C) was omitted for specimens from 
Steel E due to a carbon content under 0.90%. The furnace employed to 
heat treat these hardenability specimens was an electric muffle typ¢ 
with an atmosphere of approximately 4% Oz. 

Heat treatment of the various cylinders from each steel was identi- 
cal with that of the respective hardenability specimens save for a 
variable austenitizing time of 5 minutes per diameter inch of each 
cylinder. The quenchant employed was the usual well agitated 10% 
brine solution with an “H” value of 4.00-'-. In order to eliminate 
surface conditions, and thus facilitate subsequent hardness measure- 
ments, the various cylinders were heat treated in a neutral salt bath. 

After hardening, the cones were tested magnetically (12) and then 
split longitudinally, and etched in a 1:1 HCl solution for three minutes 
at 180°F (80°C) to determine the critical cooling velocity visually. 
Jominy specimens, of course, were tested in the conventional manner. 
Hardenability ratings, including Shepherd Disk Number Conversions 
are tabulated with all other significant experimental data in Table IV. 

Following heat treatment, the various size rounds were nicked 
and fractured to determine the fracture grain size (Table IV). A disk 
14, inch thick was then cut from one of the fractured surfaces of each 
round and surface ground. In the case of each 2.5 inch diameter disk, 
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Fig. 4a—Rockwell Contour Curves Steel A. 
Hardness penetrations: 
1.00 inch diameter cylinder 0.113 inch 
1.50 inch diameter cylinder — 0.088 inch 
2.00 inch diameter cylinder = 0.075 inch 
0). 


2.50 inch diameter cylinder - .062 inch 


nly a one-quarter section of the disk was so prepared in order to 
facilitate fitting the specimen in the micrometer stage employed for 
determining hardness profiles of the rounds. With the use of the 
micrometer stage, Rockwell N-30 readings were taken every 0.025 
inch from surface to center, traversing four separate radii on each 
specimen. The four Rockwell N-30 profiles were then averaged, con- 
verted to Rockwell C scale, and plotted against distance from surface 
to center of the round as in Figs. 4a to 4e, inclusive. 

Measurement of the case depth of the various rounds was ob- 
tained directly from Figs. 4a to 4e by determining the point at which 
the critical hardness line, Rockwell C-55, intersected each particular 
hardness contour curve (Table IV). One should note that the third 
figure in these measurements is merely an approximation obtained by 
the use of the micrometer stage. Following these measurements, each 
disk was etched with the same technique employed for the cones, and 
coated with lacquer to preserve the etched case and core. It should 
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Fig. 4b—Rockwell Contour Curves Steel B. 
Hardness Penetrations: 


1.00 inch diameter cylinder = 0.125 inch 
1.50 inch diameter cylinder — 0.100 inch 
2.00 inch diameter cylinder — 0.090 inch 
2.50 inch diameter cylinder — 0.077 inch 


be noted here that the etched appearance of the disk consisted of thre: 
regions ; a gray outer case, a dark inner ring (the width of which in 
creased with hardenability), and a light core. Visual measurements 
were made to the inner rim of this gray outer case, as hardness tests 
and metallographic examinations established the location of the critical 
hardness (Rockwell C-55) at this point. Visual measurements thus 
obtained compared favorably with those obtained graphically, as is 
shown in Table IV. 

The work of Heindlhofer (13), and more recently, that of Carney 
and Janulionis (7,14) has demonstrated that the application of 
Newton’s Law to quenching problems is not strictly valid. This is due 
in general to the variation of the thermal constants of the steel during 
quenching, and in particular to the variation of the quenching constant, 
(H or h), of the quenching medium with cylinder diameter and tem- 
perature. However, determination of an average H value after the 
manner of Grossmann appears to permit calculation of hardness pene- 
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Fig. 4c—Rockwell Contour Curves Steel C. 
Hardness Penetrations: 


1.00 inch diameter cylinder = 0.133 inch 
1.50 inch diameter cylinder — 0.113 inch 
2.00 inch diameter cylinder = 0.100 inch 
2.50 inch diameter cylinder — 0.085 inch 


rations which are sufficiently compatible with experimental results for 
‘ractical applications. 

A comparison of experimental data with the calculated curves of 
tig. 3 is presented in Fig. 5. This comparison appears to be satis- 
factory, and in many cases, the deviation is zero, notably on larger 
liameter rounds. Actually, this deviation substantiates the conclusion 
of Carney and Janulionis (7,14), since they have established that the 
quenching constant increases with decreasing bar diameter, and con- 
versely. This, of course, would produce deeper hardening on small 
diameter cylinders, and shallower hardening on large diameter cylin- 
ders than would be expected from calculated values based on an aver- 
age constant value for the quenching power of the bath. Fig. 5 definitely 
illustrates this trend. 


SUMMARY 


The favorable comparison of calculated values with experimentally 
determined hardness penetration presented in Fig. 5 appears to justify 
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FeO Table IV ao" e a. pit ae 
Experimental Data 
Critical Cooling Critical ; Case 
Velocity at 1300 °F Cooling Diameter Depth 
From Cone Test Velocity at of (Inches) Case 
and Shepherd 1300 °F From Diameter Unhardened From Depth Fracture 
Iden- Hardenability Jominy End of bar Core Hardness (Inches) ‘rain 
tification Number Quench Test (Inches) (Inches) Profiles Visual Size 
1.000 0.774 0.113 0.109 “a 
: ' 332 °F/sec in Oe i 1.500 1.324 0.088 0.085 I-Y% 
Steel A No. 9 350 °F/sec. = -3'000 1.850 0.075 0.077 9 
2.500 2.376 0.062 0.063 Yh 
1.000 0.750 0.125 0.110 9 
- 277 °F/sec. , oT /en 1.500 1.300 0.100 0.097 9 
Steel B No. 11 260 'F/sec, 2.000 1.820 0.090 0.086 9 
2.500 2.346 0.077 0.078 9-% 
— 1.000 0.734 0.133 0.117 SY 
~ ~ 196 °F/sec. oT, 1.500 1.274 0.113 0.110 é 
Steel C No. 13 200 ® F/sec. 2.000 1.800 0.100 0.101 8 
2.500 2.330 0.085 0.086 8 
1.000 No Core Thru Thru 9-% 
Steel D Hardened 85 °F/sec. 1.500 1.050 0.225 0.219 9-% 
’ Through No. 17 2.000 1.638 0.181 0.180 9-% 
2.500 2.174 0.163 0.164 9-% 
178 °R/ a 0.700 0.150 0.156 ru 
a 75 °F/sec. oR, 1.500 1.250 0.125 0.136 “3 
wet S No. 14 180 " F/eee. 2.000 1.758 0.121 0.118 8-14 
2.500 2.274 0.113 0.114 8-% 
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he application of Fig. 3 to practical heat treating problems. Further- 
1ore, these curves have been successfully applied to various harden- 
ibility problems at The Carpenter Steel Company arising from specifi- 
ations concerned with a specific case to core ratio. It seems probable 
that the curves of Fig. 3 dealing with cylinders 3 inches through 5 
inches in diameter, though they lack experimental verification, do not 
deviate very greatly from the actual behavior of these larger size 
cylinders, as all curves conform to a similar pattern. At the very least, 
ig. 3 should serve as a valuable guide to the practical heat treater. 

However, several precautions should be noted in any rigid appli- 
cation of the curves in Fig. 3: 

1. Heat treatment of the cylinders, including pretreatment, must 
be identical with that employed for the hardenability specimen. 

2. Cylinders must be hardened from, or in the vicinity of 1450 °F 
(790 °C), with a resulting fracture grain size in the range of 8 to 9. 

3. Values of case depth determined by these curves apply only 
to cylinders which are quenched into a well agitated 10% brine solution 
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Fig. 5—-Comparison of Calculated Hardness Penetrations with Experi- 
mentally Determined Penetrations. Quenching temperature = 1450 °F (790 °C) 


Agitated Brine Quench (H = 4.00 inch-*). 


(H = 4.00—*-). 


4. Curves are valid only for hypereutectoid steels with a critical 
hardness of Rockwell C-55. 

5. If a pretreatment, consisting of 40 minutes at 1600°F 
(870°C), followed by oil quenching, is not employed for steels with 
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carbon contents in excess of 0.90%, penetrations obtained on such 
steels will be somewhat deeper than those predicted by Fig. 3. 


6. Penetrations which are determined from Fig. 3 on cylinders 


1 inch in diameter and under, will very likely be shallower than those 
actually obtainable due to the afore-mentioned variation of the quench- 
ing constant with bar diameter. 
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DISCUSSION 


Written Discussion: By D. Niconoff, Canton Metallurgical Laboratory, 
Republic Steel Corp., Canton, Ohio. 

The author is to be congratulated upon the ingenious application of the 
Scott’s and Russell’s solution of the heat flow equation to calculation of harden- 
ability of carbon tool steels. 

The degree of agreement between the empirical and calculated harden- 
abilities obtained by the new method is almost phenomenal in comparison with 
the same relation existing for alloy steels, where the calculated values not 
uncommonly are found to be 10 to 15% off the experimental data. 

This remarkable agreement is probably due to uniformity of the position 
of critical points in this rather restricted by its composition group of steels, 
which permitted selection of the cooling rate through 1300 °F as the parameter 
for designation of hardenability. In case of alloy steels the conditions are far 
from being so ideal since the presence of alloying elements might elevate o: 
depress the transformation temperature considerably, depending whether th« 
elements are ferrite or austenite promoters. 

The low alloy content of the carbon tool steels is likely to assure also a 
relative freedom from chemical segregation, at least in the elements exercising 
a profound effect upon the transformation temperature. 

In view of the above considerations it would be interesting to know whethe: 
the presence of alloying elements in the hypereutectoid steels, similar to th: 
ones used in this investigation, would interfere with the applicability of this ney 
method. 

Does the author possess any information as to how great a concentration o 
alloys could be tolerated in this type of steel before the unusually good agre: 
ment between the calculated and the experimental results ceases to exist? 


Author’s Reply 


The comments by Mr. D. Niconoff are greatly appreciated. It is true th: 
the low alloy content of carbon tool steels results in relatively uncomplicate 
transformations ; however, some work has been previously published in Refe: 
ence 11 to this paper in which the same cooling rate parameter is employed 
predict hardenability in finite sections of a 0.90% carbon, 1.60% manganese 0: 
hardening tool steel. The degree of correlation between experimental and calcu 
lated values was found to be quite satisfactory. With respect to other alloy ad 
ditions, it is thought that elements such as silicon and chromium would probabl) 
not influence the degree of correlation very greatly; whereas an element such 
as molybdenum very likely would. 

Although some work is in progress in The Carpenter Steel Company 
laboratories correlating analysis and hardenability, the author cannot state with 
any exactness what maximum alloy content could be tolerated in hypereutectoid 
carbon steels before the agreement between calculated and experimental resulis 
would be materially affected. 

















EFFECT OF CARBON AND NITROGEN ON THE 
ATTAINABLE HARDNESS OF MARTENSITIC 
STEELS 


By A. E. NEHRENBERG, PETER PAYSON AND PETER LILLYS 


Abstract 
































The maximum hardness which can be obtained in steels 
containing 0.035 to 0.15% carbon heat treated to have fully 
martensitic structures free from residual carbides and 
residual nitrides is shown to be a function of nitrogen as well 
as carbon content. The following empirical logarithmic 
equation satisfactorily describes the relationships among 
attainable hardness, carbon and nitrogen contents and 1s ap- 
plicable to a carbon range of 0.035 to 0.50% when the nitrogen 
is low and to a nitrogen range of 0.01 to 0.30% when the 
carbon is 0.05 to 0.15%: 

log Rockwell C hardness = 2.182 + 0.469 (log C) 

+ 0.108 (log C)? + 0.164 (log N) + 0.025 (log N)? 

where C = carbon content in weight per cent 

and N = nitrogen content in weight per cent. 


Although the chromium content was varied from 0.5 to 
15.5% in steels containing 0.035 to 0.16% carbon there was no 
evidence to suggest that there was any effect of this variation 
in chromium content on the attainable hardness. 





INTRODUCTION 


| T IS commonly observed that the attainable hardness of low carbon 


high alloy steels, such as the martensitic stainless steels for example, 
somewhat greater than would be predicted from the Burns, Moore 
ud Archer relationship (1)! between carbon content and maximum 
ardness of martensite. There are several possible explanations for 
his discrepancy. In the first place, the Burns, Moore and Archer re- 
lationship may not be accurate when the carbon content is lower than 
about 0.12%. In their work these authors obtained hardness data for 
only three steels of such low carbon content, and these steels were 
carbon steels which may not have hardened fully even when drastically 
quenched. Burns, Moore and Archer realized that their relationship 
between carbon content and martensite hardness for carbon contents 


‘The figures appearing in parentheses pertain to the references appended to this paper. 








A paper presented before the Thirty-sixth Annual Convention of the Society, 
held in Chicago, November 1 to 5, 1954. The authors, A. E. Nehrenberg, Peter 
Payson and Peter Lillys, are associated with the Research Laboratory, Crucible 
Steel Company of America, Harrison, N. J. Manuscript received April 19, 1954. 
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less than about 0.12% is uncertain and consequently drew a dashed 
line through the points for these three very low carbon steels. In the 
second place, the martensitic stainless steels are sometimes found to 
contain almost, if not as much, nitrogen as carbon. There is some evi- 
dence that additions of nitrogen increase the hardness of high chro- 
mium martensitic steels (2). In the third place, the high chromium 
content of the martensitic stainless steels may be partly responsible for 
such steels having a higher attainable hardness by providing some 
solid solution hardening. Bain (3) showed that drastically quenched 
iron-chromium alloys containing about 0.02% carbon increased in 
hardness with increasing chromium and concluded that this indicated 
that chromium affects the maximum hardness at a given low carbon 
level. 

The present paper is the result of work carried out for the pur- 
pose of evaluating the relative importance of these possible explana- 
tions for the discrepancy between the attainable hardness of low carbon 
high alloy martensitic steels and the Burns, Moore and Archer re- 
lationship. 

MATERIAL 

Altogether 54 experimental steels were used during the course 
of this investigation. Of this number 12 were ordered explicitly for 
this study whereas the remaining 42 steels had been originally ob 
tained for other projects. All of the steels were induction melted. 
deoxidized with aluminum cast into 15-pound ingots and were forged 
to % inch square bars. The check analyses for the forged bars aré 
shown in Table I. The carbon contents of these steels vary from 0.035 
to 0.16% and the chromium from about 0.5 to about 15.5%. In the 
steels of lower chromium content additions of up to 6% nickel and 
up to 3% manganese were made. The steels containing 12 to 15.5‘ 
chromium contain only residual nickel and molybdenum together with 
normal amounts of silicon and up to 2% manganese. The nitrogen wa: 
varied from about 0.030 to about 0.30% in the steels containing 12 to 
15.5% chromium. 

PROCEDURE 

All of the steels were annealed by a sub-critical temper. Then, 
test specimens 44-inch thick were cut from each bar, austenitized in 
duplicate at temperatures of 1800, 1900 and 2000°F (980, 1040 and 
1095°C), water-quenched and immediately refrigerated in liquid 
nitrogen at minus 320 °F (195 °C) to minimize the retained austenite. 
The specimens were subjected to metallographic examination and those 
containing any residual carbides or residual nitrides were discarded. 
Five hardness determinations were made on each specimen which 
passed the metallographic examination, and the average for each speci- 
men was computed. The Rockwell C hardness value shown in Table | 
is the grand average for either four or six specimens for each steel. 
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The standard error for the grand average was determined to be 0.25 
in Rockwell C units. 


The data obtained were analyzed by employing conventional 
statistical procedures (4). 














Table I 
Analyses and Attainable Hardnesses of Experimental Steels 
Computed * 
log Rockwell 

Observed Observed S Computed 

Rockwell Rockwell Hardness Deviation ** Rockwell 

ca Cc (in (in 
Bar ; Mn Si Ni Cr Mo N Hardness Hardness logarithms) logarithms) Hardness 
5256 160 1.26 1.36 1.80 0.43 0.44 0.013 43.6 1.6395 1.6556 —0.0161 45.2 
$463 10 1.37 0.91 1.76 0.73 0.23 0.007 37.7 1.5763 1.5711 +0.0052 37.2 
5259 2 1.389 <3. Baz 0.88 0.25 0.015 42.3 1.6263 1.6449 —0.0186 44.1 
320 4 3.32 0.20 3.20 3.35 0.01 0.033 36.8 1.5658 1.5557 +0.0101 36.0 
380 3.28 0.18 3.19 3.31 0.01 0.020 34.8 1.5416 1.5537 —0.0121 35.8 
380 3.43 Gil  2i7 3.41 0.01 0.023 41.8 1.6212 1.6351 —0.0139 43.2 
38 1.72 0.21 6.17 3.33 0.01 0.023 36.5 1.5623 1.5586 +0.0037 36.2 
3Ri 1.74 0.21 6.28 3.31 0.01 0.019 35.8 1.5539 1.5488 +0.0051 35.4 
38 1.79 0:19 G2 3.33 0.01 0.021 39.8 1.5999 1.6052 —0.0053 40.3 
381° 4 1.76 0.20 6.20 3.31 0.01 0.022 42.0 1.6232 1.6317 —0.0085 42.8 
38 3.26 G20: 3.48 4.22 0.01 0.037 39.1 1.5922 1.5916 +0.0006 39.0 
544 0:33.. 0.57: 6:33 4.76 0.55 0.013 29.6 1.4713 1.5069 —0.0356 32.1 
545: 0.44 0.27 0.10 5.13 0.56 0.018 37.8 1.5775 1.5865 —0.0090 38.6 
381 1.77 0.21 3.18 6.71 0.01 0.029 35.6 1.5514 1.5401 +0.0113 34.7 
381 1.65 0.19 3.17 6.70 0.01 0.031 36.6 1.5635 1.5550 +0.0085 35.9 
38] 1.72 G23 236 6.71 0.01 0.028 43.1 1.6345 1.6331 +0.0014 43.0 
8 1.78 0.22 3.16 6.70 0.01 0.026 45.3 1.6561 1.6418 +0.0143 43.8 
54 0.45 0.13 0.11 8.37 0.55 0.024 39.1 1.5922 1.5953 —0.0031 39.4 
374 0.56 0.31 0.14 12.01 0.05 0.034 41.4 1.6170 1.6183 —0.0013 41.5 
37 0.58 0.29 0.14 12.01 0.05 0.038 43.4 1.6375 1.6410 —0.0035 43.8 
3747 0.51 0.26 0.13 11.88 0.04 0.043 49.8 1.6972 1.6879 +0.0093 48.7 
37 0.55 0.28 0.14 12.88 0.05 0.045 45.7 1.6599 1.6673 —0.0074 46.5 
37 0.45 0.26 0.14 12.73 0.02 0.029 47.2 1.6739 1.6662 +0.0077 46.4 
37 0.61 0.20 0.14 12.55 0.01 0.050 44.1 1.6444 1.6390 +0.0054 43.6 
37 0.54 0.30 0.14 12.81 0.17 0.055 45.3 1.6561 1.6556 +0.0005 45.2 
37¢ 0.61 0.32 0.14 12.85 0.01 0.036 44.8 1.6513 1.6521 —0.0008 44.9 
37 ¢ 0.60 0.30 0.14 12.35 0.10 0.044 50.1 1.6998 1.6897 +0.0101 48.9 
37 0.56 0.31 0.14 12.75 0.01 0.097 43.7 1.6405 1.6420 —0.0015 43.9 
37 0.60 0.31 06.14 12.68 0.01 0.075 45.7 1.6599 1.6760 —0.0161 47.4 
768 0.59 0.32 0.14 12.88 0.01 0.090 49.4 1.6937 1.7071 —0.0134 50.9 
7¢ 0.56 0.26 0.14 12.27 0.01 0.115 52.1 1.7168 1.7336 —0.0168 54.2 
377 0.83 0.18 0.45 11.76 0.01 0.097 45.6 1.6590 1.6576 +0.0014 45.5 
377 0.55 0.27 0.27 12.26 0.19 0.041 46.2 1.6646 1.6738 —0.0092 47.2 
4267 0.40 0.46 0.13 12.55 0.01 0.13 44.5 1.6484 1.6440 +0.0044 44.1 
427( 0.43 0.31 0.13 12.17 0.01 0.14 49.5 1.6946 1.6953 —0.0007 49.6 
39] 0.71 0.31 0.21 411.98 0.01 0.074 45.0 1.6532 1.6494 +0.0038 44.6 
3920 0.77 0.37 0.14 12.49 0.01 0.13 48.0 1.6812 1.6902 —0.0090 49.0 
3921 0.80 0.34 0.14 12.60 0.02 0.22 50.0 1.6990 1.7024 —0.0034 50.4 
4030 0.76 0.34 0.14 13.46 0.01 0.11 44.0 1.6434 1.6425 +0.0009 43.9 
4032 0.80 0.35 0.14 13.68 0.02 0.19 47.5 1.6767 1.6853 —0.0086 48.5 
4269 8 0.44 0.38 0.13 13.74 0.01 0.13 49.5 1.6946 1.6925 +0.0021 49.3 
3629 1 1.96 0.14 0.14 13.79 0.07 0.12 47.5 1.6767 1.6554 +0.0213 45.2 
3631 2.03 0.15 0.13 13.49 0.05 0.15 46.5 1.6674 1.6559 +0.0115 45.3 
4268 0.081 0.42 0.36 0.14 14.91 0.01 0.14 48.0 1.6812 1.6763 + 0.0049 47.4 
4029 f 0.80 0.39 0.14 15.53 0.01 0.16 45.5 1.6580 1.6579 +0.0001 45.5 
4033 71 0.78 0.40 0.15 15.41 0.01 0.21 49.0 1.6902 1.6856 +0.0046 48.5 
4035 0.064 0.77 0.32 0.14 15.66 0.01 0.28 48.7 1.6875 1.6924 —0.0049 49.2 
4037 0.068 1.63 0.41 0.15 15.34 0.01 0.19 48.0 1.6812 1.6760 +0.0052 47.4 
4038 0.066 1.60 0.31 0.14 15.72 0.01 0.22 50.0 1.6990 1.6814 +0.0176 48.0 
4039 0.064 1.65 0.29 0.15 15.77 0.01 0.30 50.0 1.6990 1.6966 +0.0024 49.7 
$923 0.090 1.67 0.35 0.14 15.24 0.01 0.19 51.0 1.7076 1.7038 +0.0038 50.6 
3924 0.087 1.71 0.36 0.15 15.49 0.01 0.27 51.0 1.7076 1.7205 —0.0129 52.5 
3926 0.083 1.59 6.421 O47 145.20 6.01. 6.17 50.0 1.6990 1.6893 +0.0097 48.9 
3927 0.097 1.66 0.36 0.16 15.48 0.02 0.26 51.0 1.7076 1.7298 —0.0222 53.7 


log Re = 2.182 + 0.469 (log C)_ + 0.108 (log C)? + 0.164 (log N) + 0.025 (log N)? 


** Standard error of estimate equals 0.0107 (in logarithms). In terms of Rockwell C units this amounts to 
1.5 at Re 60, 1.2 at Re 50 and 1.0 at Re 40. 
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RESULTS AND DISCUSSION 


Effect of Carbon and Nitrogen—lIn the preliminary analysis 
graphical methods were used. It was established that the relationship 
between carbon or nitrogen and attainable hardness is approximately 
linear when the data of Table I are plotted on log-log coordinates. 
This indicated that an empirical equation of the form 

log Rockwell C hardness = a + b (log C) + C (log N) Equation 1 


where C = carbon content in weight per cent 
and N = nitrogen content in weight per cent 


might be useful in describing the relationships among these variables. 
The preliminary equation of this form which was evolved was found 
to provide reliable hardness estimates for the data of Table I, but it 
gave low estimates when the carbon content was higher, such as for 
the bulk of the Burns, Moore and Archer data. 

It was considered that an equation which would conform to the 
Burns, Moore and Archer data as well as our own data, and thus be 
applicable over a wider range of carbon content, would be more useful. 
Consequently, the Burns, Moore and Archer data for steels containing 
up to 0.50% carbon were incorporated with the data of Table I and 
a new regression equation was determined. The nitrogen content of 
the steels used for the Burns, Moore and Archer relationship was not 
known, so it was assumed that those steels contained 0.01% nitrogen. 

The relationship between carbon content and Rockwell C hard- 
ness on log-log coordinates was found to exhibit a definite upward 
curvature when the carbon content increases above about 0.15%, hence 
a logarithmic equation involving log C to the second as well as the 
first power was indicated as being required to describe this parabolic 
relationship. Since log-log plots of per cent nitrogen versus Rockwell ( 
hardness at constant carbon levels also exhibited some tendency t: 
curve upward when the nitrogen content exceeded about 0.1% th« 
regression equation should also involve log N to the first and second 
powers. Thus, the graphical analysis indicated that an equation of the 
following type would be appropriate for the combined data: 

log Rockwell C hardness = a + b (log C) + c (log C)? 
+d (log N) +e (log N)? Equation 2 

The constants in Equation 2° were evaluated mathematically and 

the following empirical equation was thereby obtained : 


log Rockwell C hardness = 2.182 + 0.469 (log C) 
+ 0.108 (log C)? + 0.164 (log N) + 0.025 (log N)? Equation 3 


The standard error of estimate expressed in logarithms for this 
multiple regression equation was found to be 0.0107. In two cases out 


of three, therefore, the logarithm of the actual Rockwell C hardness can 
be expected to deviate by no more than +0.0107 from the estimated 
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Fig. 1—Correlation Between Observed Rockwell C Hardness Values and Values 
Estimated from the Carbon and Nitrogen Contents by Means of the Empirical Equa- 
tion, Log Rockwell C Hardness = 2.182 + 0.469 (log C) + 0.108 (log C)? + 0.164 

log N) + 0.025 (log N)?. 
lue. In terms of actual Rockwell C hardness values the standard 
or amounts to 1.0 at Rockwell C-40, 1.2 at Rockwell C-50 and 1.5 
Rockwell C-60. 

Equation 3 was used for estimating the attainable hardness of 
irtensite from the carbon and nitrogen contents for each of the steels 
ed in developing the regression equation. The computed hardness 
lues are compared in Table I with our observed hardness values, 

nd these data together with similar data for the higher carbon steels 
the Burns, Moore and Archer investigation are plotted in Fig. 1. 
‘he dashed lines in this figure denote the 2-sigma, or 95% confidence 
limits, for the estimated values. Fig. 1 serves to illustrate graphically 
that there is quite good agreement between the observed and computed 
values. 

The standard error of each of the four regression coefficients 
in Equation 3 was computed and the results obtained are summarized 
in Table II. The standard error of the regression coefficients for log C, 
(log C)? and log N amounts to only 12% or less, and hence these 
coefficients can be considered to be quite reliable. Percentage-wise, the 
standard error of the regression coefficient for (log N)? is rather 
high, but this is not serious since the coefficient is numerically small. 
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Table Il 
Standard Error of Regression Coefficients 
Standard 
Independent Regression Standard Error in 
Variable Coefficient Error Per Cent 
(log C) 0.469 0.024 5.1 
(log C)? 0.108 0.013 12.0 
(log N) 0.164 0.018 11.0 
(log N)? 0.025 0.007 28.0 





-0.010 


Deviation, in Logarithms 





0.1 0.2 0.406 1.0 2.0 4.0 6.0 10.0 20.0 
% Chromium 


Fig. 2—Chromium Content Versus Difference Between Observed and Estimated 
Rockwell C Hardesses, Expressed in Logarithms. 


The coefficient of multiple determination for Equation 3 was com 
puted to be 0.975. In other words, it is estimated that about 97.5% 
of the total variability in log Rockwell C hardness is explained or ac- 
counted for by the regression equation. Like other statistics the co- 
efficient of multiple determination is subject to chance variation so 
that the true value may be either higher or lower than the value esti 
mated from the sample. When allowance is made for this possible 
chance variation it can be concluded that the regression equation ac- 
counts for at least 96% of the total variability in log Rockwell C hard- 
ness. 

Effect of Alloying Elements—In order to determine whether 
any of the unexplained variability in log Rockwell C hardness might 
be attributed to the variations in alloy content of the various steels 
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used in this investigation, the deviations of the observed hardnesses 
from the computed hardnesses, expressed in logarithms, were plotted 
against alloy content. The plot of these deviations versus chromium 
content is reproduced in Fig. 2. Although the chromium content was 
varied over the range from about 0.5 to about 15.5%, there is no indi- 
cation that this wide variation in chromium in these steels which varied 











Rockwell C Hardness 
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Fig. 3—Effect of Carbon on the Attainable Hardness of Steels Quenched to 
Produce Fully Martensitic Structures Free from Residual Carbides. 


‘arbon from 0.035 to 0.16%, had had any significant effect on the 
tainable hardness. Similarly, no correlation was found with any of 
other alloying elements. 

Our results are in disagreement with the work of Bain (3) which 
owed that the maximum hardness of 0.02% carbon, iron-chromium 
oys increased with increasing chromium. However, since the nitro- 

en content of the alloys studied by Bain was not indicated, it is 
ssible that the effect he observed might be attributable to nitrogen 
hich tends to increase with increasing chromium, rather than to the 
ctual chromium variation. 

Curves of Hardness Versus Carbon and Nitrogen—Equation 3 

was used as the basis for constructing the curves shown in Figs. 3 and 4 
which describe the relationships between carbon and nitrogen content 
and attainable hardness. Fig. 3 serves to extend the Burns, Moore and 
Archer relationship to lower carbon contents and is in agreement with 
the original relationship when the carbon is above 0.10%. When the 
carbon content is less than 0.10% somewhat higher hardnesses are 
attainable than were indicated by the earlier relationship. For example, 
the original Burns, Moore and Archer relationship indicated that the 
maximum hardness obtainable in a steel containing 0.05% carbon 
would be expected to be about Rockwell C-28 whereas Fig. 3 indicates 
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Fig. 4—Effect of Nitrogen on the Attainable Hardness of Steels at Carbon Levels 
of 0.05, 0.10 and 0.15% Quenched to Produce Fully Martensitic Structures Free 
from Residual Carbides and Residual Nitrides. 


that such a steel is hardenable to Rockwell C-34, provided, of cours: 
that the alloy content is adequate for full martensitic hardening on th 
quench. 

Fig. 4 shows the relationship between nitrogen in the range 0.0 
to 0.30% and attainable hardness for carbon levels of 0.05, 0.10 an 
0.15%. The effect of nitrogen on attainable hardness is not as gre: 
as that of carbon, yet it is of a rather high order of magnitude. F< 
example, in a steel containing 0.10% carbon an increase in nitrogs 
from 0.01 to 0.05% increases the attainable hardness from Rockwe 
C-39 to 44.5, an increase of 5.5 Rockwell C units. The nitrogen conte: 
of the 12% chromium martensitic stainless steels normally varies i 
this range of values, thus the attainable hardness at a given carbon lev: 
is subject to a rather wide variation depending upon the actual nitroge: 
content. Nitrogen is therefore largely responsible for the obser- 
vation that higher attainable hardnesses are obtained in the martensitic 
stainless steels containing about 0.10% or more carbon than would be 
expected from the Burns, Moore and Archer relationship. 


SUMMARY 


The present paper indicates that the maximum hardness which 
can be obtained in steels heat treated to have fully martensitic struc- 
tures free from residual carbides and residual nitrides can be con- 
sidered to be a logarithmic function of the carbon and nitrogen con- 
tents. A variation in chromium from 0.5 to 15.5% in steels containing 
0.035 to 0.16% carbon appeared to have no significant effect on the 
attainable hardness. 
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The following equation describes an empirical logarithmic rela- 
tionship between the attainable hardness and the carbon and nitrogen 
content: 

log Rockwell C hardness = 2.182 + 0.469 (log C) 
+ 0.108 (log C)? + 0.164 (log N) + 0.025 (log N)? 
where C = carbon content in weight per cent 
and N = nitrogen content in weight per cent 
[his equation was shown to account for at least 96% of the total 
variability in log Rockwell C hardness and reliably predicts the attain- 
ible hardness when applied to steels having carbon and nitrogen con- 
tents within the limits covered by this investigation. The steels of high 
trogen content contained 0.05 to 0.15% carbon. It was not estab- 
shed whether the effect of nitrogen would be the same as that indi- 
ted by the above equation when the carbon content is at a higher level. 
The standard error of estimate, in terms of Rockwell C units, was 
ind to be 1.0 at Rockwell C-40, 1.2 at Rockwell C-50, and 1.5 at 
ckwell C-60. 
CONCLUSIONS 
This paper has indicated that two factors are responsible for the 
t that higher attainable hardnesses are often observed in martensitic 
nless steels than would be expected from the Burns, Moore and 
cher relationship. In the first place, higher hardnesses can be ob- 
ed in steels containing less than 0.10% carbon and about 0.01% 
‘ogen than the Burns, Moore and Archer relationship would indi- 
e. Secondly, nitrogen has a rather marked effect on the attainable 
‘dness and this effect is generally ignored. In the martensitic chro- 
im stainless steels containing 0.10% carbon an increase in nitrogen 
m 0.01 to 0.05% will increase the attainable hardness 5.5 points 
ckwell C. 
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THE ROLE OF WATER VAPOR AND AMMONIA IN 
CASE HARDENING ATMOSPHERES 


By P. A. CLARKIN AND M. B. BEvErR 


Abstract 


Specimens of low carbon steel (AISI 1020) were case 
hardened four hours at 1475, 1550 and 1625°F (800, 845 
and 885°C), respectively, in various atmospheres. The am- 
monia concentration in the inlet gas was varied from zero to 
5% and the dew point ranged from —37 to 85°F (—35 to 
30 °C) ; the inlet gas also contained 5% CH,, the balance was 
carrier gas. Surface hardness, microhardness and case depths 
were determined on oil-quenched specimens ; the amounts of 
retained austenite in the cases were measured by lineal anal- 
ysis. Other specimens were air-cooled after case hardening 
at 1550 °F (845°C) and the cases were analyzed for carbon 
and nitrogen. The effects of variations in the concentration of 
ammonia and water vapor in the inlet gas were determined. 
The results extend previously published data in the direction 
of lower ammonia concentrations and provide new tnfor- 
mation on the role of water vapor in case hardening atmos- 
pheres. 


INTRODUCTION 


NE OF the advantages claimed for the carbonitriding process o! 
case hardening steel is the satisfactory performance of furnac: 
atmospheres containing larger concentrations of water vapor than cai 
be tolerated in gas carburizing. The literature, however, contains littl 
experimental evidence in support of this claim. Any difference in th: 
action of water vapor in gas carburizing and carbonitriding atmos- 
pheres undoubtedly can be attributed to the presence of ammonia i: 
the latter. 

Most of the earlier experimental work on carbonitriding was 
carried out with ammonia concentrations in the inlet gas of 10% or 
more, but lower concentrations are currently also used in industrial 
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practice (1)*. The present paper reports the results of an experimental 
investigation of the effects of variations in the concentration of water 
vapor and ammonia on the carbonitriding process. Tests with water 
vapor as a variable were also made in the absence of ammonia and, al- 
though the temperature range did not include the most common carbur- 
izing temperature of 1700°F (925 °C), the results are significant for 
vas carburizing. This investigation supplements earlier papers from 
this laboratory (2-6) and in large measure was stimulated by dis- 
cussions of this work (7). 
Review of Previous Work—lIt is well known that water vapor 
ends to decarburize steel at elevated temperatures (8-11). In the 
simplest case, water vapor and carbon present in the steel react to form 
arbon monoxide and hydrogen (12). Similarly, water vapor, by the 
vater gas reaction, tends to decrease the ratio of carbon monoxide to 
irbon dioxide and thus reduces the carburizing potential of an atmos- 
here containing carbon monoxide. Quantitative information on the 
irbon contents of steels in equilibrium with various atmospheres con- 
ining water vapor is available and systems of carbon control based on 
e dew point of a furnace atmosphere are of considerable current 
terest (13-15). At the same time, the literature contains evidence 
at over a limited range of low concentrations water vapor has a 
neficial effect on the carburizing process and specifically on the rate 
carburizing (11,16,17,18); this seems to be especially true for 
rongly carburizing atmospheres containing hydrocarbons. This bene- 
ial effect of water vapor has been attributed to the control of the 
ssociation of hydrocarbons and of sooting or to the activation of the 
irface of the steel (19), but the true nature of this phenomenon is not 
efinitely known. 
The behavior of water vapor in carbonitriding atmospheres is also 
t well understood (20). An early investigation of the process sug- 
zested that water vapor gives unsatisfactory results (21). Later re- 
earch led to the conclusion that water vapor in the entering gas has no 
ppreciable effect on the case produced (2) but discussions of this 
paper attributed this finding to the high concentration of hydrocarbons 
ind ammonia used in this research (7). A recent survey of industrial 
-arbonitriding practice shows that high dew points are found in some 
commercial installations in which carbonitriding is carried out success- 


fully (1). 





EXPERIMENTAL PROCEDURES 


Specimens of AISI 1020 were prepared by normalizing, ma- 
chining to dimensions of %4 by %4 by 4 inches and: surface grinding. 
They were case hardened in a muffle furnace for four hours at 1475, 
1550 and 1625°F (800, 845 and 885°C) and quenched into oil at 
110°F. Cylindrical specimens for carbon and nitrogen analysis (1 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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inch diameter by 5 inches) were case hardened at 1550°F (845°C) 
and cooled in still air. The case hardening atmospheres consisted of 
carrier gas, methane and varying amounts of ammonia and water 
vapor ; the total flow of gases was kept the same in all experiments. 
The carrier gas was prepared by combining carefully measured 
streams of tank hydrogen, carbon monoxide and nitrogen in the pro- 
portions corresponding to the gas which would result from the com- 
plete reaction of propane with air in a gas generator. Such a gas anal- 
yses is nominally 23.8% carbon monoxide, 31.6% hydrogen and 44.6% 


Table I 
Conditions of Casehardening 


-—Composition of Inlet Gas—, 


Temperature Carrier 
(°F) NHs CHa Gas Dew Point (°F) of Inlet Gas 
1475 5% 5% 90% —12, 32 78 
1475 3% 5% 92% —13, 32 78 
1475 1% 5% 94% —16, 32 78 
1550 5% 5% 90% —iee ia, oo, 60, Bs 
— }15* 32* 74* 
1550 3% 5% 92% —32, 12, 32, 62, 83 
1550 1% 5% 94% —an, 10, 32, €2, 35 
—20* 32* 72* 
1550 0% 5% 95% — 37, a 43, @, 76 
1625 5% 5% 90% —16, 10, 32, 60, 79 
1625 3% 5% 92% —12, ie Oe Re 
1625 1% 5% 94% —12, . sa. & ve 
1625 0% 5% 95% — 30, 32, 64 


* Specimens for chemical analysis and other tests. Indicated by circled symbols in Figs 
, 3, 4 and 5 


nitrogen. A synthetic carrier gas was used because of its greater uni 
formity and convenience. The ammonia was the anhydrous grade ; th: 
bottled methane contained not more than 2% ethane plus propane. 

The compositions of the inlet gases used in the various runs ar 
given in Table I. The carrier gas, methane and ammonia were passed 
through flowmeters and combined in the desired proportions. Carbo: 
dioxide was removed by absorption in alkali solution. The water vapor: 
concentration in the inlet gas was controlled by using the tank gases 
as received, by drying or by saturating them with moisture. When th« 
gases were used as received or dried, dew points ranging from —3/ 
to —12°F (—38 to —24°C) resulted. For higher water vapor con- 
centrations the methane was passed through a saturator immersed in a 
thermostated bath and then mixed with the carrier gas. The mixture 
was passed through a thermostated condenser which reduced the con- 
centration of water vapor to the desired level. Ammonia, if used, was 
added to the mixture at this point. 

The concentration of water vapor in the inlet gas was measured 
by a dew point meter. In the operation of this meter condensation of 
moisture on a chilled disk of highly polished nickel was observed, while 
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the temperature of the disk was measured with a thermocouple. Re- 
peated readings indicated a reproducibility of +2°F and no serious 
errors due to undercooling are believed to have occurred. The degree 
of control of the dew point is shown by the measured variation which 
during an entire run was never more than 5°F and in most runs no 
more than 3 °F. 

Surface hardness was determined by Rockwell 15-N readings ; the 

reported values are averages of about twelve readings made on several 
faces of each specimen. Microhardness was measured on a transverse 
section at known distances below the surface with a Knoop indenter 
using a load of 500 grams; the reported values are averages of two or 
nore traverses, which were always taken below the side which had 
-aced upward in the furnace. The case depth was determined as the 
int at which the maximum slope of the curve of microhardness 
ersus depth reached the value of the core hardness. The amounts of 
etained austenite at various depths below the surface of the specimens 
ere measured by lineal analysis after darkening the martensite by 
mpering for one minute at 600°F (315°C). 

Samples for chemical analysis were prepared by removing layers 

003 or 0.005 inches thick on a lathe from the cylindrical specimens. 
hese specimens had been air-cooled because faster cooling would 
ive resulted in a case too difficult to machine. Air cooling, however, 
id the undesirable result of producing an oxidized surface layer, which 
id to be rejected; also loss of nitrogen beyond the depths of the 
xidized surface layer is suspected. 


EXPERIMENTAL RESULTS 


The surface hardness as a function of concentration of water 
ipor in the inlet gas, as measured by the dew point, is shown in Fig. 1 
rr a case hardening temperature of 1550°F (845°C) and concen- 
rations of ammonia ranging from 0 to 5%. With atmospheres con- 
lining ammonia, the surface hardness decreases markedly above inter- 
nediate dew points, the exact value of which depends on the ammonia 
oncentration ; the rate of this decrease becomes greater as the con- 

centration of ammonia is reduced. In the presence of ammonia, there 

is evidence that the surface hardness also decreases slightly in the 
region of low dew points. When ammonia is reduced from 1% to 
zero, all surface hardness values attained are lower and the hardness 
decreases continuously with increasing dew points. The results for 

1475 and 1625°F (800 and 885°C) resemble those for 1550°F 

(845 °C). Values for 1625 °F (885°C) and other additional data may 

be found in reference, 22. 

Fig. 2 shows microhardness values at various depths below the 
surface of specimens case hardened at 1550°F (845°C) in atmos- 
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Fig. 1—Surface Hardness as a Function of Water Vapor Concentration (Dew 
Point) For Different Concentrations of Ammonia in Inlet Gas, Containing also 5% 
Methane, Balance Carrier Gas. Specimens casehardened four hours at 1550 °F and 
oil-quenched. Circled symbols refer to runs in which specimens for chemical analysis 
were also prepared. 
pheres containing various concettrations of water vapor and ammonia 
as indicated by analyses of the inlet gas. The microhardness values are 
lower in specimens case hardened in atmospheres with high dew points, 
especially as the concentration of ammonia is reduced. At all ammonia 
levels represented, intermediate dew points (10 to 32°F) in the inlet 
gas yield the best microhardness profiles, while the lowest dew point 
(—32°F) results in inferior microhardness with respect to absolute 
level, distribution of hardness or both. Curves for 0% ammonia and 


1550°F (not included in Fig. 2) have rather flat and shallow hardness 
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Fig. 2—Microhardness Across the Case of Specimens Carbonitrided 
Four Hours at 1550 °F in Atmospheres Containing Various Concentrations 
of Ammonia and Water Vapor and Ojil-quenched. Temperatures indicate 
dew point in inlet gas. 
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Fig. 3—-Case Depth as a Function of Water Vapor Concentration (Dew Point) 
For Different Concentrations of Ammonia in Inlet Gas, Containing also 5% Methane, 
Balance Carrier Gas. Specimens Casehardened four hours at 1550 °F and oil-quenched. 
Circled symbols refer to runs in which specimens for chemical analysis were also 


prepared. 
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Fig. 4—Percent Retained Austenite Across the Case for Specimens Carbonitrided Four 
Hours at 1550 °F in Atmospheres Containing 5% Ammonia and Various Concentrations of 
Water Vapor and Oil-quenched Temperatures indicate dew points in inlet gas. Circled symbols 
refer to runs in which specimens for chemical analysis were also prepared. 
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profiles. The general features of the microhardness traverses for case 
hardening at 1625 and 1475°F (885 and 800°C) are qualitatively 
similar to those for 1550°F (845°C) (22). 

The case depth as a function of the concentration of water vapor 
in the inlet gas is shown in Fig. 3 for 1550°F (845°C) and concen- 
trations of ammonia ranging from 0 to 5%. These curves indicate that 
in the presence of ammonia maximum case depth is produced with 
atmospheres having intermediate dew points. The case depth at 
1550°F (845°C) increases with ammonia concentration. In the ab- 
ence of ammonia, case depth decreases continuously with increasing 
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Fig. 5—Percent Retained Austenite at 0.001 Inches Below the Surface as a 
Function of Concentration of Water Vapor (Dew Point) in Inlet Gas. Specimens 
Carbonitrided at 1550 °F for Four Hours and Oil-quenched. Circled symbols refer 
to runs in which specimens fcr chemical analysis were also prepared. 














ew point. A comparison of the results for 1475, 1550 and 1625 °F 
(800, 845 and 885°C) confirms the expected increase in case depth 
with temperature (22). 

The amounts of retained austenite are shown in Fig. 4 as a func- 
tion of distance below the surface for 5% ammonia and different dew 
points at 1550 °F (845 °C). Fig. 5 is a plot of the retained austenite at 
0.001 inches below the surface as a function of the dew point for three 
ammonia concentrations at 1550°F (845°C). Figs. 4 and 5 indicate 
a marked decréase in retained austenite with increasing dew point in 
the inlet gas. At 1475 °F (800 °C) retained austenite showed a similar 
decrease with increasing dew points: approximately 20% and 5% of 
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retained austenite occurred at a depth of 0.001 inches with ammonia 
concentrations of 5% and 3%, respectively, and a dew point at 78 °F; 
it should be noted that at 1550°F (845°C) these gas compositions 
would not result in the retention of austenite. Much smaller amounts 
of retained austenite are produced by case hardening at 1625°F 
(885 °C) than at 1550°F (845°C) (22). 

Fig. 6 shows the concentration gradients of carbon and nitrogen 
for six specimens carbonitrided at 1550°F (845 °C) at two ammonia 
concentrations and three different dew points in the inlet gas. The 
outer layer of all of these specimens was rejected because it had be- 
come oxidized during air cooling. The thickness of this oxidized layer 
differed between samples for unknown reasons in spite of identical 
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Fig. 6—Carbon and Nitrogen Concentrations Across the Case of Specimens Carbo 
nitrided Four Hours at 1550°F in Atmospheres Containing Various Concentrations of 
Ammonia and Water Vapor in Inlet Gas. Specimens were air cooled after casehardening; 
other data for oil-quenched specimens casehardened in same runs are indicated in Figs. 1 
3, 4 and 5 by circled symbols. 


cooling conditions. The nitrogen contents of the two outer layers of 
the specimen carbonitrided with a gas containing 5% ammonia and 
having a dew point of —15 °F were unreasonably low and are omitted 
from the figure. It is also possible that other nitrogen values for layers 
near the surface are in error because of loss of nitrogen after removal 
of the specimens from the furnace. The carbon analysis of the core 
showed some spread, which is attributed to segregation in the com 
mercially produced rods, but is believed not to affect the conclusions 
of this investigation. An analysis of a sample of the untreated steel 
gave a value of 0.004% nitrogen. 
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DISCUSSION OF RESULTS 


Effects of Variations in Water Vapor Concentration—With in- 
creasing water vapor concentrations in the inlet gas at the two levels of 
ammonia investigated the profiles of carbon concentration become 
lower while the nitrogen concentrations are not affected appreciably 
(Fig. 6). The decrease in carbon values is paralleled by a decrease in 
the amounts of retained austenite with increasing water vapor concen- 
tration (Figs. 4 and 5). These data confirm the expectation that carbon 
and nitrogen promote the retention of austenite in carbonitrided cases. 
[nasmuch as high water vapor concentrations, at constant ammonia of 
5% or less and 5% methane, lower the carbon in the steel, a decrease 
in retained austenite with increasing dew point is reasonable. 

The finding that variations in water vapor content affect the car- 

onitriding process, if it is conducted with these relatively low con- 
entrations of ammonia and methane, supplements, but does not 
mtradict, an earlier statement (2) according to which in richer atmos- 
heres variations of the concentration of water vapor in the inlet gas 
ver wide limits had no appreciable effect. As suggested by the dis- 
issions of this paper (7), differences in the concentrations of 
mmonia and methane are responsible for this difference in the be- 
ivior of water vapor. 

Effects of Variations in Ammonia Concentration—For essentially 

lentical water vapor concentrations, a decrease in ammonia content 

the inlet gas from 5% to 1% is accompanied by a substantial re- 
uction in nitrogen content of the steel (Fig. 6). There is also some 
ecrease in carbon concentration with decreasing ammonia, especially 
t higher dew points. This may in part be attributed to reactions in 
1e gas phase, whereby increasing ammonia tends to counteract the 
fects of increasing water vapor contents in the inlet gas. Also, the 
ibsorption of carbon in the steel is promoted by the lowering of the 
ransformation range due to the presence of nitrogen. 

A comparison of the present results with the carbon and nitrogen 
concentrations found in an earlier investigation using higher concen- 
trations of ammonia and methane (3) is not meaningful. In the latter 
an outer layer of carbon-nitrogen-iron compounds was present and 
produced constant nitrogen and carbon concentrations at the boundary 
between this outer layer and the inner case. 

The Pattern of Hardness Distribution—The decrease in surface 
hardness with increasing concentrations of water vapor above inter- 
mediate dew points (Fig. 1) can be explained by decreasing carbon 
contents in the austenite, while the decrease in surface hardness at low 
dew points in the presence of ammonia is attributed to increasing 
amounts of retained austenite. The value of the dew point at which this 
reversal takes place increases with ammonia concentration, which is 


























804 TRANSACTIONS OF THE ASM Vol. 47 


consistent with the foregoing argument involving the retention of 
austenite. In the absence of ammonia, the surface hardness continues 
to increase with decreasing water vapor concentration since not enough 
austenite is retained to lower the hardness. 

The lower surface hardness after case hardening at 1550°F 
(895 °C) without ammonia compared to the hardness resulting with 
ammonia (Fig. 1) is due to the effect of nitrogen on the transformation 
range. It is consistent with this reasoning that the surface hardness 
produced at 1625 °F (885 °C) with low water vapor concentrations in 
the absence of ammonia is comparable with that produced with 1% 
ammonia. 

A significant feature of the profiles of microhardness (Fig. 2) 
is the marked maximum occurring below the surface with intermediate 
and low dew points. In the ascending branch of the curves, the hardness 
increases because of the decreasing amounts of retained austenite ; the 
descending branch of the hardness curves is caused by the lowering of 
carbon and nitrogen with increasing depth in the case. It is significant 
in this connection that the maximum tends to disappear with increasing 
dew points, which are associated with a reduction in the retained 
austenite (Figs. 4 and 5). The lowering of the absolute values with 
increasing dew point and decreasing ammonia is mainly due to lower 
carbon contents of the cases. 

Case Depth—The marked decrease in case depth at high con 
centrations of water vapor (Fig. 3) is attributed to decreased carbo: 
absorption. The decrease in case depth at low concentrations of wate 
vapor, however, may be apparent rather than real and may be due t 
the manner in which the case depth was derived from the microhard 
ness traverses. Metallographic examination indicated essentially a con 
stant case depth based on structure for specimens carbonitrided i: 
atmospheres having dew points below about 32°F (22). 

General Comments—Some general comments may be made o1 
the procedures used and the results obtained in this investigation. Al! 
data concerning atmosphere compositions refer to the inlet gas and d 
not necessarily give the composition of the furnace atmosphere in 
contact with the specimens. This experimental arrangement would not 
be appropriate for investigating the equilibria of case hardening 
reactions, but it is suitable for investigating the effects of process 
variables on the rate of case hardening and the nature of the case 
produced. 

In interpreting the effects of variations of water vapor and am- 
monia, it should be recognized that conditions yielding superior hard- 
ness and case depth in a laboratory investigation are also likely to 
result in freedom from soft spots and uniformity of the cases generally 
in industrial production. A similar explanation can be given for the 
beneficial effects which have been attributed to the use of small amounts 





1955 CASE HARDENING ATMOSPHERES 80 


wn 


of ammonia for carburizing in concentrations below the level required 
for carbonitriding (2). 


CONCLUSIONS 


The following major conclusions may be drawn from this in- 
vestigation concerning the role of water vapor in case hardening atmos- 
pheres. 

1. Variations in water vapor concentration in the inlet gas affect 
the results of case hardening with atmospheres containing 5% methane, 
5% or less of ammonia, balance carrier gas at 1550 °F (845°C). The 
effects of water vapor at 1475 and 1625°F (800 and 885°C) are in 
general similar to those at 1550°F (845°C). 

2. The effects of increasing water vapor concentrations in the 
nlet gas consist chiefly in lowering the carbon concentration in the 
ase produced, the case depth and the amounts of retained austenite. 

3. The decrease in carbon concentration results in lower surface 
iardness. 

4. In the presence of ammonia in the case hardening atmosphere 
decrease in water vapor concentration below intermediate values is 
companied by a slight decrease in hardness, which is due to an in- 
rease in the amount of retained austenite. 

5. Within the concentration limits of these experiments, the nitro- 
en absorption due to the presence of ammonia is not appreciably 
tected by variations in water vapor concentration in the inlet gas. 

The following major conclusions may be drawn concerning the 
le of ammonia in case hardening atmospheres. 

1. Decreasing concentrations of ammonia in the range of 5% to 
‘ro are accompanied by a substantial reduction in nitrogen content 
f the case. 

2. Decreasing concentrations of ammonia are accompanied by 
ome decrease in carbon content of the cases produced, especially at 
iigher dew points. 
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DISCUSSION 


Written Discussion: By Norbert K. Koebel, director of research, Lind- 
berg Engineering Company, Chicago. 

The authors, Messrs. Clarkin and Bever, show in a quantitative way, some 
very interesting data which has been known in a general qualitative way in 
commercial carbonitriding practice for the past few years. It is indeed gratifying 
to see that water vapor (dew point) is being given careful consideration in re- 
search studies on controlled atmosphere heat treating processes. So much re- 
search work in the past has been meaningless because water vapor has been 
overlooked. The more data presented by research studies on the role of water 
vapor, the more accurately and scientifically the control of atmosphere processes 
will become. 

Commercial operating tolerances for dew point control of the carbonitriding 
processes have been observed by the writer and put into practice by his company 
for the past five years. We have found for bright carbonitriding, the furnace 
dew point should not exceed 50 °F if high hardness is to be obtained on the case. 
If the dew point exceeds 50 °F, then a danger point is reached where excessive 
hydrocarbon, which will cause sooting and blackening of the work, will have to 
be used to obtain the carbon for high hardness. 

A healthy furnace condition is to have a furnace dew point between 30 and 
40 °F. This bears out the authors’ laboratory results. A dew point of 40°F at 
1550 °F will give approximately 0.80% carbon at the surface with the usual 5 to 
10% NHs and 5% natural gas hydrocarbon. 

Inasmuch as an endothermic generator is most efficiently operated from a 
+10 to +20°F, we are not concerned by getting too low a dew point in the 
furnace. In commercial batch or continuous type furnaces, the dew point in the 
furnace will always be somewhat higher than the generator dew point. The 
lifferential depends upon many factors, such as infiltration during charging 
and discharging, entrained air in the charge of work, full muffle construction or 
open brickwork type of furnace, size of furnace, thermal gas reactions, and flow 
of carrier gas being used. 

This brings up an important point that should be discussed before attempt- 
ing to apply the authors’ findings to a commercial carbonitriding furnace. The 
dew point should be checked in the furnace chamber for control purposes. As 
discussed above, there are many factors that have a bearing on the furnace dew 
point, and it is, therefore, essential to check the dew point of the gases in the 
furnace as well as before the gases enter the furnace for control and trouble- 
shooting. 


Written Discussion: By W. H. Holcroft, executive vice president, Hol- 
croft & Company, Detroit. 

I have read the article by Messrs. Clarkin and Bever with much interest 
and feel that it discloses a great deal of hard work as was true of the past work 
along similar lines with which Dr. Bever was associated. 

Our own laboratory work and experience in carbonitriding production (re- 
ports of which have been published in the past in Metat Procress for Septem- 
ber 1947, February 1948, Decémber 1950 and April 1952) indicate that some 
results shown in this paper (Fig. 6) may be inaccurate. 

In the report published in December 1950 we stated “the amount of carbon 
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Fig. 7—Equilibrium Curves for Steels in Contact with Atmospheres Containing 
Carbon Dioxide or Water Vapor. 


in the very surface of the steel is the amount which is called for at that tempera- 
ture by equilibrium between the iron and the existing mixture of carburizing 
gases (such as CO and CH,) and decarburizing gases (such as COz and H:O).” 
We, therefore, take issue with the introductory paragraph and cannot see that 
any attempt has been made to analyze the gases surrounding the work. 

We agree with the conclusion that air cooling of the samples for chemical 
analysis probably resulted in loss of nitrogen and quite possibly of carbon. 
In connection with Figs. 1 and 2, it is our belief that had samples of the 
gas surrounding the work been obtained the dew point or COs readings would 
have shown equilibrium values for the results obtained and would tie in with 
our published equilibrium curves attached (Fig. 7). At 1550 °F a dew point of 
approximately 25 degrees would be in equilibrium with saturated austenite 
which is about the point of maximum hardness shown in Fig. 1. The slight 
lowering of hardness in the region of low dew points may well be due to the 
formation of a thin white layer of nitrogenous austenite under these conditions. 

This is borne out by Figs. 4 and 5 and the discussion of the patterns of 
hardness distribution. 

We would agree with the conclusions reached in Fig. 3 if we consider the 
case depth shown as hardenable case depth. We have repeatedly stated that 
while hardenable case depth may be increased by the addition of ammonia we 
see no difference in total case depths when measured to core carbon, except that 
inherent in lowering the critical temperature. The diffusion curves may vary 
greatly with variations in carbon potential of the gas and consequently an end 
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point of core carbon may be hard to find. Inasmuch as four hours at 1550 °F 
should give a total case depth of 0.030 inch we are at a loss to determine what 
went wrong in Fig. 6. Further quoting from the article of December 1950 “the 
amount of ammonia or nitrogen in the atmosphere—within limits—does not 
affect its carburizing action or interfere notably with the diffusion of carbon 
in the hot steel.” That is to say, in carbonitrided cases the depth of case and the 
carbon content at various depths below the surface are what would be expected 
from a carburized case of equivalent thermal history. However, the thermal 
decomposition of ammonia, making two volumes from one, rapidly decreases the 
partial pressures of the other gases considered above when ammonia is used in 
high percentages. From the equation K = —_ it may be seen that if the 
partial pressure of CO is halved (by dilution), the tolerable amount of CO. 
must be divided by four. This means that if the COs. in the furnace is as high as 
may be permitted, simple dilution of the atmosphere by hydrogen and nitrogen 
will tend to reduce the carburizing potential. 

Two important exceptions should be made here: Nitrogen in solution in 
iron reduces the critical temperature, so that austenite—and therefore rapid 
carburization—starts at a lower temperature. Likewise, nitrogen-bearing 
austenite does not transform to martensite as easily as normal austenite. 
Quenched carbonitrided cases retain more austenite, and while they usually 
are file-hard, Rockwell hardness may drop noticeably. 

“The above remarks depend upon the premise that enough carbon and 
nitrogen is brought into the furnace continually to replace that portion which 
is absorbed by the steel being treated plus any leakage which may occur.” 

CO. will be formed in the furnace by the reaction CO + H:O = 
COz + He. This reduces the dew point of the entering gases at the same time 
the carbon dioxide is forming. The extent to which the above reaction reaches 
equilibrium is of course a function of time and temperature and inasmuch as no 
analyses were made of effluent gases or those surrounding the work the progress 
of this reaction is unknown. 

We believe the nitrogen contents shown for 32 degrees dew point in Fig. 6 
agree with results published in our article of September 1947. However, while 
surface carbons are definitely low, total case depth here shown is greater than 
possible. Some samples also show abnormally low base carbons. 





Written Discussion: By F. E. Harris, consultant, The Dow Furnace 
Co., Detroit. 

The authors should be commended for the clarity with which the experi- 
mental data and the conclusions are presented. It may not be amiss to make 
brief analyses for two of their conclusions, one referring to the role of ammonia 
and the other to that of water vapor. 

The authors state that ammonia additions to a high dew point carrier gas 
may increase the rate of carbon additions to steel. It may be interesting to con- 
sider the role of the water gas and producer gas reactions in this respect. 
Seginning with a carrier gas composition which the authors could well have 
approximated as an equilibrium mixture at 1500 °F, composition (1) in Table II, 
the effect of a 5% ammonia‘addition on the equilibrium mixture is given by 
composition (4). Here for simplicity the ammonia is considered as completely 
dissociated and the hydrocarbon additive is neglected. Applying the producer 
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. 100 X %COz 
gas reaction where Keg =———_————— 
(%CO)? 


94/484 or 0.194 while for composition (4) it becomes 75/404 or 0.185. Since the 
lower value indicates a higher carbon potential of the carrier gas, moderate 
additions of ammonia may favor the addition of carbon from the methane when 
the retort temperature favors these intermediate reactions. 

The role of increasing water vapor concentrations which limit the addition 
of carbon while having little effect on nitrogen contents may present metallurgical 
problems aside from poor hardness characteristics. The low temperature nitriding 
process illustrates this point by the surface condition found when decarburized 
parts are processed. Perhaps the authors will agree that the role of carrier gas 
reactions with respect to carbon potentials demands careful consideration for 
satisfactory processing even if ammonia is added to the atmosphere. 


, the constant for composition (1) is 




















Table II 
Effect of Ammonia Addition To A Carrier Gas 
0 Compr sition cr -——_ 
1 2 3 4 
co 22.00 22.00 20.00 20.10 
H2O 1.32 1,32 1.20 1.30 
He 31.00 38.50 35.00 34.90 
COs 0.94 0.94 0.85 0.75 
Ne 44.74 47.24 42.95 42.95 
100.00 110.00 100.00 100.00 
Kwo 1.00 0.80 0.80 1.00 
pee a - . Bas to 
Equilibrium composition at 1500 °F., Kwe = >; oo * 1.00 


Composition (1) plus He and Ne furnished by dissociation of 5% NHs addition 
. Composition (2) divided by 1.10 
Equilibrium composition of (3) at 1500 °F. 


Aw 


Written Discussion: By C. O. Sundberg, chief metallurgist, Diamond 
Chain Co., Inc., Indianapolis. 

The continued study by the authors of the role played by the various factors 
in case hardening operations is commendable and has provided increased knowl- 
edge of practical usefulness to those of us in industry who are concerned with 
operating problems. 

In order to prevent misconceptions which may arise concerning the im- 
portance of water vapor, I would like to present some data on this subject which 
we obtained in our preliminary studies of the major variables involved in 
carbonitriding. These data are shown in the form of a Latin square since this 
experiment was designed for statistical analysis by the analysis of variance 
techniques. Nonetheless, they do show the influence not only of water vapor, but 
also of ammonia and propane in an endothermic carrier gas atmosphere used 
for carbonitriding. The data are for AISI 8615 material treated in a standard 
#1F American Gas revolving retort furnace at 1600°F for 40 minutes at 
temperature with a total gas flow of 120 cfh. The carbon and nitrogen data are 
extrapolated to the surface of parts based upon results obtained by turning 
0.004 inch off the diameter of parts chosen at random from furnace loads. 

From these data it may be seen that the surface carbon content of the case 
varies with the dew point of the gas when a 1% propane enrichment is used. 
However, the carbon content is not affected by the water vapor present in the 
range of + 10 to + 30°F when 3% or greater propane enrichment is used. 
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Furthermore, our data indicate that the carbon content is seemingly not affected 
by ammonia additions ranging from 5 to 15%. 


Carbonitrided at 1600 °F—Latin Square Design 


pon TR s 





DEW POINT A — 5% B — 10% C — 15% 
I a) b) c) 
a) 10°F % C0.95 % C 0.84 % €. 0.77 
25 % N 0.196 % N 0.202 % N 0.296 
b) 20 °F _ 
5 II b) c) a) 
c) 30°F % C 0.97 % C0.99 % C0.97 
ae 3% To N 0.159 % N 0.230 % N 0.384 
+3 "FF 
Iii oc) a) b) 
% C1.24 % C1.15 % C1.21 
5% % N0O.16 % N 0.208 % N 0.431 





Although there may be some indication that water vapor influences the 
surface nitrogen content of the case, our data show that the nitrogen concentra- 
tion is primarily dependent upon the percentage of ammonia used. 

Statistical analysis of these data indicates that variations in dew point 
between + 10 and + 30 °F (normal limits of control on commercial generators ) 
are not significant in the control of carbon and nitrogen gradients in carboni- 
trided case hardening. The percentage of propane enrichment was found to be 
statistically significant in the control of the carbon gradient. Similarly, the 
percentage of ammonia addition was shown to be statistically significant in the 
control of the nitrogen gradient. Our added experience has shown this to be 
the case. 

Although we have no experience with the use of methane as the enrichment, 
it is apparent to us from data shown in Fig. 6 that insufficient carburizing po- 
tential is available from the 5% CH, addition to produce saturated austenite. 
As such, it is probable that this corresponds to the 1% propane enrichment level 
which we used that shows an influence of water vapor on the carbon gradient. 

It was noted that the flow rate of gases used was not shown in the paper. 
Although it is likely that this is not important where only one or two samples 
are being treated, it is obvious that the ratio of gas flow to surface area of parts 
treated is important under nonequilibrium conditions which exist in the case 
hardening operation. Perhaps this could be a subject for further study. 

Similarly, the use of shorter cycles to produce lighter case depths normally 
used commercially present complications which need further study. Obviously, 
the initially high rate of carbon absorption and diffusion at the start of a 
carburizing cycle cannot be satisfied unless large volumes of gas are used or 
higher potential gases are provided. 


Written Discussion: By T. A. Frischman, chief metallurgist, Eaton 
Manufacturing Co., Axle Division, Cleveland. 

The authors’ findings on the role of water vapor in the carbonitriding process 
are a welcome contribution to the existing information on this method of heat 
treatment. Beyond the aspect of water vapor, it is advantageous to have data 
which show that additions as low as 1% ammonia significantly increase surface 
hardness and case depth over nonammonia bearing atmospheres. 

From the viewpoint of commercial application of these data, it is fortuitous 
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that both the hardness and case depth peak at intermediate dew points. These 
findings are important, because in many large heat treating departments the 
tendency is to manifold the generators together to give a common supply of car- 
rier gas used for both the carburizing and carbonitriding atmospheres. Thus, by 
standardizing the carrier gas composition and dew point, the problem of atmos- 
phere generation is simplified for either process without conceding an ad- 
vantage to one over the other. 


Written Discussion: By E. E. Staples, executive vice president, Hevi 
Duty Electric Co., Milwaukee. 

This paper fills a need of long standing for factual data in regard to the 
practical use of ammonia in improving carburizing of steels. While it has been 
general knowledge that additions of ammonia permitted more uniform case 
penetration and hardening with better surface condition when carburizing with 
gases of high dew point, the exact relationships have not heretofore been pub- 
lished. 

The obtaining of maximum hardness from quenched specimens, heat treated 
in an atmosphere of 10 to 32 °F dew point, follows quite closely the experience 
in hardening steels heated in neutral atmospheres. 

Of particular interest is Fig. 6 which shows the weight per cent of carbon 
and nitrogen in the cases at various depths. It would be of value to know what 
per cent of nitrogen would be found in the case of similar samples heat treated 
at 1700 °F and 5% ammonia. 

Another interesting observation may be made from Fig. 6. At 32°F dew 
point of the atmosphere, the carbon content of the case is less and the nitrogen 
content greater than at the lower dew point, —15 °F. Could one draw the con- 
clusion that a dew point of 32 degrees in a nitriding atmosphere would be better 
than a dry ammonia of the same per cent dissociation ? 


Authors’ Reply 


The authors wish to express their thanks to Messrs. Koebel, Holcroft, 
Harris, Sundberg, Frischman and Staples for their discussions and contributions 
to the subject of this paper. 

Mr. Koebel’s remarks on the atmosphere conditions in industrial furnaces 
supplement this paper in an important respect. The authors agree that the dew 
point is likely to be higher in the furnace chamber of production equipment than 
in the inlet gas. As Mr. Koebel suggests, this tendency should be kept in mind 
in applying the findings of this paper to an industrial installation. In the small 
laboratory furnace used, however, the atmosphere in the muffle depended only 
on the composition of the inlet gas, and changes in the composition of the latter 
must have caused corresponding changes in the former. 

The comments immediately preceding also apply to Mr. Holcroft’s remarks 
concerning the lack of analyses of the gases surrounding the work. In further 
reply to Mr. Holcroft, Figs. 1 and 2 are directly concerned only with the effects 
of variations in the composition of the inlet gas on surface hardness and micro- 
hardness gradients. While inferences can be drawn from the hardness to the 
structure and composition of the case and even to the composition of the furnace 
atmosphere, the reasoning becomes increasingly indirect and uncertain. Also, 
Mr. Holcroft’s otherwise interesting curves apply to generator gas and must 
be modified for atmospheres containing hydrocarbons. 
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Mr. Holcroft’s comments on case depth and its measurement bring out the 
importance of defining case depth in a manner appropriate for a given problem. 
The intersection of the maximum gradient of the microhardness with the core 
hardness is only one possible definition, but it gives consistent and reasonable 
results as used here (Fig. 3). 

The authors believe that the chemical analyses of the cases (Fig. 6) cor- 
rectly represent the compositions of the samples of various subsurface layers. 
Errors in the position of the samples (which were machined from cylindrical 
specimens) are not likely to have had a significant effect on the composition 
gradients. This view is supported by the curves for nitrogen on which full agree- 
ment seems to prevail. The accuracy of the values for carbon, especially in the 
lowest layer of the case, may have been affected adversely by variations in the 
carbon content of the steel before case hardening. These variations, which are 
mentioned in the paper, may be somewhat more important than the authors had 
issumed. Except for any slight errors in the position of the sample and the 

ffects of variations in core carbon, however, the authors know of no reason 
vhy the carbon values should be inaccurate. While some of the carbon and 
nitrogen profiles (Fig. 6) show a somewhat deeper penetration than might be 
xpected, it is significant that this tendency increases with decreasing dew point 
nd increasing ammonia; the tendency toward deeper penetration thus seems 
o be related to gas composition in a reasonable manner. 
Mr. Harris points out the dilution effect of ammonia. This is unquestionably 
importance from the standpoint of gas-metal equilibria, especially with 
elatively large concentrations of ammonia. However, ammonia probably also 
as a direct chemical action, the nature of which can at present be only the 
ubject of speculation. Mr. Harris is correct in stating that there might be con- 
itions under which the nitrogen content of the case would become relatively 
lore important than the carbon content; these conditions, however, are not 
kely to occur in carbonitriding. The authors agree with Mr. Harris that the 
irbon potential of the atmosphere retains its fundamental importance even in 
he presence of ammonia, but it must be recognized that ammonia affects this 
otential. 

The data contributed by Mr. Sundberg are of considerable interest. While 

1e range of dew points is more limited than in this paper, the ammonia concen- 
rations extend to higher values (which were covered in previous papers from 
his laboratory) and propane is used in place of methane. Mr. Sundberg’s suc- 
essful use of the Latin square suggests that this method of experimental design 
nay merit more attention in the investigation of heat treating problems. The 
completion and publication of his investigation may be awaited with interest. 
His remarks concerning the importance of flow rates, especially in producing 
thin cases, are well founded; in all experiments reported here the flow rate was 
the same. 

Mr. Frischman’s remarks on the role of the dew point in the carrier gas 
may serve as a reminder that the right composition of the inlet gas, though not 
sufficient in itself, is nevertheless necessary for good results in carburizing and 
carbonitriding. 


t 


In answer to Mr. Staples’ question concerning the role of water vapor in 
atmospheres for nitriding (as: distinguished from carbonitriding), the authors 
would hesitate to extrapolate their results over so large a range of gas compo- 
sition, even if the differences in nitrogen content of the cases could definitely be 
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considered to exceed the experimental error. The question as to the probable 
nitrogen content of samples of plain carbon steel carbonitrided at 1700 °F with 
5% ammonia requires extrapolation over a rather large temperature interval. 
The nitrogen content may be expected to be lower, mainly because of an increase 
in the wasteful dissociation of ammonia in the furnace chamber. This argument 
is supported by a comparison of the amounts of retained austenite in cases 
carbonitrided at 1550°F and at 1625°F with 5% ammonia: data reported in 
Ref. 22 show a marked decrease in retained austenite at the higher temperature 
and this points to a decrease in nitrogen content of the case. 

As Mr. Staples states, small concentrations of ammonia have been used to 
cure difficulties in gas carburizing. The present investigation may be considered 
to supply a quantitative explanation of the basis of this practice. The question 
arises as to how carbonitriding can be distinguished from carburizing with 
additions of small amounts of ammonia. The authors suggest that an essential 
criterion of carbonitriding is the action of nitrogen as an alloying element which 
raises the hardenability. This factor is not a consideration in the carburizing 
practice using small additions of ammonia. 





EFFECT OF HEAT TREATMENT UPON MICRO- 
STRUCTURES, MICROCONSTITUENTS, AND 
HARDNESS OF A WROUGHT COBALT BASE 

ALLOY 


By J. W. WEETON AND R. A. SIGNORELLI 


Abstract 


This investigation was conducted to determine the re- 
sponse of wrought Stellite 21, a typical cobalt base alloy, to 
heat treatment in an effort to better understand the funda- 
mental metallurgical behavior of this type of alloy. Metal- 
lographic hardness, and X-ray diffraction studies were made 
of the alloy in various conditions of heat treatment. S peci- 
mens were solution treated, and transformed both by aging 
and isothermal transformation at temperatures of 1200 to 
1950°F (650 to 1065°C) for periods of 5 minutes to 72 
hours in order to relate the manner and extent of precipitation 
with time, temperature, and type of heat treatment. The re- 
sults presented herein may be considered preliminary to a 
study of relations of microstructures to the high temperature 
properties of wrought Stellite 21. 

A period of 72 hours at 2250 °F (1230 °C) was sufficient 
for effective solution-treatment of the material so that little 
or no residual precipitate was visible. Pearlitic structures were 
formed at grain boundaries of solution-treated specimens 
after isothermal transformation at 1950, 1750, and 1500°F 
(1065, 955 and 815 °C). In addition to pearlite, a star-shaped 
Widmanstatten structure occurred in specimens transformed 
at 1750 and 1500 °F (955 and 815 °C). Little visible prec ipt- 
tate was formed by isothermal transformation at 1200 °F 
(650°C) for times up to 72 hours. The aging treatments re- 
sulted in the formation of scattered precipitates along slip 
lines and twin boundaries. Spheroidization and agglomera- 
tion of precipitates occurred at temperatures as low as 1500 °F 
(815°C) and were initiated more rapidly in aged specimens 
than in isothermally transformed specimens. 

The hardness of the solution-treated specimens was 
Rockwell C-20 to C-22. Isothermal or aging treatments above 
1200°F (650°C) appreciably increased the hardness of 
specimens. A maximum hardness of Rockwell C-42 was de- 
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veloped by aging 72 hours at the temperature range from 1400 
to 1500 °F (760 to 815 °C). Overaging or softening occurred 
within 72 hours at temperatures of 1750°F (955°C) and 
above for aging, and 1950 °F (1065 °C) for isothermal trans- 
formation. The specimens aged or isothermally transformed 
at 1200 °F (650°C) did not increase in hardness. Specimens 
aged at 1500 °F (815 °C) and those isothermally transformed 
at 1750 and 1500 °F (955 and 815°C) continued to increase 
in hardness up to 72 hours at respective temperatures. 

The X-ray diffraction results coupled with metallo- 
graphic studies indicated that CresCg was the most prevalent 
carbide in the alloy. M,C types of carbides and the sigma 
phase were detected in almost all of the specimens studied by 
X-ray diffraction methods. Other types of carbides indicated 
to form in the alloy are Cr;Cs and Cr3C¢, although the X-ray 
indications for these phases were very weak. The sigma phase 
was thought to form in conjunction with or subsequent to the 
formation of CrosCg. 

The relative quantities of the matrix phases, either the 
high-temperature phase, alpha (a face-centered cubic solid 
solution) or the lower temperature phase, beta (a hexagonal 
close-packed solid solution), were estimated from the X-ray 
diffraction patterns in each alloy in various conditions of heat 
treatment. 

Particular attention was given to the pearlitic structures 
which form from the high temperature face-centered cubic 
phase upon furnace cooling or isothermal transformation. 


INTRODUCTION 


HE investigation reported herein was undertaken as part of a 

fundamental program concerned with the general metallurgical 
improvement of turbine-blade alloys to provide a basis for proper 
selection and heat treatment of alloy materials. Previous work (1 to 
3) 1 had demonstrated that improvement in the life of turbosuper- 
charger blades of Stellite 21 could be obtained by suitable heat treat- 
ment. For example, it was found that a heat treatment which produced 
a lamellar type of precipitation in the microstructure, resembling 
pearlite in steel (3), approximately doubled the average blade life. 
( Pearlite, in this report, refers to the lamellar-type structure. ) 

Wrought Stellite 21 was used in the present study rather than the 
cast alloy in an effort to avoid grain-size variables and to permit a more 
thorough homogenization by solution-treatment. 

Badger and Sweeney (4) observed pearlitic structures in such 
cobalt-base alloys as Stellite 21, 61, 6059, and X-40 (Stellites 21, 23, 
27, and 31, respectively) and the carbides MogCeg, MgC, and Cr7Cz in 


















1 The figures appearing in parentheses pertain to the references appended to this paper. 
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Stellite 21 (where M represents any carbide-forming element). Refer- 
ence 5 reports Mo3Cg and MC carbides in cobalt-base alloys; Mo3Cg, 
M,C, Cr7C3, and the sigma phase were found in Stellite 21 and Stellite 
21 type alloys (6). Such carbides as CrgCo, CrogCe, MeC, Cr7Cs, and 
MC were observed in one or more alloys such as Stellite 21 type alloys, 
122-19, and J (7). Also introduced in Reference 7 is a concept of car- 
bide decomposition: Cr7C3, which is rich in carbon, was believed to 
undergo the following decomposition upon aging: 


Cr:Cs ———> CraCe + free carbon 
Free carbon + Cr additional CrasC. 


(he matrix phases of several of these alloys are known (refs. 4,6, and 

;) to be either face-centered cubic (alpha) or hexagonal close-packed 
beta). In pure cobalt, transformation of the face-centered cubic to the 
exagonal close-packed structure was shown to occur by a martensitic 
pe of reaction (9), and this type of reaction has been assumed to 
pply to the similar transformation in the cobalt-rich solid solution 
hich makes up the matrix of Stellite 21. 

In the present investigation, a systematic study of the micro- 
ructural and hardness changes produced in wrought Stellite 21 by 
at treatment has been made in order to relate the amount and type of 
ecipitation with the time, temperature, and manner of heat treatment. 

In addition, X-ray diffraction studies were made to determine what 
nor phases precipitated from the alloy matrix. Particular emphasis 
is placed upon identifying the phases that made up the pearlitic struc- 
res. 

PROCEDURE 


Wrought Stellite 21 of the following chemical analysis was em- 
yed in this investigation : 


i Cr Ni Co Mo Fe Si Mn 
0.29 28.75 3.01 Bal. 5.52 0.33 0.44 0.56 
(61.10) 


he material was fine-grained, with an ASTM grain size of 7-8. The 
nicrostructure of the as-wrought material is shown in Fig. 1. 
Slugs of this material were cut from %4-inch-diameter bar stock 
upplied by the manufacturer and heat treated in electric furnaces using 
Globar heating elements. The metal slugs were placed inside a 2.25- 
inch-inside-diameter tube of Inconel X in the heating zone of the fur- 
nace. Temperatures, which were measured by a platinum-platinum plus 
13% rhodium thermocouple located immediately above the samples, 
were controlled to +10°F of the nominal temperatures. Argon was 
circulated through the tube to provide an inert atmosphere during heat 
treatment. The gas was originally 99.6% pure argon and was further 
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Fig. 1—Microstructures of As-Rolled and Solution- 
Treated Stellite 21. Upper—As-rolled condition. Electro- 
lytically etched in 5% aqua regia. X 750. Lower—Solution- 
treated 72 hours at 2250°F and water-quenched. Electro- 
lytically etched in 5% aqua regia. X 750. 


purified before entering the specimen tube by passing over shavings 
of titanium metal at 1300 to 1400°F (705 to 760°C). 

The metal slugs were placed in the furnace at a temperature oi 
approximately 2000 °F (1095 °C) and held at this temperature for | 
to 2 hours. The purpose of holding at this temperature was to effect 
some preliminary homogenization of the structure and to minimize an 
tendencies towards eutectic melting at higher temperatures. The 
temperature was then raised to a solution treating temperature of 
2250 °F (1230°C) and held for 72 hours to produce a homogeneous 
solid solution of carbon in the face-centered cubic matrix of the alloy- 
ing metals. 

At the end of the solution treatments, the specimens were either 
water-quenched and aged or transferred directly to furnaces held at 
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Table I 
X-Ray Diffraction Pattern Standards Used For Comparison 


Number of 


Compounds checked standards 
(standards) checked Source or reference 

FeOQ- CreOz (spinel) 2 ASTM card index 
CoOCr2Os (spinel) 1 ASTM card index 
CreOz 3 ASTM card index 
CrsCe 2 ASTM card index 
Cr7zCs or MnzCs 1 ASTM card index 
CosWeC (McC) 1 ASTM card index 
FesWsC or FesMosC 

or FeaWeC- (McC) 1 ASTM card index 
McC 1 Ref. 5 
Sigma (or gamma) Coe2Crs 1 Diffraction standard obtained 


from specimen given NACA by 
Battelle Memorial Institute 


Sigma (Co—Cr—Mo)# 1 Ref. 19 
Sigma (Co—Cr—Ni)® 1 Ref. 19 
Sigma (FeCr) 1 Ref. 20 
Sigma (CoCr) 1 Ref. 21 
Sigma (Fe—Cr—Ni) 1 Ref. 20 
Coz7We 1 ASTM card index 
Cos'W 1 ASTM card index 
CrasCe 2 ASTM card index 
MozC 2 ASTM card index 
CreN and BCreN 2 ASTM card index 
Cos 1 ASTM card index 
FesC 1 ASTM card index 
wc 2 ASTM card index 
aWe2C 1 ASTM card index 
BWeC 1 ASTM card index 





wer temperatures for isothermal transformations. The nominal trans- 
rmation temperatures were 1200, 1500, 1750, and 1950 °F (650, 815, 
55 and 1065°C), and times at each of these temperatures were 5 
inutes and 2,4,25, and 72 hours. In order to obtain sufficient data 
r drawing representative hardening curves, additional heat treat- 
ents were carried out at intermediate temperatures and times, as 
dicated subsequently. All specimens were water-quenched after the 
ansformation treatments. 

The use of salt baths for the isothermal transformation treatments 
as found impractical because of the severe corrosion of the specimens, 
specially at high temperatures and long transformation times. 

Rockwell hardness measurements were made on the heat treated 
pecimens after outer surfaces had been removed by sanding or grind- 

ig. A minimum of three hardness measurements were made on each 
pecimen. The specimens were then mounted, polished, and etched with 
5% aqua regia in water for metallographic study. 

To identify the crystal structures of matrix and minor phases, 
X-ray diffraction patterns were obtained from as-received specimens 
and specimens heat-treated as shown in Table II. Powder specimens 
given heat treatments C, E, F, H and I, were obtained from heat 
treated metallic slugs. Specimens given heat treatments B, D and G, 
were solution-treated as slugs, and powders were ground from the 
solution-treated slugs, sealed in evacuated quartz tubes and again 
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solution-treated and isothermally transformed in the powdered form. 
Powders for the X-ray diffraction studies were ground from 
specimens with a small tungsten carbide burr mounted in a high 
speed drill press and with the exception of specimens B, D and 
G, were stress-relief annealed at 1500°F (815°C) for % hour in 
evacuated quartz tubes (0.5 micron pressure). A temperature of 
1500 °F (815°C) would appear high; however, this stress relieving 
treatment was of such duration that the X-ray results were found to be 
unchanged. The annealed powders were mounted on a fine quartz fiber 
ind patterns were obtained with a 143.2-millimeter-diameter Debye- 
Scherrer powder camera and chromium radiation. Exposure times of 
-5 to 40 hours were used and one third of the width of each pattern was 
ltered with a vanadium oxide coated paper strip. The patterns were 
easured with a vernier scale to the nearest 0.1 millimeter. The 
traumanis technique (10) was used to compensate for film shrinkage. 
Identifications of minor phases were made by comparing the pat- 
rns obtained with standard patterns of carbides and intermetallic 
mpounds that appeared reasonable on the basis of composition and 
lich are listed in the ASTM card index or in the literature (see 
ible 1). Only the stronger lines of the standard patterns were used 
r the comparisons. The analysis of the patterns were difficult because 
the weakness, the great number, and the overlapping of the diffrac- 
n lines. These difficulties prohibit positive statements that every 
nor phase listed in the results (Table I1) actually was present. 
Concentration techniques attempted—Attempts to strengthen the 
nor-phase lines relative to matrix-phase lines in order to permit more 
sitive identifications were made but, in general, the patterns were 
t improved. 
Stain etching and heat tinting—To supplement the X-ray data, an 
empt was made to verify metallographically the presence of different 
rbides and the sigma phase. Three types of stain etchant were 
lected from the literature (Table III). The first etchant was intended 
color the sigma phase; the second to differentiate between carbides 
id the sigma phase; and the third to differentiate among and to 
lentify the carbides. Heat tinting as described in Reference 7 but more 
arly approaching the method described in Reference 6 was also used. 
Two specimens selected for stain etching and heat tinting were as 
‘ollows: An as-rolled specimen and a specimen solution treated for 
+l hours at 2250 °F (1230 °C) and furnace-cooled in stepwise fashion 
(holding 2 hours at temperatures of 2000, 1900 and 4 hours at 
1800 °F) to develop a large quantity of both fine and coarse pearlite. 


| RESULTS 





Microstructures—Microstructures of as-received and heat treated 
specimens, are shown in Figs. 1 to 3. The as-received specimen of 








TRANSACTIONS OF THE ASM Vol. 47 


822 








ainjont3s 
auies Ul 
peyerjzusiayIp 
eq ouULD eUsIS 
pue 5°W :330N 
44ep 2 D°W 
SUIYM 299815 
uMOIg WNnIpsw 
-ysep :eUIZIS 


(40K 

-B[NDI391 OsTe) 

enjq ‘MoTja4 
‘u9013 ‘pal :D°W 

Ue} WYSIT 0} MOT 
“PPA oped :e9419 
UMOIG 299815 

AaiZ ys1use13 

40 anjq 0} A132 
:(eusis) eure 

ynq J0 

UMOIG MOTTAA 03 
MBI}S :Sopiqiesy 


ajdind 
0} pol 10 us013 
WYBiiq : eUZIC 
S$10}EBIISIA 
“ul SnorAsid Aq 
peurezqo saseyd 
JOUIUI JO S100 








peyouenb 3H 40 pajooo-iiy (¢) 
pe10jO9 SamIodeq soe}INS 
jijun sinzesodursy ye ppPH (Z) 


pes [InP 


0} wourrseds poystjod yeex] (T) 


ainyeisd 
-t9} W001 
$998 / 
asioWwy 


ainjeiod 
U9} W001 
£998 -Z 
asiowIWy 


ainjyei3sd 
-W19} Wool 


$998 0Z-0I 
asi] 


pom 


(49078 M 

% 76 
HO®N 
%B) Wed 
I + (4978m 
yuso10d 

08 *OUNM 
yuso10d 07) 
yied [| 


193eM [W OOT 
‘HOM 24 oO! 
°°(N9D)2a*M 3 OT 
§ TWeyeiIny 


J9}eM [UI 06 
‘HORN 3S 
‘SOUNSM 3S 


uoTyNIOS 


S}JOA ¢ 

[998 | 
(34311) 
91340199914 


yoyo 
d1}AlO14 
“999 348r] 


S}JOA 
¢*I ‘oes 
0Z-O1 ‘4932 
9194[01999/ 9 
oinye 


-19dui9} Wool 
‘S}JOA 9 {9098 


O1-8 ‘y4930 
d1ZA[01999 TF 


poyseW 


z 
maeael a 
*IOH 


yuso1ed ¢ 


Jayem 
yuso19d 96 
:proe 
ormmo1y9 
yuso10d 7 


19qeM 
yus010d 06 
‘NQ®N 
juso1ed O[ 
JayeM 
yuso10ed 76 
{proe 
o17exo 
qUIsIIIg 8 


uoIznjos 


a re nee 


poyzem Zurureys 


queyo}2 sity 


Tt P1481 





(4 '394) quran 
pue suey] 908 OSsTy 
(9 *}94) 
a1 


sAojje aseq 19-075 

PUE TZ PUTI9IS 403 
(py “}94) 

AQuzvaMG pue isspeg 


Aojye 

adA} [Z 3d][9IS 4103 
(9 “394) 

e197" g 


(sfoyye OW ‘IN “3D) 
(61 °}94) 
yoog pue ynospry 


Spoyjaw yO 901N0G 


ZuAULL JOY Pue suey} UTEIS 


aseyd 

-eulzis pue 

sopiqied 
ApiQUaP! OL 


sapiqieo 
Ayquapl OL 


aseydew sis 
pue sapiqieo 
UsIMJ0q 23e 
“HussiayIp OF 


eUIZIS UIeIS OF 


asoding 





wULL 
yeoy + 
4orq £ 
Ysa Z 
qq I 
sso 
-201d 
ut 
poqwW ~s0]0) 











1955 WROUGHT COBALT BASE ALLOYS 823 





Fig. 2a—Microstructure of Stellite 21 after Isothermal 
Transformation. Original magnification X 750, reduced 40% 
in reproduction. Ley me of transformation 1950 °F. 


Top—S5 minutes; middle—25 hours; bottom—72 hours. 
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Fig. 2b—Microstructure of Stellite 21 After Isothermal 
Transformation. Original magnification X 750, reduced 40% 


in reproduction. Temperature of transformation 1750 °F. 
Top—S5 minutes; middle—4 hours; bottom—72 hours. 
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Fig. 2c-—Microstructure of Stellite 21 After Isothermal 
Transformation. Original magnification X 750, reduced 40% 
in reproduction. Temperature of transformation 1500 °F. 
Top—2 hours; middle—25 hours; bottom—72 hours. 
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Fig. 2d—Microstructure of Stellite 21 After Isothermal 
Transformation. Original magnification X 750, reduced 40% 
in pepetenenne: Temperature of transformation 1200 °F, 
72 hours. 
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Fig. 3a—Microstructure of Stellite 21 After Aging. 
Original magnification X 750, reduced 40% in reproduction. 
Aged at 1950 °F. Upper—5 minues; lower—72 hours. 
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‘ig. 3b.—Microstructure of Stellite 21 After Aging. 
Original magnification X 750, reduced 40% in reproduction. 
Aged at 1750 °F. Upper—5 minutes; lower—72 hours. 


stellite 21 in the as-rolled condition was found to be extremely fine 
zrained (ASTM 7-8) as was previously noted and to consist of 
equiaxed grains, massive carbides, and fine, difficult-to-resolve pre- 
‘ipitates in the grain boundaries. 

Solution-treated structure—The solution treatment was suf- 
ficiently complete to produce a solid solution showing little or no 
residual precipitate in the microstructure, as shown in Fig. lb. While 
considerable grain growth occurred during solution treating, the final 
grain size was still less than that of cast Stellite 21. Little further grain 
growth was evident during subsequent aging or isothermal transforma- 
tion. 

Precipitation by isothermal transformation—lIsothermal trans- 
formation of the solution-treated material at a temperature of 1950 °F 
(1065 °C) resulted in the formation of a lamellar, pearlitic type of 
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_ Fig. 3c—Microstructure of Stellite 21 After Aging. 
Original magnification X 750, reduced 40% in reproduction. 
Aged at 1500 °F. Upper—5 minutes; lower—72 hours. 


structure along the grain boundaries as shown in Fig. 2a. Pearlitic pre 
cipitation has started in less than 5 minutes and appears to be complet« 
after 2 hours at 1950 °F (1065 °C). “Divorcing” of the pearlite, or thé 
tendency of the lamellae to break up and agglomerate into smal 
spheroidized particles, is evident as the time of transformation increases, 
which is analogous to the behavior of-steels. 

Isothermal transformation at 1750°F (955°C) (Fig. 2b) was 
largely by pearlitic formation along the grain boundaries, as at 1950 °F 
(1065°C), with some scattered precipitation within the grains. The 
rate of pearlitic growth was less at 1750 °F (955 °C) than at 1950 °F 
(1065 °C), and the interlamellar distance in the pearlite was reduced 
by the lowering of the temperature. There was an increase in the 
amount of precipitate for times up to 72 hours. Spheroidization was 
noted in the microstructure after 25 and 72 hours. 
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Fig. 3d—Microstructure of Stellite 21 After Aging. 
Original magnification X 750, reduced 40% in reproduction. 
Aged at 1200 °F. Upper—5 minutes; lower—72 hours. 


Unlike specimens transformed at 1750 and 1950°F (955 and 
1065 °C), those transformed at 1500°F (815°C) have only a small 
amount of pearlite (Fig. 2c). The precipitate formed at this tempera- 
ure was almost entirely of a star-shape (Widmanstatten type) dis- 
tributed throughout the grains. The amount of visible precipitate in- 
creases with the time of transformation up to 72 hours. Although it is 
not evident from the photomicrographs shown, there is a distinct layer 
of precipitate-free matrix along most of the grain boundaries. As in 
other alloys, this effect is probably the result of the agglomeration of 
precipitate in the grain boundaries (11). The few small patches of pearl- 
ite appearing at some grain boundaries consist of very closely packed 
lamellae, unresolved at .750 magnification. 

At 1200°F (650°C), little visible precipitate was formed by iso- 
thermal transformation for periods up to 72 hours (Fig. 2d). Traces of 
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pearlite were observed in specimens transformed for 25 and 72 hours, 
although this is apparent in the photomicrograph. 

Precipitation by aging—lIn sharp contrast to the precipitate formed 
by isothermal transformation, no pearlite was formed by any of the ag- 
ing treatments. Aging at temperatures of 1950, 1750, and 1500°F 
(1065, 955 and 815 °C) resulted in precipitation almost entirely along 
slip lines and twin boundaries through the grains as shown in Figs. 3a, 
3b, and 3c. These slip lines and twin boundaries are the result of 
thermal stresses set up by water quenching from the solution treating 
temperature prior to aging. Precipitation by aging was very rapid at 
1950 and 1750 °F (1065 and 955°C) and appeared to be complete in 
1 to 2 hours. Continued aging at these temperatures resulted in the 
agglomeration or coalescence of the precipitate particles. 

The amount of visible precipitate formed by aging at 1500°F 
(815 °C) continued to increase up to 72 hours. 

Short-time aging at 1200°F (650°C) (Fig. 3d) gave no visible 
precipitate, while longer times (25 to 72 hours) at 1200°F (650°C) 
developed a small amount of precipitate along slip lines. 

Grain boundary behavior—Agglomeration of the precipitates in 
the grain boundaries occurred with increasing time. This was particu- 
larly evident at the higher temperatures of isothermal transformation, 
and could be observed down to 1500 °F (815 °C). At 1200 °F (650 °C) 
the grain boundaries remained fine and continuous with increasing time 
of aging or isothermal transformation. 

For specimens aged at 1200°F (650°C), the grain boundaries 
were very fine and difficult to show clearly by the etching technique. In 
the case of the specimen aged 5 minutes, it was necessary to substitute a 
more corrosive etchant (1:1 HCl, electrolytically) than 5% aqua regia 
in order to attack the grain boundaries, since the specimen was still 
essentially in the solution-treated condition. 

Hardness—The hardness of the specimens after solution treat- 
ment lay in the range from Rockwell C-20 to C-24. Subsequent harden- 
ing during aging or isothermal transformation at temperatures below 
the solution treating range is shown in Figs. 4 to 7. These figures 
present the data in both the conventional type of hardening curve 
(hardness against the logarithm of time of aging or isothermal trans- 
formation at constant temperature, Figs. 4 and 5) and in cross plots to 
show the effect of temperature (hardness against temperature at 
constant time, Figs. 6 and 7). In constructing these hardness curves, 
the experimental points were first plotted on both types of figure. 
Trial curves were next drawn to “average out”’ the experimental devia- 
tions on each separate type of plot. Values were read from the trial 
curves of one type of figure and cross-plotted on the other. New curves 
were then drawn to best approximate both the experimental points 
and the values obtained from the trial curves. The process was repeated 
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Fig. 4—Effect of Time on Hardness for Isothermal Transformation of 
Solution-Treated Wrought Stellite 21 at Various Temperatures. 
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Fig. 5—Effect of Time on Hardness for Aging Solution-Treated Wrought 
Stellite 21 at Various Temperatures. 


until the final curves on both sets of figures were consistent and gave 
the best representation of the general trend within the limits of experi- 
mental error. ; 

At 1950°F (1065°C), both aged and isothermally transformed 
specimens hardened to a maximum hardness of about Rockwell C-33 
in a matter of several minutes, after which some overaging and soften- 
ing took place. This softening 1s related to the agglomeration or coales- 
cence of the precipitate in the microstructure, as noted previously. 
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tion on Hardness of Wrought Stellite 21 for Various Times of 
Isothermal Transformation. 
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Fig. 7—Effect of Aging Temperature on Hardness of 
Wrought Stellite 21 for Various Times of Aging. 


















At 1750°F (955 °C), the aged specimens hardened more rapidly 
than those isothermally transformed, reaching a maximum hardness of 
Rockwell C-36 after 2 hours of aging. Softening of the aged specimens 
after 2 hours was presumably due to the coalescence of the fine car- 
bides precipitated along the slip lines. The isothermally transformed 
specimens continued to harden to 72 hours, when their hardness was 
Rockwell C-38. 

At 1500°F (815°C), the aged specimens again hardened more 
rapidly than those isothermally transformed, but there was no evidence 
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of overaging or softening within the time investigated. Instead there 
was a steady increase in hardness with time for both types of heat treat- 
ment. Aging for 72 hours at 1500°F (815°C) gave a hardness of 
Rockwell C-42, while isothermal transformation for the same time re- 
sulted in a hardness of Rockwell C-39. Little further increase in 
hardness due to aging could be obtained by changing the temperature 
of aging, and 1500°F (815°C) appeared to be the temperature for 
maximum hardness. 

At 1200°F (650°C), there was no measurable increase in hard- 
ness with the time of aging or isothermal transformation, and the 
hardness was constant at about Rockwell C-24 for the aged specimens 
and Rockwell C-22 for the isothermally transformed specimens. This 
is as would be expected from the microstructural behavior at this 


emperature, which showed little change in microstructure from that 
‘f the solution treated condition. 


X-Ray Diffraction Results 


Matrix phases—The percentages of the alpha (face centered 
ubic) and beta (hexagonal close packed) matrix phases were visually 
stimated from the intensities of the diffraction lines and are shown in 
‘able II. The matrix consisted entirely of the alpha phase after solu- 
ion treatment at 2250 °F (1230°C). No beta formed upon isothermal 
‘ansformation for short time periods of 44 hour or 2 hours at 1950 °F 
1065 °C) whereas these same transformation times produced a con- 
iderable quantity of beta at 1500 °F (815 °C). The longer time period 
2 hours at both 1950 and 1500 °F (1065 and 815 °C) converted almost 
\l of the matrix to the beta phase. 

Minor phases—The results of the X-ray identification of minor 
hases in as-rolled and heat treated Stellite 21 are shown in Table IT. 

Indications of Croa3C¢, sigma, and a spinel-type oxide were obtained 
rom the diffraction pattern of the as-rolled specimen (treatment A). 
No certain evidence of any minor constituents were found in the 
olution-treated specimen (treatment B) but some of the diffraction 
nes found in the X-ray pattern indicated that MgC and Cro3Cg may 
iot have completely dissolved during the 16-hour solution treatment. 

Evidence of the formation of CrogCg and sigma phase were found in 
the specimens isothermally transformed for very short periods of time 
(15 minutes) at 1950 and 1500°F (1065 and 815°C) (treatments C 
and G). The carbide M¢C possibly was present in the specimen heat 
treated at 1950 °F (1065 °C). The specimens given the long-time iso- 
thermal-transformation treatments of 72 hours at 1950 and 1500°F 
(1065 and 815 °C) (treatments E and H) appeared to contain the same 
minor constituents as the specimens heat treated at these temperatures 
for 15 minutes. However, some evidence of the presence of the high 
carbon carbide Cr7C3 was found. The specimens which were solution- 
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Fig. 8a—Microstructures of Various Stain-Etched and 
Heat-Tinted Specimens. Rolled Stellite 21. Upper—Stain 
etchant 3; X 1000; blue-McC, yellow-brown-CresCe. Lower— 
Heat-tinted; X 1500; white-CresCe, yellow-brown-sigma. (Re- 
duced 40% in reproduction). 


treated and isothermally transformed in the powdered state (treat- 
ments D and G) appeared to contain the same carbides as the specimens 
heat treated prior to obtaining powdered specimens (treatments C, E, 
F, and H). The X-ray pattern from the specimen isothermally trans- 
formed at 1500°F (815°C) for 2 hours (treatment G) contained 
evidence of the presence of sigma phase but no evidence was found in 
the specimen transformed 2 hours at 1950°F (1065°C) (treatment 
D). The pattern from the specimen given heat treatment I (selected 
because of the unusually large quantity of pearlite in the microstruc- 
ture) gave strong indications of Cre3C, and sigma and a possible indi- 
cation of CrsCo. 

Stain-etching and heat-tinting results—Photomicrographs of 
stain-etched and heat-tinted specimens of rolled, and heat treated Stel- 
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Fig. 8b—Microstructures of Various Stain-Etched and 
Heat-Tinted Specimens. Rolled Stellite 21 (furnace-cooled 
from 2250 °F to develop large quantity of pearlite). Upper— 
Stain etchant 1; X 1000; blue-sigma. Lower—Stain etchant 
3; X 1000; blue-McC. (Reduced 40% in reproduction). 


ite 21, are shown in Fig. 8. In this figure the colors and their inter- 
retations for different microstructures have been recorded. The colors 
have been reported in the literature to represent particular minor 
yhases but these color identifications need not necessarily apply to this 
lloy. 
; DIscusSsION OF RESULTS 

After a 72-hour solution treatment of 2250°F (1230°C), 
wrought Stellite 21 is essentially a homogeneous solid solution. This has 
been shown to have a face-centered cubic structure (see Table II, treat- 
ment B and references 6 and 12). Subsequent transformation at lower 
temperatures occurs both with changes in the crystal structure of the 
matrix and with the formation of minor phases. The matrix trans- 
formation from face-centered cubic (alpha phase) to hexagonal close- 
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Fig. 8c—Microstructures of Various Stain-Etched and 
Heat-Tinted Specimens. Rolled Stellite 21 (furnace-cooled 
from 2250 °F to develop large quantity of pearlite). Upper— 
Stain etchant 2; X 750; yellow-brown carbides. Lower— 


Heat-tinted; X 1500; white-CresCe. (Reduced 40% in re- 
production). 


packed (beta phase) structures has already been described as taking 
place by a martensitic type of reaction (6 and 12). The formation of 
the minor phases may occur by precipitation directly from a single- 
phase solution, by a eutectoid decomposition, and/or by the trans- 
formation from one type of carbide to a second type; in any case, a 
nucleation and growth involving diffusion of atoms through the lattice 
is the most likely mechanism. 

Precipitation of minor constituents is nucleated almost entirely at 
grain boundaries in the case of specimens isothermally transformed at 
1750 and 1950 °F (955 and 1065 °C). Pearlitic growth increases with 
time at these temperatures and occurs with the diffusion of carbon 
from within the grains to the grain boundary where it reacts with the 
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carbide forming elements to form the carbide lamellae (largely CrosCe 
as will be discussed subsequently. ) 

This results in a localized depletion of chromium in the solid- 
solution lamellae alternating with the carbide lamellae and in adjacent 
areas, which therefore have less resistance to attack by the etchant. The 
depleted zones appear to have a definite and distinct border between 
the solid-solution lamellae in the pearlite and the matrix in the main 
body of the grains (Fig. 9), as has been noted previously with other 
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Fig. 9—Microstructure of Heat Treated Wrought Stel- 

lite 21 (16 Hours at 2250 °F, Isothermally Transformed 2 
Hours at 1950 °F), Showing Pearlite Surrounded by Border. 


Electrolytically etched in 5% aqua regia. Original magnifica- 
tion X 750, reduced 40% in reproduction. 


amellar precipitates (11). A similar observation was made by DeVries 
ind Mohling (13) in the case of a high temperature alloy having the 
following composition : 


C Cr Co Ni Si Mn Mo W Fe 
0.51 20.02 27.76 19.08 0.40 0.86 2.11 6.83 22.26 


Slightly lighter areas were observed to surround the carbide precipi- 
tates in the microstructure of this alloy, and it was felt by the authors 
that this was due to concentration gradients rather than to a fully 
developed second phase. These areas were reasoned to be areas im- 
poverished of austenite strengtheners by the formation of the precipi- 
tates and thereby weakened, which would account for the lower stress- 
rupture properties obtained for this alloy as compared with other alloys 
studied by these investigators. No direct proof is offered for the cor- 
rectness of this view, and others (14) have explained the same effect 
as being due to the difference in orientation between the two matrix 
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areas brought about by recrystallization. A third possibility is that the 
differently etched areas are due to the presence of beta phase in the 
lamellae as distinct from the alpha phase of the remaining matrix (15). 
(As will also be discussed ). 

The starlike Widmanstatten structure of the carbide particles 
which appear as the main precipitate formed by isothermal transforma- 
tion at 1500 °F (815 °C) strongly suggests that this type of precipitate 
forms on the (111) octahedral planes of the face-centered cubic matrix. 
This type of precipitate also occurs by isothermal transformation at 
1750 °F (955°C), where it forms a minor part of the total. 

Precipitation is, in general, known to be favored on those crystal- 
lographic planes of the parent matrix on which the atomic spacing is 
nearly equal to that on the adjoining plane of the precipitant. This con- 
dition is readily shown for the precipitation of the Cro3C¢ type of car- 
bide on the (111) plane of the face-centered cubic matrix ; thus, using 
a value of 3.566 A for the lattice parameter of face-centered cubic 
Stellite 21, which is the value reported by Rosenbaum (8), the distance 
between the metal atoms on the (111) plane is calculated to be 
0.707 x 3.566 = 2.52 A. The distance of closest approach between the 
metal atoms for a carbide of the type (Cr, Fe)o3Cg is given by Gold- 
schmidt (16) as 2.45 to 2.51 A. This is a satisfactorily close match to 
favor precipitation of CrogCz in the suggested manner. It might also be 
noted that the close structural relation between this carbide and the 
austenitic matrix makes it possible that, in its initial stages of forma- 
tion, the carbide forms from the austenite by a spontaneous transforma- 
tion of the lattice, not involving atomic diffusion, as Goldschmidt 
points out. 

In the case of the aged specimens, carbide precipitation is almost 
entirely along slip lines, or twin boundaries, with little or no tendency 
towards pearlitic or Widmanstatten type formations. Nucleation sites 
for this type of precipitation are provided by thermal stresses set up 
by water quenching from the solution treating temperature prior to 
aging. These slip planes are the (111) planes in the face-centered cubic 
matrix. 

Constitution of various microstructures—The microstructure of 
as-rolled Stellite 21 etched conventionally or stain etched and heat 
tinted is shown in Figs. la and 8a. -The large spheroidized micro- 
constituents which are evident in the photomicrographs could be either 
CrogCg or sigma from the weak X-ray indications of both as shown in 
Table II. The appearance of the structure upon heat tinting indicates 
that the large particles are probably Cro3Cg. Additional unpublished 
work with concentrated powders (the carbides were segregated by 
electrolytic digestion in a nonacidic solution) revealed only Cro3Cg. 
This at least partially confirms the X-ray results obtained from the 
powdered alloy. The matrix of this structure consisted of both the face- 
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centered cubic and hexagonal close-packed structures. (Table II, treat- 
ment A). 

Upon solution treatment of rolled Stellite 21 at 2250 °F (1230°C) 
for 72 hours, most of these particles dissolve in the matrix (Fig. 1) 
and, therefore, no X-ray patterns were made of the specimen. An X-ray 
diffraction pattern obtained from a specimen which was solution- 
treated for 16 hours at 2250°F (1230°C) indicated that Cre3Ceg and 
Me¢C may have been residual carbides, although the indications were 
extremely weak. Of course, the matrix was 100% face-centered cubic. 

The presence of Cre3Cg was indicated in all the rolled Stellite 21 
specimens transformed at 1950 and 1500°F (1065 and 815°C) 
Table II. Both M¢C and sigma were indicated in almost every speci- 
men, and Cr7Cs was indicated in the specimens transformed for 72 
hours at 1950 and 1500°F (1065 and 815°C). The strength of the 
X-ray indications for Cro3C¢ indicate that this phase is the predominant 
minor constituent in heat treated Stellite 21. The MgC may, of course, 
precipitate directly from the face-centered cubic solid solution, but on 
the other hand, it may be, in part, a residual carbide or a transformation 
product of CresCg (more correctly Mo3;Cg). The latter change would 
involve the diffusion of only a few atoms of molybdenum or other 
carbide formers (16). Sigma precipitation may have occurred in con- 
junction with, or subsequent to, carbide precipitation. 

The chromium nitride gamma CrN, MoC (WeC or MooC), and 
Ms3C type carbides might have been present in some of the specimens ; 
however, there were too few significant lines in the standard patterns 
to list the phases in the tables. The Coz7We¢ (which could have an iso- 
morph of the approximate stoichiometric composition Co;Mog in the 
molybdenum bearing alloys) has few strong lines and these coincide 
with sigma lines; CosW (or possibly CogMo) has one d-value which 
appeared unique, but this value is in a range in which the accuracy of 
the d-value measurements is poor. 

On the basis of X-ray diffraction patterns, the possibility existed 
that WC (or MoC) was present in almost every specimen. The nu- 
merous indications of this carbide suggested that the powders were 
being contaminated by the tungsten carbide burr, but the use of a 
diamond burr instead of the tungsten carbide burr did not affect the 
results. Also, the strong lines of standard WC patterns overlapped 
standard spinel patterns and, therefore, the two phases could not be 
differentiated. 

It was observed that X-ray indications of the sigma phase were 
found in almost every specimen investigated, and since sigma as a 
precipitant could significantly affect the physical properties of this class 
of alloys it is worthy of: further consideration. Precipitation of car- 
bides would tend to deplete alloys of the cobalt-base type of chromium 
and molybdenum (or tungsten). However, in spite of chromium deple- 
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tion by carbide precipitation in high-chromium steels, the precipitation 
of carbides promote the formation of sigma phase (17). In the discus- 
sion following this article, Foley and the authors indicated their belief 
that the straining of the matrix lattice by precipitation of carbides pro- 
moted sigma precipitation in the vicinity of the carbides. The results of 
this investigation indicate that sigma is associated with large quantities 
of carbides. 

Pearlitic structures—Previously Badger and Sweeney showed that 
the pearlitic structures in as-cast Stellite 21 may be dissolved by 
solution-treating at 2375 °F (1300°C) and subsequently reformed by 
furnace cooling (4) ; the time of the solution treatment was not given, 
however. In addition, this structure was previously produced during 
an investigation (3) with Stellite 21 turbine blades at the Lewis labora- 
tory, by solution-treating for 14% hours at 2250°F (1230°C) and 
furnace cooling. In either case, it is uncertain whether reasonably com- 
plete homogenization took place and, therefore, it was not known 
whether an alloy of Stellite 21 composition would decompose and 
form similar lamellar structures upon cooling if it were originally 
thoroughly homogenized. In reference 15 it was shown that the bar 
stock from which the specimens for this investigation were obtained 
was homogenized thoroughly at 2250°F (1230°C) for 41 hours and 
that large quantities of lamellar structures (pearlitic and feathery 
structures) were obtained upon stepwise furnace cooling from the 
solution treating temperature. 

In this investigation, it was shown that the matrix was entirely 
alpha or face-centered cubic after a 16-hour solution treatment 
(Table II) and thus the 72-hour solution treatment used for most of 
the specimens of this report, was selected principally to remove any 
possible chemical heterogeneity prior to producing the pearlitic or other 
structures. Changes in the crystal structure of the matrix of the alloy 
occurs at lower temperatures and often occurs simultaneously with the 
precipitation of minor phases. 

In Reference 4 it was reported that pearlitic structures grew near 
areas of beta. However, in reference 15, it was found that this was not 
always the case. Several cobalt-base specimens, including a cast Stel- 
lite 21 specimen solution treated and isothermally transformed at 
2000 °F (1095 °C) for 2 hours, contained considerable pearlite but no 
beta (hexagonal close packed phase) although little or no pearlite 
was found in alloys that did not form detectable quantities of the beta 
phase with most of the heat treatments employed. Furthermore, beta 
formed in alloys where no pearlitic structures were found. Therefore 
it was not possible to coficlude that the solid solution lamellae of the 
pearlite consisted of the beta phase or that the pearlitic structure is a 
eutectoid. 

Specimens given heat treatments C, E, F, H, and I Table II were 
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known to contain considerable quantities of pearlite. All of these 
specimens were indicated to contain MgC and/or sigma in addition to 
CregCg which previously was noted to be the predominant carbide 
which formed in this alloy. Thus, the carbide portion of the pearlitic 
lamellae could also contain M,C. It is not known whether M¢C pre- 
cipitates along with the carbides Cro3Cg, whether it is a residual carbide 
following solution treatment, or whether it forms from Cro3C¢ by dif- 
fusion of alloying elements to the Cro3C¢ precipitants. Stain etching 
and heat tinting results indicated that when the pearlite is formed from 
face-centered cubic solid solution, CrosCg is the carbide constituent. 
These observations partially confirm the work of Reference 18 which 
reports that the pearlite consisted of lamellae of CrgC (Cro3Cg) and a 
cobalt-rich solid solution. 

With regard to the formation of the sigma phase, in the cast and 
heat treated cobalt-base alloys investigated in reference 15, X-ray dif- 
fraction evidence indicated that sigma was not always found in speci- 
mens containing large quantities of pearlite and the carbides Cro3Cg 
and Me¢C. 

Metallographic examinations made of numerous specimens of 
Stellite 21 have indicated that the solid-solution phase of the pearlitic 
lamellae does not consist of a phase such as sigma, nor do stain-etchant 
ind heat tinting results. From observations of the paths of growth of 
pearlitic lamellae, from stain etching characteristics, and from micro- 
hardness tests made over a period of time, the phase other than the 
‘arbide in the pearlitic structure is not believed to be sigma but one of 
the matrix phases. 

Hardness changes with heat treatment—The hardening behavior 
\f Stellite 21 may be termed normal. Initial increases in hardness upon 
iging specimens at temperatures above 1200°F (650°C) may be ob- 
served. Prolonged aging or heat treating at 1750 and 1950 °F (955 and 
1065 °C) causes the hardness to decrease after relatively short times. 
Che softening that then occurs may be associated with spheroidization 
and agglomeration of the precipitate. The initial rate of hardening is 
greater for specimens transformed by aging than for those isothermally 
transformed at the same temperature, as would be expected from the 
greater number of nucleation sites provided by water quenching in the 
first case. 

X-ray diffraction techniques—The difficulties of detection of minor 
phases by the X-ray diffraction techniques used in this investigation 
has been mentioned and has also been discussed in more detail in refer 
ence 15. 

In spite of the inherent difficulties of the methods, most of the 
diffraction results compare-favorably with results of other investigators 
of cast Stellite 21 some of whom used electrolytic digestion techniques 
to concentrate minor phases, Table IV. It was interesting to note that 
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Table IV 
Minor Phases Detected in Cast Stellite 21 by Other Investigators * 
Alloy Phases found References 
Stellite 21 Cr7Cz 4, 6 
MesCe(or CresCe) 4, 5, 6 
eC 4, 6 
Sigma 6 
Stellite 21 - Type Cr7zCsz 7 
0.1-0.90% C CresCe 7 
MeC ; 7 
Stellite 21 - Type CraCe + above carbides 7 
3.21% C 


* Phases found in one or more specimens, cast or heat treated or both. 











indications of the sigma phases were found in almost all of the speci- 
mens transformed at temperatures below the solution treating tempera- 
ture. In the investigations where digestion techniques were used to 
concentrate the minor phases, no sigma phase was found presumably 
because sigma would dissolve in the electrolytes. 

Stain etching and heat tinting—The results of stain etching and 
heat tinting are helpful but not easily evaluated, because of several 
inherent difficulties. The colors of fine precipitates or thin pearlitic 
lamellae are not discernible. The colors of large phases depend upon 
the chemical composition, which, in turn, depends upon the heat treat- 
ment given the specimen. For example, a chromium-rich carbide of the 
Cro3Ceg type would be expected to react to chemical attack differently 
from chromium-poor Cre3Cg. Coring of carbides was sometimes ob- 
served and, in addition, minor phases frequently seemed to be sur- 
rounded with a band of different material which was visible either 
under oblique light at high magnification or polarized light. However, 
such banding may have been the result of optical effects. 

In order to discuss more readily the stain etching and heat tinting 
results previously presented, reference may again be made to Fig. 8. In 
the case of rolled Stellite 21, Badger and Sweeney’s etchant indicated 
M,C to be present although X-ray diffraction results indicated the car- 
bide to be Cro3Cg. In the furnace cooled specimen, Beck’s etchant 
showed a few blue dots indicating sigma phase, but such a small 
quantity of sigma phase could not have shown up in X-ray patterns. 
The etchant to differentiate between carbides and the sigma-phase 
showed only one color (yellow brown) indicating carbides, and 
similarly Badger and Sweeney’s etchant showed only one color (blue) 
indicating MgC. This tendency to stain or heat tint everything one 
color seemed fairly evident in the case of the Stellite 21 alloys. 

Although the stain etching and heat tinting results were not com- 
pletely satisfactory, these methods did leave the impression that grain 
boundary precipitates and many massive constituents were Cro3Cg. 


SUMMARY OF RESULTS 


The results of this investigation of microstructural and hardness 
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changes produced in wrought Stellite 21 by heat treatment and the 
studies of minor phases which form in the alloy upon heat treatment, 
are as follows: 

1. Solution treatment of 72 hours at 2250°F (1230°C) was 
sufficient to produce a solid solution showing few or no residual pre- 
cipitates in the microstructure. Grain growth occurred during solution 
treatment at 2250 °F (1230°C), and after 72 hours the grain size in- 
creased from ASTM 7-8 (as wrought) to a mixed grain size with some 
grains 10 to 20 times larger than ASTM 1. 

2. Isothermal transformation of the solution-treated material at 
temperatures of 1950, 1750, and 1500 °F (1065, 955 and 815°C) re- 
sulted in the formation of pearlite along grain boundaries. Both the 
quantities of pearlite and the interlamellar spacing decreased with de- 
creasing temperature. 

3. Widmanstatten structures formed by isothermal transforma- 
tion at temperatures as high as 1750°F (955°C). At 1500°F 
(815°C), Widmanstatten precipitation predominated over pearlitic 
precipitation. 

4. Little visible precipitate was formed by isothermal transforma- 
tion at 1200 °F (650°C) for times up to 72 hours. 

5. Aging the solution-treated and water-quenched material at 
temperatures from 1200 to 1950°F (650 to 1065 °C) resulted in pre- 
cipitation principally along slip lines and twin boundaries. 

6. With sufficiently prolonged times of aging or isothermal trans- 
formation, spheroidization and agglomeration of the precipitated car- 
bide particles occurred at temperatures as low as 1500°F (815°C). 
This occurred more rapidly in the structures formed by aging than in 
those formed by isothermal transformation. 

7. The hardness of the material after solution treatment for 72 
hours at 2250 °F (1230°C) and water quenching was Rockwell C-20 
to C-22. The temperature for developing maximum hardness in the 
solution-treated material was between 1400 and 1500°F (760 and 
815°C). Aging for 72 hours in this temperature range produced a 
hardness of Rockwell C-42. The maximum hardness for isothermal 
transformation was about Rockwell C-40 and was developed between 
1500 and 1600 °F (815 and 870°C). 

8. Hardness was not increased by aging or isothermal transforma- 
tion at 1200°F (650°C). Specimens aged at 1500°F (815°C) and 
those isothermally transformed at 1500 and 1750 °F (815 and 955 °C) 
continued to harden up to 72 hours. Overaging or softening occurred 
within 72 hours at temperatures of 1750°F (955°C) and above for 
aging and at 1950°F (1065 °C) for isothermal transformation. 

9. Aging the solution-treated and water-quenched material gen- 
erally resulted in a more rapid increase in hardness than isothermal 
transformation at the same temperature. 
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10. X-ray diffraction methods indicated that Cro3;Cg was the 
residual carbide in the as-rolled alloy. In heat treated, rolled, specimens 
CregCg appeared to be the most prevalent carbide, although M¢C was 
almost as frequently indicated. Sigma found in the heat treated speci- 
mens, was thought to form in conjunction with, or subsequent to the 
formation of the carbide CrogCg. 

11. X-ray diffraction results coupled with metallographic exam- 
inations of stain-etched and heat-tinted specimens indicated that one 
of the two phases of the pearlite (one of the two lamellae) consisted 
predominantly of Cre3Cg. The other phase of the lamellae was indi- 
cated to be one of the matrix solid solution phases. This would confirm 
results obtained by others in their studies of cast Stellite-21. The M¢C 
carbide was also detected in many specimens and possibly formed from 
the transformation of the CregC¢z lamellae. 

12. The relative quantities of the matrix phases of each alloy 
studied, in various conditions of heat treatment, were estimated from 
the X-ray diffraction patterns. The matrix consisted of the face- 
centered cubic structure after solution treatment at 2250 °F (1230 °C). 
At 1950°F (1065°C), short transformation times of %4 to 2 hours 
did not result in transformation of the face-centered cubic matrix to 
the hexagonal close packed structure. At 1500°F (815°C), short 
transformation times produced large quantities of this structure. Long 
time transformation of 72 hours at 1500 and 1950°F (815 and 
1065 °C) converted almost all of the matrix to the hexagonal phase. 
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DISCUSSION 


Written Discussion: By Arthur G. Metcalfe, research metallurgist, 
Armour Research Foundation, Chicago. 

In an investigation * of a cast alloy of similar composition (carbon—0.32% ; 
chromium—27.26% ; nickel—2.36% ; iron—1.34%; silicon—0.64% ; manganese— 
0.25% and cobalt—62.28% by analysis) similar results in many respects were 
obtained. The hardness of quenched specimens fell from Rockwell C-30.4 at 
2190 °F (1200°C) to Rockwell C-26.2 at 2250.°F (1230°C), but rose when 
quenching temperatures above 2290 °F (1255 °C) were used, due to the appear- 
ance of liquid melt in the boundaries. Holes appeared in specimens quenched 
from 2250 °F (1230 °C) due to transient melting unless slow heating was used. 

Specimens were water-quenched after 6 hours at 2250°F (1230°C) and 
subsequently aged at temperatures of 1290, 1520, 1700, 1790, 1920 and 2100 °F 
(700, 825, 925, 975, 1050, and 1150 °C). Hardening occurred at all temperatures, 
reaching a maximum in 3 hours at 2100 °F (1150 °C) with a hardness of about 
Rockwell C-37. This peak hardness occurred at longer times at lower tempera- 
tures, but a higher hardness was reached, e.g. in 12 hours at 1790 °F (975 °C) 
when the hardness was Rockwell C-40. A plot of log time against the reciprocal 
of the temperature gave an approximate straight line. At 1700 and 1520 °F (925 
and 825 °C) peaks occurred at times which fell approximately on this curve (20 
hours and 35 hours), but peaks were also observed at shorter times. These 
peaks were observed to be at 50 minutes and 100 minutes respectively for these 
temperatures. At 1700 °F (925°C) the hardness reached Rockwell C-42.5 after 
50 minutes, fell to Rockwell C-40 after 120 minutes, but rose to reach Rockwell 
C-41 after 20 hours. 

The structures showed that the first peak was associated with the formation 
of a pearlitic type of product. This seemed to form by a eutectoid reaction be- 
tween 1750 and 1815 °F (955 and 990 °C) involving the decomposition, 


a ———> 8 + chromium-rich phase 


where a is the high temperature face-centered cubic lattice and 8 the hexagonal 
close-packed matrix. 

Similar behaviour can be observed in the authors’ results in Fig. 5. The 
hardness values have been recorded in Table V together with the hardness 
values from work discussed above. 










Table V 


Hardness after aging, Rockwell—C 













Time Authors’ — 1500 °F (815 °C) A.G.M. — 825 °C 
5 minutes 28 32 
30 minutes 36 42 
2 hours 41 46 
4 hours 39 44.5 
25 hours 


The higher carbon content and lower nickel content of the alloy used by 
the writer is believed to be enough to account for the higher hardnesses. 
Another reason to suppose that a different mechanism occurs at lower 


2 Investigation performed at the Deloro Smelting and Refining Co. Ltd., Deloro, Ontario, 
Canada. 
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temperatures is that the authors’ show that the initial hardening is more rapid 
at 1500 and 1750 °F than at 1950 °F, whereas raising the temperature would be 
expected to increase the rate of precipitation (Fig. 5). 

On the other hand, the authors’ microstructures do not show the formation 
of pearlitic products on aging. It would be interesting to have the authors’ 
opinion on the cause of the double peak at 1500 °F and the slower initial rate 
of hardening at 1950 °F than at 1750 °F. 

Written Discussion: By F. L. VerSnyder, supervisor, Metallography 
and High Temperature Testing Unit, Small Aircraft Engine Laboratory, and 
H. J. Beattie, Jr., physicist, Thomson Laboratory, General Electric Co., West 
Lynn, Mass. 

Considering the complexities of the metallurgy of cobalt base-alloys, this 
paper presents additional information which is most welcome. Perhaps the 
.uthors could offer some clarification on the following items: 

1. In the paper the authors did not mention either the type of chromium 
used in the alloy or the nitrogen analysis of the alloy; however, it is noted in 
Cable II that a chromium nitride phase is listed. Knowing the nitrogen content 
f the alloy would aid in determining the possibilities of such a nitride being 
present; furthermore, it is noted (if one assumes that an indication of presence 

ay also be interpreted as an indication of quantity) that the chromium nitride 
ppears to be present to an equal or greater extent after isothermal trans- 
rmation than every phase with the exception of MasCs. 

A most interesting observation may be made by comparing the “indication 
f presence” for heat treatments C and E—also, for heat treatments F and H. It 
ill be noted from Table VI that, in the first case, with an increase in isothermal 

ding time from ™% of an hour to 72 hours that the “indication of presence” 
hanged from M, (i.e. fairly good indication) to S, (i.e. good indication). The 
ume observation may be made for isothermal holding at the 1500 °F temperature 
here at 4% of an hour there was a “possibility of the presence” of the phase 
hile at the end of 72 hours, there was a “good indication” of the presence of 
e phase. Both the presence of the chromium nitride, as well as these observa- 
ions on changes with isothermal holding time, appear from the authors’ data 

be significant. In addition, in what manner can microstructural observations 
e correlated with the X-ray diffraction evidence of the presence and changes of 
he CreN. Do the authors have any comment? 

2. The lattice parameters of the complex cubic carbides MaxCe and MeC 
ften indicate differences in composition, particularly in the molybdenum con- 
ent. For instance, if the MesC.s is CresCs as the authors indicate, the lattice 
arameter should be 10.64A. The amount of molybdenum in this alloy may be 
favorable for its substitution in the carbide to the saturation composition of 
Cre1MosCe, in which case the lattice parameter should be around 10.7A. Variation 
in molybdenum content of the MeC can also cause a pronounced variation in 
lattice parameter. We have observed it to vary from 10.8A to 11.0A in nickel- 
base alloys. In view of the fact that the authors indicated at one point in their 
discussion that the CresC. might be more properly called MaCe, we wonder if the 
authors have lattice parameter data which might indicate the extent of molyb- 
denum substitution in the carbides. 

3. The authors give as a supporting fact to the precipitation of the MasCe 
on the (111) planes of the face-centered cubic matrix the close match in inter- 
atomic distances of the metal atoms in the two phases. This is actually an in- 
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Table VI 




















Heat c-—— Isothermal ———_,, 


Treatment , Transformation 7——- Minor Phases Indicated * 
Solution Treatment Temp °F Time, Hrs.CrsC2 CrzCs CresCe McsC Sigma (CroN 
€ 2250 °F; 69 Hrs. 1950 % S WwW M M 
D (1) 2250 °F; 16 Hrs. 


Water Quench 
(2) Grind X-Ray Powders 


(3) Heat Treat Powders 1950 2 S M 
2250 °F; % Hrs. 
E  2250°F; 69° firs. 1950 72 vw S , S 
F 2250 °F; 72 Hrs. 1500 4 S M WwW 
G (1) 2250 °F; 16 Hrs. 
Water Quench 
(2) Grind X-Ray Powders 
(3) Heat Treat Powders 1500 2 WwW S 
2250 °F; % Hrs. 
H 2250 °F; 72 rs. 1500 72 Vw Ss Ww WwW S 
I 2250 °F; 46 Hrs. 1850 1% WwW S a | S 



















* Indications of the presence of minor phases in these alloys are as follows: 
Good indication of presence 
M Fairly good indication of presence 
W Possible 
VW Minimum indication considered 








evitable result of the relatively fixed atomic radii of metal atoms in configurations 
of high co-ordination number. What really needs to be shown is that some two- 
dimensional network in the carbide lattice is similar to the (111) planes of the 
matrix. Since the 48(h) + 4(a) positions of the MasC, lattice are 13-atom 
clusters of cubic close-packing, perhaps this would be possible. 

4. Bigelow and Brockway of the University of Michigan have made electron 
diffraction studies-of the iron-base 16-25-6 alloy.* They have found strong indi- 
cations that the aging of this alloy after solution treatment proceeds by the 
initial appearance of MaC. as a transition phase from the face-centered cubic 
matrix to the equilibrium carbide MeC. We have observed similar indications in 
nickel-base alloys containing molybdenum. What holds for both iron- and nickel- 
base alloys one would expect might hold also for cobalt-base alloys. Would the 
authors have any further comment on this possibility ? 


Written Discussion: By Joseph R. Lane, Naval Research Laboratory, 
Washington, D. C. 

In view of the well-known influence of cold work on the cobalt transforma- 
tion, a question might be raised concerning the authors’ technique for determin- 
ing the crystallographic structure of the matrix. Their specimen material was 
apparently the powder produced by grinding, but it was not clear if this was 
true in all cases (Table II). It is realized that the grain-size probiem makes 
difficult the determination on solid material. 

The observations of various isothermai decomposition products, as described 
in the paper, are an original and valuable contribution. Have the authors any 
data on high temperature mechanical properties of such microstructures ? 















Authors’ Reply 





The authors would like to thank Messrs. VerSnyder and Beattie, and Drs. 
Metcalf and Lane for their comments and questions. In answer to the questions 





2 W. C. Bigelow and L. O. Brockway, “‘An Electron Metallographic Investigation of the 
Minor Phases of 16-25-6 Alloy,”’ presented at the International Conference on Electron Micros- 
copy, London, 1954. 
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by Messrs. VerSnyder and Beattie about the type of chromium (which is re- 
lated to the Nz content) and about the Ne content of the alloy, the authors have 
no way of determining what type of chromium was used in the ingots from 
which the bar stock was rolled. The stock purchased conformed to the composi- 
tion specified by the AMS specifications for cast Stellite 21. From past analyses 
of similar alloys, it could be assumed that the nitrogen content would be between 
0.09 to 0.17%. In regard to the comments on the presence of the CreN phase, it 
should be noted that the X-ray diffraction variables inherent to the methods 
used, make it impossible to consider the results quantitative. The indications of 
the presence of phases are indications of certainty and it is felt that the results 
hould not be interpreted more rigorously. 

For similar reasons, lattice parameter measurements were not made of the 
resCe (MesCe) diffraction lines. 

In answer to the question as to whether MaC. types of carbides transform 
a more stable structure in cobalt base alloys as well as in iron and nickel base 
loys, it should be observed that the Goldschmidt atomic diameters for face- 
ntered cubic structures for iron, nickel and cobalt are very nearly the same. 
herefore, MesC. carbides in cobalt base alloys would be expected to transform 
MeC types of carbides with time at elevated temperatures, as was noted in 
» paper. The authors agree that the carbide MaC. would tend to increase in 
lybdenum content, as aging or isothermal transformation time is increased, 

the transformation of MesC.e would be likely only if molybdenum diffused. 
addition to the recent work of Brockway and Bigelow * in which this trans- 
mation was observed in an iron base alloy, Goldschmidt * had noted sometime 
» that such a transformation would occur as Mo replaces carbon in specific 
tice points of MoasCe. 

Dr. Metcalf has described hardness peaks in an almost identical material 
ich formed at times as low as 50 and 120 minutes at temperatures of 1695 
1 1515°F (925 and 825 °C). Such hardness peaks were not observed by the 
hors in any of the present work or subsequent work. It is believed that the 
irlite observed by Dr. Metcalf after short transformation times was not re- 
nsible for the early high hardness of his specimens. Rather it is felt that co- 
rent matrix precipitation, invisible upon etching, caused the high hardness. 
e pearlitic structure observed on aging by Dr. Metcalf is believed to have 
ulted because the quenching was not drastic enough to strain his material. 

10 shows the microstructure of a water-quenched and aged specimen of 
is investigation compared with an air-cooled and aged specimen. Large quanti- 
s of pearlite have developed in the structure which was cooled slowly. 

As far as the dips which occurred in Dr. Metcalf’s data, the authors feel 
it the magnitude of the dip is too slight to be considered significant. The 
nerally higher hardness of the material may be attributed to the higher carbon 

ontent but may also have been the result of hot working variables coupled with 
the short solution time of 6 hours. 

The slower initial hardening rate of the specimens aged at 1950 °F (1065 °C) 





__4L, O. Brockway and W. C. Bigelow, ““Development of Procedures for the Identification 
f Minor Phases in Heat Resistant Alloys by Electron Diffraction,” Annual Summary Rep., 
January 15, 1952—January 15, 1953, Engineering Research Institute, University of Michigan, 
May 1953 (Wright Air Development’ Center, Wright-Patterson Air Force Base Contract AF- 
33 (616), E. O. No. R 463 Br-1). 
5H. J. Goldschmidt, “The Structure of Carbides in Alloy Steels. Pt. I—General Survey,” 
Journal, Iron and Steel Institute (London), December 1948, p. 142. 
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Fig. 10—Effect of Different Quenching Methods on Microstructure and Hardness of 
pecimens. Solution treated at 2250 °F, aged 72 hours at 1950 °F. X 100. (a) 


Water-quenched. (Present investigation.) Rockwell C-29. (b) Air-cooled. (Another in- 
vestigation.) Rockwell C-32. 
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Fig. 11—Stress Rupture Life at_1500 °F_and Hardness, 
Versus Aging Temperatures and Related Microstructures. 


— solution treated at 2250 °F aged at various tempera- 
tures. 


relative to the specimens aged at 1750 °F (955°C) may not be explained by a 
different mechanism since the forms of the precipitate in both cases are the 
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same. The 1950 °F (1065 °C) treatment would be expected to erase some of the 
coherency stresses almost at the time of precipitation. 

Dr. Lane suggested that, in view of the effects which cold work could have 
upon the transformation of the alpha to the beta phase, the technique for deter- 
mining the crystal structure of the matrix phases might be questioned. The 
authors agree that the transformation could have been influenced somewhat by 
the grinding of the powders and subsequent annealing. However, evidence was 
obtained in the early stages of the investigation that indicated that grinding and 
innealing the powders did not cause the transformation of the alpha to the beta 
phase. An example may be seen in Table II of the paper. The specimen given 
heat treatment C (a solution treatment followed by isothermal transformation 
it 1950 °F for % hrs.) which was powdered with the burr and subsequently 
nnealed for 30 minutes at 1500 °F (815°C) did not contain detectable quanti- 
ies of beta phase but did contain minor phases, as revealed by metallographic 

eans and X-ray diffraction. 

Dr. Lane has also asked whether any properties have been obtained for 
e alloy in question for various conditions of heat treatment or microstructure. 

ig. 11 shows some of the results obtained from a subsequent investigation.® 
he solid curve represents the 20,000 psi stress rupture life of wrought Stellite 

(from the same stock used in the present investigation) tested at 1500 °F 
315 °C). The dashed curve represents the hardness of these specimens prior to 
sting. All of the specimens represented by the curves were solution treated at 
50 °F (1230 °C), air-cooled and aged 72 hours at temperatures indicated on 
> abscissa. 

Maximum stress rupture lives were obtained after heat treatment at 
iperatures of 1000 to 1200°F (540 to 650°C). These specimens had the 

est hardnesses, of the order Rockwell C-22-25. As the aging temperature was 

ised, the stress rupture life dropped and the hardness reached a maximum at 
ut 1350 °F (730°C). As the aging temperature was raised still further, the 
intities of pearlite increased along with general matrix precipitation and the 
ess rupture life rose to a fairly high value at 1950 °F (1065°C). Again the 
rdness dropped as the rupture life increased. The 1950 °F (1065 °C) tempera- 
re caused partial solution treatment of the structure as well as the formation 
partially spheroidized pearlite. 

From these curves alone, it could be concluded that high hardness was 
sociated with low life and low hardness with high life. 

This relationship was found to be secondary to the importance of micro- 
uctures, however. The values plotted on the left will help illustrate the latter 
int. The top data point (A) represents a group of specimens given a double 
e of 72 hours at 1200 °F (650°C) and 24 hours at 1500°F (815°C), after 
lution treatment at 2250 °F (1230°C). For a stress of 20,000 psi, the stress 

rupture life was 160 hours. The hardness prior to testing was Rockwell C-35. A 
group of specimens with comparable hardness, as shown by point (A’) on the 
stress rupture curve, had a much lower stress rupture life—50 hours. The bottom 
point on the left, (B), represents a group of specimens given a solution treat- 
ment and no aging treatment prior to testing. In this case the hardness was 
RC 26. It may be seen that the properties of this specimen were very low in 


®F. J. Clauss and J. W. Weeton, “Relation of Microstructure to High pomperetate Prop- 
erties of a Wrought Cobalt Base Alloy, Stellite 21 (AMS 5385),” NACA TN 3108, 1954. 
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contrast to specimens represented by point (B’) in the rupture curve at the 
right, which also had a comparable hardness Rockwell C-25. 

The excellent properties of the specimen given the double age, (A), was 
associated with a fine, well dispersed, well developed precipitate which 
strengthened the matrix of the alloy prior to the test. In direct contrast, the 
specimens aged at temperatures of 1000 to 1200°F (540 to 650°C) did not 
contain any appreciable visible precipitates prior to the 1500 °F (815°C) tests. 
The high strength of these specimens, (B’), may be attributed to rapid precipita- 
tion during the test in nucleation sites that were formed at the low aging 
temperatures of 1000 to 1200 °F (540 to 650 °C). The poor properties of the solu- 
tion treated specimens, (B), relative to the specimens aged at 1200 °F (650 °C) 
(B’), were no doubt due to the fact that precipitation during testing was too 
slow to strengthen the matrix of the alloy. The low strength of the specimen 
transformed at 1350 °F (730°C) was associated with a star-like Widmanstatten 
structure. 

It was noted that air cooling permitted the formation of some pearlite 
in the aged specimens whereas in the investigation just presented, no pearlite 
formed in the aged specimens. Pearlite was found to increase ductility but 
reduce strength (relative to the general types of precipitation just described). 





SECONDARY GRAPHITIZATION OF QUENCHED AND 
TEMPERED DUCTILE CAST IRON 


By J. C. DANKo Anp J. F. Lisscu 


Abstract 


The mechanism of secondary graphitization of quenched 
and tempered structures of ductile iron was investigated by 
metallographic studies. Secondary graphitization proceeds by 
the decomposition of martensite to ferrite and some silicon 
rich carbides which rapidly decompose or graphitize to fine 
graphite spheroids. Increase in the silicon content in the 
ductile iron results in greater quantities of secondary graph- 
ite, whereas carbide forming elements appear to reduce the 
amount of fine graphite spheroids. 


INTRODUCTION 


UENCHED structures of fully austenitized ductile cast iron con- 
sist of primary spheroids of graphite dispersed in a matrix of 
artensite. Subsequent tempering treatments that decompose the 
artensite produce a large quantity of secondary graphite in the form 
fine graphite spheroids. Secondary graphite was observed by Rehder 
)1 during his investigation on the mechanical properties of quenched 
| tempered structures of ductile iron. Schwartz (2) et al, reported 
increase in the number of graphite spheroids by quench and temper 
‘atments. Aside from these observations on secondary graphite, no 
iown theory has been advanced to explain the actual mechanism of 
condary graphitization in quenched and tempered ductile iron. The 
irpose of this paper, therefore, is to report metallographic observa- 
ns on the formation of secondary graphite and to propose a mecha- 
sm for its formation. 


OcCURRENCE OF SECONDARY GRAPHITE 


Secondary graphitization was investigated in six different heats 

- ductile cast iron. Their chemical compositions are presented in 
‘able I. 

Specimens for metallographic observations were cut from the legs 

of one-inch keel blocks after annealing at 1700°F (925°C) for 2 





1 The figures in parentheses pertain to the references at the end of this paper. 





A paper presented before the Thirty-sixth Annual Convention of the Society, 
held in Chicago, November 1 to 5, 1954. Of the authors, J. C. Danko is instructor, 
Lehigh University, Bethlehem, Pa., and formerly a research fellow for Interna- 
tional Nickel Co.; J. F. Libsch is professor of metallurgy, Lehigh University and 
consulting metallurgist, Lepel High Frequency Laboratories, Inc., New York. 
Manuscript received April 9, 1954. 
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Fig. 1—Heat A Quenched and Tempered 2 Hours at 1300 °F (705 °C). Small 
graphite spheroids are secondary graphite. Nital Picral Etch, X 500 


hours. Specimens were then austenitized at 1650°F (900°C) for 

hour, oil-quenched, and then tempered at 800°F (425 °C) to 1300 °! 
(705°C) in 100°F (38°C) intervals for tempering times of 30 t 
120 minutes. 

Metallographic observations on the quenched and tempered struc 
tures of the ductile iron revealed several important features in the fo 
mation of the secondary graphite. At tempering temperatures bel 
1000 °F (540°C) and for times up to 2 hours, no secondary graphi 
was evident in the tempered structures. However, at 1100°F (595 °C 
secondary graphite appeared in small quantities in all six heats 
ductile iron. At 1200°F (650°C) and 1300°F (705°C), the se 
ondary graphite became more abundant and larger. Secondary graphi 
occurred only in the dendritic cores. While some carbides remained in 
the dendritic cores, the majority were concentrated in the interden- 
dritic areas after tempering at 1300°F (705 °C). Secondary graphite 
is shown in the quenched and tempered structure of heat A in Fig. 1. 


Table | 
Chemical Analysis—Percentage 


T.C. Si Mn Ni P 


3.42 1.87 0.32 0.75 0.034 
3.24 2.06 0.73 0.63 0.020 
3.47 3.10 0.78 0.83 0.034 
3.49 2.98 0.34 0.83 0.034 
3.39 2.25 0.67 0.70 0.020 
3.00 2.20 0.43 3.43 0.027 
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Fig. 2—1080 Steel Quenched and Tempered at 1250°F (675°C). (a) Spheroidal 
rbides-bright light; (b) Same field under polarized light. Picral Etch, X 1000 


POLARIZED LIGHT OBSERVATIONS 


When viewed under polarized light (3), the dendritic carbides 
nerally had a distinctly different appearance from the carbides lo- 
ed in the interdendritic areas, i.e., the dendritic carbides exhibited 
haracteristic cross which was absent in the interdendritic carbides. 
ich an optical cross has been observed in globular inclusions pos- 
ssing transparent optical properties (4). The polarized light pene- 
ites such inclusions and causes reflection at the hemispherical 
terface between the inclusions and the matrix to produce an optical 
oss. Since the dendritic carbides exhibited the optical cross while the 
terdendritic carbides did not, it appears that the dendritic carbides 
iay be of different composition. 

To determine the nature of the dendritic and interdendritic car- 
bides, bright and polarized light observations were made on normal 
iron carbide (FegC) produced in quenched and tempered 1080 steel. 
Although the carbides produced in the steel were spheroidal, they did 
not produce an optical cross. This is illustrated in Fig. 2, a quenched 
and tempered 1080 steel viewed under bright and polarized light. It 
may therefore be concluded; that the carbides situated in the dendritic 
cores of the quenched and tempered ductile iron are not normal iron 
carbide (FesC), but of a different composition. 
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In summary, bright field and polarized light observations on 
quenched and tempered ductile iron disclosed the following infor- 
mation: (a) Secondary graphite occurs only in the dendritic cores; 
(b) The dendritic carbides exhibited an optical cross under polarized 
light ; and (c) Few dendritic carbides remained after secondary graph- 
itization, whereas a multitude of interdendritic carbides that differed 
from the dendritic carbides were present. 

For the short tempering cycles employed, namely two hours, 
normal iron carbide (FesC) which is fairly stable would not be ex- 
pected to decompose to graphite and iron. In order to account for the 
rapid graphitization of the carbides, a very unstable carbide must there- 
fore be produced by the martensite decomposition. Since silicon, a 
powerful graphitizer, is present in large percentages in ductile iron, 
there is a likelihood for silicon to replace some iron in the normal iron 
carbide and thereby enhance graphitization of the carbides to secondary 
graphite. In addition, the presence of silicon in the dendritic carbides 
may be responsible for the optical cross under polarized light, and it is 
interesting to note in this connection that silicon carbide (SiC) (5) is 
non-opaque. 


EXISTENCE OF SILICON-RICH CARBIDES 


The existence of silicon in carbides was illustrated by Stead (6 


as early as 1910. Stead noted that increasing silicon contents in iron 

carbon-silicon alloys resulted in a carbo-silicide of iron. Gonterman: 
(7) in his work on the iron-carbon-silicon system considered silicon t 

be found in the carbide and austenite. Honda and Murakami (8) re 

ported two types of carbides in iron-silicon alloys high in carbon; on 

was the ordinary Fe3C and the other a silico-iron carbide. Hatfield, (9 

also found that some silicon crystallizes with the carbide in white cas 

irons. These carbides were separated electrolytically and chemicall 

analyzed. The results show that silicon may replace some of the iro: 
in the carbide and that the amount of silicon in the carbide depend 

upon the silicon present in the cast iron as well as the presence oi 
manganese and sulphur. Silicon was also found to render the carbides 
less stable at elevated temperatures. 

Marles (10) investigated silicon-rich carbides in iron-carbon 
silicon alloys by heat tinting techniques. Normal iron carbide (FesC ) 
was darkened, whereas silicon-rich carbides did not respond to heat 
tinting. Marles found that the silicon-iron carbide phase increased with 
greater amounts of silicon until at 6.7% silicon, the normal iron carbide 
(Fez;C) was completely displaced by the silicon-rich carbides. The 
silicon-rich carbides decomposed to graphite upon annealing at 1290 °F 
(700 °C), while the iron carbide (FesC) remained. Harry (11) also 
found that silicon-rich carbides are markedly unstable and readily de- 
compose to graphite. 
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Fig. 3—As-Quenched Martensite. Picral Etch, X 500 


: Fig. 4—Martensite Tempered 5 Minutes at 1200 °F (650 °C). Picral Etch, 
X 2000 


Owen and Street (12) recently examined by X-ray diffraction 
high purity iron-carbon-silicon alloys. Their evidence indicates the 
presence of a microconstituent termed the x-constituent contains sili- 
con, and therefore can be described as an iron-silicon carbide. More- 
over, their observations indicate that this iron-silicon carbide can be 
precipitated from austenite. Further evidence of the existence of iron- 
silicon carbides was obtained by Morrogh and Williams (13) during 
their investigation of undercooled graphite in cast irons. The carbide 








i~ oe 
+ - ~~ 
. VL cs) 
_ - 
° on em 
> 3 + 
x = 
5 bo 
2g on 
= 
2 a 
- 

“8 3 
m ed 

— 





TRANSACTIONS OF THE ASM 


—Martensite Tempered 15 Minutes at 1200 °F (650 °C). 
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Quenched and Tempered 2 Hours at 1100 °F (595 °C). 


(b) Polarized Light. Picral Etch, X 1000 
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Fig. 7—Quenched and Tempered 2 Hours at 1200 °F (650°C). (a) Bright Field; 
) Polarized Light. Picral Etch, X 1000 


ise in a number of iron-carbon-silicon alloys was extracted chemi- 
ly, and the analysis of the residue revealed that the amount of silicon 
the residue increased with the amount of silicon. This was attrib- 
d to the presence of an iron-silicon carbide. 

Heat tinting techniques that were originally used by Stead were 
ployed on quenched and tempered structures of several heats of 
ctile iron to differentiate the carbides. The dendritic carbides did 
t respond to heat tinting and remained light, while the interdendritic 
‘bides were darkened. 

Hence, the presence of silicon-rich carbides in the quenched and 
npered structures of ductile iron may readily account for the follow- 
¢ observations: (a) the occurrence of an optical cross in the dendritic 
rbides under polarized light ; (b) failure of the dendritic carbides to 
spond to heat tinting; and (c) rapid graphitization of the dendritic 

irbides during tempering. 


METAMORPHOSIS OF SECONDARY GRAPHITE 


The metamorphosis of secondary graphite commences with the 
decomposition of martensite. As-quenched martensite is shown in 
Mig. 3. During the initial stages of tempering, 5 minutes at 1200°F 
(650°C), extremely fine spheroidal carbides are produced from the 
martensite decomposition. These carbides are exemplified in Fig. 4 
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Fig. 8—Quenched and Tempered for 2 Hours at 1300 °F (705 °C). (a) Bright Field 
(b) Polarized Light. Picral Etch, X 1000 
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g. 9—Quenched and oe x for 2 Hours at 1400 °F (760 °C). (a) Bright Field; 
(b) Palirized Light. Picral Etch, X 1000 
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Fig. 10—Heat D Quenched and Tempered 2 Hours at 1300 °F (705 °C). Nital- 
Picral Etch, X 250 

Fig. 11—Heat B Quenched and Tempered 2 Hours at 1300 °F (705 °C). Nital- 
Picral Etch, X 250 


Fig. 12—Heat E Quenched and Tempered 2 Hours at 1300 °F (705 °C). Nital- 
Picral Etch, X 250 
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and the former martensite platelets are still discernible. In general 
carbides are first precipitated in the dendrite areas and are silicon-rich 
carbides. The carbides located interdendritically are precipitated later, 
since these areas are segregated and usually high in alloying elements. 
After 15 minutes at 1200 °F (650 °C) some of the silicon-rich carbides 
are graphitized to produce fine spheroids of secondary graphite as 
shown in Fig. 5 in the etched and unetched conditions. However, the 
vast majority of the carbides remain unaffected. At 1100 °F (595 °C) 
for 2 hours a multitude of fine carbides and secondary graphite is dis- 
cernible, as illustrated in Fig. 6. In the same figure, the identical field 
is shown under polarized light. Both the silicon-rich carbides and the 
secondary graphite exhibit an optical cross. After tempering treatments 
at 1200°F (650°C) for 2 hours, the secondary graphite and carbides 
are much larger, as shown in Fig. 7. A polarized light view reveals the 
optical cross in the carbides and secondary graphite. With increasing 
tempering temperatures the secondary graphite spheroids increase in 
size and fewer silicon-rich carbides remain, for more of the carbides 
undergo decomposition at the higher temperatures. This is well illus 
trated in Figs. 8 and 9, the structures quenched and tempered for 2 
hours at 1300°F (705°C) and 1400 °F (760°C), respectively. 

From the previous microstructures, it appears that the precipi 
tation of silicon-rich carbides is the first stage of the secondary graphi 
tization process. Decomposition or graphitization of the silicon-ric! 
carbides that is enhanced by the silicon constitutes the second stag: 
Finally, growth of the secondary graphite completes the process o 
secondary graphitization. 

Although the secondary graphite spheroids are very fine, never 
theless, they exhibit remarkable stability. After tempering for 50 hour 
at 1300°F (705 °C), the secondary graphite was apparently unaltered 
Austenitizing treatments as high as 1800°F (980°C) for times up t 
30 seconds used in surface hardening experiments did not completel, 
redissolve the secondary graphite. 


INFLUENCE OF COMPOSITION ON SECONDARY GRAPHITIZATION 


Since increasing silicon content appears to increase the ratio o! 
silicon in the carbides, the addition of silicon to ductile iron will un- 
doubtedly influence the quantity of secondary graphite. On the othe: 
hand, the addition of strong carbide forming elements may produce 
the opposite effect, i.e., the carbides may be impoverished in silicon and 
may therefore become more stable. Hence, less secondary graphite 
would be expected in the quenched and tempered structures. 

These views were confirmed by the observations of the various 
heats of ductile iron investigated. For example, heat D high silicon 
and low manganese (2.98% Si and 0.34% Mn) appeared to contain 
the greatest quantity of secondary graphite, as shown in Fig. 10. High 
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silicon contents and low percentages of carbide formers favor large 
amounts of secondary graphite. A low silicon and high manganese 
heat (2.06% Si and 0.73% Mn), heat B, produced small amounts of 
secondary graphite, as illustrated in Fig. 11. Strong carbide formers 
also reduce the amount of secondary graphite. Heat E, a chromium 
heat (2.25% Si, 0.67% Mn and 0.23% Cr) is shown in Fig. 12 and it 
is obvious that less secondary graphite is present compared to the high 
silicon heat (Fig. 10). 


SUMMARY AND CONCLUSIONS 


1. Secondary graphitization in quenched and tempered ductile 
iron proceeds as follows: 


(a) The decomposition of martensite to ferrite and carbides. 
Dendritic carbides are silicon-rich. 
(b) Rapid graphitization or decomposition of the silicon- 
rich carbides. 
(c) Growth of secondary graphite. 
2. Secondary graphite spheroids are quite stable. 
3. An increase in the silicon content results in greater quantities 
[ secondary graphite, while the addition of carbide forming elements 
etards its formation. 
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DISCUSSION 


Written Discussion: By R. W. Kraft, University of Michigan, Depart- 
ment of Production Engineering, Ann Arbor, Mich. 

The authors are to be congratulated for a comprehensive study of the factors 
influencing secondary graphitization in quenched ductile irons. It would be 
interesting if the authors would present some data on fully ferritized irons, with 
and without secondary graphite nodules, in the same analysis, to illustrate the 
effect, if any, of the secondary graphite particles on mechanical properties. 

Written Discussion: By H. Morrogh, British Cast Iron Research As- 
sociation, Alvechurch, Birmingham, England. 

It appears that the authors’ conclusions are based on a misinterpretation of 
their observations with the polarizing microscope. The optical cross phenomenon 
is shown by any approximately spheroidal particle which has a marked convexity 
or concavity of surface and which exhibits specular metallic reflection. The 
optical cross developed in hemispherical transparent inclusions represents the 
case of reflection of polarized light from a concave surface—the inclusion/metal 
interface. The occurrence of the optical cross does not indicate anything of the 
composition or structure of the particle but only gives information about 
geometry of the reflecting surface. This was explained in great detail by 
Dayton,? and Portevin and Castro* have also dealt with the dangers of misinter- 
preting such elliptical polarization effects and have illustrated the optical cross 
effect in glycerine droplets. More recently * the present writer has illustrated 
these spurious optical effects with particular reference to hard titanium carbide 
particles. 

The carbide particles in tempered steels and nodular cast irons are rela- 
tively hard spheroids in a relatively soft matrix and as a result, particularly 
when etched, they stand in relief from the matrix and they tend to have convex 
surfaces. This is an ideal condition for the production of the optical cross. The 
apparent brightening and darkening of etched pearlite on rotating between 
crossed nicols is a special case of the optical cross effect for a lamellar constitu- 
ent standing in relief and is due entirely to the surface geometry. Exactly the 
same result is given by a series of finely ruled lines on a metallic surface. 

If some spheroidal carbides show no optical cross whereas others of the same 
size show the effect, it may only be deduced that the former stand in greater re- 
3k. W. Dayton, Transactions, American Institute of Mining and Metallurgical Engineers 
Vol. 117, 1935, p. 119. 

8A. Portevin and R. Castro, Journal, Iron and Steel Institute, Vol. 135, 1937, p. 223. 

4H. Morrogh, “The Examination and Identification of Inclusions in Metals and Ritoys’ 


—Chapter 5 of “Polarized Light in Metallography” edited by G. K. T. Conn and F. J. Bradshaw, 
Butterworths Scientific Publications, London 1952. 
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lief from the matrix than the latter. This difference may be due to variations in 
matrix hardness and also to variations in depth of etching. It is not necessary 
to invoke differences in carbide composition. 

When the particles are very small it may be below the resolving power of 
the optical system to reveal the optical cross. In this case each particle will 
appear bright as in Fig. 2b of the authors’ paper. When the stage is rotated such 
fine particles remain bright for all positions of the stage, indicating the effect to 
be one of elliptical polarization and not of crystal anisotropy. 

It should be a golden rule for metallographists using polarized light that 
examinations of small particles be made on unetched specimens in order to avoid 
the confusion of elliptical polarization effects with those produced by crystal 
anisotropy. 

When polished spherulites of an anisotropic substance are examined under 
polarized light a form of dark cross can be seen which owes its origin to the 
radial disposition of anisotropic fibers. This dark cross must not be confused 
vith that obtained on convex metallic reflecting surfaces. The dark cross is 
ybtained on spherulites with perfectly flat surfaces. 

I submit that if these facts are appreciated the authors are not entitled to 
lraw the conclusions set out. 

If the dendritic carbides exhibited the optical cross while the interdendritic 
arbides did not, then all that may be deduced is that the latter are either smaller 
han the former or that they are not standing in such pronounced relief. It is 

uite conceivable that the matrix hardness is different in the interdendritic 
egions and this would explain a different degree of relief. The conclusion that 
1e dendritic carbides are not normal FesC is untenable on this evidence. Sim- 
irly, the suggestion that the optical cross in the dendritic carbides is due to 
ieir containing silicon is without foundation. I can assure the authors that 
ptical cross effects can be produced quite easily in the spheroidized carbides 
f pure iron-carbon alloys. 

If you will accept this argument the authors’ reasoning becomes supposition 
ithout foundation. 

The authors have stated that the dendritic carbides did not respond to heat 
nting. It is a pity they gave no proof of this, particularly for the irons having 
‘ss than 2.7% silicon. I have been unable to find evidence of the silico-carbide in 
ons having less than 2.7% silicon. If the authors had produced micrographic 
vidence of the occurrence of a non heat tinting carbide in the dendritic positions 
nd a heat tinting carbide in the interdendritic positions their argument would 
ave been worthy of more attention. 

Finally, the authors might find the observations of Grant® on this subject 

to be of some interest. 

Written Discussion: By Albert De Sy, Metallurgical Laboratory, Uni- 
versity of Ghent, Ghent, Belgium. 

We have read the paper of J. C. Danko and J. F. Libsch on secondary 
graphitization of quenched and tempered ductile cast iron with great interest 
because a couple of years ago similar phenomena were observed in our 
laboratory by Dr. Vidts and J. van Eeghem during their work on isothermal 
transformation and comparison of direct isothermal transformation products 
with structures obtained by martensite tempering. 


5 J. W. Grant, Journal of Research and Development, British Cast Iron Research Associa- 
tion, Vol. 4, August 1952, p. 366. 
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Fig. 13—Austenitized 1 Hour at 900 °C, Water-Quenched; Tempered 
4 Hours at 703 °C, Water-Quenched; Austenitized 2 Hours at 900 °C, 
Water-Quenched. X 1000. 


On receiving, two weeks ago, a copy of the preprint together with a letter 
from Dr. J. B. Austin, president of the A.S.M., in which we were kindly invited 
to prepare a discussion of the paper, we took one of the old specimens and pre- 
pared a photomicrograph at magnification 1000. 

This micrograph is reproduced in Fig. 13; the heat treatment story is 
rather complicated, as indicated under Fig. 13. 

After martensite tempering for 4 hours at 703 °C, we observed a great many 
small black spots, approximately 1 micron in diameter, at the limit of the re- 
solving power of the optical microscope. 

By etching, both number and dimensions of these spots increase, and it is 
not at all easy to determine the exact nature of these spots; they may be second- 
ary graphite or holes (diffusion holes?). 

After a second austenitizing treatment (2 hours at 900°C) followed by a 
water quench, we obtained the result shown in Fig. 13. 

This treatment, as proven by martensitic matrix, was able to dissolve second- 
ary graphite that might have been present. But after this treatment the black 
spots remained and their dimensions were increased to permit their identifica- 
tion as holes. 

We are still in doubt about the nature of the black spots after martensite 
tempering treatment, and would like to ask some questions : 

1. Is there any proof, other than the optical cross under polarized light, that 
permits the identification of the black spots? 

. How do the authors explain the increase of the number of black spots, that 
they consider as graphite particles, by etching? 

. Did they also experiment with normal flake graphite iron; we know that 
the same treatment gives similar black spots, perhaps less well rounded. 

Finally, would it not be interesting to examine the black spots with the 
electron microscope ? 
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Authors’ Reply 


The authors welcome Mr. Morrogh’s comments on the polarized light 
observations described in the paper. We agree that the size, geometry and degree 
of relief of the carbides by etching may have an important influence on the 
appearance of the optical cross. However, as pointed out in the presentation of 
the paper, the carbides in the dendritic areas appear similar in size to those 
developed in the interdendritic areas and in the 1080 steel, and yet the optical 
cross was uniformly observed in the dendritic carbides and not in the inter- 
dendritic areas of the ductile iron or in the steel. Furthermore, deep etching to 
place the carbides of the steel in greater relief did not develop the optical cross. 
Thus, we believe that there is a difference in the optical characteristics of the 
dendritic and interdendritic carbides. On the basis of the other observations 
made, we believe this difference may be the presence of silicon. Ultimate con- 
firmation of the presence of silicon must await some technique which will allow 
selective separation of the dendritic and interdendritic carbides and X-ray or 

hemical analysis. 

Mr. Morrogh mentions the development of an optical cross in normal iron 


arbides. Recent observations by the authors on spheroidized carbides resulting 
from isothermal transformation of a eutectoid steel did show the optical cross. 
urthermore, large carbides developed by extended tempering in a 1080 steel 
ave shown evidence of the cross. However, we have not been able to develop 
the optical cross in numerous other tempered steel specimens which showed resolv- 
ble carbides. 





: 


Fig. 14—Picral Etch and Heat-Tinted 15 Minutes at 600 °F (315 °C). X 1500. (a) 
Interdendritic carbides are darkened. (b) Dendritic carbides are unaffected. 
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In regard to Mr. Morrogh’s comment on heat tinting, the photomicrographs 
of Fig. 14 are presented. The heat tinted specimens of Heat D (3.49% carbon, 
2.98% silicon and 0.34% manganese) reveal darkening of the interdendritic 
carbides (Fig. 14a), while the dendritic carbides remain unaffected. (Fig. 14b). 
Similar results were obtained for Heat A, the lowest silicon heat investigated 
(3.42% carbon, 1.87% silicon and 0.32% manganese). 

Finally, it is stressed that the primary objective of this paper, aside from 
the observations relating to the development of secondary graphite was to point 
out a difference between the carbides which form in the dendritic areas and are 
very unstable, and those which form in the interdendritic areas and appear rela- 
tively stable. In this connection, an attempt to summarize the evidence has been 
made in Table II. We submit that the evidence supports a reasonable mechanism 
of secondary graphite formation. 











Table Il 
Nature of Carbides 


Characteristics Dendritic Interdendritic 
Time of formation First to form Last to form 
Response to heat tinting Unaffected Darkened 
Boiling alkaline sodium Unaffected Colored 
picrate etch 
Boiling ferricyanide etch Unaffected Darkened 
Polarized light effects Optical cross No cross 
Effect of tempering Decompose or graphitize Tend to remain 
to secondary graphite Stable 
Analysis effects Silicon enhances formation 





The black spots that Mr. De Sy refers to are not truly cavities although 
some of the reproductions may indicate this. On the contrary, the spots at high 
magnification, X 500 to X 1000 have the same radial characteristics as the pri 
mary graphite when viewed under polarized light. This is well illustrated i: 
Fig. 9a and 9b. 

The number of black spots (secondary graphite) do not increase by etching 
However, the secondary graphite nodules decrease in numbers and increase i: 
size with increasing tempering temperature. It would be very interesting t 
observe the secondary graphite under the electron microscope but such ar 
investigation has not as yet been made. 

In regard to Mr. Kraft’s question on the mechanical properties of fully 
ferritized ductile iron with and without the presence of secondary graphite 
Heat D (3.49% carbon, 2.98% silicon, 0.34% manganese) was investigated 
Secondary graphite was produced by the normal quench and temper treatments. 
Secondary graphite was not observed in the specimens fully ferritized by an 
isothermal heat treatment. The microstructures were essentially the same, al 
though the specimens with the secondary graphite had a somewhat finer ferritic 
grain size. The mechanical properties are listed below : Un- R, 


notched Hard- 
T.8. y. % El. % R.A. Charpy ness 


Quench and Temper 71,700 59,000 10.5 10.4 40 52 
Ferritized Isothermally 71,750 58,500 17.5 26.3 110 52 
(Results reported are average of 2 tests made on 1 inch gage length 0.252 inch 

diameter tensile bars and 2 unnotched, Charpy impact specimens. ) 


The low ductility associated with the quenched and tempered specimens 


may be the result of the presence of secondary graphite; however, embrittlement 
during tempering may also influence the results. 








A METHOD FOR DETERMINING THE CONTINUOUS 
COOLING TRANSFORMATIONS IN STEEL 


By R. D. CHAPMAN AND W. E. JomiIny 


Abstract 


Equipment was designed and built to determine trans- 
formation in steel by a magnetic method. This equipment is 
simply an electrical transformer in which the specimen acts 
as a core. As transformation takes place in the steel specimen 
the permeability is increased producing an emf in the sec- 
ondary winding of the transformer. Four commercial alloy 
steels, SAE 4340, 8642, 4140 and 52100, were studied to de- 
termine the Ms point by the magnetic method. Good agree- 
ment was found between the metallographic and magnetic 
determinations. 

The equipment was also used to develop continuous cool- 
ing diagrams for SAE 4340 and 4063 steels. It was found that 
the magnetic method can better define the bainite areas than 
the metallographic method. 


INTRODUCTION 


CYINCE the time Tchernoff first observed a transformation in iron, 

scientists have studied the mode of austenite decomposition in 
steel. From these studies have evolved the iron-carbon diagram, the 
sothermal diagram and the continuous cooling diagram. In conjunc- 
tion with these latter diagrams, the temperature for the beginning of 
nartensite formation (Ms) has been studied. All these investigations 
ave resulted in useful information for the heat treatment of steel and 
ave produced such processes as austempering, martempering, as well 
is developing a better understanding for the heat treatment of steel. 

The development of these diagrams have in the main been done 
with the use of metallographic samples or by dialatometric analyses. 
Such procedures have been very time consuming and tedious to em- 
ploy. Since these determinations were so difficult to carry out, it was 
decided to investigate these transformations by use of magnetic changes 
accompanying them. 


DEVELOPMENT OF EQUIPMENT 


It was reasoned that if a steel specimen were made the core of 
an electric transformer when transformation takes place and the 


A paper presented before the Thirty-sixth Annual Convention of the Society, 
held in Chicago, November 1 to 5, 1954. Of the authors, R. D. Chapman is re- 
search metallurgist and W. E. Jominy is chief metallurgist-research, Engineering 
Division, Chrysler Corp., Detroit. Manuscript received April 12, 1954. 
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Fig. 1—Schematic Diagram for the Magnetic Detecting of 
Transformation Points in Steel. 


























sample becomes magnetic, an emf should be developed in the secondary 
winding. The magnetic principle has been employed by Nagler and 
Wood (10) for the measurement of constant temperature transforma- 
tion and has been discussed by Chandler (11)? in his work with Upthe- 
grove for continuous cooling. Fig. 1 shows the schematic drawing of 
the detector circuit used in these studies. The pick-up transformer or 
coil consists of two windings which are the primary and secondary of a 
transformer. The primary winding is attached to a 110 volt A.C. line. 
When a ferro-magnetic material is inserted in this coil an A.C. current 
is produced in the secondary winding which in turn is connected to a 
copper oxide rectifier. The D.C. output of this rectifier is fed through 
the windings of two variable resistances connected in series, and the de- 
sired potential is tapped off for connection to the recording potentiom- 
eter. Without a specimen in the detector circuit there is a slight elec- 
trical coupling effect which must be neutralized by an auxiliary circuit 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 2—Schematic Drawing of the Apparatus used in Making 
Magnetic Transformation Measurements. 


producing a back emf. The current in this circuit is supplied by two 
1.5 volt dry cell batteries connected in parallel as shown on the diagram. 
By properly balancing the circuit the couple can be nullified. The auxil- 
iary circuit also compensates for electrical changes in the copper oxide 
rectifier. The variable resistances in series with the output of the recti- 
fier are varied to provide the desired deflection of the recording po- 
tentiometer when the sample is in the coil. The deflection amounted to 
about 6 inches on the recorder chart between 0 and 100% permeability 
of the specimen in the coil when connected to the recording potentiom- 
eter. It should be pointed out that only nonmagnetic materials were 
used in the construction of the pick-up coil. 

The specimen of steel on which measurements are to be made is a 
solid bar 34 inch in diameter by 3 inches long. A tapped hole is pro- 
vided in one end to attach the supporting rod (18-8 stainless steel). 
Midway along the length of the specimen a chromel-alumel thermo- 
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couple is percussion welded to the outer surface and in turn through 
porcelain insulators affixed to the side of the support rod. These leads 
are connected to the high speed temperature recording potentiometer 
as shown schematically in Fig. 2. 


OPERATING THE EQUIPMENT 


The temperature and magnetic recorder are both adjusted to pro- 
vide the proper balancing and settings. The specimen is placed in a 
tube furnace for heating. A dried nitrogen atmosphere is used to 
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On 
oO 
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Time -Seconds 
Fig. 3—Typical Cooling Curve (time vs. temperature) and Magnetic 


Transformation (time vs. permeability) for an SAE 4340 Steel oil- 
quenched. 


prevent decarburization and scaling during heating. After austeni- 
tizing the sample is removed and quickly placed in the magnetic pick-up 
coil. The temperature recorder and magnetic recorder chart drives are 
turned on simultaneously and the pick-up coil with sample is sub- 
merged in the quenching media. By this method changes in magnetic 
permeability versus time, and temperature in degrees Fahrenheit 
versus time are simultaneously recorded as the sample cools to room 
temperature. 

Fig. 3 shows a typical cooling chart and magnetic permeability 
chart obtained during a test on an SAE 4340 steel when oil-quenched. 
In these determinations the liquid quenching medium was contained in 
a large glass receptacle in order not to influence the magnetic pick-up 
coil. It is apparent from this chart that there is no significant change 
in magnetic permeability in this material until a temperature of ap- 
proximately 575°F (300°C) is reached at the surface. At this tem- 
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perature the surface becomes ferro-magnetic and produces an increase 
in magnetic permeability until ultimately the bar becomes 100% ferro- 
magnetic. 
Tue DETERMINATION OF Ms PoINTs 

The procedure just described was used to determine the be- 
ginning of martensite transformation for four different SAE alloy 
steels. The analysis of the steels used is shown in Table I. All this 
hot-rolled bar stock except SAE 52100 was normalized at 1600 °F 
(870°C) for 1 hour per inch of thickness prior to machining. 

Results from these determinations are shown in Fig. 4. This 
figure is plotted from data as shown in Fig. 3 except time is omitted. 


Table I 
Analysis of Steels Used for Ms Determinations 





Aust. 














Steel c Mn ¥ S Si Ni Cr Mo Temp. 
SAE 4340 0.40% 0.80% 0.013% 0.017% 0.31% 1.85% 0.78% 0.24% 1600 °F 
SAE 4140 0.38 0.86 0.027 0.028 0.26 0.19 0.98 0.21 1600 
SAE 8642 0.39 0.83 0.019 0.020 0.24 0.57 0.58 0.21 1600 
SAE 52100 1.00 0.33 0.025 0.018 0.30 — 1.28 — 1950 
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Fig. 4—Magnetic Permeability versus Temperature for Four Alloy Steels Oil- 
quenched with their Respective Ms Points Using 1% Permeability for Measurement. 


[t will be noted that the permeability curve approaches the abscissa or 
temperature scale asymptotically, making it difficult to determine exactly 
the temperature at which transformation on the surface begins. Con- 
sequently a point on the curve corresponding to 1% magnetic perme- 
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Table Il 
Ms Temperature from Three Methods 


Magnetic Ms Metallographic Ms Calculated Ms 
ee 


gevoniememenad 
Payson Grange 
& & 


Savage Stewart 
°F °F °F °F 
SAE 4340 572 560 568 553 
SAE 52100 345 330 313 *__ 
SAE 4140 632 633 627 607 
SAE 8642 660 628 621 618 


* Grange and Stewart claim no accuracy for their formula at this high carbon level. 





ability was arbitrarily selected. Other considerations for choosing 
this value are discussed later in this paper. The values so determined 
are indicated in Fig. 4. 
In order to check these temperatures the formula developed by 
Grange and Stewart (1) was employed. This formula is: 
Ms (°F) = 1000 —650 X %C —70 X %Mn—35 X Ni 
—70 X %Cr —50 X %Mo 
Also, in calculating these temperatures the revised formula of Payson 
and Savage (2) was used. Their revised formula as shown by Nehren- 
berg is: 
Ms (°F) = 930 —540 X C —60 X Mn —40 X Cr —30 X Ni 
—20 X Si—20 X Mo 
As an added check a metallographic determination was likewise run on 
the material. The method of Greninger (3) was used for this metal- 
lographic determination and consists briefly of the following: Austen- 
itizing the sample, quenching into a molten bath near the Ms at a tem- 
perature of T,, immediately reheating in another molten bath at’ a 
higher temperature T2 to temper any martensite which was formed, 
and quenching immediately into brine. These samples are then studied 
metallographically to determine the per cent of dark martensite 
needles present. 

Table II lists the temperatures of the Ms points determined from 
the magnetic permeability method, the calculated methods and the 
metallographic method. 

Our determination of the Ms temperature by the metallographic 
method was based on the transformation of about 1% of the austenite. 
This criterion of the beginning of transformation was used by Grange 
and Stewart and has been generally accepted. It will be noted that the 
1% ‘magnetic permeability values for Ms correspond approximately to 
the metallographic values. Further, to obtain 1% magnetic permeabil- 
ity we believe there must be 1% magnetic material in the affected area. 
For these reasons it seems logical to use the 1% magnetic permeability 
condition as the Ms point. 
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The results reported here are taking place almost entirely at 
the surface of the specimen. Calculations were made as to the flux den- 
sity distribution in a %4 inch round bar. For these calculations it was 
assumed that permeability was a constant across the bar and room tem- 
perature was also assumed. This calculation showed that the flux den- 
sity at the surface was approximately four times as great as it was in 
the core. This value is conservative because the core will cool more 
slowly and hence have a greater resistance to magnetic lines of flux as 
a result of its higher temperature. This in turn would mean that the 
lines of flux would be concentrated at an even higher level at the 


surface. 
DETERMINATION OF CONTINUOUS COOLING DIAGRAMS 


In all the steels studied during the Ms determination, there was 
sufficient delay to cause very slow or sluggish transformation. The slow 


Relationship of Magnetic Permeability to Temperature 
For SAE 1095 Steel Zinch Round Oil-Quenched 
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Fig. 5—Magnetic Transformation Diagram for Water Hardening SAE 1095 
when Oil- quenched Showing Beginning of Transformation at 913 °F. 


transformation allowed the steel to be quenched in oil whose cooling 
rate was fast enough to avoid the beginning of the pearlite or bainite 
transformation. These steels in the size employed for the specimen, 
contained sufficient hardenability to be fully martensitic on the com- 
pletion of the quench. Therefore, a material, namely SAE 1095, was 
selected whose hardenability would not be great enough to be fully 


martensitic when oil-quenched. The analysis of this water hardening 
type steel was as follows: 


C 0.92%, Mn 0.36%, P 0.012%, S 0.023%, Si 0.25%, Cr 0.06% 


The material was austenitized at 1600 °F (870°C) and quenched in oil 
comparable to the alloy steels. The temperature versus permeability 
curve is shown in Fig. 5. A temperature corresponding to 1% magnetic 
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permeability in this Steel was found to be 913 °F (490°C). This could 
only be a pearlitic or bainitic transformation. It is interesting to note 
that at 750 °F (400 °C) the permeability has reached 100% indicating 
no austenite remains to transform to martensite. 

As a result of this test it was felt that the magnetic method might 
be used to determine a continuous cooling curve. The following dia- 
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Fig. 6—Continuous Cooling Diagram for SAE 4340 Steel Determined by the 
Magnetic Permeability Method. 


gram then describes the development of such curves. Since Grange and 
Kiefer (4) had published a continuous cooling diagram for SAE 4340 
steel, this type of steel was selected for the original investigation. 

By varying the cooling rates of the specimen and determining the 
magnetic transformation such a curve was developed as shown in 
Fig. 6. By using such quenchants as oil, carbon tetrachloride, forced 
air and still air, a variety of cooling rates can be obtained. Several of 
these rates are plotted in Fig. 7. The quenching oil which is a 100 
viscosity oil at 100°F, was rapid enough to avoid any austenite de- 
composition products other than martensite. Quenching into carbon 
tetrachloride was not too reproducible. It appeared that on subsequent 
quenches into this medium that a chemical change took place in the 
carbon tetrachloride giving a different cooling curve. It was noted 
that a reddish precipitate formed in the solution which was probably 
ferric chloride. However, since the cooling curve was obtained with 
each quench the data are plotted and should be valid. The forced air 
cooling was accomplished by means of a small automotive heater-sirocco 
type blower discharging the air longitudinally along the specimen. The 
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cooling rate of still air was likewise used and to obtain a still slower 
cooling rate a small cylinder of asbestos was made to fit inside the 
pick-up coil. This container was lined with 0.002-inch austenitic type 
stainless steel to minimize radiation losses. It was during this test that 
it was first noted that an unusual phenomenon took place. Here on 
cooling in the asbestos lined cylinder the beginning of ferrite formation 
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Fig. 7—Cooling Curves for Several Quenching Media Employed in Developing 
Continuous Cooling Diagram of SAE 4340 Steel. 


vas noted on the magnetic permeability curve. This produced a certain 
mount of deflection on the curve which remained constant for a 
eriod of time and then with further cooling of the specimen another 
leflection was noted. This point will be covered more fully in the dis- 
‘ussion. 

Since Grange and Kiefer (4) have published a calculated curve 
for SAE 4340 steel, the data obtained by the magnetic permeability 
method is superimposed upon their findings and shown in Fig. 8. The 
agreement between the two methods is rather good as far as the 
austenite to bainite reaction is concerned. The magnetic method which 
yielded higher temperatures for the Ms point determinations likewise 
was higher for the continuous cooling determinations. However, a 
large difference existed between the beginning of the austenite-ferrite 
reaction which will be covered in the discussion. 

The same procedure was used to obtain the cooling diagram shown 
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_ Fig. 8—Comparison of Magnetic Continuous Cooling Curve and the Grange and 
Kiefer Continuous Cooling Diagram for SAE 4340 Steel. 
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Fig. 9—Continuous Cooling Diagram for SAE 4063 Steel Determined by the 
Magnetic Method. 







in Fig. 9. This was obtained with an off analysis SAE 4063 steel of 
the following analysis : 


C Mn P S Si Ni Cr Mo 
SAE 4063 0.62 120 0.030 0.034 0.30 0.13 0.17 0.27 


This material was normalized at 1600 °F (870°C) for 1 hour prior to 
machining and was austenitized in the dried nitrogen atmosphere for 
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Fig. 10—Calculated Continuous Cooling Diagram for SAE 4063 Steel after Grange 
and Kiefer. 


uenching at 1600 °F (870°C). The calculated curve derived from the 
iethod of Grange and Kiefer (4) is also incorporated as shown in 
‘ig. 10. There appears very little similarity in these two diagrams. 


Discussion OF RESULTS 

In Table III good agreement in Ms temperature exists between 
ie three methods of determination in the SAE 4340 and 4140 steels. 
lowever, some discrepancy does exist between the magnetic and 
\etallographic method for the SAE 8642 steel. In determining the Ms 
oint by the metallographic method it was found that this particular 
teel was badly banded. This chemical segregation could account for 
he temperature difference between the two methods. 

By using the two formulae (Grange and Stewart, and Payson 
ind Savage) and calculating back, the per cent carbon was determined 
that would yield the Ms temperature found by the magnetic method. 
Only the carbon factor was considered and all other alloying element 





Table Ill 





Steel % C %C to give Ms temp. 
Chem. Analysis determined magnetically 
Payson Grange 
Savage Stewart 
SAE 8642 0.39 0.316 0.32 


SAE 4340 0.40 0.39 0.37 
SAE 4140 0.38 0.37 0.34 
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factors remained the same. These results are shown in Table ITI. 

It is rather obvious that the SAE 8642 steel which shows 7 points of 
carbon variation is not very good. On the other hand, this amount of 
carbon segregation could well exist in the particular heat of steel used. 
Using the revised formula of Payson and Savage only one point of 
carbon variation is found for the remaining two steels. This is well 
within the accuracy of carbon determinations and thus could be con- 
sidered a check. A greater discrepancy exists between the values found 
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é 11—-Percent Magnetic Permeability and Percent Martensite for SAE 4063 
Steel. Dashed line represents Elmendorf curve corrected for composition difference. 


by the Grange and Stewart method. Thus from these tests it appears 
the Payson formula approaches the values found by magnetic perme 
ability more closely. Payson’s work also appears closer to the metal- 
lographic determination Ms point for the three steels studied in this 
investigation. 

In most cases the magnetic determination has produced a slightly 
higher Ms temperature than either the metallographic or calculated 
values. One of the reasons that can be postulated for these higher tem. 
peratures is the result of carbon segregation. It is known that carbon 
is nine times as potent on the Ms temperature as any single element. 
Therefore a slight amount of banding or carbon segregation would 
definitely produce a higher Ms temperature by the magnetic method. 
Grange and Stewart claim that the Ms temperature determined metal- 
lographically is to the nearest 5 to 10°F. From the two methods the 
Ms temperature is probably well bracketed. 

In order to determine whether there might be a relationship be- 
tween per cent martensite and permeability, Fig. 11 is shown. The 
per cent martensite versus temperature is taken from the work of 
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Elmendorf (5) who worked on an SAE 4063 steel of lower manganese 
content than our material and did not report the presence of nickel and 
chromium. Except for the beginning of transformation, these curves 
are very comparable being displaced only on the temperature scale. 
Using the Grange factor of 70 X %Mn and multiplying by the Mn 
difference of 0.6% between the two steels (0.61 Elmendorf and 1.20 
for our steel) the Elmendorf curve is lowered 42 °F. Likewise, the 
chromium difference will lower the Elmendorf curve another 12 °F. 
Plotting his curve then for these lower temperatures, the two curves 
at 50% martensite and 50% permeability are only about 15 °F apart. 
(he modified curve corrected for chemical difference is shown as the 
dashed line in Fig. 11. An interesting observation can be made regard- 
ig the austenite-martensite reaction from these curves. One of the 
ostulated mechanisms for the austenite-martensite reaction proposed 
y Fisher, Hollomon, and Turnbull (6) assumes a nucleation and 
rowth of the martensitic plates. Another mechanism proposed by 
ohen (7) assumes a nucleation and shear for the formation of 
artensite. In both theories nucleation is a portion of the theory. Re- 
rring to Fig. 11 it will be noted that the beginning of the magnetic 
rve is very comparable to a nucleation and growth curve or similar 
the type of curve for the nucleation and growth curve of the austenite 
pearlite reaction. The curve of Elmendorf, however, does not show 
s type of nucleation. Since Elmendorf used isothermal transforma- 
n methods, there is a possibility of austenite conditioning taking 
ice. As pointed out by Cohen (8) if conditioning takes place the 
stenite will transform to a greater degree on cooling than if con- 
ioning had not occurred. Likewise, he explains that this conditioning 
ses the temperature of the martensitic range and the material behaves 
a lower carbon steel. This fact could account for the difference in 
‘ Elmendorf curve and our curve. From the above discussion it is 
parent that a relationship between per cent permeability and per 
nt transformation probably exists but further work needs to be done 
actually establish this premise. 

Discussing the continuous cooling curve of SAE 4340, it should be 
pointed out that the beginning of ferrite precipitation starts much 
sooner than indicated by the work of Grange and Kiefer. Some in- 
dependent work done in our laboratories by Ross, Sernka and Jominy 
(9) using the electron microscope, has likewise shown this condition. 
Minute amounts of ferrite first precipitated are difficult to determine 
metallographically, because of the shape and etching characteristic 
of the ferrite. This then could account for the difference found between 
the magnetic diagram and the Grange and Kiefer diagram. 

The discrepancies between the continuous cooling diagram calcu- 
lated by Grange and Kiefer and by our magnetic method for the SAE 
4063 steel in Figs. 9 and 10 may be due in part to three factors: (a) the 
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difference in chemical composition of the two steels, (b) the conditions 
of the experiment, the one being continuously cooled, the other calcu- 
lated from isothermal conditions, and (c) possible error in the original 
isothermal diagram. This indicates that more work of this type should 
be done. We recognize that the magnetic transformations do not indi- 
cate whether the transformation products are pearlite, ferrite, bainite 
or martensite. We have assumed in Fig. 9 that bainite is formed when 
the transformation takes place at 800 to 1000 °F (425 to 540 °C). 

It will be noted by the points plotted by squares in both the con- 
tinuous cooling diagrams in Figs. 8 and 9, that transformation was 
arrested at these points. From the time versus magnetic permeability 
curve it was observed that a certain amount of deflection occurred 
during the initial quench, this deflection then remained constant o 
a period of time and then again started deflecting. From this type 
curve it was concluded that transformation started during the initia 
quench and then stopped. Although the steel sample continued cooli 
no further magnetic permeability change occurred for some fi 
time. On further cooling, the transformation again started. This 
interpreted to mean that in the SAE 4340 steel ferrite started forn 
during this particular cooling condition and formed a certain perc 
age of ferrite in the austenite. Thus the austenite was enriched in 
bon and transformation halted even though the material was still : 
ing. A temperature was then reached at which this higher ca 
austenite started transforming, deepening the bainitic area of the 
tinuous cooling diagram. 

In the continuous cooling curve for SAE 4063 it will be 
that the austenite to bainite reaction stops at 620°F (330°C). By 
magnetic method, therefore, these areas can be defined more clo-cl) 
than by the metallographic method. Another interesting observa‘ion 
from this curve is that the Ms point seems to be a little lower with 
slower rates of cooling. 


CONCLUSIONS 

Equipment has been designed and used for determining the node 
of transformation of steel employing the Curie point. This has been 
employed for ascertaining the beginning of the austenite to martensite 
reaction in four alloy steels and appears to be as reliable as the metal- 
lographic method. However, like the metallographic method, the 
magnetic method is sensitive to inhomogenieties in the steel. In 
addition, by varying the cooling rate of the specimen, a continuous 
cooling diagram can be determined by the use of this equipment and 
diagrams for SAE 4340 and 4063 steel have been developed. 

The method presented herein is much less time consuming than 
other known procedures. 
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DISCUSSION 


Written Discussion: By D. J. Blickwede, research engineer, Bethlehem 
Steel Co., Bethlehem, Pa. 

in recent years, especially in Europe, there has been a general awakening to 
the limitations of both the hardenability concept and the isothermal transforma- 
tion diagram as methods for deseribing the course of austenite transformation 
during continuous cooling. So it is good to see the experimental results of this 
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Fig. 13-—Ferrite 1.5 Inches from End of Specimen Delay-Quenched 150 Seconds (see 
Fig. 12). Etehed in picral. X 1000. 


Fig. 14—Ferrite and Bainite 1.25 Inches from End of a Specimen Delay-Quenched 
210 Seconds (see Fig. 12). Etched in picral. X 1000. Note that some of the ferrite needles 
have degenerated and are surrounded by carbide particles. In other areas new bainite ap- 
pears to have been formed. 
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paper, not only for their intrinsic value, but also because they point up a useful 
method for acquiring information of this sort. 

At Bethlehem Steel we have also been making studies of the cooling trans- 
formation behavior of steels. Our method has been the metallographic examina- 
tion of delay-quenched end-quench bars, in the manner described by Liedholm.? 
In this we have also included a determination of the M, temperature by merely 
observing the distance from the quenched end at which dark etching tempered 
martensite appears in the various delay-quenched specimens. The effect of cool- 
ing rate on M, is described by transposing the time-distance measurements to 
the appropriate location on the cooling curves. 

Although the metallographic method for determining cooling transformation 

diagrams is more laborious than the magnetic method used by the authors, it has 
he advantage of revealing somewhat more detail. A good example is shown in 
‘ig. 12, where the 4340 diagram of the paper is compared to one that we have 
letermined. The heavy lines through the experimental points describe the begin- 
ing of austenite transformation to various products, and the curves running 
iagonally across the diagram are the actual cooling curves at various locations 
long a 4340 end-quench bar. For clarity all cooling curves were not drawn on 
ie diagram. 

There are some differences in the two diagrams that perhaps may be at- 
ibuted to slight differences in the steel compositions or austenitizing tempera- 
re. Most noteworthy is the shorter time and higher temperature at which 
inite was found to appear in our experiments. Also no high temperature trans- 
rmation to ferrite was found in the range of cooling rates that we studied, but 
e authors’ diagram indicates that we may have just missed it with our slowest 
oling rate. 

At the same time, there are some gratifying similarities in the two diagrams. 
he temperature at which the intermediate reaction starts is about 950°F in 
‘th of them. Also the observed M, temperatures for the rapid cooling rates are 
tually the same (572 °F in the authors’ diagram and 560 °F in ours). 

Of particular interest is the information obtained by the metallographic 

ethod about the nature of the transformation products. We have found that 
inite is the first transformation product to form only if the cooling rate is 
pid. When the cooling rate is slower than that equivalent to the 34 inch sta- 
mn on the end-quench bar, acicular ferrite forms. (See Fig. 13). This forms in 
\creasing amounts down to 850 °F but at this temperature some of it begins to 
legenerate into lower bainite by precipitation of carbides within and at the 
boundaries of the needles. This mechanism agrees with the idea that bainite is 
formed through an intermediate stage of martensite, i.e. supersaturated ferrite. 
Not all the ferrite breaks down to bainite though, because as cooling proceeds 
the reaction eventually stops. At the same time new bainite needles are formed 
which differ in appearance from the degenerate ferrite by the presence of more 
carbides, as shown in Fig. 14. 

It is also interesting to see how the ferrite and bainite reactions at slow 
cooling rates cause the M, temperature to be depressed. Such an effect has been 
observed by Cameron®* to result from prior ferrite and pearlite transformation 


2C. A. Liedholm, ‘‘Continuous Cooling Diagram from Modified End-Quench Methods,”’’ 
METAL PROGRESS, Vol. 45, 1944, p. 94. 


3 J. A. Cameron, “Application of Isothermal Transformation Diagram to the Normalizing 
of En 40C Steel,” Jou , [ron and Steel Institute, Vol. 170, 1952, p. 313. 
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Fig. 15—Isothermal and Continuous Cooling Diagrams for 
the Bainite Region of SAE 4340. 


in the very slow-cooled center sections of large forgings made from a 0.4% 
carbon, 3% chromium steel. Cameron found that the net result of this was th: 
retention of large amounts of high carbon austenite in the steel. However, i 
this case it seems unlikely that either the low temperature austenite-ferrit 
reaction or the formation of bainite should cause changes in the remainin 
austenite composition that would depress the martensite start temperature 40 °| 
(equivalent to an increase of about 0.06% carbon). Instead it may be possib! 
that the formation of either acicular ferrite or bainite uses up potential sit 
for later martensite formation. If this is so, the M+ would be unaffected. Pe: 
haps the authors would comment on the possibility that the magnetic measur: 
ment might help resolve the question by giving a reliable indication of the \ 
temperature. 

So it seems that both methods for determining cooling transformations hav 
particular advantages. Indeed there are many cases where it might be dc 
sirable to employ both of them to get the full story of continuous cooling. 

Written Discussion: By C. R. Simcoe, principal metaliurgist Battel!: 
Memorial Institute, Columbus, Ohio. 

The magnetic permeability test on 34-inch-diameter bars, as described b) 
Chapman and Jominy, is a rapid method for obtaining continuous cooling trans 
formation data. However, as recognized by these authors, the test does not allow 
distinction among the possible transformation structures. Furthermore, the 
test is strictly qualitative and does not furnish information on the basic de- 
composition reactions. 

The time and temperature at which transformation starts on continuous 
cooling depend largely on the nucleation characteristics of the steel. These 
characteristics are determined from the isothermal transformation curves, the 
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cooling curves, and a knowledge of the temperature ranges over which fractional 
nucleation times are additive. It was determined recently that for SAE 4340 
fractional nucleation times are additive from the critical temperature to ap- 
proximately 1100 °F. A second temperature range where fractional nucleation 
times were additive overlapped the first temperature range slightly and started 
at 1200 °F. This second temperature range extended down to the M, tempera- 
ture. 

With the knowledge of the temperature ranges where fractional nucleation 
times were additive, the isothermal transformation curve, and the cooling 
curves, a continuous cooling transformation curve was calculated for 1% 
transformation product. This calculated curve is shown in Fig. 15 where it is 
‘compared with experimental data on the time to produce 1% transformation 
‘rom interrupted end-quench tests. It is compared also with the experimental 
urve shown in Fig. 6 of this paper and the isothermal transformation curve. 

In spite of the many objections to the magnetic permeability tests, there is 
ood agreement between the curve obtained from this test and the calculated 
urve. Both curves exhibit good agreement with the interrupted end-quench 
ita. Comparison of the continuous cooling curves with the isothermal curve 
iows the futility of using isothermal curves to predict continuous cooling 

insformation. 

Unfortunately, data are not available for comparison with the magnetic 
rmeability data for the austenite to ferrite reaction. However, the published 
thermal transformation curves and the curve determined in an investigation 
Battelle Memorial Institute would be on the right of the continuous cooling 
rve of Fig. 6. This discrepancy suggests that the upper portion of the diagram 
termined by Chapman and Jominy may not be valid. 

Written Discussion: By Paul L. Jackson, Metallurgy Department, 
ientific Laboratory, Ford Motor Co., Dearborn, Mich. 

The authors state that they believe that there must be 1% transformation 
order to obtain a permeability equal to 1% of the room temperature permea- 
ity of their steels. The description of the experimental equipment is not 
mplete enough to permit a calculation of the value of the field strength within 
e pickup coil. However, it seems reasonable to suppose that the sample was 
t magnetically saturated. In unsaturated iron the value of the permeability 

nereases with rising temperature.‘ This writer recognizes that there are no 
rect data to show that this holds true for the steels which the authors in- 
‘stigated, but undoubtedly the general shape of the permeability-temperature 
urve would not be greatly altered from that of pure iron by the small amounts 
f alloying elements present in these steels. The discrepancies in the locations 
f the ferrite plus austenite regions of the continuous cooling transformation 
liagrams of the authors and of Grange and Kieffer can be explained if less 
than 1% ferrite produces a permeability value equal to 1% of the room temperature 
permeability. If the authors’ reported 1% transformation line actually repre- 
sents smaller amounts of ferrite, their diagram should not match that of Grange 
and Kieffer. 

Written Discussion: By Charles Arthur Nagler, associate Professor, 
Department of Chemical and Metallurgical Engineering, Wayne University, 
Detroit. 





#R. M. Bozorth, Ferromagnetism, 1951, p. 59. D. Van Nostrand. 
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I want to thank the authors for this opportunity afforded me to discuss 
their paper regarding the application of a magnetic method for determining the 
transformation on continuous cooling of austenite in steels.® 

Quoting from the paper: “In order to avoid the use of metallography in the 
determination of austenite transformation rates, a method has been devised, 
based on the magnetic changes which accompany the transformation. This 
method makes it possible to determine a transformation curve in a much shorter 
time and with greater accuracy than is possible with the metallographic method 
which was developed by Davenport and Bain.” 

A further quotation from the paper, under the heading, “Theoretical 
Basis,” states: “When steel or cast iron transform from the austenitic to the 
pearlitic, acicular or martensitic state, one of the important properties that is 
radically changed is the magnetic permeability. Although the permeability is 
somewhat different among the products of the austenitic transformation, the 
order of magnitude of the permeability of austenite is entirely different fron 
that of its decomposition products. This change in permeability is, in reality, ; 
measure of the degree of transformation.” 

It goes on to say, under the heading, “Development of the Transforme 
Apparatus”: “With this phenomenon as a basis, the authors devised an appa 
ratus in which the sample, after being quenched for a few seconds in the lea 
bath, was placed between the poles of a specially designed alternating curren: 
transformer. As the transformation took place, the permeability of the samp! 
increased, causing an increase in the emf generated in the secondary coil. T! 
changes in the secondary current were read on an ammeter, and the results wer 
plotted as ammeter readings against time. On the basis of the assumption tha 
the secondary current is a measure of the amount of austenite in the samp! 
this plot was the same as a plot of per cent austenite against time.” 

Fig. 3 in the paper, by the authors Chapman and Jominy, indicates t! 
typical cooling curve and magnetic transformation curve for an SAE 4340 ste: 
oil-quenched, for a section 34 inch in diameter and 3 inches long. 

I would like to inquire of the authors if they are able to reproduce. t! 
same time and transformation based on magnetic permeability for a bar of 
section size of %4 inch. Were there any metallographic determinations made t 
determine if any transformation products, other than martensite, formed during 
oil quenching, due to no agitation of the specimen, or the quenching medium 
during determination of the cooling curve? 

Normally, on still quenching of a % inch diameter round, in oil, there 
would be formed a vapor interface along the surface of the bar, which would 
materially reduce the cooling rate and tend to cause the formation of a small 
amount of a transformation product, other than martensite, on continuous 
cooling at Ari. 

Using a specimen % inch diameter and 3 inches long, does the exact 
position of the specimen in the secondary coil influence the initial permeability 
reading while the sample is in the austenitic condition? 

Again referring to Fig. 3, on the initial portion of the plot of per cent of 
magnetic permeability vs. time, the incubation, or initial increase in permeability, 


5 W. P. Wood and C. Nagler, ‘“‘The Effect of Normal Elements and Alloy Elements on 
the Rate of Austenite Transformation in Cast Iron at Constant Temperature,” TRANSACTIONS, 
American Society for Metals, Vol. 30, 1942, p. 491. 
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possibly can be attributed to the formation of an extremely fine pearlite, the re- 
sult of the intersection of the Aru. 

In reference to Fig. 3, it was stated that at the temperature of 575 °F, the 

surface becomes ferromagnetic and produces an increase in magnetic permea- 
bility until ultimately the bar becomes 100% ferromagnetic. Relative to this 
statement, were any metallographic determinations made utilizing temperature 
tests to determine the retention of small amounts of austenite during the oil 
quenching of the SAE 4340 steel? 
In closing I want to refer to a publication by R. L. Dowdell and C. Nag- 
which further utilized the original magnetic method described in the paper 
of 1942, by Wood and Nagler, in determining a family of isothermal transfor- 
mation curves for various molybdenum-bearing cast irons. 

Written Discussion: By R. A. Grange, United States Steel Corp., 
Fundamental Research Laboratory, Kearny, N. J. 

The authors have described a relatively rapid and convenient method of 

measuring the progress of austenite transformation during continuous cooling. 
Like other methods that have been used for this purpose, this magnetic method 
vould appear to be more reliable when the steel studied is of high hardenability 
ind there is not too great a difference in microstructure from surface to center 
f the 0.75 inch diameter specimen at any instant during cooling. Thus, the 
{340 cooling transformation diagram developed by the authors is in reasonably 
itisfactory agreement with one estimated from the isothermal transformation 
iagram when allowance is made for differences which must be expected among 
ifferent heats of 4340 steel. 

In 4063 steel, however, very poor agreement exists between the diagram 
etermined by the magnetic method and one estimated from an isothermal 
ansformation diagram. In this more rapidly transforming steel, a considerable 
ifference in microstructure throughout the cross-section of the 0.75 inch diam- 
ter specimen may have existed during some portion of the cooling cycle. The 
ithors’ Fig. 9 implies that the microstructure of an end-quenched bar of 4063 
teel will be bainitic and nowhere contain proeutectoid ferrite or pearlite; this 

implied because the slowest cooling rate curve in the standard end-quenched 
ar will not intersect the austenite + ferrite and austenite + pearlite zones in 
ig. 9. On the other hand, the diagram for 4063 estimated from an isothermal 
iagram, authors’ Fig. 10, tells us that microstructures in an end-quenched bar 
ill consist in part of ferrite and pearlite. Fortunately, this discrepancy can be 
asily resolved by examination of microstructure in an end-quenched harden- 
ibility test specimen. We have done this and observed both ferrite and pearlite 
in what we consider to be a reasonably typical heat of 4063, and suggest that 
the authors similarly examine an end-quenched specimen of their 4063 steel. 

Finally, we would like to ask the authors why they chose a specimen 
having a diameter of 0.75 inches. It is our thought that for steels of moderate 
and low hardenability a smaller cylinder or possibly a thin-walled tubular 
specimen might prove more satisfactory in order to minimize the thermal and 
consequent structural gradient across the section. 


ler,® 


Authors’ Reply 


The authors would like to thank the various discussers of this paper and 





®R. L. Dowdell and C. Nagler, “Isothermal Transformation of Molybdenum Cast Iron,” 
Transactions, American Foundrymen’s Society, Vol. 55, 1947. 
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appreciate the data submitted by Blickwede and Simcoe..-We were unable to 
determine the bainite formation data shown by Blickwede by our transformation 
method. However, an electron microscope study made at Chrysler on a harden- 
ability bar of SAE 4340 steel and reported by Ross, Sernka and Jominy,’ shows 
carbide free ferrite grains unresolved by the light microscope existing in very 
small percentages of non-martensitic decomposition products. Unfortunately, 
they did not determine the temperature at which this ferrite formed but it 
might have been in that temperature region shown by Blickwede. As for the 
magnetic method resolving the question raised by Mr. Blickwede concerning 
martensite formation by the enrichment in carbon of austenite or the potential 
loss of martensite sites, we doubt that the equipment could be used for such a 
measurement. This would necessitate the measuring of the Mf temperature and 
no degree of accuracy would be obtained. Without a doubt the ending of the 
martensite transformation would approach the 100% permeability asymptotically 
making the temperature determination rather difficult. 

It is gratifying to see the good agreement that exists between the curves 
of Grange, Simcoe and Blickwede and our magnetic method in the bainitic 
region. It may be fortuitous but the ideal critical diameter calculated by the 
Grossmann method shows that the hardenability of Blickwede’s material was 
the lowest, followed by our material, and Grange’s material had the highest 
hardenability and we note that the beginning of transformation of these threc 
steels is in the order of their critical diameters. As Mr. Simcoe points out, the 
continuous cooling curves certainly show the futility of using isothermal curve 
to predict continuous cooling transformation. 

The authors regret having overlooked the work of Nagler and Wood an 
have inserted their reference in the paper. The title of their paper does no: 
indicate that a magnetic method was used for their determinations. In reply t 
Mr. Nagler’s questions, we did not use bar sections as small as ™% inch i: 
diameter but we did make metallographic determinations on the SAE 406. 
steel in the bainitic region to ascertain whether we were getting bainite o 
pearlite. As for the location of the specimen in the pick-up coil, we attempted t: 
center the specimen in all cases inasmuch as we wanted the temperature re 
cording thermocouple to be in the same area in which the permeability wa: 
being measured. No metallographic determinations were made on SAE 434! 
to determine the retention of small amounts of austenite. However, it woul: 
not be at all surprising to find the existence of austenite in this high harden 
ability steel. 

Mr. Grange’s point regarding the formation of pearlite and ferrite at the 
slowest cooling rate of the end quench bar is well taken. We quite agree that 
these microstructures will exist in the bar, but do not think that they can be 
used to predict the location of transformation diagram areas. The published 
cooling rates for the end quench bar as shown by the SAE were established on 
lower carbon steels. The higher carbon in the SAE 4063 steel causes this 
material to require a longer time before transformation; therefore, austenite 
will be present for a greater length of time during end quenching and being a 
poorer conductor of heat will retard the cooling of the upper portion of the bar 
considerably. We believe that as long as round bars are compared to the end 


7S. T. Ross, R. P. Sernka and W. E. Jominy, “An Electron Metallographic Study of the 
Dependance of Microstructure on Hardenability,”” TRaNsacTIons, American Society for Metals, 
Vol. 47, 1955. 
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quench bar the comparison is valid since the differences in cooling rates cancels 
out at least in large measure. We have experienced on sluggish transforming 
steels the air-cooled end of the bar remains hotter for a much greater length of 
time than do the shallow hardening steels. In effect, this means that the position 
that should be compared for decomposition products with the transformation 
diagram on a hardenability bar of an SAE 4063 steel should be considerably 
closer to the quenched end of the bar than indicated by the SAE chart. 

In an effort to further check the validity of our diagram the following 
experiment was carried out: We noted that a still air quench possessed such 
a cooling rate in a % inch round section that it entirely missed that portion 
of the diagram we called the austenite + ferrite and the austenite + pearlite 
region. Therefore, we air-cooled a sample with an attached thermocouple to 
1100 °F in air and then water-quenched. The time elapsed to cool to 1100 °F 
was found to be 85 seconds. The microstructure of this sample was entirely 
martensitic and showed no pearlite, ferrite or bainite. We do not have the data 
as to at what location on the end-quenched bar we obtain this cooling rate. 
\nother sample was then air-cooled in 110 seconds to 1000 °F followed by a 
vater quench. The microstructure of this specimen contained a minute amount 
less than 1%) of decomposition product, showing transformation had just 
started. This agrees very favorably with the beginning of transformation as 
hown on our diagram and could be used as a further proof for the validity of 
the magnetically determined diagram. 

The idea of using a tubular specimen as recommended by Mr. Grange 
ounds very good for shallow hardening steels and we will attempt to employ 
uch a specimen. 

Regarding Mr. Jackson’s discussion, we agree and have pointed out in the 
aper that more work need be done on the relationship between permeability 
nd amount of transformation. It was interesting to have this discussion and 

e hope that sufficient interest has been aroused to increase the amount of work 
» determine continuous cooling diagrams on other alloy constructional steels. 
From such work more information of the austenite decomposition on continuous 
ooling should add to our knowledge of the thermal behavior of steel. 





DELAYED FAILURE AND HYDROGEN 
EMBRITTLEMENT IN STEEL 


By R. P. Fron mserc, W. J. BARNETT AND A. R. TROIANO 


Abstract 


The phenomenon of delayed failure in steel has been cor- 
related with the presence of electrolytically introduced hydro- 
gen. Delayed failure may occur over a wide range of relatively 
low applied stresses depending upon strength level, notch 
acuity and aging time after the introduction of hydrogen. The 
sensitivity to delayed failure may persist even though conven- 
tional tensile results indicate full ductility. The observed re- 
ductions in ductility are a function of both the depth of 
hydrogen penetration and the degree or severity of hydrogen 
embrittlement. Aging with and without load has demonstrated 
the necessity of exceeding some minimum critical stress in the 
presence of hydrogen to embrittle steel. This value of stress 
can be made to vary with notch acuity and aging time and may 
be associated with the initiation of plastic flow. The effects of 
aging under load depend upon the magnitude of the load and 
permit the production of a wide variety of failure times. A 
bainitic structure behaved in a fashion similar to that of 
tempered martensite, except that the overall embrittlement 
appeared less severe. Delayed failure cannot be attributed 
solely to retained austenite since the bainitic structure con- 
tained no trace of austenite. 


INTRODUCTION 


ANY problems associated with embrittlement have been en 
countered in the increased use of alloy steels heat treated to high 
strength levels. In recent years, particularly in aircraft, engineers hav« 
been working towards higher strength levels which makes an under 
standing of the various forms of embrittlement of increasingly greater 
importance (1)!. One of the phenomena encountered when steels ar: 
heat treated to high strength levels is the occurrence of brittle delayed 
failures in service. This is a particularly insidious type of failure in that 
spontaneous brittle fracture will occur at loads substantially below 
those that may have been previously successfully sustained, and in ma- 
terial which shows good ductility in conventional laboratory evaluation. 





1 The figures appearing in parentheses pertain to the references appended to this paper. 





This paper ponents a portion of the results from investigations sponsored by the Aero- 
nautical Research Laboratory, Wright Air Development Center. 


Of the authors, R. P. Frohmberg and W. J. Barnett are research associates, 
and A. R. Troiano is head, Department of Metallurgical Engineering, Case Insti- 
tute of Technology, Cleveland. Manuscript received July 21, 1954. 
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Thus a “proof stress” type of test is of little value. For example, 
electroplated steel bolts heat treated to high strength levels have shown 
delayed failure at the root of threads or in the head fillet; similarly 
other plated or pickled parts have been known to fail in a brittle man- 
ner under the influence of relatively mild static loads. 


Previous Experimental W ork 


The published literature actually contains relatively little on the 
subject of delayed failure per se, but many studies have been made of 
the effects of hydrogen on the ductility of steel. An explanation of de- 
layed failure based on the presence of hydrogen must be consistent with 
the other embrittling effects of hydrogen. The following is a cursory 
review of some of the many observations of the effects of hydrogen. 
An exhaustive literature survey has been made by Buzzard and Cleaves 
(2) and other work includes summaries of previous information to- 
gether with relatively abridged bibliographies (3,4,5 and 6). 

Hydrogen may be introduced into steel from a variety of sources 
which might be divided into natural and artificial origins. Considering 
first the congenital sources, the steelmaking process itself is one major 
origin of hydrogen (7,8) and it is particularly troublesome in large sec- 
tion sizes (9,10). Here the presence of hydrogen is manifest as flakes 
or substantial reductions in ductility (11). Other processing operations 
such as pickling (12,13) and electroplating (14,15,16) are recognized 
sources which have been studied. Welded sections sometimes show loss 
of ductility and flakes, both of which have been attributed to the 
presence of hydrogen. 

There are several laboratory techniques for the deliberate intro- 
duction of controlled amounts of hydrogen into steel. Specimens may 
be heated in the vicinity of 2000°F (1095 °C) in hydrogen at or near 
one atmosphere pressure. Some investigators heat to lower tempera- 
tures in hydrogen under pressure. Electrolytic charging is also com- 
monly used, sometimes with a “poison” to enhance the pickup of 
hydrogen by the specimen. Pickling in solutions of various concentra- 
tions has been shown to be effective in charging specimens with hydro- 
gen. One investigator has shown (17) that electrolytic charging and 
the introduction of hydrogen under pressure at 600°C both gave the 
same embrittling effect, as measured by reduction in area. 

The equilibrium solubility of hydrogen in ferritic steel at room 
temperature is thought to be extremely small. However, large amounts 
of hydrogen may be introduced and retained in steel. In one instance, 
for example, a concentration of 65 cubic centimeters per 100 grams ” 
(18) was attained by electrolytic charging, while in another case a 5 by 
-inch steel billet retained up to 5 cubic centimeters per 100 grams 

2 The concentration of hydrogen in steel may be stated in several ways. The designation 


used here will be cc of hydrogen at standard pressure and temperature per 100 grams of 
steel (cc/100 gm). One cc/100 gm = 0.0787 relative volumes = 0.00009 weight per cent 


= 0.9 parts per million. 
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eight months after fabrication (9). Thus, relatively large quantities of 
hydrogen, well in excess of equilibrium solubilities, may be retained in 
steel. A curious feature of this problem is the fact that austenitic steels 
are relatively immune to the embrittling effects of hydrogen (19,20) 
when compared with ferritic steels of proportionate hydrogen contents 
(17,21,22). 

Darken and Smith (23) showed that the maximum amount of 
hydrogen absorbed in pickling steel increased linearly with the amount 
of prior cold work. They also found that the rate of absorption demon- 
strated a similar dependence on the degree of deformation. The evolu- 
tion of hydrogen is accelerated during cold working (24,25). Bend 
tests have shown that steel when cold-worked is more susceptible to 
embrittlement than when annealed (16,26). 

Several experiments have been reported in which hydrogen ap- 
pears to have opened passageways through steel (27,28). A vivid 
demonstration has been given (18) in which molten brass permeated 
to a considerable depth below the surface of a charged steel wire. When 
the charged hydrogen was removed by aging 10 hours at 750 °C, pene- 
tration upon immersion in brass was not observed. When subjected to 
severe electrolytic charging (21,24), surface bursts, presumably the 
result of hydrogen pressure build up, have been found. 

It appears that the elastic behavior of steel during tensile testing 
is unaffected by the presence of hydrogen, but some changes do occur 
in the plastic region of the stress-strain curve. Several investigators 
(17,21,29) have clearly demonstrated that increasing amounts of 
hydrogen reduce the fracture strain. More detailed studies (30) have 
revealed a slight lowering of the upper and lower yield points and a 
decrease in the strain hardening exponent of a pickled low carbon 
steel. The strong dependence of hydrogen embrittlement on strain rate 
and testing temperature has been verified by a number of investigations 
(20,30,31,32). The strength level to which steel is heat treated also has 
a strong effect on the susceptibility to hydrogen embrittlement (17,33 ) 

Numerous studies have been made in which recovery from the 
embrittled state has been observed on aging, usually at room tempera- 
ture (19,21,22,24,34,35). In general, the degree of embrittlement de- 
creased with increasing aging time and complete recovery of ductility 
was eventually attained if the charging conditions were not too severe. 
Occasionally, a minimum has been observed in the aging curve at short 
aging times, i.e., an initial decrease in ductility prior to recovery. Aging 
at elevated temperatures accelerates the recovery process while for all 
practical intents and purposes the aging process may be stopped com- 
pletely if the temperature is low enough. The evolution of hydrogen 
during aging has also been studied (36). 

Studies on the delayed failure of electroplated lockwashers 
(15,33) have indicated a strong dependence of propensity towards de- 
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layed failure on strength level. It was also shown that delayed failures 
could be minimized or eliminated by baking at 400°F (205°C) after 
plating. In conical disk tests (37), a strong dependence of test life 
under static load on hardness was apparent. A number of heats of 
steel were studied and no mention was made of the addition of hydro- 
gen. Thus, delayed failure was observed in the absence of artificially 
introduced hydrogen. 


Review of Proposed Mechanisms 


One of the most popular explanations for hydrogen embrittlement 
has been developed by Zapffe and co-workers over the past ten or 
twelve years and is known as the “planar pressure theory.” A succinct 
statement of this concept is that, “Hydrogen embrittlement is nothing 
other than the result of an aging action in which the precipitate is a 
gas” (19). This theory is attractive in that it can explain many 
(though not all) of the observed phenomena in connection with the 
presence of hydrogen in steel. For example, the appearance of surface 
blisters in severely charged specimens seems readily explicable on the 
basis of the relief of internal gas pressure by the disruption of surface 
layers of metal. Detailed applications of the planar pressure theory of 
hydrogen embrittlement may be found in the literature (3,6,19,26). 

There are several questions pertaining to the planar pressure con- 
‘ept which might be raised. For one, the proposed precipitation sites 
(mosaic disjunctions or lattice rifts) are of the order of magnitude of 
interatomic spacings in size, hence it is difficult to visualize the develop- 
ment of pressure by applying the classic kinetic theory of gases. An- 
other consideration is the calculation of the pressures developed by 
hydrogen in voids. This was first done in 1932 (38) and subsequently 
extended in an attempt to show that very high pressures are developed 
by the hydrogen present in steel. It has been pointed out (39) that these 
calculations give fugacity,? and the difference between fugacity and 
pressure may become quite considerable. If the planar pressure con- 
cept is correct, the precipitation of gas and subsequent embrittlement 
should occur in austenitic as well as in ferritic structures. The solu- 
bility of hydrogen in austenite is greater than in ferrite, however, in- 
ordinately large quantities of hydrogen are required to produce even 
a slight embrittlement in austenitic steels. 

The relationship between testing temperature aud ductility pro- 
vides an interesting test for the planar pressure theory. It has been 
shown (30,32) that for a given charging condition the ductility first de- 
creases, then increases, passing through a minimum as the testing 
temperature is increased. The first portion of the curve is readily ex- 
plicable. As the temperature is increased, the diffusion of hydrogen 

* The ratio of fugacity to pressure is called the activity coefficient and is a measure of 


the deviation of a gas from ideality. For hydrogen, the fugacity may be considerably greater 
than the pressure. 
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is accelerated and precipitation in voids is facilitated. One encounters 
considerable difficulty in attempting to visualize how the planar pres- 
sure concepts or extensions of it might explain the minimum and sub- 
sequent increase in ductility with increasing temperature. Brown and 
Baldwin (32) have considered this point in some detail, and clearly 
demonstrated that a mechanism fundamentally different from the 
planar pressure theory or allied concepts must be operative under cer- 
tain conditions of embrittlement. 

Consideration has been given to the possibility of applying the 
concept of a Cottrell atmosphere surrounding a dislocation to the case 
of hydrogen embrittlement in steel (30,32). The essential feature of 
this concept is that the presence of the interstitial solute atoms reduces 
the elastic strain energy in the vicinity of a dislocation by reducing the 
degree of distortion (46). Under applied stress, the movement of the 
dislocation is restrained by the atmosphere, and the dislocation may 
break free, remain fixed, or move through the lattice “dragging” the 
atmosphere with it. 

Little if any lattice distention has been observed with the addition 
of hydrogen to steel (47,48). For a steel containing 10 cubic centi- 
meters hydrogen per 100 grams, the atomic percentage is 0.005 which 
corresponds to one atom of hydrogen for every 20,000 iron atoms. In 
contrast to this, a 0.1% carbon steel contains 0.5 atomic percentage 
carbon or one carbon atom for every 200 iron atoms. Thus, the atomic 
concentration of hydrogen is only 1/100 that of carbon. This then 
leads one to question whether a restraining Cottrell atmosphere could 
be formed by the solute hydrogen atoms by an elastic strain mechanism. 

It has been shown (49) however, that a yield point attributable to 
hydrogen exists in a charged 1020 steel. The author states that, ‘“Pre- 
liminary experiments also indicate that this yield point is not observed 
above about —120°C.” Thus, a Cottrell atmosphere due to hydrogen 
is presumably responsible for the yield point phenomenon. If a Cottrell 
atmosphere based on distortion is rejected by the size argument given 
above, one might consider that some other mechanism (possibly electro- 
static) might be operative in reducing the energy around a dislocation. 

Although the metallurgical literature on delayed failure under 
static load is meager, the problem has been studied in some detail in 
glasses. It is well known that a relatively high static load may be sus- 
tained by glass for only a short time but that a lesser load may be 
tolerated without fracture for a much longer time. The Griffith crack 
theory has been employed with reasonable success in an atecengh to 
explain this behavior (40,41). 

The concept of the presence of microcracks arose out of the large 
disparity between the theoretical fracture strength (based on attractive 
forces between atoms) and the observed fracture strengths in brittle 
solids. Experimentally, it was found that theoretical strengths could 
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be approached in some instances by prolonged annealing, by minimiz- 
ing surface scratches and by testing thin fibers. Griffith (42,43) pro- 
vided a mathematical treatment for a two dimensional model which 
resulted in the following expression for the breaking strength of a 
brittle isotropic solid: 








n= V2 
rC 
where R = stress applied normal to a crack in a thin plate 
E = Young’s Modulus 
T = surface energy of the material 
2C = length of crack 

This equation has been used by Orowan (40) to explain the 
phenomenon of delayed failure in glasses. The surface energy of mica 
was 4,500 erg/per square centimeter in vacuum and 375 erg/per square 
centimeter in air as determined experimentally, and the ratio of these 
two values was presumed to be preserved for glasses. This means that 
twovalues may then be considered for R, R, corresponds to the strength 
where cracks grow in a vacuum, while R, corresponds to some lower 
strength value where the cracks grow in an atmosphere. If a stressed 
specimen is exposed to a suitable atmosphere and adsorption occurs, the 
surface energy of the crack is reduced and the crack may then readily 
ropagate. This propagation is limited by the fact that if a crack grows 
oo rapidly, the vacuum value for surface energy must be considered 
ogether with the higher unit breaking stress Ry. Once crack propaga- 
ion has proceeded to a point where the unit stress is greater than R,, 
ataclysmic failure results. 

Two interesting features of this concept follow. First, this pre- 
licts that there is some critical value of stress, associated with R,, 
below which delayed failure should not occur. Secondly, a specimen 
subjected to a static load between values of the load corresponding to 
R, and R,, then subsequently unloaded short of the time necessary for 
‘ailure, should have a breaking strength less than that of a specimen 
without the prior stress. 

The work of Gurney and Pearson (41) and others (44,45) pro- 
vides experimental confirmation of this model. In one series of experi- 
ments (41) it was shown that the phenomenon of delayed failure could 
be eliminated by annealing glass rods in vacuum and testing them in 
vacuum. When tested in air, the familiar pattern of delayed failure was 
encountered. On the other hand, when tested in air from which both 
COs and H2O were removed, delayed failure was again eliminated. In 
those cases where delayed failure was not observed, the breaking 
strength of the glass rods was far above that normally obtained and 
approached the theoretical value. 

The application of these ¢oncepts to the case of hydrogen embrittle- 
ment and delayed failure in steels has been considered (31). In the 
case of steels, the atmosphere adsorbed on crack surfaces would be the 
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hydrogen present in metastable solution, and the previous reasoning 
could be applied. The time delay would be due to the fact that time is 
required for hydrogen to diffuse into the immediate vicinity of the 
crack and deposit as an adsorbed layer on the growing crack surface, 
thereby reducing the energy of that surface. However, caution should 
be used in extending the Griffith crack theory from the case of delayed 
failure in glasses to delayed failure in metals. The Griffith relationship 
was developed for brittle materials, in terms of the elastic stress re- 
quired to separate atoms, while even the most brittle fracture in metals 
is accompanied by some plastic flow. 

There are certain appealing features of each of the three theories 
outlined above, however, it is difficult to accept any one of these mech- 
anisms for hydrogen embrittlement without reservation. It is quite pos- 
sible that combinations or modifications of these concepts will ultimately 
come to be accepted as the cause of hydrogen embrittlement and de- 
layed failure in steel. 


MATERIALS AND PROCEDURE 


The material used was taken from a commercial heat of SAE 
AISI 4340 steel, the chemical analysis of which is given in Table I 
Specimens were heat treated to three different strength levels, 200,000 


Table I 
Composition of 4340 Steel Used in This Investigation 


c Mn Si Ni Cr Mo 
0.39% 0.76% 0.28% 1.80% 0.75% 0.24% 


230,000 and 270,000 psi by austenitizing at 1550°F (790°C) for 4: 
minutes, followed by an oil quench, and tempering one hour at 850, 700 
and 450 °F (455, 370 and 230 °C). 

Two types of specimens were employed. A specimen with a tw: 
inch radius test section was used for much of the tensile testing. Th 
sharp notch specimen had a 50%, 60 degree notch whose root radiu: 
was less than 0.001 inches. In both cases the diameter at the minimum 
section was 0.212 inches. 

Tensile testing was performed at room temperature with the 
cross-head feed maintained at a constant rate. A dead weight horizonta! 
lever arm type of creep rupture machine was employed for testing un 
der static load. In both cases, especially designed concentric test fixtures 
were used to assure a high degree of concentricity. Calibrating runs 
indicated a maximum eccentricity of 0.001 inches. 

Hydrogen was introduced by cathodic charging and the procedure 
used almost exclusively will be referred to as charging condition A. 
The specimen was first thoroughly cleaned in carbon tetrachloride. 
Unnotched specimens were coated with glyptal under the heads in those 
cases where head failures were likely to occur. Specimens were charged 





1955 HYDROGEN EMBRITTLEMENT IN STEEL 899 


for 5 minutes in an aqueous 4% sulphuric acid electrolyte without 
poison. The current density was 0.02 amps per square inch. After 
charging, specimens were first rinsed in water, then alcohol, and dried. 
The time between the end of charging and beginning of a test was 
taken as the aging time. A five minute aging time was convenient to 
allow rinsing, drying, and locating the specimen in the concentric test 
fixtures. All aging and testing was performed at room temperature. 


RESULTS AND DISCUSSION 
Effects of Charging Conditions 


The reduction in area at fracture in the tensile test was one of 
the properties used as an index of hydrogen embrittlement. Charging 


Reduction in Area, % 


' 
270,000 psi Strength Level 








0 | 2 3 + 5 6 7 8 4 10 
Charging Time, Minutes 
Fig. 1—Effect of Charging Time on Ductility of 4340 Steel Heat 


Treated to Various Strength Levels. (4% HeSOus, 0.02 amps/sq. in. 
aged 5 minutes at room temperature before tensile testing). 


conditions were selected such that the ductility was reduced to a low 
value, but not zero. If the steel were embrittled to the point where 
fracture occurred with no visible evidence of ductility, treatments 
which produced improvements might be difficult to evaluate. The effects 
of varying the charging time, for three different strength levels, are 
shown in Fig. 1. The strong dependence of embrittlement on strength 
level is apparent. In addition, the ductility is less sensitive to charging 
times at the 270,000 psi strength level than for the lower strength levels 

The results of the standard charging condition A on mechanical 
properties are summarized in Table II for the conventional tensile 
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Table I! 


Effect of Charging Condition “‘A” on Some Mechanical Properties of 4340 Steel Heat 
Treated to Several Strength Levels 





Tempered Martensite Bainite 
Nominal Strength Level, psi 200,000 230,000 270,000 230,000 
Uncharged 
Tensile Strength, psi 205,000 236,000 279,000 238,000 
Yield Strength, ‘psi ° 195,000 220,000 235,000 210,000 
Reduction in Area at 
Fracture, Percent 49 46 44 49 
Fracture Strength, psi 321,000 345,000 388,000 351,000 
Hardness, Rockwell C Scale * 43 48 53 45 
Notch Tensile Strength, psi 292,000 315,000 330,000 336,000 
Charging Condition “A”’ 
(5 Minute Age) 
Tensile Strength, psi 205,000 236,000 255,000 238,000 
Reduction in Area at 
Fracture, Percent 36 11 3 24 
Fracture Strength, psi 265,000 261,000 265,000 260,000 
Notch Tensile Strength, psi 266,000 300,000 207,000 314,000 


* Yield Strength (0.2% offset) and hardness were unaffected by the charging condition 
used. 


test and for the sharp notch specimens tested in tension. Note that 
charging with hydrogen influenced the properties associated with 
ductility while the yield strength remained relatively unaffected. 
comparison of stress-strain curves for the charged and uncharged 
conditions is given in Fig. 2. The only apparent effect of charging with 
hydrogen is to reduce the strain at fracture in the stress-strain curve. 
More severe charging conditions * reduced the fracture strain t: 
values so low that it was difficult to evaluate them. It may be seen fron 
Fig. 2 that the fracture strength serves as a more sensitive measure o! 
the severity of embrittlement when this is the case. At the 270,000 ps: 
strength level for example, the fracture strength could be reduced to as 
low as 60,000 psi or 25% of the normal uncharged yield strength, a 
indicated in Fig. 3. The widely different degrees of embrittlemen: 


which could be obtained by electrolytic charging are illustrated b 
Figs. 1 and 3. 


Effect of Aging on Ductility 

The effect of aging on the recovery from the embrittled state, for 
three strength levels, is shown in Fig. 4. Unnotched specimens, after 
charging and aging as indicated, were tested in tension and the reduc- 
tion in area at fracture was plotted as the index of embrittlement. Th« 
initial ductility (for the shortest aging times) varied inversely with 
strength level. On the other hand, the time for recovery did not appear 
to follow a consistent trend. At all strength levels, the return to full 
ductility as measured by reduction in area was evident after aging for 
100 hours. 

Aging curves were determined for sharp notch specimens tested in 
tension. The relationship between the aging time and notch tensile 


4 Charging conditions of this order have been commonly employed in studying the effects 
of hydrogen in steel at lower strength levels. 
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Fig. 2—Initial Portion of True Stress-True Strain Curve for Charged and Un- 
charged Specimens. 


strength at the 230,000 and 270,000 psi strength levels is illustrated in 
Fig. 5. The change in notch ductility was small for the sharp notch 
specimens and was not as sensitive to recovery as the notch tensile 
strength. The latter property, then, was taken as an index of embrittle- 
ment. 

Certain differences in form are evident in a comparison of Fig. 5 
with Fig. 4. The aging curve for the sharp notch specimens exhibited 
a marked minimum at approximately two hours while unnotched speci- 
mens for the corresponding‘strength levels showed a more or less con- 
tinuous increase in ductility. A second feature of this comparison is that 
the unnotched ductility has recovered to its full uncharged value after 
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Uncharged 


Tensile Str. : 270,000 psi 
Fracture Str.: 330,000 psi 
Yield Str.: 235,000 psi 100 


250 


200 


100 40 


Fracture Strength, |OOOpsi 
3 


Uncharged Yield Strength, % 


50 20 





Charging Time, Minutes 
Fig. 3—Effect of Charging Time on Strength of 4340 Steel at the 270,000 Psi 


Strength Level. (4% HeSOu:, 1 amp/sq. in., poison added. Aged five minutes at room 
temperature before testing. 


aging for 100 hours, while the notch tensile strength has not completel: 
recovered in the same aging time. From this, one may infer that th: 
notch test is more sensitive to the presence of hydrogen than the stand 
ard tensile test. This behavior may be rationalized on the basis tha’ 
hydrogen merely constitutes the addition of an embrittling agent to on: 
already present, that is, the sharp notch. 


Distribution Studies 


During the course of this work several instances were observed in 
which the fracture surfaces of charged specimens displayed a con- 
centric ring, i.e., a change in luster across the fractured area. This has 
also been observed by others (6) and raised the question of how hydro- 
gen was distributed in the test piece after charging. 

Distribution studies are made difficult by the fugitive nature of 
hydrogen. The conventional techniques for measuring the distribution 
of solutes in alloys, such as in diffusion studies, seem impractical if not 
impossible. Since the ductility of steels varies with hydrogen content, 
if only the outer layer were impregnated with hydrogen, removal of 
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270,000 psi Strength Level 
Hardness: Re 53 





230,000psi Strength Level 
Hardness: R, 48 


Reduction in Area, % 


200,000 psi Strength Level 
Hardness: Rc 43 





0 
0.01 0.1 1.0 10 100 1000 
Aging Time at Room Temperature, Hours 


Fig. 4—Effect of Aging Time on Ductility of 4340 Steel Heat Treated to Several 
Strength Levels. (Unnotched tensile tests, charging condition A). 


that brittle layer by machining or grinding should result in the restora- 
ion of the ductility of the specimen. 

The technique consisted of charging the unnotched specimens with 
hydrogen and then aging at room temperature. Upon expiration of the 
aging time, a portion of the specimen surface was removed by grinding, 
during which the specimen surface was flooded with coolant. The speci- 
men was finally finish polished and immediately tested. 

The results, for three different aging times, are plotted in Fig. 6, 
which illustrates how the ductility was increased by removing surface 
layers from the test specimens. The abscissa is radial distance, 1.e., the 
thickness of metal removed’ from the surface. It is evident from this 
figure that the penetration of hydrogen into the test specimen during 
charging must have been relatively small, as the removal of the outer 
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Fig. 5—Effect of Aging Time on Notch Tensile Strength of 4340 Steel Heat Treated 
to Two Strength Levels. (Charging condition A). 


0.020 inches of surface permitted the return to full ductility at the 
shortest aging time. Upon aging, as indicated in Fig. 6, the embrittled 
zone was displaced inward. 

An interesting feature of the reiationships shown in Fig. 6 is that 
specimens aged four hours exhibited a considerably greater depth of 
the embrittled zone than specimens aged five minutes. This was true 
despite the fact that the charged ductility (without removal of stock) 
after aging four hours was greater than after aging five minutes. Thus, 
it is evident that two factors are operative ; one, the depth of embrittle- 
ment and two, the degree or severity of embrittlement. 

A comparison of the hydrogen distribution for two different 
strength levels at an aging time of five minutes is presented in Fig. 7. 
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Fig. 6—Effect of Removing Surface Layers of Metal From Charged Specimens. 


Unnotched tensile specimens, 270,000 psi. Strength level, charging condition A, aged 
as indicated. 
50 
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Strength Level 
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Fig. 7—Effect of Removing Surface 
Layers of Metal from Charged Specimens 
Heat Treated to Two Different Strength 
Levels. Unnotched tensile specimens, aged 5 
minutes before grinding. (Charging condi- 
tion A). 


The same amount of hydrogen, (identical charging conditions) and 
the same depth of embrittlement penetration have a more deleterious 


effect on steel treated to a 270,000 psi strength level than at a 230,000 
psi strength level. 
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It is significant that the relatively shallow brittle zone of less than 
0.020 inches was sufficient to cause a substantial decrease in ductility. 
Similar behavior has been observed in steels which have been car- 
burized, siliconized, or nitrided. It appears then that hydrogen may 
have certain features in common with other solute elements when a 
brittle surface layer is formed. 

These results clearly demonstrate the vital role played by the 
distribution of hydrogen. Delayed failure, loss of ductility, etc., all were 
caused by the shallow layer of hydrogen at the surface, and a high con- 
centration of hydrogen throughout the specimen was not necessary to 
produce these phenomena. 


Delayed Failure Studies (5 Minute Aging Time) 


The primary objective was to study the phenomenon of delayed 
failure and its relationship to hydrogen embrittlement. Sharp notch 
specimens were used in order to localize the region of fracture and 
to provide a multiaxial stress state. The data presented in Fig. 8 indi- 
cate that delayed failure will occur in steels charged with hydrogen. 

One of the striking features of these relationships is the relatively 
low applied stresses that were sufficient to produce delayed failure. 
When compared with the yield strengths given in Table II, it may be 
seen that applied stresses of as little as 40% of the yield strength ® 
(270,000 psi strength level) can cause failure in several hours. Identi- 
cal notched specimens in the uncharged condition were stressed at high 
loads as indicated in Fig. 8 and remained unbroken after times of over 
250 hours. 

Regardless of the strength level, the time to failure was always 
of the same order of magnitude—from approximately 1 to 8 hours. 
Within a given strength level, there appeared to be only a slight de- 
pendence of failure time on the applied stress. Thus, the delay in time 
for failure is evidently independent of strength level and only slightly 
dependent upon applied stress for the particular set of test conditions 
employed. Varying the test conditions may alter the relationships 
cited. Since the mobility of hydrogen is a factor which may be ex- 
pected to remain approximately independent of the strength level and 
applied stress, the time to failure appears to be associated with the 
diffusion of hydrogen, which may weil represent the time to accomplish 
a critical redistribution of hydrogen. 

The plateau of the stress-rupture curves at high applied stresses 
coincided with the notch tensile strength for a given strength level. It 
seems axiomatic that if a static load were applied which was in excess 
of this value, failure would occur on loading. In those cases where this 
was tested by applying static loads just above and below the value of the 





5 This does not mean to imply that there is no flow, since the unit stress at the root of 
the notch is considerably greater than the applied stress. This will be considered in detail later. 
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, Fig. 8—Stress Rupture Tests on 4340 Steel Heat Treated to Several Strength Levels. 
(Charging condition A, aged 5 minutes, sharp notch specimens). 


notch tensile strength, the correlation was justified. It should be noted, 
however, that the tensile test represents continuously increasing applied 
loads over a finite period of time, and as such, may mask short delayed 
failure times. The upper critical stress value at the 270,000 psi strength 
level was less than that of the other two strength levels. Presumably 
this is due to the fact that the embrittlement caused by hydrogen was 
sufficient to give the marked decrease in notch strength observed at the 
270,000 psi strength level. 

A most significant characteristic of the stress-rupture relation- 
ships is the fact that theré was a minimum critical value of applied 
stress below which delayed failure did not occur.’ It is evident that for a 


7 The test was generally discontinued if a specimen remained unbroken after 100 hours, 
although times as long as 2160 hours without failure were observed. 
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sharp notch specimen an externally applied stress gives a high localized 
stress concentration. By exceeding some minimum value of applied 
stress, the unit stress at the root of the notch is high and may well be 
sufficient to cause plastic flow and subsequent failure. 


Effect of Notch Acuity on Stress Rupture Tests 


The dependence of the minimum critical stress for delayed failure 
upon the necessity for plastic flow may be tested by varying the notch 
acuity. A specimen with a milder notch should require a higher applied 
stress to produce plastic flow at the root of the notch and thus exhibit 
a higher minimum critical stress to produce delayed failure. The radius 
at the root of the notch was increased to 1/32 inch and also to 2 inches, 


1000 psi 


* Charged Notch T.S. After 
Aging Smin. at Room Temperature 


Sharp Notch (<0.00I" Radius) 


OO 0.1 1.0 10 100 1000 
Time for Fracture, Hours 





Applied Stress, 


Fig. 9—Comparison of Stress Rupture Properties for Specimens of Different Notch - 
Stinenaennes, (Charging condition A, aged 5 minutes). 


while the 50% notch depth was held constant. Fig. 9 is a comparison 
of stress-rupture curves for specimens at the 230,000 psi strength level 
with three different notch acuities. It is immediately apparent that the 
lower critical stress value was raised as the notch acuity was decreased. 

A similar comparison was made at the 270,000 psi strength level 
by conducting stress rupture tests on 2-inch radius specimens, as sum- 
marized in Table III. Again, failure occurred either immediately or 
not at all, depending upon the applied stress. The critical stress, in this 
case 225,000 psi, falls between the yield point and proportional limit of 
the material (cf. Fig. 2 and Table IT). 

An interesting set of relationships may be developed by a compari- 
son of the upper and lower critical stress values given in Fig. 9. As the 
notch acuity was increased, the spread between the upper and lower 
critical stress values also increased and the ratio between the two is 
summarized in Table IV.® 


8 These ratios closely match the stress concentration factors for the respective notch ge- 
ometries, although the precise quantitative physical signifieance of the ratio is not apparent. 
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Table Ill 


Stress Rupture Tests on Charged 2-Inch Radius Specimens at the 
270,000 Psi Strength Level 


Applied Stress Time to Fracture Reduction in Area 

psi Hours at Fracture — % 
240,000 0.3 aa 
230,000 0.2 a) 
230,000 0.55 2.3 
220,000 Unbroken - 140 hours — 
220,000 Unbroken - 236 hours -——- 
200,000 Unbroken - 146 hours -— 
200,000 1.6 - 


* Fracture occurred away from minimum section. See Text. 


Table IV 
Comparison of Critical Load Values in Stress Rupture Tests 





(Data from Fig. 9) ; 
Notch Tensile Minimum Critical Stress 


Notch Strength - psi For Delayed Failure-psi Ratio 
Radius ! (B) A/B 
<0.001 Inch 300,000 120,000 2.5 
1/32 Inch 270,000 165,000 1.6 

2 Inches 220,000 


215,000 1.0 








The necessity for exceeding some critical stress value to produce 
lelayed failure has been clearly demonstrated by varying the notch 
cuity of the test specimen. For the sharp notch, with the highest degree 
‘f stress concentration, delayed failure was produced by the smallest 
ad. The milder notch (1/32-inch radius) required a greater applied 
tress for flow at the root of the notch to take place. In the 2-inch radius 
pecimen the stress concentration was very slight so that plastic flow 
vas not highly localized. 

On the other hand, in some abnormal cases fracture occurred at a 
oint removed from the minimum section of the test piece (Table IIT), 
vhile in other instances, fracture took place under the head of the speci- 
nen at the 0.030 inch fillet. Some cases were even observed where the 
lelayed failure took place in the shank of the specimen. This was traced 

to the presence of almost imperceptible circumferential grinding 
scratches and the seemingly anomolous behavior is readily understand- 


able in the light of the previous discussion on the effect of stress raisers 
in the presence of hydrogen. 


Effect of Aging Time on Stress Rupture Tests 


Since the embrittlement characteristics indicate a strong depend- 
ence on aging, the effect of varying the room temperature aging time 
before applying a static load was examined. The procedure was to 
charge with hydrogen, age various times at room temperature, then 
apply a static load until failure. 

At the 230,000 psi strength level (Fig. 10), the time to fracture 
was plotted as a function of the aging time for several values of applied 
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Fig. 10—Effect of Aging Time at Room Temperature on Time to Fracture for 
4340 Steel Heat Treated to 230,000 Psi. (Charging condition A, sharp notch specimens). 


stress. Note that these curves are of the same form as the aging curves 
previously discussed. At low values of applied stress, the sensitivity tc 
delayed failure was lost in less than an hour, while for higher stresses 
delayed failure occurred in specimens aged for a considerably longer 
time. 

The same relationship may be examined by determining stress- 
rupture curves for various aging times. This approach was employed 
in studies at the 270,000 psi strength level, see Figs. 11 and 12. The 
stress dependence of time to failure was previously noted to be small for 
the five minute aging time, but at longer aging times (48 to 96 hours ) 
a rather strong dependence was observed. It is instructive to present 
the relationships between aging time, applied stress and time to failure 
on a three-dimensional graph. The data of Figs. 10,11 and 12 are so 
treated in Figs. 13 and 14. 

Aging 100 hours at room temperature subsequent to charging did 
not eliminate the phenomenon of delayed failure. However, after the 
same aging time of 100 hours, the reduction in area has recovered to 
its full uncharged value ( Fig. 4). This means that delayed failure may 
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Fig. 11—Stress Rupture Tests on 4340. Steel Heat Treated to 270,000 Psi and Aged 
as Indicated. (Charging condition A, sharp notch specimens) 

ecur in a high strength steel which exhibits full ductility as determined 
yy conventional tensile tests. Hence a normal value of reduction in area 
s no guarantee that delayed failure cannot occur. On the other hand, 
he notch tensile strength after an aging period of 100 hours still fell 
short of the uncharged value (Fig. 5) and may be a better measure of 
the recovery insofar as delayed failure is concerned. The lower critical 
stress, below which delayed failure did not occur, increased continu- 
ously with aging time. It is evident in both Figs. 13 and 14 that at 
longer times this value must increase quite rapidly. 


Aging With and Without Applied Stress 

Further examination of the stress rupture data broadens the 
picture of the role of flow which has already been considered in the 
discussion of the effects of notch acuity. In the delayed failure curves 
previously presented (Fig. 8, for example), it is evident that the time 
to failure is essentially aging time under load. This may be considered 
analogous to the aging curves for sharp notch specimens (as in Fig. 5) 
except for the fact that it is impossible to get data for times beyond the 
(minimum) inflection point, as the specimen would fracture. 
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Fig. 12—Stress Rupture Tests on 4340 Steel Heat Treated to 270,000 Psi and Aged 
as Indicated. (Charging condition A, sharp notch specimens). 


In order to determine the influence of aging under load on the 
recovery of ductility, unnotched tensile specimens (230,000 psi strengt! 
level) were aged for various times at an applied stress of 200,000 psi, 
then subjected to conventional tensile tests. There was no apparent 
difference in the reduction in area in the tensile test between specimens 
aged without load and those aged at a stress of 200,000 psi (Fig. 15). 
The applied stress of 200,000 psi was not capable of producing the 
minimum amount of plastic deformation which was required, since 
failure under static load did not occur. (Cf. Fig. 9). 

Consider, however, the behavior of notched specimens at the 
270,000 psi strength level as shown in Fig. 16. Aging at a stress of 
140,000 psi, which was sufficient to produce delayed failure (Fig. 8) 
lowered the notch tensile strength below the value obtained by aging 
without load. The stress applied during aging was in excess of the 
critical value of stress associated with flow at the root of the notch. If a 
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Fig. 13—Relationship Between Applied Stress, Aging 
Time at Room Temperature and Time to Failure. 230,000 psi 
strength level. (Charging condition A, sharp notch speci- 
mens). 


ne is drawn through the three solid points (aged at 140,000 psi) and 
xtrapolated to short times, it tends toward convergence with an exten- 
ion of the curve for aging without load. The increment of embrittle- 
ent, due to aging at a stress value in excess of the lower critical 
tress, increases as the aging time under load is prolonged. 

At the applied stress of 140,000 psi failure resulted in several hours 
ging time. Longer aging times under load were attained at a stress be- 
ww the lower critical value, this is also shown in Fig. 16. It is apparent 
hat once again there is no difference between aging without load and 
iging at some stress, below a critical value, which is presumably as- 
sociated with the initiation of plastic flow. 

Further experiments were conducted in which notched specimens 
it the 230,000 psi strength level were aged alternately without load and 

at a stress in excess of the lower critical value. This is illustrated 
schematically in Fig. 17, for five different aging treatments. In all 
cases the specimens were charged, aged at no load, then a static stress 
of 160,000 psi was applied for the times indicated. Note that the ap- 
plied stress of 160,000 psi is greater than the lower critical value of 
stress for the five minute aging time (Fig. 8). 

In the first case (A), the conventional stress rupture test after 
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Fig. 14—Relationship Between Applied Stress, Aging 
Time at Room Temperature and Time to Failure. 270,000 psi 
strength level. (Charging condition A, sharp notch speci 
mens). 


a 3.6 hour aging period at no load, the specimen remained unbroket 
after 94 hours at an applied stress of 160,000 psi. Here the 3.6 hou: 
age was sufficient to raise the lower critical stress value above th 
static stress which was applied, and the specimen did not break. In th: 
second case (B), the load was immediately applied for 0.1 hours, thet 
released for 3.5 hours. The specimen subsequently broke after aging 
2.8 hours at the applied stress of 160,000 psi. This behavior illustrate: 
the significance of the increase in the lower critical stress value wit! 
aging time at no load. These two treatments also confirm the deleterious 
effects of even a short time age at a stress greater than the lower critica! 
stress value. 

If a specimen was stressed at 160,000 psi for only 0.1 hours, aged 
at no load for 100 hours and subsequently subjected to the stress 
rupture test, delayed failure at an applied stress of 160,000 psi was not 
observed after 69 hours (Fig. 17, (C) ).® If the initial aging under load 
was carried out for 3.5 hours (just short of failure) and then aged 
without load for 100 hours, the time to failure after reloading was 0.9 

® The specimen was tested after aging an additional 800 hours at no load and had a notch 


tensile strength of 275,000 psi. This is substantially below the uncharged notch tensile strength 
as shown in Fig. 5 (230, 000 psi strength level). 
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Fig. 15—Effect of Aging Charged Specimens at No Load and at 200,000 Psi Applied 
Stress. Unnotched specimens, 230,000 psi strength level. (Charging condition A). 
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Fig. 16—Effect of Aging Charged Specimens With and Without Applied Stress. 
Sharp notch specimens heat treated to 270,000 psi. (Charging condition A). 
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Fig. 17—Schematic Representation of Aging Treatments With and Without Ap 
ees Stress. Charging condition A, sharp notch specimens, 230,000 psi strength level. 
n each case, the lower line represents aging without applied stress and the upper 
line represents aging at an applied stress of 160,000 psi. 


hours (D). The total time at load in this latter case was 4.4 hours whil: 
the total aging time after charging was 104.5 hours. 

This behavior may be qualitatively rationalized in terms of th« 
observations on aging with and without load (Fig. 16). There appeared 
to be only a slight difference between aging with and without load for 
the short time period of 0.1 hours according to the previous observa- 
tions (Fig. 16). This was confirmed in Fig. 17 (C) by the fact that 
the brief initial aging treatment under load had no apparent effect on 
the stress rupture behavior (at 160,000 psi) after aging 100 hours 
without load. However, the fact that the notch tensile strength still 
exhibited a significant lack of recovery would lead one to believe that a 
higher applied stress, after aging 100 hours at no load, would have 
caused delayed failure. In the treatment (D) where the load was first 
applied for 3.5 hours, the effect of aging under load was severe enough 
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Fig. 18—Schematic Representation of Aging Treatments at Various Values of 


Applied Stress. Sharp notch specimens, 230,000 psi strength level, charging condi- 
tion A. 


o inhibit the loss of embrittlement (as measured by the stress-rupture 
est) after aging for 100 hours at no load. 

The final treatment, Fig. 17 (E) consisted simply of cyclic aging 
etween no load and an applied stress of 160,000 psi. The total elapsed 
ime to failure was identical with that of treatment B. 

Instead of aging at no load, other experiments were performed in 
vhich specimens were aged at applied stresses above and below the 

lower critical stress value. As illustrated in Fig. 18, three s, ecimens 
were stressed 0.1 hours at 175,000 psi (above the critical stress), then 
aged 100 hours at 60,000 psi (below the critical stress value). The ap- 
plied stress was then increaséd to the various values indicated. The 
initial treatment at 175,000 psi was sufficient to cause failure on load- 
ing to 250,000 psi (A), while in the second case (B) a stress of 225,000 
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_ Fig. 19—Stress Rupture Tests on 4340 Steel. Tempered bainitic structure, 230,000 
psi strength level. (Charging condition A, sharp notch specimens aged 5 minutes at room 
temperature before testing). 


psi was sustained 1.65 hours after the initial treatment. In the thir 
case, Fig. i8 (C), the static stress of 200,000 psi was not sufficient t 
produce delayed failure in 165 hours. The stress was increased t 
225,000 psi for 31 hours and the specimen then broke on loading t 
235,000 psi. Thus, the time between charging and failure is som 
296 hours. 

The aging treatments described in Figs. 17 and 18 vividly demon 
strate the significance of aging above and below the lower critical stres 
value. This also makes possible a qualitative understanding of the wid: 
range in times to failure reported in the field in commercial applica 
tions. For the charging conditions employed in this work, failure time 
have been produced which range from several minutes to severa 
hundred hours between charging and failure. It is apparent tha 
sequences of varying loads and times could be devised to produc: 
failure at virtually any predetermined length of time. 


Bainitic Structures 

A fully bainitic structure tempered to 230,000 psi was produced 
for comparison with tempered martensite heat treated to the sam¢ 
strength level. The charged specimens with a bainitic structure fol 
lowed basically the same behavior as the tempered martensite (Fig. 19 
and the stress rupture curve was displaced slightly upward when com 
pared with that of the tempered martensite. This displacement may be 
attributed to the fact that the residual stress state in an austempered 
structure is inherently less severe than that of a quenched and tempered 
structure. In other words, the martensite with its higher residual stress 








1955 HYDROGEN EMBRITTLEMENT IN STEEL 919 



















60 

s° 50 

° 

% 40 

<a 

£& 30 

Cc 

: 

8 20 

e 10 __ Tempered Martensite 

“ 230,000 psi Strength Level 
0 


0.01 Ol 1.0 lO 100 1000 
Aging Time at Room Temperature, Hours 


Fig. 20—Effect of Aging Time on Ductility of 4340 Steel Heat Treated to 
230,000 psi, Strength Level. Tempered bainitic structure. (Charging condition A 
notched tensile tests). 


a 
> un- 


state, required a smaller externally applied stress to cause delayed 
ailure. 

The room temperature aging characteristics of specimens with a 
ainitic structure are shown in Fig. 20. Again, the corresponding 
urve for tempered martensite has been superimposed. It is im- 
nediately apparent that the initial embrittlement is less severe for the 
ainite than for the martensite. In specimens with a bainitic structure, 
he recovery of ductility with aging time appeared markedly slower 
han the recovery of ductility for specimens with a tempered marten- 
ite structure. 

It has been suggested that the decomposition of retained austenite 
inder an applied stress in the presence of hydrogen may play a sig- 
lificant role in hydrogen embrittlement and delayed failure. The 
ainitic structure gave no indication of retained austenite when exam- 
ned by X-ray diffraction, thus retained austenite does not play a pri- 
nary role in hydrogen embrittlement and delayed failure. 


Evaluation of Variables 

One of the difficulties encountered in this work was the sporadic 
occurrence of scatter in the experimental data. This has been observed 
by others, and in some instances electrolytic charging has been aban- 
doned in favor of thermal charging for this and other reasons. Zapffe 
and Haslem (13) for example, found two different charging curves 
(plot of bend angle versus charging time) for specimens taken from 
the two ends of a 50-foot coil of wire. Both chemical and metallographic 
analyses yielded no clue to the origin of this difference. A somewhat 
similar behavior was observed in this study and is shown in Fig. 21. The 
two series of specimens came from the same bar, but each series was 
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Fig. 21—Stress Rupture Tests on 4340 Steel Heat Treated to 230,000 Psi. (Charging 
condition A, sharp notch specimens). See text for details. 


prepared separately. It is apparent that despite all the precautions t 
maintain uniformity between batches, some factor was different and 
gave the behavior observed in Fig. 21. The two curves, however, are 
internally consistent. 

There are many factors which could affect the amount of hydrogen 
absorbed by the specimen; the obvious variables, current density 
charging time, bath temperature, etc., were readily controllable. Every 
attempt was made to prevent the entrance of impurities into the electro 
lyte, as the presence of only minute amounts of substances whic! 
act as a “poison” would be sufficient to alter substantially the quantity, 
of hydrogen absorbed by the specimen. A case has been cited in con 
nection with Table V, where an apparently polished surface showed 
delayed failure away from the minimum section. This was subsequent] 
traced to almost imperceptible circumferential scratches which had not 
been removed in the final polishing operation. The strain rate, aging 
temperature and testing temperature are also variables which could 
affect the results but which were held constant. 

Perhaps the most difficult variables to evaluate would be thos: 
associated with the quenching operation, where any cooling rate greater 
than the critical cooling velocity would yield the same structure and 
the same properties by most testing standards. However, a considerable 
difference may exist in the residual stress state after quenching, and 
this might be manifest in some test such as the stress rupture tests per- 
formed here. The behavior reported in Fig. 21 is a case in point. The 
specimens from which the lower curve was obtained may have had a 
more severe concentration of residual stress than the specimens from 
which the upper curve was determined. In other words, the specimens 
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Ref. 41). 
ere in essence preloaded and required a smaller applied stress to give 
elayed failure. This concept is further strengthened by the observa- 
ions reported for specimens with a bainitic structure (Fig. 19). The 
upper curve then, gives a more nearly correct picture of the effect of an 
externally applied stress on time to failure, and was used previously in 
ig. 8. 

It was felt that the scatter encountered in this work did not have 
any serious effect on the validity of the data reported. It simply meant 
that care and judgment had to be exercised in the acceptance of data 
taken from each batch of specimens. 
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SUMMARY AND CONCLUSIONS 


Each of the three concepts discussed in the introduction might be 
capable of explaining the observations reported. The questionable 
features of each theory have already been pointed out, but a model 
similar to that used in the Griffith crack concept is attractive, particu- 
larly when considering the data on delayed failure. The strong simi- 
larity between data obtained for glasses and steel is striking, and Fig. 22 
has been reproduced from Gurney and Pearson (41) to illustrate this. 
The dashed curve has been added by the present authors, and the es- 
sential features of the stress-rupture curves as determined for steel are 
evident in this interpretation of their data. A hydrogen charged steel 
would correspond to glass in the atmosphere and uncharged steel 
would be comparable to glass tested in vacuum. Thus, the upper and 
lower critical stress values of the stress rupture test and the observed 
effects of aging with and without load would seem readily explicable 
by following the same line of argument as given for glass. 

In summarizing, the foregoing investigation has resulted in the 
opening of three avenues of approach to the study of delayed failure 
and the presence of hydrogen in steel. Stress rupture curves have bee: 
determined and the effects of strength level, notch acuity and aging 
time at room temperature were considered. The patterns of the effect 
of these major variables have been established. The distribution studie 
are particularly interesting because they show that the distribution o 
hydrogen in steel is of major importance and that a small amount o 
hydrogen distributed in a certain way can produce drastic embrittlin; 
effects. Studies on aging with and without load, together with varyin; 
the notch acuity, have helped to clarify the role of plastic flow in de 
layed failure and hydrogen embrittlement. 

As a result of the foregoing experimental work, a number of con 
clusions may be drawn: 

1. Brittle delayed failure at relatively low applied stresses can b 
made to occur in steels electrolytically charged with hydrogen. 

2. The sensitivity to delayed failure may persist after aging lon; 
enough for “full recovery” as measured by the reduction in area i1 
tensile testing. Under certain conditions, the notch tensile strengt! 
may be a better index of the recovery: 

3. Delayed failure under static load is attributed to the application 
of some minimum critical amount of stress in the presence of hydrogen. 
If stressed below this critical value which appears to be associated with 
plastic flow, delayed failure will not occur. 

4. The minimum critical stress value is influenced by notch acuity, 
hydrogen distribution and aging time. This stress value exhibited only 
slight dependence upon strength level over the range studied. 

5. The effects of aging under load depend upon the magnitude of 
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the load. If the applied stress is above some critical value, cumulative 
permanent damage occurs. If below the critical value, there appears to 
be no difference between aging with and without load. 

6. Delayed failure occurs in the absence of retained austenite and 
therefore cannot be attributed to austenite decomposition. 

7. Distribution studies have shown that there are two factors to 
consider, one the depth of hydrogen penetration and two, an intensity 
factor or the degree of embrittlement, associated with concentration. 
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EFFECTS OF VARIATION IN NORMALIZING AND TEM- 


PERING PROCEDURE ON STRESS RUPTURE 
STRENGTH, CREEP EMBRITTLEMENT AND 
NOTCH SENSITIVITY FOR A Cr-Mo-V 
AND A 17 Cr-4Ni-Cu STEEL 


By M. H. Jones, D. P. NewMan, G. Sacus, AND W. F. Brown, Jr. 


Abstract 


The paper describes a systematic investigation of the 
influence of several heat treating variables on the notch and 
smooth stress rupture strength and smooth ductility of a Cr- 
Mo-V and a 17Cr-4N1-4Cu steel. For the Cr-Mo-V steel the 
variables were the normalizing temperature, the tempering 
temperature and the tempering time. All tests on this steel 
were conducted at 1000°F. For the 17Cr steel the variables 
were tempering temperature and test temperature. 

It is shown that both notch sensitivity and smooth duc- 
tility for both alloys are greatly influenced by the heat treat- 
ment. High normalizing temperatures are particularly damag- 
ing to the ductility and the notch strength of the Cr-Mo-V 
steel. This effect appears to be independent of the grain size at 
least below the temperature of rapid austenite grain coarsen- 
ing. Optimum tempering treatments can be found for either 
alloy which greatly reduce notch sensitivity at a given testing 
temperature and involve only a relatively small reduction in 
the smooth strength. 

Loss of stress rupture ductility and notch sensitivity in a 
normalized Cr-Mo-V steel is apparently associated with a car- 
bide precipitation which can occur either during tempering or 
during testing. If the precipitate occurs during testing, its 
embrittling effects are much more severe than if it occurs dur- 
ing tempering. An analysis is presented which indicates the 
smooth rupture strength is not increased by precipitation dur- 
ing testing at 1000 °F but is reduced by the presence of the 
embrittling precipitate. 


INTRODUCTION 





UMEROUS investigations have shown the creep strength of 
low alloy steel to be sensitive to heat treating procedure. How- 


ever, only a comparatively small amount of published data relates to 
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such effects on high-temperature stress-rupture properties and par- 
ticularly to creep embrittlement associated with variations in heat 
treatment. 

According to a survey by Bennek and Bandel (1)! covering the 
period to 1943, the creep properties are influenced both by type and 
distribution of carbides present and also by grain size. In the case of 
low alloy steels a structure consisting of a mixture of pearlite and 
bainite (such as is often formed by normalizing) was generally found 
to yield superior creep strength compared to structures obtained by 
quenching and tempering. For most alloys an increase in grain size 
appeared to increase creep resistance. 

More recently the influence of a number of interrelated structural 
variables on creep resistance of low alloy chromium-molybdenum 
steels has been investigated by Delbart and Ravery (2,3,4). The data 
is not easily interpreted because the structures produced by various 
heat treatments were difficult to define and because there is considerable 
scattering associated with low creep rate data. It was found that no 
particular heat treatment (structure) could be considered optimum for 
all test conditions investigated. However, structures produced by 
normalizing, particularly from high austenitizing temperatures and 
tempering at 112°F (600°C) (mixture of bainites and pearlite) 
vielded consistently high creep resistance. The properties of iso- 
thermally transformed structures were strongly dependent on the test 
‘onditions. Structures consisting of tempered martensite possessed 
low creep resistance except in the case of a low carbon steel where the 
esulting structure also contained lower bainite. 

An investigation now in progress (5) compares the stress rupture 
roperties of isothermally transformed structures of a chromium- 
nolybdenum-vanadium steel with those obtained by normalizing and 
empering. The results indicate that normalized and tempered struc- 
ures yield consistently high stress-rupture strengths at test tempera- 
tures between 900 and 1200 °F (480 and 650°C). 

The above described investigations which attempt to use structure 
is the independent variable are open to the objection that it is difficult 
to clearly define the structures. Small, undetectable changes in carbide 
distribution can produce considerable variations in creep properties 
(6). 

In several investigations Glen (7), (8) varied both the normaliz- 
ing and the tempering procedure for a series of molybdenum, 
chromium-molybdenum and molybdenum-vanadium steels. It was 
shown that increasing normalizing temperature from 1560 to 1830 °F 
(850 to 1000°C) of subsequently tempered specimens of a 
molybdenum-vanadium steel increased the creep resistance and that 
this increase became more pronounced as testing time increased. It 


i The figures appearing in parentheses pertain to the references appended to this paper. 
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also was shown that the effect of increasing tempering time is to first 
increase and then to decrease creep strength. The optimum time de- 
pended on alloy composition, tempering temperature and test tempera- 
ture. 

Glen (7) also investigated the effect of normalizing and temper- 
ing procedures on the stress-rupture strength of these steels. The data 
indicates the effects of variation in normalizing temperature to be 
within the limits of scattering. Regarding the effect of tempering, long 
time rupture tests (in excess of 1000 hours) at 1105 and 1200 °F (595 
and 650°C) showed a 0.12% carbon, 0.54% molybdenum, 0.27% 
vanadium steel to be weakened with an increase in the tempering time 
(up to 40 hours). However, at short times to rupture the effect of 
tempering time was greatly reduced. In general, it appears that con- 
ditions yielding the highest stress rupture strength resulted in the 
lowest elongations. 

As pointed out previously by the authors (11) there is insufficient 
published data to define the effects of heat treatment on creep notch 
sensitivity. However, a few tests by Clark (9) and Thum and Richard 
(10) showed that the rupture ductility of low alloy steels decreased 
rapidly as normalizing temperature increased above a certain tempera- 
ture and it might be expected that such structures would be notch sensi 
tive. 

Sased on the above evidence and on the authors previous work 
relating to notch sensitivity (11,12,13), the following general conclu 
sions are proposed : 

1. Normalizing and tempering of low alloy chromium-molybdenun 
and chromium-molybdenum-vanadium steels yields high creep resist 
ance and high rupture strength under most conditions of testing. Thi 
heat treatment is preferred in this country and in Europe where sec 
tion size permits sufficiently rapid cooling rates. However, only very 
limited systematic data relates stress rupture properties to variation 
in normalizing and tempering procedures. 

2. Both creep resistance and rupture strength can be raised b 
increasing normalizing temperature and in some cases, by reducing 
tempering temperature. However, these improvements may be ac 
companied by low ductilities. 

3. There are indications that loss in rupture ductility is frequently, 
associated with high notch sensitivity. Therefore, a heat treatment 
yielding high strength but low ductility may be unsuitable for severe 
service applications. 

For the present investigation two alloys have been selected, a low 
alloy chromium-molybdenum-vanadium steel and the precipitation. 
hardenable ferritic stainless steel 17-4PH. The general objective of 
the present work was to obtain more detailed information regarding 
conclusions 2 and 3 stated above. Specifically the investigation was 
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directed toward a determination of: (a) influence of normalizing 
temperature on both conventional (smooth) rupture properties and on 
notch-rupture properties, (b) influence of tempering temperature and 
time on smooth and notch rupture properties, (c) possible relationships 
between time-temperature dependent embrittlement observed in stress 
rupture tests and that produced by variations in heat treating pro- 
cedure, and (d) heat treatment conditions yielding optimum combina- 
tions of smooth strength and notch properties for severe service appli- 
cations. 
MATERIAL AND PROCEDURE 

The composition of 17—-22A(S) and 17-4PH is reported in 

Table I. Specimen blanks were cut from one inch diameter hot-rolled 


Table I 


Composition of Alloys Investigated 
Alloy Composition, percent 
¢ Cr Ni Mo Mn Si Fe Cu Others 
7-22 A(S) 0.33 1.23 0.23 0.53 0.57 0.68 Bal. 0.16 0.24 V 
7-4PH 


0.05 17.86 4.43 0.64 0.33 Bal. 3.91 0.36 Cb 


Table Il 


Heat Treating Schedule 
Alloy Austenitizing Tempering Tempering 
temperature, °F temperature, time, 
(Y% hr) — hr 
1722 A(S) 1650 1200 6 
1725 * 1200 6 
1850 1200 6 
1975 1200 6 
2075 1200 6 
2075—>1725 ** 1200 6 
1850—>1725 ** 1200 6 
1725 Room 
1725 800 6 
1725 1100 6 
1725 1100 20 
1725 1200 2 
1725 1200 6 
1725 1200 20 
1725 1300 0.5 
1725 1300 2 
1725 1300 6 
1725 1300 20 
17-4PH 1900 1000 0.5 
1900 1100 0.5 





* Conventional heat treatment 
** Double normalizing 








ind annealed bar stock and heat treated before machining. For each 
loy all specimens were made from the same heat. The heat treating 
schedule is shown in Table II. Normalizing was done in a circulating 
air furnace and specimens were air-cooled by scattering on the floor. 
It will be noted that two series of 17-22A(S) blanks were given 


2 The conventional heat treatment (1725 °F, % hour; 1200°F, 6 hours) referred to in 


this table is that used previously by the authors and is considered to be normal practice for 
17-22A(S). 
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“double normalizing” treatments which consisted of holding % hour 
at either 2075 or 1850 °F (1135 or 1010°C) and then furnace cooling 
to 1725 °F (940°C) and holding again for % hour. Tempering was 
also done in a circulating air furnace, the blanks being air-cooled from 
the tempering temperature. An additional series of tests not shown in 
Table II performed on 17-22A(S) consisted of a complete reheat 
treatment (1725 °F, % hour; 1200°F, 6 hours) after normalizing at 
2075 (1135 °C) and at 1850°F (1010 °C). 





~~ 








‘2 10.N.C. Thed. 


Notch Radius 
Less Than O.OOI inch 


(b) Notch Specimen 


Fig. 1—Stress Rupture Specimens. 


Notch and smooth specimens, Fig. 1, were tested for each co 
dition of heat treatment to establish the stress rupture strength ove 
the time range from approximately 0.1 to 1000 hours. All specimens « 
17-22A(S) alloy were tested at 1000°F (540°C), a temperature « 
practical importance for many applications. A series of test temper: 
tures, namely, 300, 450, 600, 700 and 800 °F (150, 230, 315, 370 an: 
425 °C) were employed for 17-4PH. Details of testing technique hav 
been adequately described elsewhere (12). Hardness values reported 
are the average of at least five readings taken on the ends of specimen 
blanks or on blanks of similar size after removal of the decarburized 
layer by flood grinding. Photomicrographs were obtained on sections 
cut from these blanks. 

The reduction of area after fracture was determined for both 
smooth and notch specimens and the values reported are referred to as 
smooth and notch ductility respectively. 


Resutts For 17-22A(S) 


The data relating to hardness and rupture strength of 17-22A(S) 
are assembled in Figs. 2 to 8. In representations of effects of either 
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Fig. 2—Hardness as a Function of Normalizing Temper- 
ature and Time for 17-22A (S) Tempered 1200 °F for 6 Hours. 
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Fig. 3—Hardness as a Function of Tempering Temperature and Time for 17- 
22A (S) Normalized 1725 °F for % Hour. 


tempering temperature or tempering time, the as normalized properties 
are plotted at room temperature or zero time, respectively. The effects 
of the heat treating variables on embrittlement as revealed by the notch 
test and the ductilities will be presented later. 

Hardness:—The influence of normalizing temperature and time 
on the hardness of specimens tempered 6 hours at 1200 °F (650 °C) is 
shown in Fig. 2. The hardness increases with normalizing temperature 
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Fig. 4—Smooth and Notch Rupture Strength for 17-22A (S) Normalized “% 
Hour at Several Temperatures and icnperel at 1200 °F for 6 Hours. 

up to a temperature of 1850°F (1010 °C) after which it remains con- 
stant. An increase in hardness with increasing normalizing time is 

noticeable only at a normalizing temperature of 1650°F (900°C). 
The influence of tempering temperature and time on the hardness 
of specimens normalized for % hour at 1725°F (940°C) is shown 
in Fig. 3. For temperatures between 800 and 1100°F (425 and 








1955 CR-MO-V AND CR-NI-CU STEELS 933 


Tested at |lOOO°F 














Rupture Strength, |000 psi 








i600—CsCd| 2000. ~=sé=*/ 
i800 2200 


Normalizing Temperature °F 


Fig. 5—Smooth and Notch Rupture 
Strength as a Function of Normalizing 
Temperature at Various Rupture Times 
for 17-22A (S) Tempered at 1200 °F for 
6 Hours. 


595 °C) the hardness is not affected by the time of tempering within 
the limits of test accuracy. In this temperature range there is a slight 
increase in hardness with increasing tempering temperature to a value 
of 39 Rockwell C at 1100°F (595°C). Above 1100°F (595°C) the 
hardness decreases rapidly with both increasing temperature and time. 

Effect of Normalizing Temperature on Rupture Strength:—The 
influence of normalizing temperature on smooth and notch rupture 
strength of specimens tempered at 1200°F (650°C) for 6 hours is 
shown in Fig. 4. In general, the time dependence of the notch effect is 
fundamentally similar to that reported previously for a number of 
alloys (12). At 1650°F (900°C) apparently no notch sensitivity 
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Fig. 6—Smooth and Notch Rupture Strength as a Function of Tempering 


Temperature at Various Times to Rupture for 17-22A (S) Tempered 6 and 20 
Hours Following Normalizing at 1725 °F for % Hour. 


would be observed at any time to rupture, since the strength curve: 
for the smooth and notched specimens become identical at rupture 
times longer than approximately 500 hours. At the higher normalizing 
temperatures a notch sensitivity is observed which increases in 
magnitude and extends to shorter rupture times as the normalizing 
temperature is increased. 

The data of Fig. 4 have been replotted in Fig. 5 against normaliz- 
ing temperature for several rupture times. This representation reveals 
several interesting facts. (a) At temperatures between 1650 and 
1725 °F (900 and 940°C) the notch strength remains practically con- 
stant while the smooth strength increases rapidly. (b) With further 
increase in normalizing temperature the notch strength decreases con- 
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Fig. 7—Smooth and Notch Rupture Strength for 17-22A (S) Tempered at 
1300 °F for Various Times After Normalizing at 1725 °F for % Hour. 


siderably to assume a constant value at normalizing temperatures be- 
tween 1850 and 1975°F (1010 and 1080°C). In this temperature 
range the smooth strength also remains practically constant. (c) If 
the normalizing temperature is further increased the smooth strength 
again increases and the notch strength decreases. 

Effect of Tempering on Rupture Strength:—The influence of 
tempering temperature on smooth and notch rupture strength of 
specimens normalized % hour at 1725°F (940°C) and tempered for 
6 and 20 hours respectively is shown in Fig. 6. The general trend of 
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Time at Various Rupture Times for 17-22A (S) Tempered at 1200 and 1300 °F 
After Normalizing at 1725 °F for % Hour. 


these curves is essentially the same for the two tempering times. With 
an increase in tempering time the curves are generally displaced to 
lower temperatures by approximately 70°F. In addition, the maximum 
in the notch strength becomes somewhat less pronounced. 

With increasing tempering temperature up to about 1200°F 
(650 °C) the smooth strength decreases at short rupture times but ap 
pears to increase slightly at longer rupture times. At tempering tem- 
peratures above 1200°F (650°C) the values decrease rapidly at all 
times to rupture. 

At times to rupture of 10 hours or longer the notch strength ex- 
hibits a maximum which appears to occur at a tempering temperature 
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of approximately 1250°F (675°C) for a 6-hour tempering and at 
1180 °F (640°C) for 20 hour tempering. These maxima become less 
pronounced as the rupture time approaches 1000 hours. 
The influence of tempering time was systematically investigated 
for material normalized % hour at 1725 °F (940 °C) tempered at 1200 
and 1300°F (650 and 705°C). The notch and smooth rupture 
strengths are shown in Fig. 7 for a tempering temperature of 1300 °F 
(705 °C), with tempering time as parameter. Notch sensitivity at this 
tempering temperature is observed only if the tempering time is short 
(2 hours). At longer tempering times the notch strength becomes ap- 
proximately equal to the smooth strength at extended rupture times. 
This is distinctly different from the behavior at the 1200 °F (650 °C) 
tempering temperature where notch sensitivity was encountered at all 
tempering times investigated (see Fig. 8). 
In order to more clearly define the influence of tempering time 
lata for 1300°F (705°C) tempering, Fig. 7, has been replotted in 
Fig. 8 as a function of tempering time for several times to rupture. 
\dded to this representation are the results obtained for 1200°F 
650°C) tempering at times between 2 and 20 hours. In general, the 
mooth strength decreases continuously with increasing tempering time 
it either tempering temperature, with the exception that at 500 and 
1000 hours to rupture a slight maximum occurs for approximately 6- 
our tempering at 1200°F (650°C). In every case the smooth 
trength is higher at 1200°F (650°C) than at 1300°F (705°C), 
lthough this difference is rather small for short tempering times at 
ng times to rupture. 
The notch strength at rupture times of 10 hours and over exhibits 
maximum which occurs at approximately 6 hours tempering at 
200 °F (650°C) and at approximately one hour tempering at 1300 °F 
705°C). The notch strength associated with short tempering times 
s higher for 1300°F (705°C) than for 1200°F (650°C) tempering 


it rupture times over 10 hours. 


RESULTs For 17-4PH 

The test results for 17-4PH have been assembled in Fig. 9. In 
der to more completely define the trend of the curves, room tem- 
perature tensile data has been appended. The effect of testing and tem- 
pering temperature on the embrittlement will be discussed later. 

Smooth and notch rupture strengths for specimens tempered at 
1000 and 1100 °F (540 and 595 °C) are shown in Fig. 9 as a function 
of testing temperature for several times to rupture. In contrast to the 
behavior of 17-22A(S) (12) the smooth strength of this alloy de- 
creases only slightly with increasing test temperature or rupture time 
in a temperature range, below 600 °F (315 °C) where the notch effects 
are observed. 


The smooth rupture strength also differs only slightly for the two 
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Fig. 9—Smooth and Notch Rupture Strength as a Function of Testing Tempera- 
ture at Several Rupture Times for 17-4 PH Tempered at 1000 and 1100 °F. 


tempering temperatures investigated. However, on tempering a 
1000 °F (540°C) this alloy becomes very notch sensitive while fo 


1100 °F (595°C) tempering the notch strength always remains highe 
than the smooth strength. 


EMBRITTLEMENT AND NotcuH SENSITIVITY 


It has been shown previously (11,14) that smooth ductility is no 
always an indicator of embrittlement which may be encountered unde 
severe service conditions. Therefore, in the following discussion bot! 
the ratio between the notch and smooth rupture strength (notc! 
strength ratio) and the notch ductilities are presented. For the pur 
poses of this discussion the alloy is said to be notch sensitive when th: 
notch strength ratio is less than unity. 

Effect of Normalizing Temperature for 17-22A(S):—Smoot! 
and notch ductilities and notch strength ratio are shown in Fig. 10. Th: 
smooth and notch ductilities, Fig. 10a, exhibit distinctly different 
trends at low normalizing temperatures and at short rupture times. 
Thus, smooth ductility decreases only slightly between normalizing 
temperatures of 1650 and 1975°F (900 and 1080°C), while notch 
ductility decreases rapidly in this temperature range. At longer rupture 
times both the smooth and notch ductilities exhibit essentially parallel! 
trends remaining practically constant between normalizing tempera- 
tures of 1850 and 1975°F (1010 and 1080°C) and then decreasing 
rapidly to extremely low values at 2075 °F (1135 °C). The trend of the 
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Fig. 10—Smooth and Notch Ductility and Notch Strength Ratio as 
a Function of Normalizing Temperature at Several Times to Rupture 
for 17-22A (S) Tempered at 1200 °F for 6 Hours. 


notch strength ratio agrees with that of the notch ductility and indicates 
that severe notch sensitivity is associated with normalizing tempera- 
tures above 1725 °F (940°C) even at 100 hours to rupture. 

Effect of Tempering Temperature for 17-22A(S) :—Smooth and 
notch ductilities and notch strength ratio are shown in Fig. 11 as a 
function of tempering temperature for tempering times of 6 and 20 
hours. 

Both notch and smooth ductilities, Fig. lla, exhibit essentially 
identical trends over the range of tempering temperatures investi- 
gated. Tempering for 6 hours at temperatures up to 1100 °F (595 °C) 
produces only a slight increase in ductility compared with the quite 
brittle as normalized condition. Between 1100 and 1200°F (595°C 
and 650°C) the ductilities increase rapidly, the curve for 20-hour 
tempering being displaced to lower temperatures. It is of interest to 
note that in the intermediate rupture time range the ductilities of the 
1300 °F (705 °C) temper are somewhat lower at the longer tempering 
time. However, at the longest rupture times the longer tempering time 
yields the highest ductility. 

The notch strength ratio, Fig. 11b follows the same general trend 
as the ductilities with the exception that a slight minimum appears at 
intermediate rupture times for 1100°F (595°C) tempering. In gen- 
eral, notch sensitivity is quite pronounced for tempering temperatures 
below 1100°F (595°C). Only the 1300°F (705°C) temper yields 
notch strength ratios of unity or above at the longest rupture times. 

Effect of Tempering Time for 17-22A(S):—Smooth and notch 
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_ Fig. 11—Smooth and Notch Ductilities, and Notch Strength Ratio as 
a Function of Tempering Temperature at Several Rupture Times for 17- 
22A (S) Tempered for 6 and 20 Hours After Normalizing at 1725 °F for 
Y% Hour. 


ductilities and notch strength ratio are shown in Fig. 12 as functions 
of tempering time for tempering temperatures of 1200 and 1300°F 
(650 and 705°C). At either tempering temperature the notch and 
smooth ductilities, Fig. 12(a), exhibit essentially the same trends. 
For 1200°F (650°C) tempering the ductilities continuously increase 
with increasing tempering time. For 1300°F (705°C) tempering the 
ductilities reach maxima at a tempering time of approximately 2 hours. 
These maxima fade out with increasing time to rupture and at 1000 
hours to rupture the ductility of the 2 hour temper is considerably 
below that obtained by either 6 or 20 hours tempering. In general, the 
data reveal that pronounced improvements in ductility can be obtained 
by tempering for a relatively short time at 1300°F (705 °C). 

The notch strength ratios, Fig. 12b, essentially parallel the 
ductilities. A great reduction in notch sensitivity with increasing tem- 
pering time is evident at a rupture time of 100 hours. However, at the 
longest rupture time only small gains in notch strength ratio can be 
obtained by increasing the tempering time over 4% hour for 1300°F 
(705 °C) tempering and over 6 hours for 1200°F (650°C) tem- 
pering. 
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Effect of Tempering Temperature and Test Temperature for 
/-4PH :—The smooth ductilities * and the notch strength ratios of 
7-4PH are shown in Fig. 13 as a function of testing temperature for 
empering temperatures of 1000 and 1100°F (540 and 595°C). In 
reneral at either tempering temperature the smooth ductility decreases 
rapidly in a restricted range of test temperatures. While the data for 
1000°F (540°C) tempering is insufficient to clearly define the limits 
of this range, it is apparently displaced to higher testing temperatures 
when the tempering temperature is raised to 1100°F (595°C). At 
either tempering temperature the ductility exhibits a minimum which 
becomes more pronounced and shifts to lower test temperatures as the 
rupture time increases tempering at 1100 °F (595 °C) results in a more 
ductile condition than tempering at 1000°F (540°C). 

The notch strength ratios, Fig. 13b, follow the general trend of 
the smooth ductilities and clearly illustrate the high notch sensitivity 
associated with 1000°F (540 °C) tempering. 

The general behavior of the smooth ductility and notch strength 


% The notch ductilities are not shown because in many cases the values are extremely low 
and therefore do not define curve trends as well as the smooth ductilities, 
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Fig. 13—Smooth Ductility and Notch Strength Ratio as a 
Function of Testing Temperature at Several Rupture Times for 
17-4PH Tempered at 1000 and 1100 °F. 


ratios discussed above is essentially similar to those observed fi 
17-22A(S) tested at temperatures between 600 and 1300 °F (315 an 
705°C) (13) and indicate a precipitation reaction is associated wit 
the notch weakening. However, 17-4PH differs from 17-22A(S) i 
that notch sensitivity is observed at considerably lower test tempera 
tures and at a temperature (600°F) where the smooth strength | 
practically time independent. 


DISCUSSION OF RESULTS 


In the following discussion an attempt will be made to analyz 
those structural factors dependent on heat treating which influenc: 
ductility and notch sensitivity of 17-22A(S). 

Normalizing :—In order to determine grain size and observe the 
carbide structure, metallographic examinations were made of the as 
received (annealed) material and tempered structures produced after 
normalizing at various temperatures. It is recognized that small 
changes in carbide structure can influence creep properties and that 
such changes are difficult to detect using conventional metallographic 
procedures. However the photomicrographs in Fig. 14, reveal the fol- 
lowing: (a) The annealed structure consists of agglomerated carbides 
which are primarily concentrated in the grain boundaries (b) A con- 
tinuous increase in the austenitic grain size occurs with increasing 
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Fig. 14—Structures for 17-22A (S) as Received and Those Obtained by Normalizing 
at Various Temperatures for One-Half Hour and Tempering 1200 °F for 6 Hours. (a) As 
received annealed. X 1500; (b) Normalized 1650 °F. X 500. ASTM No. 8; (c) Normalized 
1725 °F. X 500. ASTM No. 8; (d) Normalized 1850 °F. X 500. ASTM No. 7; (e) Nor- 
ee wife °F. X 500. ASTM No. 5 and >1; (f) Normalized 2075 °F. X 500. ASTM 

o. 3 and >1. 
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normalizing temperature above 1725°F (940°C) (c) Exaggerated 
austenite grain growth begins, at 1975 °F (1080 °C) and is quite pro- 
nounced at 2075°F (1135°C) (d) The carbide particles become 
smaller and more uniformly distributed as normalizing temperature is 
increased. 

It does not seem likely that the rather complex shape of the curves 
for the smooth strength, ductility and notch strength ratio, Figs. 5 and 
10, could be explained solely by the changes in austenitic grain size 
associated with increasing the normalizing temperature. Referring to 
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Fig. 15—Smooth and Notch aepee Strength for 17-22A (S) Heat 

Treated at 1850 or 2075 °F for % Hour, Furnace Cooled to 1725 °F and 


a for % Hour and then Air Cooled. All specimens tempered 1200 °F for 
6 hours. 


Fig. 5 the smooth strength at long times to rupture is practically inde 
pendent of normalizing temperature between 1725 and 1975°F (940 
and 1080°C), even though the structures exhibit a large difference in 
grain size. However, the increase in smooth strength at 2075 °F 
(1135 °C) may be associated with exaggerated austenite grain growth 
which is very pronounced at this temperature. Regarding the ductilities 
and the notch strength ratios, Fig. 10, it is likewise observed that these 
values remain constant over a range of normalizing temperatures (1850 
to 1975 °F) which yield appreciable changes in grain size. 

In an attempt to further evaluate the role of grain size, two addi- 
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tional series of tests were made in which specimens were held at 2075 
or 1850°F (1135 or 1010°C) for one half hour, furnace-cooled to 
1725 °F (940 °C), held for one half hour, air-cooled, and tempered at 
1200 °F (650°C) for 6 hours. This double normalizing was designed 
to produce the same grain size, but different carbide structures than 
obtained by single normalizing at 1850 or 2075 °F (1010 or 1135 °C). 
These results, Fig. 15, show the 2075 °F/1725 °F (1135 °C/940 °C) 
normalizing yields higher smooth strength than obtained by either the 
conventional treatment or the 1850°F/1725°F (1010°C/940 °C) 
normalizing. This might be explained in part by exaggerated austenitic 





Fig. 16a—Structures for 17-22A (S) normalized 1725 °F for % Hour and Tempered 


4/2 


at 1300 °F for 2 Hours. 


Fig. 16b—Structures for 17-22A (S) Normalized 1725 °F for % Hour and Tempered 
at 1300 °F for 20 Hours. 


grain growth at 2075°F (1135°C). The notch strength of the two 
double normalized structures is identical within the limits of scatter 
in spite of large grain size differences. Generally, the values are lower 
than those obtained by the conventional treatment and this difference 
may be associated with differences in carbide structure. 

It is felt that grain size plays a minor role in determining rupture 
strength and ductility except where exaggerated austenite grain 
coarsening occurs. It is assumed that the carbide structure is of prime 
importance at normalizing temperatures below which there is incom- 
plete carbide solution. According to Fig. 14, the solution. of carbides 
present in the annealed structure does not approach completion until 
normalizing temperatures are reached which produce rapid austenite 
grain coarsening. Regarding the influence of the carbide structure, 
it is assumed that the strength of the grains is increased with increasing 
normalizing temperature due to better carbide solution and distribu- 
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tion. This increase in the strength of grains surrounded by relatively 
brittle carbides should result in decreased ductility. Superimposed to 
this effect is solution of these brittle grain boundary carbides with in- 
creasing normalizing temperature which would be expected to raise 
the ductility. These counteracting effects should be considered in an 
explanation of the rather complex trends of the curves shown in Figs. 
5 and 10. 

Tempering :—Metallographic examination was made of structures 
produced by tempering for various lengths of time at 1300 °F (705 °C) 
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Fig. 17—Smooth Ductility as a Function of Tempering 
Time a 17-22A (S) Tempered at Various Temperatures Fol- 
lowing Normalizing at 1725 °F for % Hour. 


following normalizing at 1725°F (940°C) for one-half hour. The 
only definite effect of tempering time was a progressive spheroidization 
of the matrix carbides. Thus, the structure tempered for only 2 hours, 
Fig. 16a appears to show very little spheroidization compared with 
that tempered for 20 hours, Fig. 16b. It might be expected that if this 
were the only structural change the ductility would increase contin- 
uously (to some limiting value) with increasing tempering time. How- 
ever, referring to Fig. 12 at intermediate rupture times the more com- 
pletely spheroidized structures show decreasing notch and smooth 
ductility and decreasing notch strength ratio. The conclusion therefore 
can be reached that some additional structural change occurs during 
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tempering which reduces the ductility and decreases the notch strength 
ratio. 

According to previous investigations (12,13) a time-temperature 
dependent notch sensitivity is developed in this alloy given the con- 
ventional heat treatment when tested over a wide range of tempera- 
tures. It was postulated that this phenomena is associated with a pre- 
cipitation of carbide from ferrite which occurs during the creep test. 
Further evidence for carbide instability in molybdenum steels was fur- 
nished by Bowman (15). It was shown that after quenching followed 
by tempering at low temperatures molybdenum is mostly in solid 
solution but reverts to carbide on raising the tempering temperature. 


This observation further indicates a precipitation may occur during 
the tempering of 17-22A(S). 
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Fig. 18—Smooth Ductility as a Function of Rupture Time at Sev- 
eral Test Temperatures for 17-22A (S) Conventionally Heat Treated. 


In this connection it is interesting to compare the data obtained 
by tempering various lengths of time at 1200 and 1300°F (650 and 
705 °C) and testing at 1000 °F (540 °C) with that obtained by rupture 
testing the conventionally heat treated material in the same range of 
temperature. For the purposes of this comparison the smooth ductility 
has been selected since it is subject to considerably less scatter than 
the notch ductility but has been shown (in this case) to follow closely 
the trend of the notch ductility and notch strength ratio. 

The smooth ductility at 50 hours to rupture is shown in Fig. 17, 
as a function of tempering time for 1200 and 1300°F (650 and 
705 °C) tempering temperatures.* Results of additional tests for ex- 
tended tempering times have been added to these curves. The smooth 
ductility as a function of rupture time with testing temperature as a 
parameter is shown in Fig. 18 for conventionally heat treated material. 
It can be seen from Fig. 17 that ductility minima develope on temper- 
ing the alloy at either 1200 or 1300°F (650 or 705°C) and that the 
minima shift to longer times with a decrease in tempering temperature. 
Corresponding minima also occur if the alloy is tested in stress rupture 
at these temperatures, Fig. 18. The presence of such minima can be 


‘For these tempering temperatures the effects of subsequently testing for 50 hours at 
1000 °F should negligibly influence the structure. 
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taken to indicate that an embrittling precipitate takes place during 
either tempering or rupture testing. Comparing Figs. 17 and 18 it is 
seen that the presence of stress accelerates the precipitation and in- 
creases the magnitude of embrittlement. At sufficiently long testing or 
tempering times agglomeration of the precipitate occurs and the ductil- 
ity recovers. 

Some insight into the effects of this precipitation on the smooth 
strength may be gained from an examination of the relation between 
smooth strength and the hardness of structures produced by temper- 
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Fig. 19—Smooth Strength as a Function of Hardness at Sev- 


eral Rupture Times for 17-22A (S) Normalized at 1725 °F and 
Tempered at 1200 and 1300 °F. 


ing for various times at 1200 and 1300 °F (650 and 705 °C). This re- 
lation is shown in Fig. 19 with time to rupture as a parameter. It is 
assumed that the hardness is influenced only by the progressive 
spheroidization of the carbides formed on normalizing and that little 
spheroidization of these carbides occurs during rupture testing at 
1000°F (540°C). This latter assumption is supported by metal- 
lographic evidence and by hardness data previously presented (13). 
[t will be noted, Fig. 19, that the smooth strength increases continuously 
with increasing hardness for times to rupture up to 100 hours. In this 
range it can be assumed that changes in the strength are due to the 
same factors affecting the hardness, namely the degree of spheroidi- 
zation of the carbide structure due to tempering. At longer rupture 
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times (500 and 1000 hours) the curves level out at high hardnesses. 
This behavior may be associated with appearance of the previously dis- 
cussed embrittling precipitate. Such a precipitation would be expected 
to occur at long rupture times at 1000 °F (540°C) (see Fig. 18), for 
those structures tempered for short times and therefore incompletely 
precipitated during tempering. Also, as might be expected the effects 
of the precipitate are more pronounced for the lower tempering tem- 
perature. 

Apparently the embrittling precipitate does not influence the 
smooth strength when it occurs during tempering but adversely affects 
the rupture life when it occurs during the creep test. 





© 1.6 
° 
© 1.4 Normalizing 
£ Temperature 
1.2 
é. 
2 
nH '.0 
£ 
= 08 
° 
2 
0.6 
° 
= 4 
So 
. ies 
G 
ae ee 
= Reheat Treated and Conventional 
£ 0.9 
°o 
= 0.8 
w | lO 100 1000 


Rupture Time, hrs 


Fig. 20—Comparison of Smooth Strength and Notch 
Sensitivity Developed by Various Normalizing Temper- 
atures for 17-22A (S) Tempered 1200 °F, 6 Hours. 


SIGNIFICANCE OF RESULTS 


The results presented in this paper indicate that rather small 
variations in the normalizing and tempering procedure considerably 
influence the creep embrittlement and notch sensitivity of both 
17-22A(S) and 17-4PH. Notch sensitive structures, even though pos- 
sessing high smooth strength, may not be suitable for severe service 
applications which involve embrittling factors such as high stress con- 
centrations, vibratory stresses, etc. 

It now appears possible'to arrive at recommendations (for rupture 
times up to 1000 hours) regarding optimum heat treatment procedures 
designed to reduce embrittlement and notch sensitivity and involving 
a minimum sacrifice in smooth strength. In the following section the 
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various heat treatments will be compared regarding their effects on 
smooth strength and notch strength ratio and an attempt will be made 
to indicate the practical significance of the results. 

Normalizing of 17-22A(S):—Notch strength ratios are plotted 
against the rupture time in Fig. 20 for several normalizing tempera- 
tures. Added to this representation is the ratio of the smooth strength 
produced by a given normalizing temperature to that obtained with the 
conventional heat treatment (smooth strength ratio). This representa- 
tion indicates that while an appreciable improvement in smooth 
strength can be obtained by raising the normalizing temperature, this 
is accompanied by very low notch strength ratios. On the other hand, 
lowering the normalizing temperature to 1650°F (900°C) results in 
from 11 to 13% loss in smooth strength at the longer rupture times 
but does not yield a notch sensitive structure. 

The problem of embrittlement at high normalizing temperatures 
was found to be particularly important in certain fabricating operations 
involving copper brazing or Nicrobrazing of 17-22A(S). Standard 
production procedures often involve air (or atmosphere) cooling (i.e 
normalizing) from a continuous brazing furnace followed by temper 
ing. For example, experimental hollow blades for an air-cooled ga 
turbine brazed at temperatures somewhat over 2000 °F (1095 °C) an: 
tempered 6 hours at 1200 °F (650°C) possessed poor operating char 
acteristics which were attributed to the extremely high notch sensitivit) 
of this material condition. 

In order to determine whether high brazing (normalizing) tem 
peratures alone would permanently damage the alloy, a series of test 
were made on specimen blanks normalized at 2075 or 1850 °F (1135 o1 
1010°C) and subsequently renormalized at 1725°F (940°C) fol 
lowed by tempering at 1200°F (650°C) for 6 hours. Data obtain« 
for these reheat treated conditions, Fig. 20, indicate that the smoot! 
strength is reduced to the value associated with the commercial hea' 
treatment. On the other hand, the notch sensitivity is considerably ré 
duced by reheat treatment and identical notch strength ratios are ob 
tained for either 1850 or 2075°F (1010 or 1135°C) normalizing. 
However, the trend of the notch strength ratio curve for the reheated 
condition in Fig. 20 indicates some permanent damage is associated 
with normalizing at these high temperatures, the magnitude of which 
increases with increasing rupture time. As might be expected turbine 
blades reheat treated in this manner show improved engine perform- 
ance, 

Tempering of 17-22A(S):—For the purposes of comparison the 
notch strength ratio and the ratio of the smooth strength of the as- 
normalized condition to the smooth strength obtained by several tem- 
pering treatments (referred to as the smooth strength ratio) for 17- 
22A(S) is shown in Fig. 21 as a function of rupture time. From this 
representation it is seen that the as-normalized material possesses the 
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Fig. 21—Comparison of Smooth Strength and Notch Sensitivity Developed 

by Verlous Tempering Treatments for 17-22A (S) Normalized at 1725 °F, % 
our. 


highest smooth strength except at the longest rupture times where the 
conventionally heat treated specimens are slightly stronger. The as- 
normalized condition, however, is extremely notch sensitive even at 
10 hours to rupture. 

Increasing the tempering temperature or the tempering time com- 
pared with the conventional heat treatment results in a decrease in the 
smooth strength but reduces notch sensitivity. If the tempering time 
at 1200°F (650°C) is increased from 6 to 20 hours the smooth 
strength decreases on the average approximately 17%. The 1000 hour 
notch strength ratio increases from 0.84 to 0.90. 

By short time tempering at 1300°F (705°C) structures can be 
produced which have reduced notch sensitivity and suffer relatively 
small losses in smooth strength compared with the conventional heat 
treatment. Thus, tempering one-half hour at 1300°F (705°C) yields 
a 5 to 6% decrease in smooth strength but shifts the time of onset of 
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Fig. 22—Smooth and Notch Strength for sunpetiog Temperatures of 1000 
and 1100 °F at Various Times to Rupture and at Several Testing Temperatures 
for 17-4 PH. 


notch sensitivity from 100 to approximately 250 hours and increase: 
the notch strength ratio at 1000 hours to rupture from 0.84 to 0.92 

Increasing the tempering time to 2 hours at 1300 °F (705°C) re 
sults in smooth strengths approximately 15% lower than the con 
ventionally heat treated material but no notch sensitivity at any of the 
rupture times investigated. Tempering for 20 hours at 1300°F 
(705 °C) greatly reduces the smooth strength compared with the con- 
ventional treatment and results in lower notch strength ratios at inter- 
mediate rupture times than obtained for a tempering time of 2 hours. 

From consideration of this data it appears complete freedom from 
notch sensitivity cannot be obtained without some sacrifice in smooth 
strength. Minimum notch sensitivity coupled with minimum reduction 
in smooth strength is associated with short tempering times at 1300 °F 
(705 °C). 

A practical example of the beneficial effects of raising the temper- 
ing temperature is furnished by tests on the previously mentioned ex- 
perimental hollow turbine blades. Due to permanent damage introduced 
by brazing and to the severity of operating conditions it was found 
extremely beneficial to raise the tempering temperature to 1300°F 
(705 °C) in order to obtain maximum ductility. 
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Tempering of 17-4PH :—Surprisingly large effects of tempering 
temperature are noted in Fig. 22 for 17-4PH. In this representation 
the notch and smooth strength are plotted against the tempering tem- 
perature for several rupture times. At test temperatures over 300 °F 
(150°C) the notch strength is considerably increased by raising the 
tempering temperature to 1100°F (595°C). This increase is accom- 
panied by some loss in smooth strength but the structures produced are 
much less notch sensitive. For example the 1000-hour smooth strength 
at 800 °F (425°C) decreases about 17% while the notch strength ratio 
increases from 0.80 to 1.2. 


CONCLUSIONS 


On the basis of this investigation the following tentative con- 
clusions may be drawn: 

1. Notch sensitivity and creep embrittlement of 17-22A(S) and 
17-4PH are greatly influenced by variations in heat treatment. 

2. Notch sensitivity and creep embrittlement of 17-22A(S) is in- 
creased by normalizing at temperatures above 1725°F (940°C) and 
reduced by normalizing at lower temperatures, but with some loss in 
smooth strength. 

3. Embrittled structures produced by normalizing at high tem- 
peratures may be appreciably improved by a renormalizing treatment 
at a lower temperature without adverse effects on the smooth strength. 

4. Increasing the tempering temperature for either alloy reduces 
notch sensitivity with an attendant loss in smooth strength. 

5. For 17-22A(S), the tempering treatments yielding lowest 
notch sensitivity and involving minimum reduction in smooth strength 
may be obtained by tempering at relatively high temperatures for short 
times. 

6. Creep embrittlement and notch sensitivity of 17-22A(S) nor- 
malized at high temperatures are primarily associated with the car- 
bide structure. 

7. Carbide precipitation from ferrite can occur either during tem- 
pering or during creep testing. If the precipitate occurs during testing 
its effects on the embrittlement and notch sensitivity are considerably 
larger than if it occurs during tempering. 


8. The smooth strength is affected only if the precipitate occurs 
during testing. 
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DISCUSSION 


Written Discussion: By A. J. Herzog, Materials Laboratory, Wright 


Air Development Center, Wright-Patterson Air Force Base, Ohio. 


This investigation is considered an unusually valuable contribution toward 


the solution of embrittlement problems in materials. Embrittlement is caused 
by two primary influences, first the problem of the metallurgical variations and 
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second the analytical mechanics problem of stress-strain-time relationships. 
Important metallurgical changes occur when materials are exposed to tempera- 
ture and time and within a rather narrow range of heat treatment temperatures 
and times these variations have a marked effect on mechanical properties, al- 
though previous microstructure investigations have shown little evidence of 
metallurgical changes. The metallurgical investigation presented shows that 
optimum mechanical properties can be obtained by proper heat treatment. It is 
apparent from the information presented that when these optimum properties 
were obtained metallurgical changes were effectively reduced and the material 
remained stable for the test times and temperatures investigated. 

If the authors’ method of approach to the selection of heat treating pro- 
cedures can be extended for a wide range of material types, more definitive 
materials could be obtained which in turn would justify the selection of more 
accurate design factors. The method of approach presented in this paper is con- 
sidered to be a guide for the determination of optimum properties for all heat 
treatable alloys. The possibility of defining detailed heat treatments for aircraft 
and engine structural materials, to reduce load-time dependent failures as indi- 
cated by the experimental data presented, is considered a significant contribution 
in the advancement of materials science. 

Present stress analysis methods assume that a material remains stable 
during test. Although this stability may not be required for structural appli- 
cations, stability for a given test time is essential for the solution of the stress 
analysis problems encountered in all time dependent tests. Although the notched 
specimen geometry adopted for this investigation was satisfactory for definition 
of optimum metallurgical treatment, it is recommended that future work be 
lone on specimens which are more suitable for stress analysis purposes. Ac- 
cording to the Davis and Manjoine, ASTM Preprint 78, 1952, a root radius of 
0.005 inches is considered a minimum value for very carefully machined notches. 
Machining variations are magnified in the preparation of sharp notches, re- 
sulting in varied amounts of cold working and residual stresses. These unde- 
sirable machining variables are aggravated by unavoidable misalignment 
during test. Therefore a minimum root radius of 0.020 inches is recommended 
for general use. If the specimen used in this investigation were changed to a 
specimen with 0.020 inch root radius maintaining the same unnotched to notched 
area relationship, an outside diameter of about 0.600 inches would be required to 
give a theoretical notch factor greater than 3.0. A theoretical notch factor of 
3.0 to 3.5 is considered to be high enough to produce severe notch conditions and 
very little difference in trends of test results is likely to occur with higher notch 
factors. Also, the stress concentration effect of the specimen shoulders will 
influence test results with a specimen having a short gage length. It is desirable 
to have a distance of at least four times the root diameter between the edge of 
the notch and the beginning of the shoulder fillet. 

It is expected that the solution of metallurgical problems as presented in 
the paper will also contribute to a better understanding of creep and relaxation, 
especially for notched material, and will help in the investigation of fatigue at 
elevated temperatures. Generally the stress analysis problems involved in all 
these fields are basically similar and their solution will probably be attacked 
with success from a common physical base such as the one presented by the 
authors. The presentation shows also that the recommendations for the heat 
treatment of materials should be made carefully when the application in air- 
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craft design is involved where the safety factors have to be kept extremely small 
for weight saving purposes. These heat treatment recommendations for the 
various cases of application should be based on more elaborate investigations 
to cover accurately the behavior of the materials for the variations in normal- 
izing, tempering and other heat treatment procedures. 


Authors’ Reply 


The authors wish to thank Dr. Herzog for his valuable discussion which 
clearly recognizes that high temperature embrittlement of steels is often associ- 
ated with structural factors that may be subject to control through proper heat 
treating technique. 

Dr. Herzog recommends that the notch radius be increased to 0.020 inch 
and the outside specimen diameter to 0.600 inch. This would result in a decrease in 
the notch sharpness (ratio of one-half the notch diameter to the root radius) from 
the present value of 150 to approximately 11 and a consequent reduction in the 
stress concentration factor. The authors agree that such a change would assist 
in the analysis of the stress distribution. However, previous experience *’, indi 
cates that a specimen having a notch sharpness of 11 would not reveal inherent 
notch sensitivity in many high temperature alloys. In order to obtain an indi 
cation of material stability and notch sensitivity in service, the most sever: 
stress concentration possible must be incorporated into the laboratory test. Thi 
is necessary because often the material in service is subject to a combination « 
loading conditions resulting in even more severe embrittlement than introduce 
by the sharpest notch in a test specimen. 

The authors recognize that unintentional variations in machining practi 
will introduce variations in the notch properties. However, the notch radius 
these investigations has been held within close limits, and it should be r: 
membered that the notch strength varies progressively more slowly with i 
creasing notch sharpness as the notch sharpness increases beyond that vali 
producing maximum notch strength. Variations in the residual stresses, t! 
amount of cold at the notch root, or for that matter in the notch radius 
significant, would be expected to result in scatter of the notch strength valix 
However, in these investigations, the scatter of the notch strength has been ve: 
little more than that encountered for the smooth strength. 

It appears that the necessity for a sharp notch has been emphasized by on! 
a few investigators, but that the problem of producing such a specimen hz 
been emphasized by many. In the authors’ experience the production of sha: 
notches having close tolerances is no more costly or difficult than the productio: 
of mild notches in the same material. 


1W. F. Brown, Jr. and G. Sachs, “Notch Sensitivity at High Temperatures Evaluated, 
Iron Age, March 20, 1952, p. 91-95. 

2G. Sachs, W. F. Brown, Jr. and D. P. Newman, “Die Wirkung von Spannungskonze: 
trationen auf die Zeitstandfestigkeit der Werkstoffe,”’ Zeitschrift fur Metallikunde, Vol. 44, 1953, 


p. 233-239 








THE EFFECT OF TIME AND TEMPERATURE ON 
VARIOUS MECHANICAL PROPERTIES DURING 
STRAIN AGING OF NORMALIZED LOW 
CARBON STEELS 


By F. GAROFALO AND G. V. SmITH 


Abstract 


The effect of aging time and temperature after plastic 
straining in tension or compression on the notch-impact tran- 
sition temperature range, yield strength, tensile strength and 
hardness has been investigated for three low carbon steels in 
the normalized condition. 

The notch-impact results, which include aging times up 
to several years and exposure temperatures between 75 and 
1200 °F, reveal little difference between a steel made by the 
liquid metal practice and deoxidized with silicon and alumi- 
num and a capped open hearth steel in the maximum shift of 
the transition temperature range after straining in tension 
and aging at 75 or 450 °F, whereas a capped bessemer steel 
shows an appreciably greater shift. Stress relief treatment at 
900 or 1200 °F has little effect on the transition temperature 
range of strain-aged steels. Prestraining in compression fol- 
lowed by aging at 75 or 450 °F has an effect on the transition 
temperature range similar to that of prestrain in tension fol- 
lowed by aging at these temperatures. 

After prestraining in tension and aging at 75°F the 
changes in yield and tensile strength indicate that the steel 
made by the liquid metal process deoxidized with silicon and 
aluminum ages less rapidly and to a lesser degree than open 
hearth and bessemer capped steels. The change in yield 
strength is found to increase at a faster rate than the change 
in tensile strength. 

Following prestraining in compression and aging at 
75°F, an upward shift in the tensile flow curve ts found, indi- 
cating a hardening effect, without the return of discontinuous 
yielding. The yield point behavior returns upon aging at 
450 °F. 

The effect of prestraining in tension and aging at 75 
and 450 °F on hardness has been studied and it is found that 
no over aging is encountered even when exposure 1s extended 
to over two years. The change in hot hardness with tem- 
perature between 75 and 500°F and the change in hardness 





The authors, F. Garofalo and G. V. Smith, are associated with the United 
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at temperature with aging time at 200, 250 and 300 °F have 
been investigated. 

Various theories of strain aging and the effect of re- 
covery during strain aging are discussed. 


INTRODUCTION 


I'TH reference to mild steel, the term “strain aging” designates 

any change in properties which occurs after deformation and 
upon aging at temperatures ranging from approximately 500°F 
(260°C) to subatmospheric. Above 500°F the changes caused by 
relaxation or recovery, carbide spheroidization, and possibly recrys- 
tallization, may mask, if not actually overshadow changes caused by 
strain aging. For practical reasons, however, it is important to in- 
vestigate the effect of temperature beyond 500 °F to ascertain the use- 
fulness of initial or interim stress relief in eliminating strain aging 
effects. 

The changes in mechanical properties caused by straining and 
aging at temperatures in the neighborhood of 500°F, or below, have 
been studied extensively (1-15). The results indicate that the effects 
of strain aging on the various mechanical properties may differ 
widely, depending upon such variables as chemical composition, metal- 
lurgical structure and prior thermal history, aging time and tempera- 
ture, and type of prestrain. It would seem, therefore, that a better un- 
derstanding of the mechanism of strain aging requires a comprehensive 
investigation which will clearly show the effect of these, and possibly 
other variables, upon many different mechanical properties during 
aging. 

In the present investigation, a study has been made of the strain 
aging characteristics, following both tensile and compressive pre- 
strains, of three low carbon steels in the normalized condition. Notch- 
impact tests covering the transition range, tensile tests at room tem. 
perature, and hardness tests at room and at elevated temperatures 
were included in the testing program. Aging at 75 and 450°F 
(24 and 230 °C) was extended to several years. Hot hardness measure- 
ments (16) were made up to 500°F (260°C). The effect of stress 
relief at 900 and 1200 °F (480 and 650°C) was also investigated. 


MATERIALS 


The identification, type, chemical composition, and grain size 
after normalizing of the three steels investigated are presented in 
Table I. Steel A was made by the liquid metal practice and was 
deoxidized with silicon and aluminum. Steels B and C are capped 
open-hearth and bessemer steels, respectively, and are essentially not 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 
Description of Steels 
: *—————— Chemical Composition Per Cent-————, Grains 
Steel Melting Practice Cc Mn P S Si Al(a) N (a /mm? 

A Liquid Metal- 0.25 0.56 0.017 0.028 0.13 0.013 0.011 75.0x10? 

Deoxidized with 

Silicon and 

Aluminum 
B Sees 0.07 0.43 0.006 0.026 0.007 0.005 0.005 34.5x10? 

appe 

C  Bessemer- 0.08 0.47 0.075 0.032 0.012 0.006 0.016 29.5x10? 

Capped 


(a) Acid Soluble 


deoxidized. In addition to the differences in extent of deoxidation, 
and the differences in phosphorus and nitrogen contents related to 
steelmaking practice, there is a considerable difference in carbon con- 
tent of these steels. 

Steel A was received in the form of hot-rolled seamless pipe of 
0.377 inch wall thickness and 4.5 inch outside diameter. Steels B and C 
were received in the form of hot-rolled buttwelded pipe of 0.300 inch 
wall thickness and 3.0 inch outside diameter. In order to provide a 
comparable initial structure these steels were normalized by heating 
to 1650°F (900°C), holding for % hour at temperature and air 
cooling. 

Test PROCEDURES 
Prestraining and Aging of Test Steels 


For each of the three steels, strips were cut from 21 inch long 
pipe sections and normalized as described above. These strips were 
subsequently machined to a width of 1 inch and a thickness of 4 inch. 
Gage marks at 1 inch intervals were scribed along the length of each 
strip; the distance between marks was then measured to the nearest 
0.01 inch. These strips were loaded in tension until a permanent strain 
of 10% was obtained. After straining, a survey of the distances be- 
tween gage marks revealed that the maximum variation from 10% 
strain for any strip was + 1.0%. These strips were held at 75, 450, 
900 and 1200°F (24, 230, 480 and 650°C) for various intervals up 
to a maximum of 25 & 103 hours at both 75 and 450°F, and for 10 
hours at 900°F (480°C) and 2 hours at 1200°F (650°C). Longer 
times at the latter two temperatures could not be studied owing to ex- 
haustion of the test stock. 

To study the effect of prestraining in compression, several nor- 
malized pipe sections 9 inches in length were compressed 10% and sub- 
sequently aged at 75 and 450°F. The compression tube specimens 
were machined with parallel, surface-ground ends. Gage marks at 
1 inch intervals were placed along the length at three positions around 
the circumference at 120-degree intervals. Although bulging was en- 
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countered during prestraining, notch-impact and tensile specimens 
were machined from wall sections which were essentially straight and 
exhibited between 9 and 11% strain in compression. 

To determine the change in hardness, measured at 75 °F, during 
aging of prestrained normalized material, tensile bars with a 4 inch 
long, % inch wide and %¢@ inch thick reduced section were polished 
on one face. Diamond pyramid hardness was determined on one end, 
the specimen then strained 10% in tension, repolished and the hard- 
ness determined within the reduced section. These specimens were 
then aged for various periods at 75 and 450 °F and hardness determi- 
nations made again within the reduced section. At least five hardness 
impressions using a 20-kilogram load were made initially and after 
each aging interval. 

To determine the effect of straining in tension on tensile prop- 
erties, specimens were machined from normalized stock and strained 
10% in tension before aging. Exposure of these specimens at 450 °F 
(230°C) for periods up to 10* hours was carried out in air, but at 
900 and 1200°F (480 and 650°C) the specimens were placed in a 
closed container packed with cast iron chips. Upon removal from the 
container the specimens exhibited a bright surface. For aging times 
greater than 10% hours, at both 75 and 450 °F (24 and 230 °C), tensil: 


specimens were machined from the 21 inch long, prestrained strips. 


Impact Tests 


Because of the thin pipe wall it was impossible to obtain an impac 
specimen of standard ASTM dimensions. All dimensions of the speci 
men employed were the same as those of the standard V-notch speci 
men, except in the width direction (parallel to the notch axis) whic! 
was % that of the standard dimension. These specimens were ol 
tained from all blanks so that the specimen axis was parallel to th 
axis of the original pipe and the notch axis was normal to the pip 
surface. 

In determining the impact transition temperature range, thre: 
specimens were tested at each test temperature. In most cases six 
temperatures were employed, although on a few occasions five differ- 
ent temperatures adequately bracketed the transition range. The speci 
mens were held at the test temperature at least 15 minutes. The tran- 
sition temperature was taken arbitrarily as the temperature corre- 
sponding to 10 ft-lb energy absorption as read from the curve through 
averages of the triplicate test results, and is thus a measure of the 
so-called ductility transition. 


Tensile Tests 


Two tensile specimens were tested for each aging time investi- 
gated. These specimens were machined with a reduced section 1.88 
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; Fig. 1—Effect of Straining in Tension and Aging at 75 °F on Impact Resistance- 
Temperature Curves. 


inch long and 0.1250 inch in diameter and threaded ends 14 inch long 
and '%4 inch in diameter. A load-extension record was obtained using a 
Selsyn motor, one inch gage length, averaging extensometer giving 
a X40 magnification in extension on the recorder. Autographic rec- 
ords during prestraining were made as well as during retesting after 
aging. Values of the load at the end of the prestrain and after a 0.2% 
strain on subsequent retesting were determined from the autographic 
record. The maximum load of retest was also obtained from the auto- 
graphic record. 


Measurement of Hardness at Temperature 


By means of a recently designed hot hardness tester (16), a 
number of measurements were made to determine the change in hard- 
ness of the normalized steels with temperature between 75 and 500 °F 
(24 and 260°C). The hot hardness specimens used in these experi- 
ments were % inch square and 4¢ to %¢ inch thick. As previously 
described (16), hot hardness specimens are polished to a degree 
suitable for metallographic examination. Moreover, the polished sur- 
face is kept parallel to the surface which is in contact with the anvil 
of the tester. In these tests at least three indentations were made at 
each temperature: A load of 10 kilograms was used at room tempera- 
ture and a 5-kilogram load at all other temperatures. 
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In addition to these experiments, a study was made of the rate 
of aging at 200, 250 and 300°F (95, 120 and 150°C). In accordance 
with previously established procedure (16), the hardness was first 
measured at room temperature on the hot hardness tester and on 
the Vickers hardness tester as a check on the former. By means of 
manual operation, the cycle of application of load in the hot hardness 
tester was reduced to less than 2 seconds. The loading is, nevertheless, 
gradual and does not approach impact loading. At elevated tempera- 
tures the hardness was measured initially in a similar manner. In 
subsequent measurements the penetration of the indenter was carried 
to a predetermined depth and following a predetermined time interval 
the penetration was completed within an additional 2-second interval 
and the load removed. In these tests a partial load is applied by bring- 
ing the indenter into contact with the specimen until the penetration 
dial (16) indicates a change of 0.0035 inch. This results in a partial 
impression with diagonals of approximately 0.310, 0.375, and 0.330 
millimeters for Steels A, B, and C, respectively. For these steels, th 
diagonals for an impression completed under full load range from 
0.350 to 0.500 millimeters. Only one indentation was made for eac! 
aging time interval, using a 10-kilogram load for all tests. 


RESULTS AND DISCUSSION 


Effect of Straining and Aging on Impact Transition Temperature 
Range After Prestraining in Tension 


The effect of straining in tension (10%) and aging between 
and 25 & 10% hours at 75°F on the notch-impact transition temper: 
ture range is shown for the three steels in Fig. 1. In these, as well : 
all impact resistance-temperature curves that follow, the points show 
represent the average of three impact values. A considerable shift : 
transition range to higher temperatures occurred for Steel A upo 
straining and aging 5 hours, and a much smaller additional shii 
occurred when aging was continued to 25 & 10* hours. For Steel !° 
a small increase is noted upon straining and aging for 5 hours, but a 
somewhat more noticeable shift than was the case for Steel A | 
found for longer aging times. For this steel, the curves for aging 
times between 10? and 25 & 10% hours show higher impact values at 
temperatures above the transition range than after aging for 5 hours. 
No explanation can be offered for this unusual behavior. Steel C also 
behaves in an unusual manner. The only curve for this steel which 
indicates normal behavior is that for material aged 10* hours. It should 
be noted in connection with this steel that the transition temperature 
range after straining and aging lies completely above room tempera- 
ture. Thus additional aging may have been introduced during the 
holding period at each test temperature. 
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By comparing the results of Fig. 1 with those of Fig. 2 it is found 
that upon aging at 450 °F (230°C) the transition temperature range 
of the steels tested is shifted with few exceptions to temperatures 
higher than those observed after equivalent aging times at 75°F 
(24°C). Steel A exhibits a transition temperature of 64°F (18°C) 
(at a 10 ft-lb level) upon straining and aging 5 hours? at 450°F 
(230°C), but upon additional aging the transition temperature de- 
creases until for an aging interval of 10* hours the transition tem- 
perature is the same as that found after the same aging period at 75 °F. 
A further slight decrease, perhaps not significant, is found after aging 
25 x 10% hours. However, the total decrease in transition temperature 
for aging intervals between 5 and 25 x 10% hours is relatively small; 
amounting to only 34 °F. 

For Steel B the shift in transition temperature is greater after 
aging at 450°F (230°C) than after aging for equivalent intervals at 
75 °F. The effect of aging time at 450 °F on the transition temperature 
of Steel B is small. The behavior of Steel C again differs from that 
of the other steels. The transition temperature shows an overall trend 
to higher temperature with increasing time (with a maximum differ- 
ence of 85°F), but with inconsistent variations at intermediate aging 
times. It seems doubtful, however, that these variations with aging 
time are significant. 

It should be pointed out that for Steels A and B the impact results 
obtained after straining and aging at 75°F, Fig. 1, or after aging at 
450°F for Steel B, Fig. 2, indicate no tendency to over-age or a re- 
turn to original impact transition temperature range. Slight tendencies 
for recovery of the transition temperature range in the case of Steel A 
are found upon aging at 450°F, Fig. 2. 

In terms of maximum shift in transition temperature (10 ft-lb 
level), Table II, it is found upon aging at 75 or 450 °F that Steels A 
and B show a similar maximum increase. Steel C shows a much 
greater maximum shift than the other two steels. 


Effect of Straining and Aging on Transition Temperature Range 
After Prestraining in Compression 


The results on the effect of prestraining in compression (10% ) 
on the notch impact behavior after aging at 75 or 450°F (24 or 
230°C) are shown in Fig. 3. The transition temperature ranges for 
the Steels B and C aged at 75 °F lie for the most part above the aging 
temperature; thus, as mentioned previously, additional aging may 
have occurred at the test temperature during the holding period. 

The effect of straining Steel A in compression and aging at 75 
or 450 °F is very similar, in terms of shift of transition range, to pre- 
straining in tension followed by a comparable aging treatment. This 





2 As indicated in Fig. 2, all the steels were held 5 hours at 75 °F before aging at 450 °F. 
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Fig. 2—Effect of Straining in Tension at 75 °F and Aging at 450 °F on Impact R« 
sistance-Temperature Curves. 
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Fig. 3—Effect of Straining in Compression at 75°F and Aging at 75 °F or 
450 °F on Impact Resistance-Temperature Curves. 
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straining in Tension, After Prestraining in Tension and Aging 100 Hours 


at 450 °F and After Prestraining in Compression and Aging 100 Hours 
at 450 °F. 


is also true for Steel B. Steel C shows a greater shift after com- 
pression and aging at 75 and 450°F than after straining in tension 
and aging, although it must be remembered that the 75°F aging 
tests are of uncertain validity, since the transition temperature is 
greater than the aging temperature. 

Because of the Bauschinger effect in these steels, prestraining in 
compression changes remarkably the behavior in subsequent tension. 
This is shown in Fig. 4, in w hich are included the tensile true stress- 
strain curves for Steel A, upon prestraining in tension, after pre- 
straining in tension and aging 107 hours at 450°F (230°C) and 
after prestraining in compression and aging 10 * hours at 450 °F. Since 
the impact properties are affected to about the same degree by tensile 


Table II 
Maximum Increase in Notch-Impact Transition Temperature (10 Ft-Lb Level) 
After Straining in Tension (10%) and Aging at 75 or 450 °F 


Maximum Increase in Transition 





Transition Temperature Before Temperature After Straining 
Steel Straining and Aging — °F and Aging — °F 
75 450 
A 48 86 112 
B — 8 73 116 


C + 43 147 209 
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or compressive prestrain, at least for Steels A and B, it must be con- 
cluded that the shape of the true stress-strain curve, that is, the pres- 
ence or absence of discontinuous yielding, or the height of this curve 
is not reflected in the behavior of the transition temperature range. 


Effect of Stress-Relief Treatments on Impact Transition 
Temperature Range 


The results which have been discussed so far clearly indicate 
that upon straining in tension or compression and upon aging at 75 
or 450°F (24 or 230°C) an appreciable shift in transition tempera- 
ture occurs. Recovery or return of the impact transition range toward 
the range observed for normalized material is not observed even after 
long periods of exposure at 450°F (230°C). Recovery of the impact 
transition range seemingly requires exposure of the aged steels at 
temperatures above 450 °F. However, it is quite clear from the results 
in Fig. 5 that essentially no recovery of the impact transition tempera 
ture range is obtained after aging at room temperature and exposing 
at 900 °F (480°C) for 10 hours or 1200 °F (650°C) for 2 hours. 

As shown by others (15), normalizing will bring about complet 
recovery of the transition temperature range. 


Effect of Strain Aging on Tensile Properties Following 
Prestraining in Tension 


The changes in yield or tensile strength for the three steels test: 
after prestraining in tension and aging at 75 or 450 °F (24 or 230°C 
are shown in Figs. 6 and 7. Each experimental point is the average 
two tests. The flow stress at 0.2% strain offset (the yield strength 
at 10% strain, and the tensile strength were computed from loa 
values obtained from autographic load-extension records. The chang 
in yield strength is the difference between the true stress after a 10° 
strain in tension and the stress at 0.2% strain offset upon retestin 
after aging. The change in tensile strength is taken as the differenc 
between the original tensile strength after normalizing and the valu 
observed after straining and aging; both of these quantities for pur 
poses of comparison are related to an original area (A,) computed 
after 10% strain in tension. 

Upon aging prestrained material at 75 °F, Fig. 6, the change in 
tensile strength is small for Steel A and without evidence of over 
aging, whereas the change in yield strength increases to a maximum 
after 10° hours and decreases somewhat upon further aging. These 
results clearly show that the rates of change in yield and tensile 
strengths upon aging at 75°F are not the same. This is also evident 
in the results for Steels B and C, where an appreciable increase in 
the change in tensile strength is found, Fig. 6. In these latter steels 
the change in tensile strength also goes through a maximum which is 
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Fig. 5—Effect of Exposure at 900°F and 1200°F on Impact Resistance- 
Temperature Curves After Straining in Tension and Aging 5 Hours at 75 °F. 
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Fig. 6—Change in Yield or Tensile Strength After Prestraining 10% in Tension 
and Aging at 75 °F. 


reached after greater aging times than the maximum in change in 
yield strength. 

The two capped steels age faster and to a greater degree than 
Steel A. After aging only 5 hours at 75 °F, Steel C exhibits a degree 
of aging similar to the maximum amount exhibited by Steel A. 

In terms of percentage change in yield strength, the maximum in- 
crease is 6.4, 16.2 and 14.6% for Steels A, B and C, respectively. This 
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Fig. 7—Change in Yield or Tensile Strength After Prestraining 10% in Tension 
and Aging at 450 °F. 


type of measurement for strain aging susceptibility indicates that th 
capped steels behave the same but show greater susceptibility to strai: 
aging than Steel A. 

In evaluating test results on the effect of straining and aging . 
tensile or other mechanical properties, it is felt that these properti: 
are not only affected by aging but also by the concurrent crystal : 
covery. As indicated by the changes in yieid and tensile strength aft ( 
aging at 75 °F, it seems that different properties are not affected t! F 
same by strain aging and as determined by others (25,26), differs 
properties are affected differently by recovery. 

Upon aging prestrained material at 450°F (230°C) the chan 
in yield or tensile strength, Fig. 7, as expected is much more rap: 
than at 75°F (24°C). In fact, as aging is continued beyond 5 hou: t 
a continuous decrease in strength is evident. The rates of decrease 
yield and tensile strengths for each steel seem to be approximately t! 
same up to 10% hours; beyond this point a greater spread is observ: 
between the change in tensile strength and change in yield strength. 

Exposure of initially normalized and subsequently prestraine 
material at 900°F (480°C) for 10 hours and at 1200°F (650°C 
for 2 hours resulted, Table III, in an appreciable decrease in yielc 
strength when compared to the maximum stress reached during pre 
straining. After 2 hours at 1200°F (650°C), recovery of the yield 
strength is complete for Steel B; in fact, the yield strength after this 
treatment is lower than that after normalizing. Appreciable recover) 
is also observed for the other two steels. Exposure at 900 °F (480°C) 
for 10 hours has little effect on the tensile strength of all steels. After 
exposure at 1200 °F (650°C), however, the tensile strength of each 
steel is lower than the value after straining and aging 5 hours at 75 °I 
and even lower than the value after normalizing, Table III. 
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Table Ill 
Effect of Prestraining in Tension (10%) and Aging 5 hours at 75 °F on Yield and Tensile 
Strength in Tension After Exposure at 900 and 1200 °F 





Yield Strength Tensile(a) 
(True Stress at Strength 
True Stress at 0.2% Offset) 1000 Psi 
Exposure Exposure 10% Strain Before or After -————~ mn 
Tempera- Interval— Before Exposure Exposure Not (b) 

Steel ture—°F Hr. 1000 Psi 1000 Psi Exposed Exposed 
A 900 10 76.9 65.1 79.5 81.2 
A 1200 2 74.7 54.9 79.5 70.0 
B 900 10 49.9 45.1 54.2 54.5 
B 1200 2 49.8 31.5 54.2 48.4 
. 900 10 65.9 57.4 73.4 72.8 
cs 1200 2 66.3 51.4 73.4 68.3 
A Initial Properties before Prestraining 

or Exposure 49.8 78.4 
B «< sé se se 35.5 54.7 
Cc ap * i ~ 41.3 68.6 


‘ ‘ Pm 
(a)—Computed from relation 


ax, 





where Ao is area after 10% 


strain in tension including prestrain. 
(b)—After aging 5 hours at 75 °F 


Effect of Strain Aging on Tensile Properties Following 
Prestraining in Compression 

The results of tensile tests of precompressed material aged at 75 
or 450°F (24 or 230°C) are given in Table IV. Because of the 
Bauschinger effect, the tensile flow stress after 10% strain in tension 
is greater for the steels tested than the yield strength in tension after 
10% strain in compression and aging 10* hours at 75°F. Any 
strengthening of the precompressed material during the 10* hours 
aging period would tend to minimize this effect. Such is the case for 
Steels B and C which exhibit comparatively little difference between 
these two stress values. This finding is attributed to the rapid rate and 
relatively large magnitude of aging which is characteristic of these 
two steels even at 75°F. In contrast, the tensile yield strength of 
Steel A after prestraining in compression and then aging is con- 
siderably below the tensile flow stress after 10% tensile strain, even 
after prolonged aging.* 

Upon further aging at 75 °F an increase in yield strength is ob- 
served followed by a softening or recovery of the yield strength except 
for Steel C which was not aged beyond 3 & 10% hours. No relaxation in 
the tensile strength is found following aging at 75 °F. The decreasing 
trend in yield and tensile strength for Steel A upon aging at 450 °F 
(230°C) is similar to that observed after prestraining in tension, 
Fig. 7. Additional aging intervals beyond those indicated in Table IV 
were not investigated because of lack of material. 

An interesting observation is the finding that, whereas appreciable 
aging occurred at 75°F in all steels prestrained in compression, no 





8 It is also possible, of course, that the magnitude of the Bauschinger effect, in the absence 
of aging effects, is greater in Steel A than in Steels B and C for inherent reasons such as 
finer grain size. 
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Table IV 
Effect of Prestraining in Compression (10%) on Yield and Tensile 
Strength in Tension After Aging at 75 and 450 °F (a) 


Yield Strength in Tension 
(True Stress at 0.2% Offset) Tensile 


Aging Aging or True Stress at 10% Strain Strength (b 

Steel Temperature—°F Interval—Hr. 1000 Psi 1000 Psi 
A Normalized Condition 49.8 78.4 
A Normalized and Strained 10% in 75.4 —_— 

Tension 
A 75 1,000 44.0 67.9 
A 75 3,000 52.8 72.8 
A 75 9,000 48.4 73.8 
A 450 100 64.7 80.4 
A 450 9,000 59.6 (ce) 77.1 
B Normalized Condition 35.5 54.7 
B Normalized and Strained 10% in 49.8 ~- 

Tension 
B 75 1,000 44.8 53.8 
B 75 3,000 50.6 60.1 
B 75 9,000 45.8 60.7 
B 450 100 50.2 (ec) 59.4 
e Normalized Condition 41.3 68.6 
Cc Normalized and Strained 10% in 64.9 — 

Tension 
© 75 1.600 56.9 70.8 
c 75 3,000 59.0 75.3 
& 450 100 54.6 74.1 

(a) Aging at 450 °F was preceded by an aging period of 100 hours at 75 °F. 


(b) Computed from relation—{—— 
including the prestrain for the normalized samples and 10% in compression for t! 
aged samples. 


(c) A return of the yield point behavior after aging was observed for these specimens. 


Pmax , ce 
- *, where Ao is the area after 10% strain in tensi: 











return of discontinuous yielding is found. This is in agreement wit! 
similar observations (12,13) in which the direction of the princip: 
strains was changed after the prestrain. Load-elongation curves ol 
tained in the present study after aging 3 & 10* hours at 75 °F, showin; 
the maximum amount of aging, are reproduced in Fig. 8. None of th 
curves shows discontinuous yielding. Return of a defined yield poin 
in tension after prestraining in compression was found after agin; 
100 hours for Steel B and 9 & 10% hours for Steel A at 450°! 
(230 °C). Steel C did not show a return of the yield point after agin; 
100 hours at 450 °F. 

The role of recovery on the return of discontinuous yielding in 
tension after prestrain in compression and aging at 75 or 450 °F may 
be of importance. It seems likely that after prestraining in compression 
the residual stresses, which are believed to cause the Bauschinger 
effect, may oppose the return of the yield point behavior (13). Thus, 
elimination of these residual stresses through recovery at 75°F and 
return of discontinuous yielding require extremely long times, and as 
may be inferred from the results in Table IV, longer than 9 x 10° 
hours. But as shown in Table IV, by increasing the aging temperature 
to 450 °F a return of the yield point behavior may be found after an 
exposure of only 100 hours as shown for Steel B. 

As in the case after prestraining in tension, the yield and tensile 
strengths are not shifted by equal amounts during aging at 75°F. It 
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is found in Table IV that the tensile strength is still increasing while 
the yield strength has begun to decrease. 


Effect of Strain Aging on Hardness Measured at Room Temperature 


The effect of straining on the hardness of mild steels when 
measured at room temperature is well established. As the amount of 
strain is increased the hardness increases at a decreasing rate. The 
hardness of mild steel, as is generally known, increases with time if 
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Gage Length=!" 
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Fig. 8—Effect of 10% Compressive Strain and Aging 3000 
Hours at 75 °F on Yield Point Behavior in Tension. 


the strained material is held at a moderate temperature. This of course 
constitutes hardening by strain aging. 

The effect of aging time at 75 or 450 °F after 10% tensile strain on 
hardness at room temperature was investigated and the results ob- 
tained are shown in Fig. 9. The change in hardness is the difference 
between the hardness immediately after straining and the hardness 
after the indicated aging time. Each experimental point represents 
the average of at least five impressions. 

The trend exhibited by the curves upon aging at 75°F is very 
similar to that indicated by the change in yield strength except that 
very little recovery, even for Steel C, is found by measuring the change 
in hardness. Steel A ages at a slower rate than Steel B or C. Steel C 
ages more rapidly than the other two steels. The maximum increase 
in hardness for all steels is essentially the same (approximately 20 
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Fig. 10—Relationship Between Hardness or Yield 
Strength and Transition Temperature (10 ft-lb Level) After 
Normalizing, Straining and Aging 5 to 25,000 Hours at 75 °F. 
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DPN). Thus, except for differences in rate of aging, hardness changes 
indicate these steels to be equally susceptible to strain aging at 75 °F. 

At 450 °F, Steel A aged to nearly its maximum extent after the 
first aging time (1% hour) ; thereafter this steel shows a very slight 
increase in hardness, whereas Steels B and C show a definite softening 
beyond the first aging time. 

An important factor revealed by these hardness results is that 
hardening by strain aging at 75 or 450°F (24 or 230°C) persists for 
long periods of time and there is no evidence of overaging, although a 
certain amount of recovery is in evidence at 75°F in Steel C and at 
450 °F in Steels B and C, Fig. 9. As mentioned previously, the impact 
results also indicated that a true overaging effect during strain aging 
was not observed. 

As mentioned earlier, strain aging as well as the concurrent re- 
covery seem to affect various mechanical properties differently. Addi- 
tional evidence substantiating this finding is given in Fig. 10 in which 
is shown the relationship between hardness or yield strength and 
transition temperature of Steels A and B after normalizing, prestrain- 
ing in tension and aging at 75 °F up to 25 & 10% hours. The linear re- 
lationship observed between hardness and transition temperature, 
Fig. 10a, indicates that the combined effects on hardness of straining 
and aging and of any recovery which may occur at 75 °F is similar to 
the combined effect on transition temperature. This is not the case 
when comparing yield strength and transition temperature at 75 °F. 
As revealed in Fig. 10b the relationship between these two properties 
is not linear. Since evidence of an appreciable amount of recovery is 
found in the yield strength, Fig. 6, and not in the impact results, the 
concave downward curves were to be expected. No relationships 
similar to those found in Fig. 10 were expected for Steel C, which, 


after prestraining, exhibited a transition range above room tempera- 
ture. 


Effect of Temperature and Aging Time on Hot Hardness 
Measurements 


The change in hardness of the three steels tested as temperature is 
increased is shown in Fig. 11. Each experimental point represents the 
average of two impressions. The change in hardness is the difference 
between room temperature hardness and hardness at the indicated 
temperatures. The loading and unloading cycle of the hot hardness 
tester used is 2 minutes long. However, total penetration is essentially 
completed during the initial 25 seconds of the loading cycle. Thus any 
hardening caused by aging and any softening caused by recovery must 
occur as deformation proceeds during this initial period. Creep is not 
found to be a factor in the range of temperatures covered during the 
2 minute cycle. 
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For Steel C, the hardness increases sharply with temperature, 
goes through a maximum between 350 and 400 °F (175 and 205 °C), 
and then decreases sharply. Steel B exhibits a sharp increase in hard- 
ness beyond 200°F (95°C), a maximum between 350 and 400 °F 
and a sharp decrease beyond the maximum. Steel A shows an initial 
decrease in hardness with a minimum at about 250°F (120°C) fol- 
lowed by an increase in hardness, a maximum at about 400°F and 
a decrease beyond the maximum. 

Several factors are involved when measuring the hardness of 
mild steels at temperatures above 75 °F ; therefore the results are not 


24 
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Fig. 11—Change in Hardness Between Room 
Temperature and Various Temperatures up to 
500 °F. 


easily interpreted. It would seem that the change in hardness from 
75°F as the temperature is raised depends, up to moderate tempera. 
tures, on at least three factors, namely, strain aging, recovery or re- 
laxation, and the norma! decrease in resistance to penetration as 
temperature is increased. The first two factors are affected by time 
and therefore rate considerations are involved. From the present re- 
sults it may be concluded that for Steels B and C strain aging is the 
predominant factor up to the maximum hardness change; the other 
factors become more dominant at higher temperatures. For Steel A 
strain aging is predominant only for a short range in temperature, be- 
tween 300 and 400 °F (150 and 205°C). 

The change in hardness with aging time intervals of short duration 


at 200, 250 and 300°F (95, 120 and 150°C) is shown in Fig. 12. As 
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Fig. 12—Increase in Hardness at 200, 250 or 300 °F Upon 
Interrupting Hardness Test for Various Time Intervals. 
mentioned previously, these results were obtained by making a partial 
impression, constituting the prestrain, aging for a prescribed interval 
and completing the impression. The initial hardness which is used as a 
base for computing the increase in hardness is determined by applying 
the total load within 2 seconds at a constant rate to preclude impact 
loading. However, at 300°F (150°C) Fig. 12a, some aging may 
occur within a loading cycle of 2 seconds. For ferritic steels, good 
agreement is found at room temperature between values determined 
by the standard loading cycle and a loading cycle of 2 seconds. Because 
of strain aging and other effects, the results at higher temperatures are 
in agreement only after equivalent aging times. 

As aging is continued two factors are affecting the hardness. 
Strain aging tends to increase the hardness, whereas recovery tends 
to lower it. The net result of these effects determines the hardness 
observed. As temperature is increased from 200°F (95°C) in 
Fig. 12c to 300°F (150°C) in Fig. 12a, the curves are shifted to 
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the left, indicating that strain aging becomes much more rapid. At 
300°F (150°C) recovery apparently overtakes strain aging in the 
case of Steels B and C. At this temperature, a maximum in hardness 
is reached for these steels and recovery, at a decreasing rate, seems to 
be the predominant factor until the hardness levels off. Steel A does 
not exhibit a similar behavior within the temperature range covered. 

Evidently the slopes of the curves in Fig. 12 depend not only on 
the rate of strain aging but also on the rate of recovery. Thus, the 
point of maximum increase in hardness depends on recovery as well 
as on strain aging. This point is of some importance when attempting, 
for example, to compute activation energies for strain aging from 
data of this type. Since it is now generally accepted that strain aging 
depends on the diffusion of carbon and nitrogen in iron (6,11), the 
activation energy for strain aging should be equivalent to that for the 
diffusion of carbon and nitrogen, namely, 20 K cal. per mol. (17,18, 
19,21). Although the results obtained in the present investigation are 
too limited for accurate determinations of the activation energy, the 
values which were computed on the basis of time for half of maxi- 
mum aging differ widely for each steel, ranging from 18 to 28 K cal. 
per mol. This finding should not be surprising, since in the present 
study, as presumably in other strain aging studies in which mechanical 
properties have been measured, the effect which is observed includes 
that of recovery. 


Effect of Strain Aging Treatments on Microstructure 


Careful microscopic examination was made of various samples 
after straining and aging to detect changes in microstructure associated 
with the changes in properties upon aging. No change could be de- 
tected in any steel upon exposure at room temperature or at 450 °F 
(230 °C). Exposure at 900° F (480 °C) caused slight spheroidization, 
and at 1200°F (650°C) extensive spheroidization was found in all 
steels. No graphitization was noted in any instance. 

A detailed study using the electron microscope revealed no ap- 
pearance of a precipitate or other structural change within the ferrite 
grains during aging, although the samples investigated had been 
strained and aged at 75 or 450°F for at least 2 years and appreciable 
changes in mechanical properties resulted. 


MECHANISM OF STRAIN AGING 


Until recently the mechanism of strain aging has been considered 
to be due to precipitation hardening (2,6,9). However, it was not 
known whether the process is a solution and precipitation effect or a 
change in solubility caused by the strain, or something altogether dif- 
ferent. 

Several attempts (6) have been made to identify the elements 
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which cause strain aging in mild steel. In general, three elements, 
carbon, nitrogen and oxygen, have been suspected of being responsible 
and have been investigated extensively. The results obtained have 
been generally accepted as showing that strain aging may be elimi- 
nated, or at least greatly diminished, by removing the carbon and 
nitrogen by means of hydrogen, by the addition of strong deoxidizers 
(2,3,7), or by the addition of strong carbide formers, which generally 
are also strong nitride formers (4,5,7). 

It is difficult at first to rationalize the differences implied by these 
methods. For example, the addition of such elements as titanium, 
vanadium, columbium or possibly chromium, which are carbide and 
nitride-formers as well as strong deoxidizers should eliminate strain 
aging. But, strain aging is also thought by some to be suppressed by 
complete deoxidation with aluminum (3), a nitride but not a carbide 
forming element. Yet in steels heavily deoxidized with aluminum, 
aging, especially at the higher aging temperatures, cannot be com- 
pletely suppressed though it may be minimized by proper heat treat- 
ment (14). The results in the literature indicate that, although carbon 
and nitrogen bring about aging, the role of oxygen is not completely 
clarified, and oxygen may have a secondary influence on the amount of 
carbon necessary to cause strain aging. It has been pointed out that 
the rate of strain aging depends on the permeability (product of 
diffusivity and concentration) of the solute atoms, carbon and nitro- 
gen (11). Because of the greater solubility of nitrogen in a-iron, this 
element is more effective than carbon in causing strain aging. 

Strain aging was believed by some to involve the precipitation of a 
compound (carbide, nitride and possibly an oxide) on the slip planes 
set up by prior strain, and at the grain boundaries. The grain boundary 
precipitate has been associated with the stress-corrosion cracking of 
strained and aged mild steel (22) and discontinuous yielding (13). 
On the other hand, the precipitate on the slip planes was believed to 
cause the hardening effect observed during aging, for it is generally 
accepted that grain boundary precipitate will bring about little over-all 
hardening (2). 

The belief that strain aging is due to a precipitation hardening, 
similar to quench aging, leads, however, to several conclusions which 
are not in agreement with test results. It is generally accepted that in 
quench aging of mild steel, or other alloys such as duralumin, if the 
hardness of a quenched sample is found to increase fairly rapidly with 
time, then during over aging it decreases again rapidly towards its 
original level. A second characteristic of quench aging is that the 
maximum hardness increases with decreasing aging temperature. At 
the same time, the rate of change of hardness decreases. Such behavior 
differs from that observed during strain aging in mild steel, which is 
characterized, as shown in the present investigation and by others (2), 
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neither by an over aging effect nor by an increase in maximum hard- 
ness with decreasing aging temperature. Instead, a wide range of 
temperatures will cause an appreciable amount of hardening with no 
visible evidence of softening during extended periods of time. An 
indication of softening is found in the yield and tensile strength at 
75°F; however, no such recovery is found in the hardness. Unlike 
quench aging, hardening in strain aging is extremely rapid even at 
temperatures where no indication of eventual softening is observed. 
These differences indicate that strain and quench aging are essentially 
different. 

Recently, Cottrell (20) has advanced a mechanism of strain aging 
and discontinuous yielding in ferrite containing carbon or nitrogen 
atoms in solution. From the interactions between solute atoms and 
dislocations, Cottrell concluded that migration of interstitial atoms, 
such as carbon or nitrogen, to the vicinity of dislocations partly re- 
lieves local internal stress. This leads to the formation of “atmos- 
pheres” of carbon or nitrogen atoms around existing dislocations. 

Accordingly, when an external force is applied each dislocation 
tends to move and leave its “atmosphere” behind. However, the force 
necessary to move each dislocation depends not only on the force 
needed to propagate each dislocation through the lattice, but also on 
the anchoring force of the “atmosphere.” When the external force is 
large enough to overcome the anchoring force, each dislocation wil 
move through the lattice at high speed. Moreover, since the. forc 
necessary to overcome the anchoring force is greater than that neede 
to keep them in motion (21), the dislocations accelerate. This result: 
in rapid deformation at a stress smaller than the initial stress. In othe: 
words, this constitutes a sharp upper yield point followed by yielding 
under relatively constant load at a lower yield point. 

Discontinuous yielding is completely eliminated by over-strain 
Upon aging, however, it is proposed by Cottrell that the carbon 01 
nitrogen atoms diffuse to the vicinity of dislocations forming new traps 
and therefore discontinuous yielding returns. This is the mechanism 
proposed to account for strain aging. 

Cottrell’s mechanism explains satisfactorily discontinuous yield- 
ing both before and after strain aging, but deals only with the early 
stages of aging and does not, in its present form, explain other events 
which occur as aging progresses. For example, the present theory is 
not intended to deal with the appreciable strengthening observed 
during extended aging. That is to say, it does not explain the increase 
in the lower yield or tensile strength or the difference in rate of in- 
crease of these quantities, Figs. 6 and 7. 

After aging it seems clear that during the lower yield extension 
the propagation of each dislocation through the lattice should be im- 
peded only by the interactions between the moving dislocations and 
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newly formed “atmospheres” after the anchoring force is overcome. 
However, this may mean, in part, even at 75°F that moving dislo- 
cations may drag along with them, at least over a very short distance, 
parts of the “atmospheres” around them. This mechanism is believed 
to operate at much higher temperatures and at slow strain rates where 
more rapid diffusion of solute atoms is possible (23). Such a mecha- 
nism may explain the increase in the lower yield strength during ex- 
tended aging but does not explain the effect on the remainder of the 
stress strain curve. 

It is very likely, however, that migration of interstitial atoms 
occurs to places of less internal stress than around well defined dis- 
locations * or in other words it may be possible that the rate of mi- 
gration is controlled by the length of edge dislocation per unit vol- 
ume (24). If this assumption is true, it may well be that upon aging 
interstitial atoms tend to migrate initially to the vicinity of well defined 
dislocations because of the greater magnitude of local internal stresses 
at these locations. However, upon further aging a general migration 
occurs to other points of less internal stress. It is thus possible in this 
manner to explain the difference in rate of increase of yield and 
tensile strengths upon aging, Fig. 6. The greater rate of migration to 
the vicinity of well defined dislocations leads to a faster rate of in- 
crease in yield strength since these are probably the dislocations set 
in motion during discontinuous yielding. The tensile strength, how- 
ever, is affected by the more general migration which takes place at 
a slower rate to points of potential initiation of dislocations or at least 
around less well defined dislocations whose propagation requires 
further plastic deformation or greater applied loads. An explanation 
of the eventual decrease in yield or tensile strength as well as the 
difference in rate of decrease, Fig. 6, will have to await a better under- 
standing of the mechanism of recovery. It is unlikely that the recovery 
of these properties is caused by over aging, that is, precipitate 
agglomeration, since the change in hardness, Fig. 9, does not indicate 
any such occurrence. 

However, selective migration of solute atoms to locations of in- 
ternal stress may be interpreted as causing the formation of a special 
type of precipitate. Thus, it is possible to think of the “clouds” around 
the well defined dislocations as a selective type of a special precipitate, 
while the less extensive “clouds” near the other lattice distortions may 
be described as a general precipitate of the same type. The charac- 
teristics of such a special precipitate, as might be expected, differ from 
those of the precipitate obtained during quench aging. 

Although, by the Cottrell mechanism, the return of discontinuous 
yield upon strain aging is mandatory, the pattern of residual stresses 

* It is of interest to note that work on recovery of prestrained 2S-0 aluminum (25) indicates 


that in the work-hardened state at least two different types of imperfections having different 
interaction energies may exist. 
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formed during the prestrain can completely mask the return of the 
yield point behavior. This seems to be the case when tension is pre- 
ceded by prestrain in compression. However, as shown in Table IV, 
the strengthening caused by strain aging is still in evidence. Thus, if 
it is assumed that a general migration of the interstitial atoms, as 
mentioned previously, accompanies the selective migration, it is rea- 
sonable to expect that although the residual stress pattern may com- 
pletely eliminate discontinuous yielding, an upward shift of the entire 
flow curve is not precluded. An explanation of the return of the yield 
point after extensive aging at 450 °F (230°C), Table IV, must await 
a more complete knowledge of recovery which is associated with the 
removal of residual stresses. 


SUMMARY AND CONCLUSIONS 


The effects of time and temperature on the strain aging char- 
acteristics of three low carbon steels in the normalized condition have 
been investigated. After prestraining 10% in tension, the material was 
exposed at 75, 450, 900 or 1200°F (24, 230, 480 or 650°C) for 
various predetermined time intervals. Following 10% prestrain in 
compression, the material was exposed at 75 or 450 °F (24 or 230°C) 
The effects of exposure time and temperature on the notch-impact 
transition temperature range, yield strength and tensile strength wer: 
investigated. 

The effect of prestraining in tension and aging at 75 or 450 °F 
on hardness determined at room temperature was studied. The chang: 
in hardness with temperature between 75 and 500°F (24 and 260°C 
was also determined. The effect of aging intervals of short duratio: 
at 200, 250 and 300°F (95, 120 and 150°C) was investigated. 

The following conclusions are drawn from the results obtained i1 
this investigation. 


A. Effect of Straining and Strain Aging on Impact Transition 
Temperature Range 


1. In terms of maximum shift in transition temperature (chosen 
at a level of 10 ft-lb) after straining in tension and aging at 75 °F, 
Steels A and B show a similar shift, Table II. Steel C shows a much 
greater shift; however, it should be noted that for Steel C the tran- 
sition temperatures after straining and aging are above the aging tem- 
perature. 

2. Upon aging at 450 °F, Steels A and B again exhibit a similar 
maximum shift in transition temperature. Steel C shows again a 
much greater maximum shift. No real overaging effect after aging 
at 75 or 450°F was noted. 

3. Results obtained on material prestrained in compression 
(10%) and aged at 75 or 450°F show essentially that the effect on 


i dasha 
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notch-impact transition temperature range is the same as prestrain 
in tension. 

4. Impact tests on material strained in tension and aged 5 hours 
at 75 °F and exposed at 900 and 1200°F (480 and 650°C) show that 


very little effect on the transition temperature range is found. 
B. Tensile Results 


1. As measured by the increase of yield and tensile strengths of 
initially normalized material with time after straining 10% in tension, 
Steels B and C aged more rapidly and to a greater degree at 75 °F 
than did Steel A. The yield and tensile strengths change at different 
rates, the yield strength increasing at a faster rate and reaching a maxi- 
mum at a shorter time. 

2. The maximum increase in yield or tensile strength upon aging 
at 450°F is followed by a recovery upon further aging. The effect 
of this recovery or relaxation, which is also observed when aging at 
75 °F, in particular in Steels B and C, is different from a true over- 
aging effect like that found during quench aging. The experimental 
results obtained in this investigation indicate that recovery plays an 
important role in the effects observed during strain aging at 450 °F or 
even at 75 °F. 

3. Following prestraining in compression, aging at 75°F, and 
testing in tension, appreciable aging is found without a return of the 
yield point behavior. Discontinuous yielding returns after aging at 
450 °F. The absence of the yield point behavior after aging at 75 °F 
is believed to be related to the pattern of residual stresses resulting 
during the prestrain in compression. 

4. Exposure at 900 or 1200°F (480 or 650°C) of all steels 
strained in tension (10%) and aged at 75°F caused appreciable re- 
covery in yield and tensile strengths, the recovery in the yield strength 
being, however, much the greater. 


C. Hardness Results 


1. After straining in tension and aging at 75°F, the maximum 
increase in hardness is essentially the same for all steels, however, the 
increase is most rapid for Steels B and C. A slight softening beyond 
the aging time of 1000 hours is found for Steel C; the other steels 
show no softening up to 25,000 hours aging time. Upon aging at 
450°F (230°C), the hardness of Steel A increases slightly with time ; 
for Steels B and C the hardness decreases continually with aging 
time. 

2. The variation in hardness with temperature differs widely for 
the three steels. Steels B and C show hardness peaks of much greater 
magnitude than Steel A. Moreover, in this hot-hardness test, Steel A, 
which is deoxidized with silicon and aluminum, shows little indication 
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of strain aging below a temperature of 300°F (150°C). By this 
method Steels B and C indicate strain aging tendencies at tempera- 
tures just above room temperature. 

3. Strain aging in the steels studied is extremely rapid at tem- 
peratures above 250 °F (120°C), as revealed by the increase in hard- 
ness upon making a partial impression at temperature, aging for 
short-time intervals, and completing the impression. These results 
again indicate that Steels B and C age at a faster rate and to a greater 
degree than Steel A. 


D. Mechanism of Strain Aging 


The return of discontinuous yielding during the early stages of 
strain aging is explained adequately by the Cottrell mechanism. How- 
ever, amplification of this mechanism becomes necessary in order to 
explain other results such as the increase in yield strength or difference 
in rate of increase of yield and tensile strengths during extended aging 

It is proposed here that the increase in lower yield strength as 
aging proceeds is related to the possible interaction between moving 
dislocations and newly formed “atmospheres.” 

The difference in rate of increase in yield and tensile strengths i 
perhaps related to the difference in rate of migration of carbon o: 
nitrogen atoms to a number of sites of differing degrees of interna 
stress. Interstitial atoms tend to migrate most rapidly to regions o! 
great internal stress around well defined dislocations, whereas mi 
gration to regions of lattice disturbances having less internal stres 
occurs at a slower rate. 
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THE TENSILE PROPERTIES OF MOLYBDENUM 
AT ELEVATED TEMPERATURES 


By J. W. Pucu 


Abstract 


A detailed analysis has been made of the tensile prop- 
erties of molybdenum as a function of temperature. It is 
concluded that the excellent high temperature strength of this 
metal is due to strain aging. 


INTRODUCTION 


Pigr interest in molybdenum during the last few years 
has resulted in the accumulation of a vast amount of technical 
data (1).1 Perhaps the most remarkable single property of molyb- 
denum is its high strength at temperatures in the range 1600 to 
2000°F (870 to 1095°C). The work reported in this paper was 
undertaken to obtain more detailed information about the high 
temperature strength on the basis of short-time constant-rate tests 
and long-time creep tests. 


PREPARATION OF MATERIAL 


Molybdenum was prepared by arc melting sintered bar ends in a 
furnace similar to that described by Pugh, Hadley, and Hennig (2). 
Melting was accomplished using 2500 amperes and 30 volts in a 4-inch 
diameter water-cooled copper crucible. The crushed melting stock was 
fed into the crucible continuously as a water-cooled, tungsten-tipped 
electrode rotated over the molten metal. This operation took piace in a 
vacuum-tight shell filled with argon at one atmosphere pressure. 

The ingot was scalped to 3.5 inches in diameter and extruded to 
one inch in two passes at 3000°F (1650°C) using molten glass for 
a die lubricant. Swaging at 1830°F (1000°C) reduced the extruded 
rod to 0.345 inch in diameter. This produced a cold-worked or fibrous 
structure having 88% cold reduction. Annealing at 2550 °F (1400°C) 
for 4 hours produCed a recrystallized structure having an average of 
500 grains per square millimeter. 

A chemical analysis was made on one of the ruptured tensile 
bars. The results of this analysis are shown in Table I. 





1 The figures appearing in parentheses pertain to the references appended to this paper. 





The author, J. W. Pugh, is associated with the Metallurgy Research Depart- 
ment, General Electric Company, Research Laboratory, Schenectady, N. Y. 
Manuscript received July 27, 1954. 
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Table I 
Chemical Analysis of Molybdenum 
Element Weight Per Cent Found 
Oo 0.003 
H 0.0003 
N 0.001 
Ss) er ial eo ay TET Sea Boe & 0.05 aa, Sie 
" 
0.062 R 
oo 
moO 
at 
t . 
407: 0.160" Dia. | 


1.939 " 





Fig. 1—Tensile Test Specimen. 


TESTING PROCEDURE 


Short-time constant-rate tests were made at two strain rates, 0.2 
and 0.02 inches per inch per minute on an Instron testing machine. 
With the exception of the room temperature test, all tests were made 
in vacuum. The specimen used is illustrated in Fig. 1. Data were re- 
corded autographically on load-time charts where time is a measure 
of extension. Temperature readings were made by means of a 
platinum-platinum rhodium thermocouple resting on top of the test 
sample. 

Constant-load creep-rupture tests were conducted in an argon 
atmosphere at 1600, 1800, and 2000 °F (870, 980 and 1095°C). The 
testing machine used employs a pulling string which includes strain 
measuring devices and is almost completely enclosed in a vacuum-tight 
capsule. This string is loaded by means of a lever arm, from which 
calculated weights are balanced against a specified pulling load. Pull 
rods enter the capsule through “O” ring seals. Strain is measured in- 
side the capsule by concentric extension tubes linked to the specimen 
itself. Extension is read through a window in the capsule by means 
of a strain gage which is acted on by the extension tubes. 

Temperatures were controlled and measured by thermocouples 
inside the capsule in the vicinity of the specimen. Four couples were 
used : one for controlling the temperature, the other three for measur- 
ing the temperature through the vicinity of the specimen. Three 
Nichrome heating coils provided uniform heat distribution at each 
temperature. & 

Specimens used for these tests were identical to those used for 
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the constant-strain-rate tests, except that the button heads were 
threaded, so that extension rods could be attached. 
RESULTs AND DISCUSSION 
Constant-rate Tensile Properties 


True-stress, true-strain curves for the as-swaged material are 
shown in Figs. 2 and 3, while the curves for recrystallized molybdenum 
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Fig. 2—Stress-strain Curves for As-swaged Molybdenum. 
are represented in Figs. 4 and 5. The logarithmic stress-strain rela- 
tionships are linear over most of the plastic range. Deviations at low 
strain are associated with initial yielding. The most extreme devia- 
tions result from the yield-point phenomenon which was observed for 
recrystallized molybdenum in tests from room temperature to about 
1200°F (650°C). The slopes of the curves for as-swaged molyb- 
denum are all nearly horizontal, and in some cases negative. 

Evaluation of the plastic flow curves has been made by assuming 

that the mechanical equation of state (3) is applicable to these tests 
and by using the expressions : 


o = Ae™|e,T Equation 1 
and 
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Fig. 3—Logarithmic Stress-strain Relationships for As- 
swaged Molybdenum. Strain rate equals 0.2 inch per inch 
per minute. 
o = Be'le,T Equation 2 
where: o = true flow stress 
e = true strain 
m = strain-hardening coefficient 
n = strain-rate sensitivity 
A = stress at unit strain 
B = stress at unit strain-rate 
T = temperature 


The validity of Equation 1 is supported by the linear character 
of the logarithmic relationship of true stress and true strain. 

Figs. 6 and 7 show A, m, and n plotted against temperature for 
the as-swaged and the recrystallized molybdenum, respectively. For 
as-swaged material, A has a slight maximum at about 1400°F 
(760°C), m is negative at room temperature and at 2080°F 
(1140 °C), but has a positive maximum at 1300°F (705 °C), and n 
apparently has a minimum at about 1100°F (595°C). The tempera- 
ture dependence for these coefficients is similar for the recrystallized 
molybdenum but the absolute values are considerably different, as 
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Fig. 4—Stress-strain Curves for Recrystallized Molybdenum. 
shown in Fig. 7. If the coefficients for the two structures are compared, 
it is observed that m is much larger, the magnitude of the change in n 
is greater, and the low temperature value of A is greater for recrystal- 
lized metal. 

The observation of a maximum for the strain hardening co- 
efficient plotted versus temperature has also been made by Bechtold 
(4). His data show the maximum at about 300°F (150°C) instead 
of 1300°F (705°C), but this difference is attributable to the fact 
that his strain rate was about one-tenth as fast. These maxima suggest 
a temperature-dependent metallurgical change. Ordinarily, a continu- 
ous diminuation of m with temperature is observed. 

If the logarithm of m is plotted as a function of reciprocal abso- 
lute temperature, the relationship shown in Fig. 8 is obtained. This 
plot consists of two straight-line segments having slopes of different 
sign and intersecting at a temperature between 1200 and 1300°F 
(650 and 705 °C). 

The temperature dependence of n in Figs. 6 and 7 also suggests 
a metallurgical change. Strain-rate sensitivity normally rises continu- 
ously with temperature. The minimum for n can be observed to occur 
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Fig. 5—Logarithmic Stress-strain Curves for Recrystallized Molyb- 
denum 113. Strain rate equals 0.2 inch per inch per minute. 


at roughly the same temperature as the maximum for m. Fig. 9 shows 
log n plotted as a function of reciprocal absolute temperature. The 
straight-line segments intersect at approximately the same temperature 
observed for the intersection of the m segments in Fig. 8. These plots 
suggest a hardening mechanism which has an increasing effect with 
increasing temperature to about 1200°F (650°C), and a diminish- 
ing effect thereafter. 

Yield points have been observed previously in molybdenum. In 
one case, wires heated in nitrogen for 1 minute at 2370°F (1300°C) 
had yield points at room temperature which were not observed for 
similar material annealed in hydrogen (5). Bechtold found yield 
points in molybdenum between 1100°F (595°C) and —320°F 
(—196 °C) (4). Cottrell has interpreted the yield point phenomenon 
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Fig. 7—Mechanical Properties of Recrystallized Molybdenum 113—Material Con- 
stants Versus Temperature. 


as a result of interstitial solute atoms pinning dislocations which finally 
break loose during the period of discontinuous yielding in the tensile 
test (6). This mechanism suggests that an internal friction peak should 
be produced at some critical temperature. Peaks for molybdenum have 
tentatively been located by work at Battelle Memorial Institute (7). 
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Fig. 8—Strain-hardening Coefficient as a Function of Reciprocal 
Absolute Temperature. 
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Fig. 9—Strain-rate Sensitivity as a Function of Reciprocal 
Absolute Temperature for Recrystallized Molybdenum. 


These are expected to result from carbon, nitrogen, or oxygen im- 
purities. 
Another observation of discontinuous yielding has been made. 


In the temperature range 1000 to 2000 °F (540 to 1095 °C), serrated 
loadtime curves were produced by the autographic record. Fig. 10 is 
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Fig. 10—Autographic Record of a Tensile Test 
of Recrystallized Molybdenum. Extension rate 
equals 0.2 inch per minute. Chart speed 2 inches 
per minute. Temperature 1645 ° 
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Fig. 11—Mechanical Properties of As-swaged Molybdenum—Strength and 
Ductility Versus Temperature. 
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Fig. 12—Mechanical Properties of Recrystallized Molybdenum 113 
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Fig. 13—Tensile Fracture of Recrystallized Molybdenum at 1645 °F. x 100. 


a reproduction of a typical example of a serrated record. Prior to 
this, serrated stress-strain relationships have been discovered for steel, 
aluminum, brass, phosphor bronze, and nickel (8). They have been 
described as a series of small yield points and are expected to be caused 
by successive pinning of dislocations as a result of strain-induced 
diffusion. The wide temperature range for this observation in molyb- 
denum is unusual. 

Figs. 11 and 12 show strength and ductility plotted as a function 
of temperature. Strength diminishes with increasing temperature more 
rapidly at low temperatures than at high temperature. At intermediate 
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Fig. 14—Creep Data for Molybdenum. 
Table Il 
Tensile Properties of Recrystallized Molybdenum 
- % m, n, 
Yield ; Reduc- Strain Strain 
or Ultimate % tion Hard- Rate 
Temp. 0.2% Tensile Elonga- of ening Sensi- 
Test °F Offset Strength tion Area Coef. tivity 
2358 85 65,250 81,250 28.96 21.5 0.190 0.0321 
2298 220 47,000 66,250 50.49 64.5 0.218 0.0161 
2297 437 30,250 53,500 50.09 71.5 0.228 0.0059 
2296 610 28,100 46,000 46.0 —~ 0.233 0.0043 
2299 850 26,000 43,000 48.09 81.5 0.237 0.0027 
2300 1021 24,250 42,600 48.98 92.0 0.243 0.0031 
2360 1279 20,000 39,050 42.95 96.0 0.228 0.0015 
2363 1448 19,000 38,500 38.44 95.5 0.187 0.0017 
2362 1645 18,500 35,500 37.54 95.5 0.178 0.0131 
2364 1790 18,000 34,500 41.47 97.5 0.154 0.0502 
2365 2020 16,000 24,950 71.86 97.0 0.145 0.1037 
Table ILI 
Tensile Properties of Molybdenum 
After 88 Per Cent Cold-Swaging 
m, n, 
Yield Strain- Strain- 
Strength Ultimate % Hard- Rate 
Temp. 0.02% Tensile Elonga- ening Sensi- 
Test °F Offset Strength tion Coet. tivity 
2518 85 95,000 97,150 1.8 —0.005 == 
2517 720 73,000 75,500 13.4 0.010 0.01099 
2516 1063 58,000 60,750 18.1 0.017 .00802 
2515 1330 57,000 61,500 16.6 0.025 .01767 
2514 1665 57,000 58,800 17.6 0.014 .02803 
2367 2080 30,500 32,250 44.7 —0.012 
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temperatures the strength is maintained almost constant over a sub- 
stantial temperature range. Also significant, perhaps, is the elongation 
minimum in the temperature range 1000 to 1800°F (540 to 980°C). 

The anomalous behavior described above for the temperature de- 
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pendence of n, m, strength, and ductility, together with the discon- 
tinuous yielding evidenced in the yield points and serrated load curves, 
indicates that molybdenum of the purity investigated is subject to 
strain aging. Similar effects have frequently been observed for other 
strain aging materials; for example, copper, aluminum, and steel 
(9,10). 


Table IV 


Stress-rupture Properties of Molybdenum 
Temperature, °F 10 Hours 100 Hours 1000 Hours 
1600 28,000 psi 22,000 psi 17,000 psi 
1800 19,000 15,000 12,000 . 


2000 14,500 11,500 a 9,000 _ 








1800 °F 


Initial Stress, |OOO psi 





0.! 10 100 1000 10,000 
Time, hours 
Fig. 15—Stress-rupture Life of Molybdenum. 


Fractures produced in these tests were all transgranular and, 
with the exception of the room-temperature tests, appeared to be 
fibrous. Fig. 13 is an example of these fractures. 

Tables II and III summarize the data obtained from tensile tests. 


CREEP-RUPTURE PROPERTIES 


The creep curves obtained on recrystallized molybdenum appear 
in Fig. 14 in logarithmic form, so that they might all be presented on 
a single set of coordinates. 

Fig. 15 shows the stress-rupture life correlations for these tests, 
and Table ITV summarizes the rupture properties obtained. These 
straight-line plots can be described by the equation 


—N 


S=Ct Equation 3 
r 


where C is a constant, S is the initial stress, t is time, and N is the 
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Fig. 16—Minimum Creep Rate as a Function of True Stress for Molybdenum 

Creep Tests. 
slope. This equation is analogous to Equation 2. The slopes of these 
log-stress log-time relationships are very nearly equal, being about 
0.108. This value is of the same order of magnitude as the value n 
in Equation 2 for the constant-rate tests, but does not vary between 
1600 and 2000 °F (870 and 1095 °C) as n does. The value N = 0.108 
is relatively small. For comparison, it is observed that for most com- 
mercial austenitic high temperature materials N = 0.18 to 0.20. 

Another criterion for evaluating creep resistance is the magnitude 
of the minimum creep rate obtained during the creep-rupture test. In 
Fig. 16, the logarithm of the minimum creep rate, indicated here as 
log €x, is plotted versus the logarithm of the true stress caused by the 
test load. 

In Fig. 17, the logarithm of minimum creep rate for several 
constant true stresses taken from Fig. 16 is plotted against reciprocal 
absolute temperature. This plot is, for the three temperatures con- 
sidered, a linear relationship. It is then possible to apply the Zener- 
Hollomon suggestion (11) that 


o=f (, 68/FT) Equation 4 


If €x is substituted for ¢ in this expression, the AH may be termed acti- 
vation energy for creep at the minimum creep rate. It has been found 
to vary somewhat with stress as follows: 


Stress (pst) (Cal.) 
15,000 78,500 
20,000 83,000 
25,000 87,500 


30,000 88,500 
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Fig. 17—-Minimum Creep Rate as a Function of Reciprocal 
Absolute Temperature. 


This trend toward higher activation energies for higher stresses 
can, perhaps, be rationalized by attributing it to the variation in strain 
aging as a function of strain and temperature. 

An activation energy of 86,400 calories was obtained by plotting 
stress versus AH and selecting a value for activation energy corre- 
sponding to the average of the true stresses acting in all tests made. 
This value was used in the Zener-Hollomon type parameter 
AH 
RT’ 

and it was plotted as a function of the logarithm of true creep stress. 
This relationship is shown in Fig. 18. A similar plot for maximum 
true stress versus this parameter for the constant-rate test results 
. does not compare well with these results, nor is it a linear relationship. 


Inex + 
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Fig. 18—Zener-Hollomon Parameter as a Function of True Stress 
for Molybdenum Creep Data. 
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Fig. 19—Larson-Miller Parameter Versus Stress for Molyb- 
denum. 
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Table V 
Creep-rupture Data for Molybdenum 
Time to Stress 

Infiec- Minimum True Z-H Rupture 

Nom. Rupture tion Creep Stress Parameter Parameter 

Temp. Stress Life Point Rate at éx Strain Total Inéx (all values 

°F (psi) (hours) (hours) ex (min—) (psi) at éx Strain +43,200/T x 10-) 
2000 20,000 0.41 0.13 0.711 22,680 0.1340 0.620 31.2847 35.9 
17,000 2.33 0.61 0.124 18,675 0.0985 0.915 29.5393 37.8 
14,000 11.8 1.25 0.0437 15,225 0.0875 1.250 28.4948 39.6 
12,900 63.6 14.4 0.00427 12,894 0.0745 0.824 26.1621 41.3 
9,000 595.5 156.0 0.000139 9,306 0.0340 0.672 22.7441 43.7 
1800 30,000 0.15 0.0336 2.1893 34,815 0.1605 0.715 35.2059 32.1 
24,000 1.69 0.348 0.2074 26,940 0.1225 0.880 32.8492 34.4 
20,000 14.5 3.31 0.0258 22,320 0.1160 1.050 30.7645 36.6 
15,000 60.0 7.92 0.00417 16, 425 0.095 0.945 28.9424 38.0 
14,000 151 33.0 0.00164 15,330 0.095 1.105 28.0091 38.9 
1600 36,000 0.930 0.222 0.256 41,886 0.1635 0.500 36.3992 30.9 
34, 000 — 0.145 0.3872 40,154 0.1810 = 36.8134 — 
30, 000 — 2.05 0.0458 34,410 0.1470 -- 34.6787 ae 
26,000 20.5 5.52 0.0153 29,354 0.1290 0.675 33.5823 33.7 
22,000 120 30.0 0.0033 24,723 0.12375 0.725 32.0484 35.3 
18,000 444 136 0.0007 19,980 0.1100 0.670 30.4978 36.4 
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The Larson-Miller stress-rupture parameter (12) was applied 
with the result shown in Fig. 19. The value C = 15 fits best in the ex- 
pression 


P = T(C + log t) Equation 5 
for molybdenum. 


The fractures obtained for these tests were similar in appearance 
to those for the higher temperature short-time tests. Fig. 20 is a 
photomicrograph representative of these fracture sections. 

Table V summarizes the creep-rupture data. 


CoNCLUSION 


An investigation into the tensile properties of molybdenum un- 
der conditions of constant rate for short times and constant load for 
long times has characterized the remarkable high temperature strength 
of molybdenum. There is evidence in this analysis to indicate that a 
strengthening phenomenon depending on temperature and strain, 
such as strain aging, is responsible for the very attractive high tem- 
perature properties of molybdenum. The following observations sum. 
marize this evidence. 

1. The maximum in temperature dependence of the strain- 
hardening coefficient. 

2. The minimum in the temperature dependence of the strain 
rate sensitivity. 

3. The persistence of low temperature strength to high tempera 
tures. 

4. The minimum in the temperature dependence of per cent 
elongation. 

5. The yield point phenomena in the range room temperature t: 
1200°F (650°C). 

6. The occurrence of serrated load curves in the range 1000 t: 
2000 °F (540 to 1095 °C). 

7. The small-slope associated with the stress-rupture life corre- 
lations in the range 1600 to 2000 °F (870 to 1095 °C). 

It is suggested that this strain aging phenomenon which appears 
to be responsible for the outstanding high temperature strength of 
molybdenum may occur in molybdenum-base alloys. Furthermore, it 
is possible that a properly-adjusted combination of purity, deformation 
and heat treatment would be of great value in enhancing the prop- 
erties of such alloys. 
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A CONTRIBUTION 
TO THE VANADIUM-OXYGEN PHASE DIAGRAM 


By W. RostoKer AND A. S. YAMAMOTO 


Abstract 


A partial diagram in the range 0-26 wt. Yo oxygen was 
constructed on the basis of metallographic, X-ray diffraction 
and resistometric studies. The body-centered tetragonal beta 
phase is hypothesized as a stabilization of a low temperature 
allotrope of vanadium. The beta phase is shown to form by a 
peritectic reaction between VO and the melt. A new delta 
phase is shown to derive from a peritectoid reaction between 
beta and VO. The terminal solid solubility, the a + 8/8, B/B 
+ VO, and B + VO/VO boundaries are approximately 
established. Accessory information on powder pattern lines, 
lattice parameters and hardness are given. 


INTRODUCTION 


ie LINE with a general objective of developing useful vanadium- 
base alloys, it was felt desirable to undertake limited studies on the 
system vanadium-oxygen to understand some of the origins of em- 
brittlement in alloys of that metal. Information about this system had 
been very limited until the recent publication of the work of Seybolt 
and Sumsion (1).! Earlier investigation of the lower vanadium oxides 
by Klemm and Grimm (2) indicated that the solubility of oxygen in 
vanadium was about 11.2% ? and that the lattice was distorted tetrag- 
onally. Allen, Kubaschewski and von Goldbeck (3) reported a very 
much lower solubility at lower temperatures i.e. about 0.25%. Seybolt 
and Sumsion resolved the apparent contradiction by demonstrating 
that there was not a continuous transition from body-centered cubic 
to body-centered tetragonal lattice but that in the temperature range 
600 to 1400 °C (1110 to 2550 °F), a mixed phase field exists between 
the body-centered cubic phase and the body-centered tetragonal 
phase. Accordingly, Klemm and Grimm’s solubility limit referred to 
the beta phase while Allen, Kubaschewski and von Goldbeck’s work 
actually did pertain to the terminal solid solubility or alpha solubility 
limit. 

Seybolt and Sumsion set the terminal solubility limit at 0.95% 
with no apparent temperature dependence and the existence range of 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
2 All compositions refer to weight percentages. 
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beta as between 5.3 and 8.3%. They further cited evidence for a high 
temperature allotrope of pure vanadium deriving by a transformation 
at 1550 + 10°C. The new phase was deduced as decomposing 
eutectoidally to the alpha and VO phases which necessitated the as- 
sumption that the beta phase formed by a peritectoid reaction: 
a + VO = 8B. A limited number of measurements indicated a mini- 
mum in the solidus curve at about 6.2% oxygen and 1650°C 
(3000°F). A recent paper by McCalden and Duwez (4) reports on 
experiments which do not support the existence of the high tempera- 
ture modification of vanadium. 

The present paper contributes further information on the a — B 
equilibrium, on the solidification reactions and on phase relationships 
in the composition region between 8 and VO. 


EXPERIMENTAL PROCEDURES 


Materials—Calcium-reduced vanadium was obtained from the 
Electro-Metallurgical Division of the Union Carbide and Carbon 
Corporation. A typical analysis is as follows: 


Carbon — 0.06% 
Oxygen — 0.07% 
Nitrogen — 0.10% 
Hydrogen — 0.002% 
Iron —_ — 


Vanadium pentoxide powder, chemically pure and air-dried, sup- 
plied by Vanadium Corporation of America, New York, was used as 
a source of oxygen. 

Melting Procedure—A non-consumable electrode arc melting 
furnace identical to that described in detail in a previous paper (5) 
was used in preparing all alloys. Specific components included a water- 
cooled tungsten electrode and a water-cooled copper crucible. The 
furnace atmosphere was high purity argon. 

Since the vanadium-pentoxide was in powder form, it was not 
convenient to use it directly in charges. Two vanadium-oxygen master 
alloys analyzing 23.4 and 26% oxygen were prepared. 

Ingots weighing 8 to 20 grams were then melted by combining 
vanadium metal and calculated amounts of the master alloy. Sixteen 
alloys in all were made having nominal compositions : 0.09, 0.25, 1, 2, 
3, 4, 5,7, 9, 11, 13, 15, 17, 19, 21 and 23.9% oxygen. 

Most alloys were breakable with hammer and cold chisel indicat- 
ing extreme brittleness associated with oxygen contents. Pieces of 
proper size for heat treatments were thus easily obtained. 

Heat Treatments—Isothermal heat treatments of samples up to 
1500°C (2730°F) were conducted in Vycor or quartz bulbs and us- 
ing conventional tube furnaces. Vycor bulbs were used for annealing 
at temperatures up to 1100°C (2010°F), quartz for higher tempera- 
tures. Below 950°C (1740°F), the bulbs were evacuated, while 
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above this temperature a reduced pressure of argon was introduced 
to maintain approximately one atmosphere at the annealing tempera- 
ture. At the conclusion of heat treatments all bulbs were broken under 
water at the instant of quenching. 


Table I 

Analyses of Vanadium-Oxygen Alloys 

Alloy No. Oxygen, Wt. % 
VO-5-2444 5.04 
VO-7-2920 8.2 
VO-9-3281 10.3 
VO-11-2921 11.8 
VO-13-3282 15.3 
VO-15-2922 14.5 
VO-17-3374 17.8 
VO-19-3375 20.5 
V 0-21-3376 21.4 
VO-23.9-2357 26.02 
V0O-23.9-2944 23.4 


Note: The oxygen contents were determined by difference after analyzing for vanadium. The 
alloys containing less than 5 wt. % oxygen did not yield reproducible results and their 
nominal compositions were employed for construction of the phase diagram. 








Table Il 
Schedule of Heat Treatments for V-O Alloys 
Annealing Annealing 
Temperature, °C Time, Hrs. Alloys, % Oxygen 

1800 1/12 a a oe 3 

1700 1/12 4 ae F 

1600 1/6 a 2a, te 

1500 1/3 5 

1425 1/2 Fai Oe Oks. 28235 

1400 1/2 a 

1300 1 SS 7a ey ea, 13, 15, 37 
19, 21 

1200 4 2, 4 

1200 17 9. 20, Ba 37, 19,39 

1100 24 ie eh ee a Dp Pg ee, 
ia, 3S 

1100 168 1a, 25, 37, 29, 21 

1000 24 * te. Se hey SO; 
1 

900 170 Ra Oa 2. om &. 4, 5, 
SR igh) Pe > BS Oe ee 
21, 23.9 

800 195 2 

750 170 2 

400 285 2,8 





For temperatures above 1500°C (2730°F), a specially designed 
furnace for high temperature heat treatments was available. Basically, 
it is a vacuum resistance furnace, a spht cylinder of thin molybdenum 
sheet being the heating element. The detailed description of the fur- 
nace can be found in a publication (6). Specimens were hung vertically 
in the furnace in tungsten wire baskets and dropped onto the water- 
cooled brass bottom to accomplish quenching. 

Solidus curves were determined by using a vacuum induction 
heating furnace and by employing metallographic examination for 
detection of incipient melting in the quenched specimens. Details of the 
furnace and its operation may be found in the literature (5). 








1955 VANADIUM-OXYGEN PHASE DIAGRAM 1005 


Atomic % Oxygen 





GC: 20 30 40 S50 

1700 
i500 
1300 

O 

» | !00 

5 

° 

@ 900 

a 

E 

® 

an 


“ 
oO 
oO 


o Single Phase 


® Two Phases 


100 4 Three Phases 
© Incipient Melting Temperature 


O o 8 2 16 20 24 
Weight % Oxygen (Analyzed) 


Fig. 1—Tentative Phase Diagram of the Vanadium-Oxygen System 


X-ray Analyses—X-ray studies were made concurrently on many 
samples to assist metallographic interpretation of structures under 
examination. Powder samples (minus 200 mesh) were exposed to 
filtered CuK, radiation (CuK,; = 1.527295 kX) in a 14-centimeter 


diameter Debye-Scherrer camera. Exposure times varied from 4 to 8 
hours. 


RESULTS AND DISCUSSION 


The tentative partial phase diagram of the vanadium-oxygen 
system is shown in Fig. 1, based on a weight per cent scale. The dia- 
gram is constructed as far as possible on the basis of analyzed compo- 
sitions which are listed in Tab ‘ ‘loys containing less than 5% 
oxygen could not be satisfactorily analyzed. Table II tabulates all heat 
treatments employed for the stucies. 
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Fig. 2—As-Cast 0.25% Oxygen Alloy. Dispersed phase. Etched. X 250. 
Fig.. 3—0.25% Oxygen Alloy Quenched from 900 °C, Coagulation of dispersed phase 
at grain boundaries. Etched. X 250. 
Fig. 4—1.00% Oxygen Alloy (Nominal) Quenched from 1100°C. Alpha plus a 
second phase. Etched. X 500. 

Etchant: 60 glycerine; 20 HNOs; 20 HF. 

The Terminal Solubility Limit—The oxygen content of the un- 
alloyed vanadium was about 0.07%. The microstructure of this ma- 
terial showed a single phase. An alloy containing 0.25% oxygen in the 
as-cast form showed a fine dispersion of particles (Fig. 2). After an- 
nealing at 900 °C (1650 °F) for 170 hours, the dispersed phase coagu- 
lated at the grain boundaries as seen in Fig. 3. The solubility limit 


at this temperature must be between 0.07 and 0.25%. An alloy con- 
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taining 1% oxygen annealed at 1100 °C (2010 °F) for 24 hours shows 
a small amount of second phase (Fig. 4). The same alloy annealed 
above 1600°C (2910°F) appears to be single phase. The solubility 
boundary, therefore, appears to decrease from about 1% to less than 
0.25%. 

The Beta Phase—X-ray diffraction patterns on alloys containing 


Atomic % Oxygen 
e.9 10 I5 20 25 
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Fig. 5—Lattice Parameters of the Beta Phase in the 
Vanadium-Oxygen System. 


from 2 to 10.3% oxygen showed the existence of only the body- 
centered tetragonal phase called beta by Seybolt and Sumsion. The 
lattice parameters and axial ratios are summarized in Fig. 5. The con- 
tinuity of parameters establishes that the beta phase at room tempera- 
ture is homogeneous over the range 2 to 10.3% oxygen. Whether this 
could be said to be true also of the elevated temperatures from which 
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Fig. 6—3.00% Oxygen Alloy (Nominal) Quenched from 1100 °C. Beta phase trans 
formed from aipha on quenching. Etched. X 500. 

Fig. 7—5.00% Oxygen Alloy Quenched from 1100 °C. Beta phase showing evidence 
of some transformation on quenching. Etched. X 500. 

Fig. 8—8.2% Oxygen Alloy Quenched from 1100 °C. Beta phase. Absence of trans: 
formation structure indicates that beta was stable at 1100 °C. Etched. X 500. 

Etchant: 60 glycerine; 20 HNOs; 20 HF. 
the specimens were quenched depends on whether all transformations . 
were suppressible by quenching. 

Examination of microstructures in the range 2 to 5% oxygen re- 
vealed structures which appeared acicular (Fig. 6) or banded ( Fig. 7). 
At the lower oxygen contents the whole structure was populated with 
these configurations while at the higher contents, they occurred only 
in patches. At greater than 5% oxygen contents, there is no evidence 


of these structures at all and the 8.2 and 10.3% oxygen alloys show 
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Fig. 9—10.3% Oxygen Alloy Quenched from 1100 °C. Beta phase. Absence of trans- 
formation structure indicates that beta was stable at the temperature. Etched. X 500. 

Fig. 10—11.8% Oxygen Alloy Quenched from 1100 °C. Two phase structure of beta 
plus another phase. Etched. X 250. 


Fig. 11—11.8% Oxygen Alloy Quenched from 1600 °C. Two phases, beta plus VO. 
Etched. X 250. 
Etchant: 60 glycerine; 20 HNOs; 20 HF. 


(except in special instances to be later referred to) single phase micro- 
structures (Figs. 8 and 9). The presence of banded or acicular type 
structures have frequently been correlated with insuppressible type 
transformations. In this particular instance, the interpretation has been 
made that metastable alpha transforms insuppressibly to beta. Accord- 
ingly, the microstructures which show areas of banding were in a two 
phase field of (a + 8) at the annealing temperature. It is relatively 
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Fig. 12—14.5% Caran Alloy Quenched from 1425 °C. Primary dendrite of VO and 
interdendritic beta. Etched. X 500. 

Fig. 13—14.5% Oxygen Alloy Quenched from 900 °C. Peritectoid reaction in progress: 
VO + B=6. Etched. X 500. 

Etchant: 60 glycerine; 20 HNOs; 20 HF. 


easy to set the B/a + 8 boundary by judging the disappearance of 
banded structures. The boundary must fall between 5.04 and 8.2% 
oxygen in the temperature range 900 to 1800°C (1650 to 3270°F). 
This is in fairly close agreement with Seybolt and Sumsion. Because 
of the continuity of lattice parameters, the B/a + 8 boundaries must 
bend toward the ordinate axis crossing room temperature somewhere 
between 0 and 2% oxygen. 

The presence of second phase beyond the higher oxygen limit of 
the miscibility field of beta is easier to recognize by metallography. 
Figs. 9 and 10 illustrate microstructures which bracket this boundary 
at 1100°C (2010 °F). 

The Delta Phase—Above 1200°C (2190°F), microstructures 
show a phase mixture of (8 + VO). Fig. 11 presents the structure of 
an 11.8% oxygen alloy as quenched from 1600°C (2910°F), occur- 
ring just beyond the solubility limit of the beta phase. The identifica- 
tion of the phases was confirmed by X-ray diffraction analysis. The 
Widmanstatten pattern in the beta matrix indicates a reduced solid 
solubility boundary for that phase. 

Below 1100°C (2010°F), the 14.5 and 15.3% oxygen alloys 
give microstructural evidence of a peritectoid reaction producing a new 
phase which is designated delta (8). Figs. 12 and 13, for a 14.5% 
oxygen alloy, exhibit structures above and below the peritectoid 
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temperature. X-ray diffraction analysis shows the appearance of new 
lines in the 1100°C (2010°F) pattern which were not present in the 
1300 °C (2370 °F) pattern. 

Specimens of 14.5 and 15.3% oxygen alloys were annealed in a 
second series at 900, 1100, 1200 (except 14.5% oxygen alloy), 1300 
and 1425°C (1650, 2010, 2190, 2370 and 2600°F), respectively. 
X-ray diffraction patterns gave evidence of the new delta phase in the 
1100°C (2010°F) anneal, whereas the 1200°C (2190°F) anneal 
produced no evidence of this phase. The peritectoid temperature, there- 
fore, may be set between 1100 and 1200°C (2010 and 2190°F). It 
was not possible to develop a predominant X-ray diffraction -pattern 
of the delta phase. By subtracting the known lines of 8 and VO from 
the patterns obtained from alloys annealed below 1100°C (2010°F), 
a group of 12 lines was left which appeared consistently, and were 
therefore assigned to delta. 





Table Ill 
Diffraction Lines of the 6 Phase* 
and Tentative Indexings on a Hexagonal Lattice 





ofa se 357 c/a == 2.15 

I d (kX) hkl hkl 

vw 1.886 004 

vw 1.786 102 110 

vit 1.589 003 112 

w 1.456 110 113 

vw 1.355 103 105 

ft 1.219 201 

vit 1.209 004 

w 1.168 106 

vit 1.138 121 

vit 1.114 202 

vit 1.098 104 122 

vit 1.072 ; 113 205 

* Taken from pattern for 20.5%, oxygen alloy annealed at 900 °C for 170 hours. w = weak, 
vw = very weak, ft — faint, vft — very faint. 





Some attempts have been made to identify the structure of delta 
and to indicate its formula by isomorphy with other intermediate 
phases in metal-oxygen, -nitrogen and -carbon systems. Among the 
transition metals the Mz2X phase is common, where M is a transition 
metal and X is oxygen, nitrogen or carbon. These phases are most 
commonly hexagonal with an axial ratio of about 1.6. It was found 
that 9 of the 12 lines of the delta group could be fitted to such a lattice 
giving approximately the normal c and a values. However, one of the 
three lines unaccounted for was consistently present in all patterns 
and relatively strong in intensity. Another system of indexing could 
be made at c/a = 2.15, by which nine lines could also be accounted for. 
In this case the unaccounted lines were all very faint..-The two tenta- 
tive indexings are shown in Table III. There is insufficient evidence 
to identify delta as V2O, 

The VO Phase—The master alloy containing 26% oxygen was 
found to be almost single-phase which was identified as the VO phase 
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with the NaCi structure and lattice parameter a = 4.08 kX. Klemm 
and Grimm (2) reported a homogeneity range of VO being between 
VOo.9 and VO;.3 (22 and 29% oxygen). No accurate determination 
of the homogeneity limit of VO on the vanadium-rich side was made 
in the present work. 

Inconclusive evidence of VO decomposing at a low temperature 
was presented by Klemm and Grimm. It was purported to decompose 
to the terminal vanadium solid solution and an undefined phase (pre- 
sumably higher oxide) in the same manner as FeO does. The VO 
lines appeared in their X-ray diffraction film as low as at the compo- 
sition of VOo.4 (11.2% oxygen). In the present work, no indication of 
a eutectoid transformation of this type was encountered. In Fig. 1, 
VO is shown to melt congruently. This is a supposition, there being 
no evidence in the as-cast structures for a peritectic reaction. 


Table IV 
Incipient Melting Results on V-O Alloys 


Alloy, Wt. % Incipient Melting Point, °C 


_ 
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1730-1750 
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1800 
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Solidification Characteristics—Adenstedt and his collaborators 
(7) determined the melting point of the same vanadium metal used 
for the present study. They reported a melting point of 1900 + 25 °C 
the value being confirmed by D. J. McPherson of the Foundation in 
the contributed discussion to their paper. Table IV tabulates the results 
of incipient melting measurements on the vanadium-oxygen alloys 
As can be seen, there is a minimum in the solidus boundary at about 
12% oxygen. The data confirm the trend reported by Seybolt and 
Sumsion. 

An examination of as-cast microstructures of all alloys prepared 
gave no evidence of a eutectic structure. It was assumed that peritectic 
reactions only would be involved in the solidification on either side of 
a minimum at 12% oxygen. The metallographic appearance of a 
14.5% oxygen alloy after incipient melting study gives direct evidence 
of a peritectic reaction on the VO phase side of the minimum in the 
solidus curve (Fig. 14). The invariant peritectic horizontal was ap- 
proximately located at 1690°C (3075°F), involving the reaction: 
Liquid + VO = X. The minimum in the incipient melting curve must 
be rationalized as the azeotropic solidification of a phase X, where 
X is either a or 8, depending upon which phase enters into the above 
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Fig. 14—14.5% Oxygen Alloy Heated to Incipient Melting at 1690 °C. Structure in- 
je incomplete peritectic reaction: VO + liquid = 6. Etched X 500. 


ig. 15—8.2% Oxygen Alloy Quenched from 1700 °C. Structure indicates that beta 
phase was stable at the annealing temperature. Etched. X 500. 


Fig. 16—5.00% Oxygen Alloy Heated to Incipient Melting at 1865 °C. Structure 
anaes ae a solid state transformation has occurred, probably of the type a-> 8. 
tched. 250. 


Etchant: 60 glycerine; 20 HNOs; 20 HF. 


mentioned peritectic reaction. The y phase or high temperature allo- 
tropic modification was suggested by Seybolt and Sumsion and denied 
by McCalden and Duwez. According to Seybolt and Sumsion the 
gamma phase is thought to solidify azeotropically and decompose 
eutectoidally into alpha and VO. However, in our opinion, the struc- 
tures presented in their paper as evidence cannot be interpreted as 
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_ _ Fig. 17—Temperature Versus Electrical Resistance of Vanadium Wire. (Arrows 
indicate start and finish of transformation). 


eutectoidal. In view of the conflict of evidence on the existence of 
gamma, we have omitted it from the diagram. It might be further 
pointed out that none of the structures encountered in as-cast or heat 
treated states required the assumption of a gamma phase to be ex- 
plained. 

Two critical specimens indicate that the 8 phase is the proper 
selection out of the two, a or B. Fig, 15 shows a 8.2% oxygen alloy 
annealed at 1700 °C (3090°F) for 5 minutes. The structure is clearly 
one of untransformed beta. On the other hand, a 5% oxygen alloy 
quenched from 1850 °C (3360 °F), gives definite indication of having 
undergone a transformation of the type a —- B (Fig. 16). 

Summarizing this information, it would appear that the solidifica- 
tion over the composition range of 0 to 23.9% oxygen involves two 
peritectic reactions : 


Liquid + a = 8 (indirect evidence) 
Liquid + VO = 8B (direct evidence) 
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Allotropy in the Metal Vanadium—At room temperature and 
above, the first intermediate phase appears to have a body-centered 
tetragonal structure. It is quite unusual that the homogeneous field of 
a true intermediate phase persists to as low as 6.4 atomic % (2 wt. % ) 
of a solute element because this involves an average interaction dis- 
tance between solute atoms in this case of about 10 A. This range of 
effective interaction is rare. It appeared that a more reasonable alter- 


1300 


1100 
900 
700 


500 


Vickers Hardness Number 


300 


100 
O 2 + 6 
Weight % Oxygen 
(Nominal) 
Fig. 18—Hardness Versus Oxygen Content. 


native was to assume that the beta field was the stabilization by oxygen 
of a low temperature allotropic modification of vanadium. 

To test this hypothesis, an unalloyed vanadium bar was swaged to 
0.050-inch wire. Rather than anneal and risk contamination, the cold- 
worked wire was wound around an insulated bar to provide a con- 
venient resistivity specimen. The arrangement was immersed in a 
Dewar flask with dry ice and acetone, and the resistivity was measured 
with a very accurate Kelvin double bridge as the bath warmed up to 
room temperature. The temperature was measured both with a copper- 
constantan thermocouple and a low temperature thermometer capable 
of measurements to within 0.5°C. The bath temperature was raised 
by using a heating coil immersed in the medium. The bath warmed so 
slowly that there was no measurable temperature change during the 
period of any resistivity measurement. A plot of measured resistance 
versus temperature is shown in Fig. 17. There is a clearly indicated 
change in resistivity occurring between —33 and —25 °C. This result 
is taken as supporting evidence that a low temperature modification in 
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vanadium does exist. In the vanadium-oxygen system, the low temper- 
ature modification would have a body-centered tetragonal lattice with 
an axial ratio of 1.04 or less (as extrapolated from the parameter data 
for the beta phase). 

Hardness Measurements on Alloys of Low Oxygen Contents— 
Hardness measurements were made on all alloys containing less than 
5% (nominal) oxygen which were annealed at 900°C (1650°F) for 
170 hours, and followed by water quenching. A 5 kilogram load was 
employed on a Vickers hardness tester. Fig. 18 shows the results ob- 
tained. The smooth hardness curve seems to indicate that deviations 
of these low oxygen alloys from nominal compositions are at least 
systeniatic. 

McKechnie and Seybolt (8) first reported hardness versus oxygen 
content data. Beatty (9) reported a relation between hardness and 
lattice parameter of high purity vanadium with various contents of 
oxygen and nitrogen. However, it was found impossible to compare 
the results inasmuch as all the alloys examined by different people 
were varying in nitrogen contents. Beatty reported that small addi- 
tions of both oxygen and nitrogen resulted in a sharp increase in 
hardness of vanadium as well as in its lattice parameter. 


SUMMARY 


A partial diagram of the vanadium-oxygen system was con- 
structed on the basis of limited studies. Melting and heat treating of 
the alloys were conducted under protective conditions to prevent 
contamination. The characteristic features of the diagram are as fol- 
lows: 

(a) The limit of solubility of oxygen in alpha vanadium at tempera- 
tures below 900°C is somewhere between 0.07 and 0.25% oxygen. 
At very high temperatures the maximum solubility reaches nearly 
1%. 

(b) The solidus curve has a minimum where the beta phase solidifies 
azeotropically. The phase has a body-centered tetragonal lattice 
and is considered as a stabilized phase of the low temperature 
allotrope. It has a large range of homogeneity. 

(c) A peritectic reaction occurs at 1690°C (3075°F) between VO 
and vanadium-rich liquid of about 14% oxygen to form the beta 
phase. 

(d) The delta phase is formed by a peritectoid reaction between 8 and 
VO phases at approximately 1100°C (2010°F). There is insuf- 
ficient evidence to identify delta as V2O. 

(e) A low temperature allotropy in vanadium was found by tempera- 
ture versus resistivity measurement in the temperature range be- 


tween —33 and —25 °C. 


| 


~-——_—_—-- 
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eutectoid steel ......... 434438 


Carbides 


distribution in iron-carbon- 
titanium-vanadium 
WY Daas 6s isp hee 605-610 
in 4.5% chromium steels 
changes during tempering .660—661 
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Carbon 
content of steel 
effect on elastic limit....... 
ASN Rees ~ 387-390, 395-397 
distribution in iron-carbon- 
titanium-vanadium 
Ss ones oan ee 605-610 
effect on creep-rupture behavior 
of 4.5% chromium steels 653-654 
effect on hardenability ........ 411 
effect on machinability of 
Wes ci ctha + caeiae 683, 687-689 
effect on transformation tem- 
peratures of iron ...... 504, 506 
in end-quenched steel sections 
effect on tensile and impact 
emonertied . oo. 5s eck tees 417 
solubility in ferrite ........ 306-310 
in titanium 
effect on beta-alpha trans- 


(estes © eis. 506-507 
Carbonitriding 

Gl Wire SOU os és biases 794-814 

case’ depth ....:...: 800-801, 804 


effect of water vapor. .800-801 
effect of ammonia 
concentration ..... 800-801 
carbon concentrations ...... 


....802-803, 807-808, 810-813 


effect of ammonia ...... 802-803 
effect of water vapor . .802-803 
microhardness ...... 797-799, 804 


effect of water vapor ..797-799 
effect of ammonia 
concentration ..... 797-799 
nitrogen concentrations . 


... 802-803, 807-808, 810-813 


effect of ammonia ..... 802-803 
effect of water vapor. . .802-803 
retained austenite ....... 800-802 


effect of water vapor. . .800-801 
effect of ammonia 


concentration ........ 801 
role of water vapor and 
RA. sc. eK 794-814 


surface hardness.797—798, 803-805 
effect of water 


vapor ....797-798, 803-805 
effect of ammonia concen- 


trations . ..797—798, 803-805 


Carbon tool steel 


hardenability of cylinders. See 
under Hardenability. 


Case depth 


determinations for carbon tool 
steel cylinders ......... 776-782 


Case hardening atmospheres 


role of water vapor and 
DO ds bee rus den 794-814 


Cathodic protection 


of magnesium alloy J 1 
from stress-corrosion..... 483—485 


Cementite 
solubility in gamma iron .. .504~-505 
Cementite in steel 


effect of cold work 
changes in magnetic 


SEK OF 343-344 
displacement of Curie 

RE SEL a Pies oa 4 340-343 

on magnetic intensity ....325—330 

mechanical reversibility .330—334 

solonoid studies ......... 334-335 


tectural stress evidence. . .344—-345 
thermal-magnetic 

SE -<ocs caeut «x 322-325 
URW PERE wouccasescse 336-340 


Cementite particles 


minimum stable size ...... 304—306 
solubility in ferrite 
effect of carbon form...... 310 
ORE OE OD a. . wis weee ds 306—309 
effect of strain .......... 309-310 
Cerium 


in iron alloys. See Iron— 
cerium system. 


Chi Phase 
in 12% Cr-—4% Mo stainless 
NE kc ep eee ns > 211-230 


effect of titanium ......... 
...-213-215, 223-224, 226-230 
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Chi Phase (cont.) 


EES 219-223 
chemical analysis ........ 222 
lattice parameters.220, 222, 229 
photomicrographs ....... 221 
II eas os oo ces 220-223 

Chromium 


in binary zirconium alloys 
effect on elevated temperature 
ape 671-674 
effect on workability and 
Banieeee sash. 670-671 
in high carbon alloy steels 
effect on hardenability ...759, 762 


Chromium-manganese-nickel 


steels 
corrosion resistance ........ 255-258 
effect of chromium ...... 256-257 
effect of manganese .... ..255—257 
effect of nickel ...........255—257 
intergranular corrosion ..256-258 
effect of carbon ........ 256-258 
effect of nitrogen ...... 256-258 
ipa WENREE. . .. ..s0n mess - 241, 249-254 
influence of composition . .249—252 
effect of carbon........ 251, 253 
effect of chromium ...... 251 
effect of manganese ... .251—252 
effect of nickel ......... 251 
effect of nitrogen ...... 251, 253 
influence of temperature. .252—254 
effect of aging ......... 253-254 


mechanical properties ....... 
idea Waa wneud 239-241, 243-254 


elongation .......... 241, 244-246 
effect of cold working .... 246 
effect of manganese ...241, 245 

Erichsen values ......... 241, 245 

izod impact.......... 241, 249-254 

tensile strength. .240—241, 244-246 
effect of carbon....... 241, 244 


effect of chromium. 240-241, 244 
effect of cold working. . .245—246 
effect of manganese .241, 244-245 
effect of nickel. ...240—241, 244 
effect of nitrogen....... 241, 244 
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Chromium-manganese-nickel 
steels (cont.) 


work hardening. .239, 243, 247-250 
effect of manganese... .239, 243 
yield strength....... 241, 24+, 246 
Queen BES hos. nk c's cen 264-265 
phases present..... 233-240, 242-243 
after heating at 1075 °C and 
| Ree 233-239 
effect of carbon........ 236-238 
effect of chromium..... 234-239 
effect of manganese... .. 234-239 


effect of nickel........ 234-239 
effect of nitrogen....... 236-238 
in chill cast samples at various 
temperatures .........- 


ee Se ok ye 239-240, 242-243 
relative magnetism .239-—240, 242 
stress-rupture strength... .262—265 
true stress — strain curves. ..247-250 


welding characteristics .....254-255 
ge ee 254 
effect of nickel.......... 254 
tensile properties of weld... 254 


Chromium-manganese steel 
photomicrographs ......... 207-208 
showing sigma formation .207—208 
rate of sigma formation....... 207 
effect of cold work.......... 207 
effect of recrystallization... 207 


Chromium-molybdenum- 
vanadium steel 
i7-2ae, (CS) S0bGl.... 28s 926-956 
effect of variation in nor- 
malizing and tempering 


WEOUMETO ooo cae go 926-956 
creep embrittlement . . . .926-956 
notch sensitivity ....... 926-956 


stress rupture strength. .926—956 


Chromium-nickel-copper steel 
gb SY eee re 926-956 
effect of variation in 
normalizing and tempering 


procedure 
creep embrittlement . . . .926-956 
notch sensitivity ....... 926-956 


stress rupture strength. .926—956 
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Chromium steel 


hardened 4.5 chromium steels 
creep-tempering relation- 
ships. See creep-tempering 
relationships. 


Cobalt base alloy 
Det Me oc vcs eakeat koee es 21 


Cold-rolled steel, low carbon 


effect of rolling temperature on 
zonal texture 
experimental procedure ..716—719 


previous investigations ...715—716 
rolling conditions ....... 717-718 

strip thickness vs. tempera- 
OO Saks ca RAR A 717-719 
x-ray diffraction study... .719-726 
intensity curves ....... 721-726 
Ne GE ins icp wen 3 KK 724 

Cold work 

chromium-manganese steel ... 207 
effect on sigma formation... 207 


effect on cementite in steel. See 
Cementite in steel. 
effect on creep properties of 
dilute aluminum alloys 
activation energy for 


GONE ks kis knees ss 633-037 
activation energy for 
CONNUOE Oe SG Foss deus 636 
BENS GING 6 cds icesssaa sss 633 
COGD COPTER TSS i 6. 5 ns 634-635 
creep strain equation ....... 633 
effect of recovery on tensile 
CUEVOR: 5 iiacnes souk 636-637 
initial state of alloys..... 633, 636 
recovery model .......... 641-643 
stress parameter relation. .637—640 
to creep strain......... 639-640 
structure parameter relation 
gis \ we aata Wise o's oS 639-641 
to creep strain......... 641, 643 


true stress vs. true creep. .639-640 
stainless steels, type 310 
effect on sigma formation. . . 
soni paeb cen 195-196, 198-207 


Columbium 


in binary zirconium alloys 
effect on elevated temperature 


ED 5 oo pe vie cde 671-674 
effect on workability and 
oo Ons <6 cas 670-671 


Constitution diagrams 


See Phase Diagrams. 


Continuous cooling diagrams 


eae nse edeecns 876-879, 881-887 
determined by magnetic per- 

meability method ...... 876-879 

Grange and Kiefer diagram.877-—879 


Continuous cooling transforma- 
tions 
magnetic method for deter- 
Ro. cate bu awk 869-891 
Cooling curves 
SAE 4340 steel 
for several quenching 
es base ae's 3 876-877 
Cooling rate 
calculation for carbon tool steel 
I Sao oe aude 770-775 
versus percent martensite. . .729-730 
Cooling transformation curves 
oPARE Me GEE oc ice cc weeeee 872 
Cooling transformation dia- 
I iis io v0) 730-733, 884-887 
I es ea s'e ald 886-887 
transformation products ....884-885 
Copper-gold system 


constitution of ordering alloys 


alloys investigated ......... 581 
equilibrium results ......... 584 
experimental procedure . .583—584 
phase diagrams .......... 579, 587 
SONS Sab teas a cwaacenee 595-596 


rates of approach to equilib- 
Ss no daea be cranes 589-595 
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Corrosion resistance 


chromium-manganese-nickel 


MR ca shck  <'n'sc edie 255-258 
Corrugations 
formation during solidification 
» KISE Cn + digeks Cone 464, 469 
Cottrell mechanism .. .978—980, 982 
Cottrell’s theory ............ 451 
Crack formation 
magnesium ....... 125-129, 132-134 


Creep curves 
molybdenum .............. 994-995 


substructure influence in nickel 
and nickel alloys 
a Rrra) 510 
constant creep rate region.514—515 
formula for initial curve. .513-514 


co a ener 515 
effect of alloy content..... 515 
ee... ba <cet ba 514 
nickel titanium ............ 514 
prestrain for linear 
Os Srey. ae 515-516 
prestraining substructure 
Cee i ss sass 508-510 


effect of amount of pre- 
strain ....508—509, 511, 516 
effect on tensile properties 


Se inuig ton sae 508-511, 513 
pure nickel curves........ 511-513 
relation to flow stress....509, 512 
test procedure ........... 509-510 


Creep embrittlement 
Cr—Mo-V and 17 Cr-4 Ni- 
CG MEBs ci oe 926-956 
effects of variation in normal- 
izing and tempering pro- 
CORE ai2s. see 926-956 


Creep properties 


of dilute aluminum alloys 
effect of cold work on. See 
Cold work. 
of ductile or modular cast 
WR: E55 tines 4K wREE 613-623 


Vol. 47 


Creep properties (cont.) 


of 4.5% chromium steels...... 655 
of steel isothermally transformed 
under applied tensile 
Se fe saad vce 362-365 
Creep-rupture curves 


for 4.5% chromium steels. . .653-656 
effect of carbon content. .653-654 
microstructures ........... 654 


Creep-rupture data 


molybdenum ............. 999-1000 


Creep-rupture fracture 


Eg ve 999-1000 
Creep-rupture properties 
molybdenum ............. 995-1000 
of zirconium —8% tungsten 
alloy at 1800 °F........ 674-675 
Creep-rupture test 
a 996-997 
minimum creep rate...... 996-997 
activation energy ........ 996 


as a function of reciprocal 
absolute tempera- 
SOE iircedicks +'smee 996-997 
as a function of true stress. 996 


Creep strain 


in dilute aluminum alloys 
I ar a. 5 aihnacind pare hs 633 
relation to stress parameter 
, et ee anh cekbew as 637-640 
relation to structure 
eT 639-641 


Creep-tempering relationships 


in hardened 4.5% chromium steels 
analysis of tempering 
phenomena .......... 656-661 
changes in carbides..... 660-661 
hardness and electrical 
resistance data ....656-660 
creep-rupture behavior. . .653-656 
effect of carbon content. 653-654 
microstructures ......... 654 


a 
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Creep-tempering relationships 
(cont. ) 


effect of stress during 


tempering ........... 661-662 
on hardness and electrical 
CINE Se 661 
effect of structural 
instability ...6..66..... 662 


experimental procedure 
phases formed during 
SOURCE Sis ee ise 651 
pbiels teg0NE fi tac tes sss 651 
Critical cooling velocity 
in hardening carbon tool 
OS See ee ae 774-782 
Critical stress range 


for isothermal transformation 


of amet, ois oo 360-362 
Crystallographic orientation 
zirconium ........ 173, 175-176, 178 


relation to plastic strain 
Vinewakes oie 173, 175-176, 178 
Curie paints 
effect of cold work on......328—343 
Damping of some engineering 
alloys 


effect of static stress 
cause in ferromagnetic 


OR i aches oicaes 447 
compositions of alloys...... 443 
experimental procedure. ..441—443 
SR I i os taka oeennke 442 


importance of damping. . .440—441 
magneto-mechanical damping 


of Fe-40% Co........ 447-449 

on AISI 403 steel........ 444-447 
effect of temperature... .. 445 
on Refractory 26........ 445446 
effect of temperature..... 446 


plastic flow damping..... 447-449 
Deep drawing 


aluminum sheet....47—48, 50, 63-66 
effect of preferred 


orientations ........ 47-48, 50 
cylindrical cup 
schematic representation .... 55 


Deformation 


effect on cementite in steel. See 
Cementite in steel. 
of iron-carbon alloys 
effect on carbon solubility . 309-310 


Deformation mechanisms 
in polycrystalline magnesium.102—129 
Delayed failure 


steel 892-922 
from hydrogen embrittle- 
ee |... Suc aaa 892-922 


Delayed yield 


dislocation theory. See Dis- 
location theory. 


Dendritic growth in alloys 


constitutional surpercooling... 469 
GUNMIREOIND occ. cc desman 464, 469 
critical conditions for....... 467-470 


dentritic transition......... 466-470 
distribution coefficient. .463, 465, 470 


experimental procedure..... 465-466 

solute concentration........ 463—464 

solute temperature distribution. 464 

supercooling gradient ........ 469 
Detwinning 

magnesium ........... 112, 115-116 


Directional properties 


aluminum alloy bar.......... 66—74 
correlation with preferred 
OUNRNEND i kek S55 as 0s 69-72 


aluminum wrought products. .38-75 


Dislocation theory 


application to delayed yield in 


steel 
Cottrell’s theory ........... 451 
delay time equations and re- 

ME \ s Rdiea Mee ey oes 453-458 
effect of strain aging..... 457 
ems i ii cass ves 456-457 
relation to shear modulus 


Wu deta awiedieg Wee 454-458 
relation to temperature.454—458 
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Dislocation theory (cont.) 
energy to initiate slip. ...452—453 


rate of thermal nucleation.. 453 
yield stress vs. temperature 

PRR he eee ares as 458-461 

PD 4 + incite + Ss xkaben 461 

for molybdenum ......... 460 

Drawing capacity 

aluminum alloy sheet......... 62-65 
effects of preferred orienta- 

GE bs bee dandwend vac 62-65 


Ductile cast iron 


bright field observations. .. . 855-856 
elevated temperature properties 
alloys tested ............. 612-615 
advantages of ductile irons.. 611 
austenitic ductile iron 
creep and stress rupture 
ees 615, 617, 620-623 
cream Curves «2.66 vase 619, 622 
residual tensile properties. 615 
stress rupture curves. ..621, 623 
experimental procedure. ..612-619 
ferritic ductile iron 
creep and stress rupture 
an -.. 26 es 613, 617, 620, 623 
creep curves ........... 618, 622 
residual tensile properties. 613 
stress rupture curves. ..620, 623 
heat treatments .......... 613-614 
hot tensile properties..... 625-627 
limiting creep stress vs. tem- 


perature ........ 617, 620-623 
comparative data for low 
carbon steel ......... 620 
limiting rupture stress vs. 
temperature ....617, 620-623 
comparative data for low 
carbon steel ......... 623 
metallography .......... 616, 626 


pearlitic ductile iron 
creep and stress rupture 
ee cians 614, 617, 620-623 
creep curves .......... 618, 622 
residual tensile properties. 614 


stress rupture curves. . .620, 623 
structural stability and 
growth 
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Ductile cast iron (cont. ) 
microstructures ........... 857-863 
secondary graphite ......... 854 


showing influence of com- 
position on secondary 
graphite 
showing metamorphosis of 
secondary graphite . . .857-862 
polarized light observations .855—856 
quenched and tempered..... 853-868 
secondary graphitization. .853—868 


secondary graphite ......... 857-863 
influence of composition. .861—863 
metamorphosis of ........ 857-862 

silicon-rich carbides ....856—857, 859 

Ductility 

molybdenum .............. 992-995 

as a function of tempera- 
a, eet a as 992-995 

ee PPT Core 899-906 

effect of hydrogen embrittle- 
EE aa, Fics 0 da een 899-906 


17-22A(S) steel. ..938-941, 946-947 
effect of normalizing tem- 


I is oe nide « 938-939 

at several times to rupture 
bs siamese sane Ra's 6.0 938-939 
effect of rupture time....... 947 


at several test tempera- 
tures 
effect of tempering tempera- 
ture 
at several rupture times .939—940 
effect of tempering time. .946—947 
at various tempering tem- 
peratures .......... 946-947 
effect of tempering time. .939—-941 
at several times to rupture 


dee ae 6 ES a 940-941 

Sm yf ee 940-942 
effect of tempering tempera- 

eS oe anced ss 940-942 


at several rupture times .941—942 
effect of test temperature. .940—942 
at several rupture times .941—942 
We MNS ois ssibnnc ass 137-144 
brine quenched and refrig- 
erated 
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Ductility (cont.) 


effect of refrigeration. ...140—141 


effect of specimen size..... 
ikesesbeees 142-144, 154-155 

quenched in iced brine. . . .137—140 

quenched in oil.......... 141-142 


Ear formation 


aluminum sheet .............. 60-62 
as. np alee 42, 47-48, 60-65 
aluminum sheet ....... 47-48, 60-65 


Elastic limit and yield behavior 


of hardened steels 
apparatus and procedure. .381—386 


Gs Fees see hk hae 380-381 
effect of isothermal anneal- 
WS: dried. 0k 392-393, 396 


effect of quench and trans- 
formation stresses ..... 
fo tht abewcwdeteh 394-395, 403 
effect of rate of cooling from 
tempering temperature. . 


edhe Gubba's Glalwee bas 390-397 
effect of tempering tempera- 
WN, oe ce 384-386, 405-407 


effect of tempering tempera- 

ture on hardness and 

EE... cet wats ks 384—387 
effect of tempering tempera- 

ture on yield strength. 384-391 
influence of carbon content. . 

beep ae 387-390, 395-397 
mechanical properties vs. 

SS Se 

.. . .387-—388, 391-392, 405-407 
mechanical test results... .385—389 
relation to strength and hard- 

OE es a ei Vigan a 393-394 
relation to yield strength. .391, 394 
shutin Onets. 6. cess ua 381-382 
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Electrical resistance 


of tempered 4.5% chromium 
CE oes cca Ska ene bene 656-660 
effect of stress during temper- 
SE: iid s bg Rae des oe 661-662 
vanadium 
as a function of temperature 


ENG KOE bas Cae 83 1014-1015 
Electron metallography 
of dependence of microstructure 
on hardenability ....... 727-746 
Electron micrographs 


of iron-carbon alloys 
tempered at 700-1000 °F.... 
Jai 294, 297-299, 314-316 
of steel isothermally trans- 
WE tes Winco asvekal 374-375 


Elevated temperature properties 


of ductile or nodular cast irons. 
See Ductile cast irons. 

of wrought binary zirconium 
alloys. See zirconium alloys. 


Elmendorf curve 


SAE 4063 steel ..........: 880-881 


Elongation 


chromium — manganese — nickel 


RGN 655 baie thax call 241, 244-246 
molybdenum .............. 992-995 

as a function of temperature 
sists nk 4 Rina alah 992-995 


zirconium .161—162, 170-172, 180-181 
effect of annealing tempera- 

ture 
effect of test temperature... 

Pe 161-162, 180-181 


Embrittlement 
rer ee ae 938-941 
effect of normalizing tem- 

ONO kos Baw ea ten 938-939 

at several times to rupture 
Rees «cb eated ie COE 938-939 

effect of tempering tempera- 
Wee vii SewNe ieee 939-940 


at several rupture times .939—940 
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Embrittlement (cont.) 


effect of tempering time. .939-941 
at several times to rupture 


tee Sit at acelan sec o 940-941 

EJB ee MO. gs kak oc on tes 940-942 
effect of tempering tempera- 

SUD... Abies deine 6.85 940-942 


at several rupture times .941—942 

effect of test temperature. .940—942 

at several rupture times .941—942 
End-quenching 


of heavy steel sections 
transverse properties. See 
Slack-quenched steel. 


Enthalpy 
of binary interstitial solid solu- 
DCC Ee eas 6 tre cuceos 494-507 
Erichsen values 


chromium — manganese — nickel 
WOINS cs Sabre re a oka 241, 245 


Fatigue properties 
of lamellar and spheroidal eu- 
tectoid steel 


crack location ........... 432-433 
effect of carbide morphology 

LE te ki cee oboe s aalhe 434-438 
effect of inclusions. .425, 433, 436 
factors affecting ......... 433-438 
fatigue statistics ......... 430-432 
material and testing...... 426-427 
mechanical properties ...... 426 
microstructures ......... 433-435 
statistical analysis methods 

Fextiatteste 423-425, 427-430 


Ferritic ductile cast irons 
creep and stress rupture data 


bse kines. a sundiotsie Caskices 613-623 
hot tensile properties....... 625-627 
structural stability and growth 

0 den Has Vee s cba ti eew ek 623-625 


Ferroboron 
compared with Grainal No. 79 
for effect on hardenability .412—413 
for effect on tensile and im- 
pact properties ...... 412-414 


Vol. 47 


Ferromagnetic materials 
damping characteristics ....444~447 


Flow properties 
aluminum plate .............. 94-99 
effect of prestraining under 
different stress states. . .94-99 
Fracture properties 
aluminum plate ....... 77-93, 96-99 
effect of prestraining under 
different stress states... 
ushih wean dd oi 6 77-93, 96-99 
Flow stress 
relation to substructure of nickel 
ee oad 509, 512 
Free energy 


of binary interstitial solid solu- 


SS ivicgibivenn hea 495-507 
relation for decomposition of 
NE Se cteckle o ares olin 740-741 


Gamma iron 
solubility of cementite in... .504—-505 


Glass rods, annealed 
relationship between bending 
stress and time for fracture 
Pe bEe ow db db undie 6080 od 921-922 
Grain boundary shear 
MI 5. vase vosbeess 122-126 


Grain orientation 


aluminum wrought products. .39—42 
correlation with directional 


IEDs ca's cBaneceee 39-42 
Grains 
magnesium 
orientation .......... 104, 106-107 


Grain size 


of iron-carbon alloys 
effect of tempering tempera- 


ee OOF co isis nde ons 296-302 
zirconium ......... 170-172, 174-175 

effect of annealing tempera- 
So eng o2 170-172, 174-175 


! 
| 
' 
| 
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Grinding 


influence on structure of 
hardened steel 
effect of mechanical variables 
i cds tke dee maae 702-705 
effect of wheel condition. .704-705 
electrical simulation of. ..696-697 
experimental work ...... 693-697 
grinding conditions ........ 696 
grinding energy relation.... 
ibe stihs achetiieesael 703-704, 710-713 
peak temperature vs. micro- 
NN 5s cause wor 699-700 
reason for investigating. .692-693 
results from electrical heat- 
Oe cat w is Oe haw OS 698 
temperature distribution be- 
neath surface ....... 700-701 
temperature for rehardening 
chins «hei se aeees 698-700 
temperature for tempering .698—702 
temperature vs. grinding con- 


gees co ieee 702-703 
transverse temperature varia- 
a So. See 700-702 
Hardenability 


of carbon tool steel cylinders 
calculated cooling rates. ..770-775 
calculated hardness penetra- 
ON CIVES cicd dete. 


“I 


75 

case depth determinations .776—782 
comparison with calculated 

SHIN Sos ccs4sens 779, 782 

critical cooling velocity. ..774—-775 


hardness penetration curves 


sinitonch isle rio eehinaoaiene 771-775 
ONES NE i ii Siskirachiew + « 776 
dependance on microstructure 
character of bainite ........ 739 
character of pearlite ........ 739 
cooling rates vs. percent 
martensite .......... 729-730 
cooling transformation dia- 
wee... ie alke fi 730-733 
method of constructing. .730-731 
method of using........ 733-734 
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Hardenability (cont.) 


electron metallography..... 
nda ieb exe la te 734-742, 744 

identification of transfor- 
mation products ...735—738 

free energy, temperature, de- 
composition relation. .740—741 


hardenability data .......728—-729 
microstructures ......... 728-729 
Ce a ee 728 
of heavy steel sections 
effect of boron........... 410-413 
effect of carbon............ 411 
effect of nickel............. 412 
effect of rare earth meals... 410 
effect of silicon.......... 410-412 
of high carbon alloy steels 

composition of steels...... 750-751 
computation of hardenability 

OE Ppp ae ee eee 754-764 
effect of chromium....... 759, 762 
effect of manganese...... 757, 761 
effect of molybdenum....759, 762 
effect of nickel........... 758, 761 
effect of nickel plus manga- 

Ta ee 769 
effect of silicon.......... 752-753 
hardenability data ....... 749-754 
reason for interest........ 748-749 


Hardenability data 
for 0.4% carbon steels...... 728-729 


Hardened steels 


elastic limit and yield behavior. 
See Elastic limit and yield 
behavior. 


Hardness 


18% Cr—8% Ni stainless steel. 273 


Rg he Pe os ee 273 
NS es Cease: 273 
17-Z2ZA(S) steel .......0:. 930-937 


as a function of normalizing 
temperature and time.931—932 

as a function of tempering 
temperature and time .931—933 
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Hardness (cont.) 


of hardened steels 
relation to elastic limit... .393-—394 
relation to mechanical 
SOOO So ios Sak cn 
....387—388, 391-392, 405-407 
of iron-carbon alloys 
effect of tempering tempera- 


en Oa od is vas «<a 293, 304 
low carbon steels. . .971—973, 981-982 
effect of strain aging...... 971-973 


effect of aging time... .971—973 
relationship to transition tem- 
a 972-973 
martensitic steels .......... 785-793 
effect of alloying elements .790-791 
effect of carbon. .788-789, 791-793 
effect of chromium......... 790 
effect of nitrogen. 788-789, 791-793 
stainless steels, type 310....208—209 
effect of sigma formation .208—209 
stellite 21 ....830-833, 841, 849-851 
NN i CPiwes. 2s a 830-833 
effect of aging tempera- 
ture for various times 
obtstattescses 832, 850-851 
effect of time at various 
temperatures ........ 831 
changes with heat treatment. 841 
effect of different quenching 
MOE acc kcidscess 849-850 
isothermal transformation .830—833 
effect of temperature for 


various times ........ 832 

effect of time at various 
temperatures ........ 831 

of tempered 4.5% chromium 
SOs cadet eds Oe eee 656-660 

effect of stress during temper- 

NE Se ae Soc deus 661-662 
of titanium-cobalt alloys...... 562 


vanadium-oxygen alloys. .1015—1016 
as a function of oxygen con- 
i ay waste 1015-1016 
of wrought binary zirconium 
alloys 
at room temperature and 
1600°F 
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Hardness (cont.) 


SN. Gish did ws 6 Bak wniat 172 
annealed for various time — 

temperature combinations 

ni bts Wik SS las lene ote 172 
Hardness penetration curves 
for carbon tool steel cylinders 

Spibdkkebunnia Dade <2tee 771-775 

Hardness traverses 


aluminum tensile specimens. . .85-87 
prestrained in biaxial tension 


PRs es inet kent be8 85-87 
Heat tinting 
stellite 21 ..... 821-822, 834-836, 842 
Heat treatment 


effect on stress-corrosion 
of magnesium alloy J1.... 479 


High carbon alloy steels 


hardenability. See under 
Hardenability. 


Hot hardness 


effect of aging time...... 974-976 
effect of temperature..... 973-974 


Hydrogen embrittlement 


proposed mechanisms ...... 895-898 
Cottrell atmosphere surround- 
ing a dislocation ....... 896 
Griffith crack theory...... 896-898 
planar pressure theory. . . .895-896 
SAE 4360 ste) ............ 892-922 
bainitic structures ....... 918-919 


room temperature aging 
characteristics ..... 918-919 


ductility ........ 899-900, 903-906 
effect of charging condi- 
Ns as ck ce ee 899-900 


effect of charging time... 899 
effect of removing surface 
layers of metal from 

charged specimens .903-906 

at two strength levels. 904-905 

effect of aging....... 904-905 
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Hydrogen embrittlement (cont.) 


effect of aging time...... 900, 904 
on ductility ........... 900-903 
on notch tensile strength. . 

; aie sen cee 900-902, 904 
hydrogen distribution ....902-906 
mechanical properties ....899-—900 

effect of charging condi- 

NE ik atk ox eek 899-900 
relationship to delayed fail- 

ES ae bee tes 906-908 

MIN Ss. 5's si'Vnw eon eke 900, 902 
effect of charging 

es Sankowswse es 900, 902 
stress rupture tests....... 906-921 

critical load values..... 908-909 


effect of aging with and 
without applied stress 
be oe thn beh ae 911-918 
sharp notched specimens 
Se ues 912-913 
unnotched specimens. .912, 915 
effect of aging time... .909-914 
relationships between 
aging time, applied 
stress and time to 
SONG ike 65 xs 910-914 
effect of notch acuity. . .908—909 
evaluation of variables.919—921 


tempered martensite ..... 918-919 
room temperature aging 
characteristics ..... 918-919 
true stress-true strain curves 
«0 diester aaa ieahe ie nat 900—901 
charged and uncharged 
specimens ......... 900-901 


Impact properties 


of end-quenched heavy steel sections 


effect of boron .......... 413-416 
effect of carbon ............ 417 
effect of mass ........... 418-420 
effect of nickel ............ 415 
effect of rare earth metals .414—416 
effect of silicon .......... 414-417 
low carbon martensites ..... 135-152 
QO os itkktecads 144-148, . 150-151 
effect of alloying 
elements ........ 146-148, 151 
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Impact properties (cont.) 


effect of carbon ...... 146-148, 153 
effect of chromium . .147—148, 153 


effect of manganese ....... 148 
effect of nickel ...... 147, 151, 153 
effect of strain aging ....150—151 
effect of testing 

temperature ..... 145-147, 151 


Impact transition temperature 
range 


low carbon steels . .961—967, 980-981 
effect of prestraining in com- 


pression and aging. . .963—965 
effect of aging 


temperature ....... 963-965 
effect of prestraining in 
tension and aging... .961—963 
effect of aging tempera- 
ture 
effect of straining and 
strain aging ......... 980-98 1 
effect of stress — relief 
treatments 


Inclusions 


in steel 
effect on fatigue prop- 
WU ies bates so 425, 433, 436 


Intergranular corrosion 


chromium-manganese-nickel 
NI inn oc ih = te 0% 256-258 


Interstitial solid solutions 


thermodynamics. See Thermo- 
dynamics. 


Iron 
yield stress vs. temperature .. 461 


lron-carbon alloys 


microstructural changes on 
tempering. See Tempering 
of iron-carbon alloys. 


lron-cerium system 


determination of cerium... .552—553 
diffraction data ............ 550-551 
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lron-cerium system (cont. ) 


effect of cerium on transfor- 


REN: <a Uti ges ov. oe 546 
experimental procedure ...543—545 
phase boundary determina- 

CE Nadu Mase tin 546-548 
phase diagram ............ 544, 548 

NE as < wit kibs.tle's eae 6 547 
structure of intermediate 

i ele ie ig sek t 548-551 

COD Ga cv -covk ud 552 


Iron-cobalt alloys 
ew calves 6 447-449 
Isothermal transformation of 


austenite under applied 
tensile stress 


applied stress relation to per- 


cent transformed ..... 359-360 
character of banite formed. .367—371 
creep behavior ............ 362-365 
critical stress range ........ 360—362 
critical true strain ........... 366 
during a portion of trans- 

formation time .......... 368 
effect on beginning and ending 

Is ab aan a kg times in 357-359 
effect on rate of decomposition. 367 
electron micrographs ...... 374-375 
experimental procedure ....354-357 
previous results .......... 351-354 
true strain vs. banite formed. 363, 366 
true strain vs. time ......... 362-365 


true stress —true strain relation 

of unstable austenite prior to 
banite formation ....... 366 

of unstable austenite trans- 
formed to banite ..... 366-367 
typical microstructures ...... 361 


Izod impact 
chromium-manganese-nickel 
IE bi dita wicintaton en 241, 249-254 
Larson-Miller parameter 


as a function of stress ...... 997-998 
for molybdenum ......... 997-998 


Vol. 47 
Lattice parameters 

18% Cr—8% Ni type 
IE a cso Poss Soa 0d 269 
RS i ia. a Sse 269 
PON a Bain ic ics was bane 838 
vanadium-oxygen system .1007, 1011 
i a A a 1007 
WLP e iia bess oa 248s os 1011 


Laves phase 


in 12% Cr-—4% Mo stainless 
Beets caps as 3 211-230 

effect of titanium.......... 
....213-215, 233-224, 226-230 


Seeeeneem . wks se te 215-220 
chemical analysis ...... 216-217 
internuclear distances ..218—220 
latice, parameters ..... 220, 226 
ee 216-220 


Lead-tin alloys 
dendritic growth .......... 463-470 


Low carbon steels 


creep and rupture stress vs. 
temperature ...... 617, 620-623 
effect of rolling temperature on 
texture. See Cold-rolled 
steel, low carbon 
impact transition temperature 
Re oa ce 960-967, 980-981 
effect of prestraining in com- 
pression and aging ..963-965 
effect of aging 


temperature ....... 963-965 
effect of prestraining in tension 
NE PN oa vnc betes 961-963 


effect of aging temperature.963 
effects of straining and 


strain aging ......... 980-981 
effect of stress-relief 
CUOMRMIOTES oo cscs coe 966-967 
MUPORGORTURENG: oo 0 oc ic vevc cass 976 
effect of strain aging 
SN... cntind 0 chairs ia 976 
ee ae 971-973, 981-982 


effect of strain aging... .971—973 
effect of aging time ... .971-973 


en 
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Low carbon steels (cont.) 


hot hardness ...... 973-976, 981-982 
effect of aging time ...... 974-976 
effect of temperature ..... 973-974 

tensile properties .......... 966-971 


effect of prestraining in com- 
pression and aging ..969-971 
effect of prestraining in ten- 
sion and aging ....... 966-969 
tensile strength ............ 966-971 
effect of prestraining in com- 
pression and aging . .969-971 
effect of prestraining in ten- 


sion and aging ...... 966—969 
effect of aging time .. . .966—967 
transition temperatures ..... 972-973 
relationship to hardness . .972-973 
relationship to yield 
ITE Sk ons ni cnaioee 972-973 
time stress-strain curves. ...965-966 
prestrained in compression 
Oe Otte. se cbgw atin 965-966 
prestrained in tension and 
OE aS scaueke cin 965-966 
yield point behavior ....... 970-971 
effect of prestraining and 
REE Fan cb coke 970-971 
ee 966-971 


effect of prestraining in com- 
pression and aging ..969-971 

effect of prestraining in ten- 
sion and aging ....... 966-969 
effect of aging time..... 966—969 


Machinability 
of rephosphorized open hearth 
screw steel 
effect of composition. See 
Rephosphorized open 
hearth screw steel 


Machinability index ........ 689 
Magnesium 
OU I ak i's oth Aba dct 
‘cme 109-110, 112-113, 117-118 
associated with twinning. .117-118 
schematic illustration..... 117 


crack formation . ..125—129, 132—134 
deformation mechanisms in. . 102-129 
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Magnesium (cont.) 
detwinning ........... 112, 115-116 
grain boundary shear ...... 122-126 
CI a oh il uci ite ocak 104-107 


method of identification. .. 104-105 


orientation ......... 104, 106-107 
noncrystallographic low angle 
ROUEN oc ace cs seass 117-122 


crossing grain boundary . .120—121 
effect of stress on displace- 
WEE. s, «x0 catenins 121-122 
formation and movement. .118~-120 
noncrystallographic surface 


rd os sca ek kh 127-128 
IS oh oss na ek ban oo ee 125-129 
ese ei. ee 110-111 

critical stress for ........ 110-111 
RPE oy oes a oddone 108-111 
stress-strain curves ....105, 107—108 


CR FU thane 111-117, 125 


bending planes associated 


SN sc. oo we ee eee 117 
bilateral growth ........ 112-113 
detwinning .......... 112, 115-116 
unilateral growth ........ 112, 114 

Magnesium alloys 
stress-corrosion. See Stress- 
corrosion 
Magnetic intensity 
of cold worked steel ...... 325-344 


Magnetic transformation curves 
SAE 4340 steel 


Magnetic transformation 
diagram 
SAE 4340 steel 
relation of magnetic perme- 
ability to temperature. 875-876 


Magneto-mechanical 
GO «oa vicinn cus ssace 447-449 


Manganese 


effect on machinability of steel. 687 
in high carbon alloy steels 
effect on 


hardenability ...757, 760-761 








1036 


Manganese steels 
martensitic transformation. .286—288 


Martensite 


18% Cr—8% Ni stainless steel 
relationship to electrical 


OETA 269-270 
isothermal forma- 
ERE Sy ee 272-275, 282-284 
18% Cr—8% Ni stainless 
cs. ce eee 272-275 
effect of carbon ........ 272-275 
effect of holding 
temperature ...... 272-275 
effect of plastic deforma- 
RS on ee ae 282-283 


mechanical stabilization .282—284 
mechanism of formation ...352—354 
SAE 4340 steel ............ 918-919 

hydrogen embrittlement. . .918-919 
room temperature aging 
characteristics ..... 918-919 


Martensitic steels 
attainable hardness ........ 785-793 
effect of alloying elements . 790-791 
effect of carbon. .788—789, 791-793 
effect of chromium ......... 790 
effect of nitrogen .788-789, 791-793 


Martensitic transformation 
18% Cr-—8% Ni stainless 
steel 
effect of carbon. .270, 272, 285-286 
effect of deformation ..... 267-290 
effect of plastic strain on 
subsequent transforma- 


ON rah dy cas a 32d 279-280 
martensite produced by plastic 
deformation ......... 273-277 
for a range of temper- 
CE 46 ébdo uss 273-276 


for various elongations .276-277 
nature of martensitic 

SE a5 savas + pale 271-273 

manganese steel ........... 286-288 


Mechanical properties 


chromium-manganese-nickel 
steels ......... 239-241, 243-254 
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Mechanical properties (cont.) 


of hardened steels ......... 385—389 
relation to hardness ........ 
... -387—388, 391-392, 405-407 


of lamellar and spheroidal 


eutectoid steel ........... 426 
molybdenum .............. 987-995 
material constants vs. 
temperature ......... 987-991 
strength and ductility vs. . 
temperature ........ 992-995 


SAE 4340 steel 


ment 


Melting points 


of titanium-aluminum-manganese 


RN 0 EG oi wah 6 oe des 576 
Microstructure 

of Al-V alloys.525—527, 530, 532-533 

of 4.5% chromium steels .... 654 
of cold-worked steel 

relationship to magnetic 
Mc ocak caked 325-345 
ductile cast iron....... 854, 857-863 


showing influence of composi- 
tion on secondary 
MIR Gok ek vice ce 861-863 
showing metamorphsis of 
secondary graphite. ..857-862 


secondary graphite ........ 854 
of ductile or nodular cast 
a TRS nas widens 616, 626 
of fatigue cracks in eutectoid 
SE ay Dildos bc oceeuae 433-435 
of iron-carbon alloys ...... 293—304 


changes during tempering. See 
Tempering of iron carbon 


alloys 
low carbon steels ............ 976 
effect of strain aging 
UNS. Sid cies 976 


relationship to hardenability .727—746 
17-22A(S) steel ..942-943, 945-947 
normalized at various 


temperatures ........ 942-943 
tempered for various lengths 
Gres Se SS 945-947 
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Microstructure (cont.) 


of steel during transformation. 361 
Stellite 21.818, 821, 823-830, 835-841 


os tolled... navies 818, 821, 827, 838 
effect of different quenching 
ete Soi RN as 849-850 
heat treated and isothermally 
transformed ........... 837 
showing pearlite surrounded 
er NG Sy; . oCRCSS 837 
pearlitic structures ...... 840-841 
precipitation by aging..... 826-830 
precipitation by isothermal 
transformation ...... 823-830 
solution-treated ........ 818, 827 
of stress-corrosion 
in magnesium alloy 
Lt ee 479-480, 483 
of titanium-aluminum-manganese 
Steet. oo Gasset 572-573 


of titanium-cobalt alloys... .556—560 
vanadium-oxygen alloys ...... 


peta <Weees 1006, 1008-1010, 1013 
Minimum creep rate 


molybdenum . 2.4 ¢..0065s: 996-997 
activation energy .......... 


as a function of reciprocal 
absolute temperature .996—997 


as a function of true stress.. 996 
Molybdenum 
in binary zirconium alloys 
effect on elevated temperature 
WUE o'5.d x coteae #* 671-674 
effect on workability and 
I i ies hts 670-671 
er NG oO eg pian 994-995 
creep-rupture data ........ 999-1000 
creep-rupture fracture ..... 999-1000 


creep-rupture properties. ..995—1000 
ductility 


as a function of temper- 


NE sc cha eae d 992-995 

I os ov ks cain awe 992-995 
as a function of 

temperature ......... 992-995 


in high carbon alloy steels 
effect on hardenability ..759, 762 
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Molybdenum (cont.) 


Larson-Miller parameter ...997—998 
as a function of stress ... .997—998 


mechanical properties ..... 987-995 
material constants vs. 
temperature ........ 987-991 
strength and ductility vs. 
temperature ......... 992-995 
minimum creep rate........ 996-997 
activation energy .......... 996 


as a function of reciprocal ab- 
solute temperature . .996—997 


as a function of true stress.. 996 

reduction of area .......... 993-995 
as a function of 

temperature ........ 993—995 


strain hardening coefficient ... 
(ce@ekius 2aeh es 987-991, 993-995 

as a function of reciprocal 
absolute temperature .988, 991 

strain rate sensitivity........ 
ks mn aes 987-991, 993-995 

as a function of reciprocal 

absolute temperature.988, 991 
stress at unit strain... .987—988, 990 


stress-rupture life ............ 995 

ie a ole 995 
tensile fracture ............ 993, 995 
tensile properties ......... 984—1000 


at elevated temperatures .984—1000 


tensile streme@ten .....6...; 990-995 

as a function of tempera- 
RR ies. cca ki phen 992-995 

true stress-true strain 

CUP a's AGS 986-989 
Wa IN 6 k's SHA Sins 5 989-992 
yield strength ............. 992-995 

as a function of tempera- 
Be ei vcrécdcas 992-995 


yield stress vs. temperature .. 460 
Zener-Hollomon parameter .996—-998 
as a function of true stress .996—998 


M, Temperatures. .873-875, 879-880 
equation for 874 


Nickel 


creep curves vs. prestrain. ..511—513 
effect on hardenability 412 


oe ee ewe 
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Nickel (cont.) 


in end-quenched steel sections 
effect on tensile and impact 
ee ere 415 
in high carbon alloy steels 
effect on hardenability .. 


sito badness ewe 758, 760-761 
Nickel-cobalt alloys 
creep curves vs. prestrain .... 515 
effect of alloy content ...... 515 
Nickel-iron alloys 
creep curves vs. prestrain.... 514 


Nickel-titanium alloys 


creep curves vs. prestrain .... 514 


Nitrogen 


effect on machinability of steel. 687 
effect on transformation 


temperatures of iron . .504, 506 
in titanium 
effect on beta to alpha 
transformation ...... 506-507 


Nodular cast irons 


elevated temperature properties. 
See Ductile cast irons 


Noncrystallographic low angle 
boundaries 


SOMO © die nit 0 eueeeus 117-122 
crossing grain boundary ..120-121 
effect of stress on displace- 

SUE OE cs sc ckbaswnit 121-122 
formation and movement .118—120 


Noncrystallographic surface 
traces 


magnesium 


Notch sensitivity 


Cr—Mo-V and 17 Cr—4 Ni- 
OO is in cwe ows 926-956 
effects of variation in normal- 
izing and tempering 
procedure ........... 926-956 
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Notch strength ratio 


17—22A(S) steel. .938-941, 949-952 
as a function of rupture 


RAE SRE oe ey ee 949-952 
for several normalizing 
temperatures ...... 949-950 
for various tempering 
treatments ........ 950-952 
effect of normalizing temper- 
WUD ci VeRINEK i cd 938-939 
at several times to 
is rick vps 938-939 
effect of tempering temper- 
BEE Sia Rus i adeeame 939-940 
at several rupture times .939—-940 
effect of tempering time . .939—941 
at several times to 
I hi is sched 940-941 
7 tS dia We aR os 608d cl 940-942 
effect of tempering tempera- 
WN Rs ih iis Sibi he 940-942 


at several rupture times .941—942 
effect of test tempera- 

ture 

at several rupture times .941-942 


Oxygen 
in titanium 
effect on beta to alpha 
transformation 
Pearlite 


effect on fatigue crack 
SI 63 056 5 00 0 © 435-438 


GESUORUIIEEE TIE on ccc ccnse 739 
Pearlitic ductile cast irons 

creep and stress rupture 

a cuate st .  s6 cee. 614-623 

hot tensile properties ....... 625-627 

structural stability ........ 623-625 
Phase diagrams 

aluminum-vanadium ...... 524, 539 

Se a ee 579, 587 

iron-cerium .......... 544, 547-548 


titanium-aluminum- 


manganese ............566-576 
titanium-cobalt ............. 557 
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Phase transformations 
during tempering of 4.5% 
CN ae wk ww eee ed 651-664 


Phosphorus 
effect on machinability of steel. 687 


Photomicrographs 


chromium-manganese steel 
showing sigma formation .207-—208 
18% Cr-—8% Ni stainless steel. 
PS 271-273, 278-282, 289 
showing change in martensite 
on cooling after defor- 


SIR. isc co 0 kasancen 280—282 
showing martensite produced 
by deformation ...... 278-280 
showing nature of martensitic 
SOE Ss + cacceeraes 271-273 
stainless steels, 12% Cr—4% 
BOR: sek sat cceke han 213-215, 221 
effect of titanium ........ 213-215 


stainless steels, type 310... .179-203 
showing sigma formation .197—203 
SigCtON . 4s kbwaw a’ 170, 174-175 


Plain carbon eutectoid steel 


fatigue properties ......... 423-439 
Plain carbon steel 

solubility of carbon ........ 306-310 
Planar Pressure Theory..... 895 
Plastic flow 

aluminum sheet ............. 53-55 

effect of rolling direction ..53—55 

Plastic flow damping...... 447-449 
Plastic strains 

NN, Soe Po eck eee eine 77-79 

zirconium ......... 173, 175-176, 178 


relation to crystallographic 
orientation ..173, 175-176, 178 


Pole figures 


aluminum-copper-magnesium 

alloy bar 
illustrating duplex type of 

preferred orientation ..67-68 
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Pole figures (cont.) 


..-40, 46-49, 58-65 

mixture of rolling and recrystal- 
lization textures.48, 62-63, 65 

recrystallization texture .... 


aluminum sheet . 


Preferred orientation 


aluminum alloy bar.......... 69-72 
correlation with directional 

properties... 6 sick ose 69-72 
aluminum-copper-magnesium 

OE abies <axcokaekenenl 67-68 


aluminum sheet ....... 46-50, 62-65 
effect on deep drawing.47—48, 50 
effects on drawing capacity.62-65 
effect on tensile tests ....46—47, 49 


President’s Annual Address. 8 
Prestrains 
effect on substructure ...... 508-510 
i PA ae le cian si bine 77-79 


Probit analysis 


of fatigue properties ......... 
vrduaeascaewe 424-425, 429-430 


Rare earth metals 


in end-quenched steel sections 


effect on hardenability ...... 410 
effect on tensile and impact 
properties .......... 414416 


Rate sensitivity 


es a ee ae 167 
a's ds ws «hie. ane 167-168 
al aa! ie die wi 166-170, 182 
effect of amount of strain... 168 
effect of grain size ........ 168 
relation to test tempera- 
BS. 5a: tiered Witbig eek kiccl 168-170 
Recovery 
in cold worked aluminum 
activation energy .......... 636 


effect on tensile curves at 


298° K 
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Recrystallization 
chromium-manganese steel ... 207 
effect on sigma formation... 207 


stainless steels, type 310... .200—207 
effect on sigma formation .200—207 


Reduction of area 


mnt oss oon cog sa 993-995 
as a function of tempera- 

OR: Scie heed ates 993-995 

Refractaley -......6.......60% 26 


damping under static stress. .445-446 


Rephosphorized open hearth 
screw steel 


influence of composition on 


machinability 

advantages of open hearth 
NE ce ehh nk Paes is 681 
effect of carbon...... 683, 687-689 
effect of manganese......... 687 
effect of nitrogen........... 687 
effect of phosphorus........ 687 
effect of silicon. .683-685, 687-689 
effect of sulphur......... 684689 
machinability index ........ 689 

machinability testing proce- 
Do Win FUG wus wee ed 681-682 

Retained tensile ductility 

aluminum plate........ 86-93, 96-97 


effect of biaxial tension and 
biaxial compression .88—89, 97 
effect of prestrain in simple 
compression or simple 
Sn on couwedassn 89-91, 97 
effect of prestrain stress state 
evar ee son teas Swe 90-91, 97 
effect of tensile and compres- 
sive prestrain....... 86-89, 96 
stat, BAT Sees « acces ccccunt 89-91 
effect of prestrain in simple 
compression or simple 
tension 


Rolling texture 


of cold-rolled steel 
effect of rolling temperature. 
See Cold-rolled steel, 
low carbon 





TRANSACTIONS OF THE ASM 


Vol. 47 


Screw steel 


machinability vs. composition. . 


ih aR hve Kea ves: 680-691 
Secondary graphite 
ductile cast iron........ 854, 857-863 
influence of composition. .861—863 
metamorphosis of ........ 857-862 
microstructure ............ 854 
Secondary graphitization 
ductile cast iron............ 853-868 


quenched and tempered. . .853—868 
Secretary’s annual report... 15 
Shear modulus 


relation to delayed yield time. . 
ERD PECLERTED + 6 cane as « 454-458 


Sigma formation 


austenitic stainless steels 
effect of cold work and re- 


crystallization ....... 193-209 
chromium-manganese steel .207—208 
effect of cold work......... 207 
effect of recrystallization.... 207 


stainless steels, type 310... .195—207 
effect of aging temperature 

Pateen cane 195-196, 198-207 
effect of aging time........ 

Ss ves ttaaie 195-196, 198-207 
effect on bend angle...... 208-209 
effect of cold working...... 

odie Si. 195-196, 198-207 
effect on hardness........ 208-209 
photomicrographs showing. . 

Antic veal eR ed ss och 197-203 
relation to recrystallization. . 


eS 200-207 


Silicon 


effect on hardenability..... 410-412 
etfect on machinability of steel 


in end-quenched steel sections 
effect on tensile and impact 
I is ogn's sone 414-417 
in high carbon alloy steels 
effect on hardenability. ..752-753 
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Slack-quenched steel 


transverse properties of heavy 


sections 
effect of mass: ........5.. 418-420 
hardenability results ..... 409-413 
previous results .......... 408-409 
DOOM ks ove ea eA ees 409 
tensile and impact properties 
(nave Se'st sue cuter. 413-419 
Slip 
energy to initiate........... 452-453 
DN 0. ve 110-111 
critical stress for......... 110-111 
Slip-bands 
NE 6 ii cS beaae es 108-111 
Smooth strength ratio 
17—22A(S) steel.......... 949-952 
as a function of rupture time 
Bee) SR Sal tke 949-950 
for several normalizing tem- 
peratures ......... 949-950 
as a function of rupture time 
hed ec ic an lola 950-952 
for various tempering treat- 
ED GUE A ewes 950-952 


Solid solubility limits 


thermodynamic expressions .501—507 
cementite in gamma iron. .504—505 


Solid solutions 


thermodynamics of binary inter- 
stitial. See Thermodynamics 


Solidification 
deutritic growth ........... 463-470 
Solonoid 


use in studying cold worked 


WN ks oes eX 334-335 
Solute 
concentration during solidifica- 
We iS ccA ices cee 463—464 
temperature distribution during 
solidification ............ 464 
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Specific volumes 


18% Cr—8% Ni stainless steel. 269 
DEERE arr ea a SPE ge oes 269 
martensite 


Stain etching 
Stellite 21... ..821-822, 834-836, 842 


Stainless steels 


Is ities gins hae, we 403 
damping under static stress 

PUTe Risse ind be cae 444-447 

12% Cr—4% Mo steels... .211-—230 

Re OR a oe ear E 211-230 


effect of titanium......... 
. .213—-215, 223-224, 226-230 
ee MOE oe. eae die bh 211-230 
effect of titanium......... 
. .213—215, 223-224, 226-230 
photomicrographs ...213--215, 221 
effect of titanium...... 213-215 


Stainless steels, austenitic 


chrominum-manganese-nickel 


steels .239-241, 243-258, 262-265 
corrosion resistance ...... 255-258 
intergranular corrosion.256—258 
elongation .......... 241, 244-246 
Ericksen values.. ..241, 245 
izod impact ......... 241, 249-254 


mechanical properties ...... 

Nixa Besa 239-241, 243-254 
oxidation tests ........... 264-265 
stress-rupture strength ...262—265 
tensile strength. .240—241, 244-246 
true stress-strain curves. .247—250 
yield strength ...... 241, 244, 246 
welding characteristics ...254-255 
work hardening. .239, 243, 247-250 


18% Cr—8% Ni type...... 267-290 
electrical resistance ...... 269-270 
relationship to percent mar- 
NONE hc sakes 269-270 
Si. . cc ickae eens 273 
I so BEB as os 273 
I 5 css chee aes 273 
isothermal formation of mar- 
tensite ...... 272-275, 282-284 


effect of carbon........ 272-275 





1042 TRANSACTIONS OF THE ASM Vol. 47 


Stainless steels, austenitic (cont.) 


effect of holding tempera- 


eee oa ac oo 272-275 
effect of plastic deforma- 
TN I ok ec aie as 282-283 
mechanical stabilization .282—284 
lattice parameters .......... 269 
REND 8 obo wkd ds eu 269 
SE. oh xdns ceene us 269 


martensite transformation .267—290 
comparison of measured and 
calculated values of 

DERTEM ces 6h oneuis 3 as 270 
effect of carbon.......... 

i iii co 270, 272, 285-286 
effect of deformation. . .267—290 
effect of plastic strain on 

subsequent transforma- 

GO > cite sis pends 279-280 
martensite produced by 

plastic deformation... 

oaks 6a aan aie 273-277 

for a range of tempera- 
One: s,s s cae 273-276 

for various elongations. . 
LAeepihbabn vas 0% 276-277 

nature of martensitic prod- 

Ot i ate et Saks 271-273 

photomicrographs ......... 
edadewe 271-273, 278-282, 289 
showing change in mar- 
tensite on cooling after 

deformation ....... 280-282 
showing martensite pro- 

duced by deformation 


Pres pe kieta ns. «ike 278-280 
showing martensite ....271-273 
specific volumes ........... 269 
EE «code vi met ss os 269 
EE sab bs «.c Rg bla 269 
5 sox 05kes < se ceawd 193-209 
SD neu drks sewons 208-209 
effect of sigma formation. . 
Sekadeb bes coewsake 208-209 
EO EERE rae DR Ee 208-209 
effect of sigma formation 
SUBD A Mice mika dne cae 208-209 


Stainless steels, austenitic (cont.) 


rate of sigma formation. . . 193-207 
effect of aging tempera- 
eee 195-196, 198-207 
effect of aging time....... 
en Wahthacneks 195-196, 198~-207 
effect of cold working... .. 
Wiis 195-196, 198-207 
effect of recrystalliza- 


ee. oo. w 5 ke 200-207 

sigma formation ......... 193-209 
effect of cold work and re- 

crystallization ..... 193—209 


Static stress 


effect on damping. See Damping 
of some engineering alloys. 


Statistical analysis 


of fatigue properties.......... 
Sicak hak beam a's 423-425, 427-432 


Steels 


See Low Carbon steels. 
delayed yield. See Dislocation 
theory. 
effect of cold work on cementite. 
See Cementite in steel. 
effect of grinding on structure. 
See Grinding. 
impact properties ..144~-148, 150-151 
effect of alloying elements. . 
Sah cee ks 146-148, 151, 153 
effect of strain aging...... 150-151 
effect of testing temperature 
<s adi mates 064s 145-147, 151 
magnetic permeability versus 
temperature ........... 873-874 
magnetic transformation dia- 
SEE vin igdhuws oh edeaes 875-876 
relationship of magnetic per- 
meability to temperature. . 


SEER OY | Vee Eee 875-876 
IE 0 oss xcken we 880-881 
relationship to magnetic per- 
NE i isk guieinre 880-881 
versus temperature ........ 880 


M, temperatures ..873—875, 879-880 
EE TOPs vuivicin es o's 8S 874 


4 
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Steels (cont.) 


tensile properties 


. .137—144, 148-150 


effect of strain aging...... 148-150 
transformation points....... 869-875 
magnetic detection ....... 869-875 

determination of M, points 
tatyub ie st dehees 873-875 
operation of equipment... 872 

schematic diagram of ap- 
pares. Five iee nis 871 

schematic diagram of cir- 
OUR wear eens 870 


typical cooling and magnetic 
transformation curves. 872 
SAE 4063 
Elmendorf curve ........ 880-88 1 
EER a0 Cu aoiptiinn an 872, 876-877 
cooling curves for several 
quenching media ..... 876-877 
cooling and magnetic trans- 
formation curves 


Steel, trade designations 


AISI 403 
damping under static stress. . 
<ieb woh wh wads 4 ielicals 444-447 
AISI 1020 
elastic limit and yield be- 
DE. sch cu cea ae 384-398 
AISI 1040 
elastic limit and yield be- 
ME 0c otaw Bitnien tus 384-398 
AISI 1045 
isothermal transformation 
oo eae es 359 
AISI 1080 
elastic limit and yield be- 
Ra 384-398 
AISI 1085 
isothermal transformation 
CNW oe os ss teas 356-357 
AISI 4340 
isothermal transformation 
Ee ne in Skin 358 
SAE 1040 
hardenability vs. microstruc- 
ture 
SAE 1090 
electron micrographs 


...-314-316 
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Steel, trade designations (cont.) 


SAE 1340 
hardenability vs. microstruc- 
NS eis a saute sg 727-746 
SAE 4040 
hardenability vs. microstruc- 
is Sicha eecarinatns 5 dake 727-746 
SAE 4340 
hardenability vs. microstruc- 
ES 5 dating vie leh on aie 727-746 
SAE 5140 
hardenability vs. microstrtic- 
ERE meee gle ec =: 727-746 
SAE 8640 
hardenability vs. microstruc- 
I A oe 727-746 


Stellite 21 


grain boundary behavior...... 830 
hardness ..... 830-833, 841, 849-851 
ID «sy ciw dy cheek eee cal 830-833 
effect of aging temperature 
for various times.... 832 
effect of time at various 
temperatures ........ 831 
changes with heat treatment. 841 
effect of different quenching 


I ani eo ea 849-850 
isothermal transformation 
ne oo ial a 830-833 
effect of temperature for 
various times ........ 832 
effect of time at various 
temperatures ........ 831 


versus aging temperatures . 850-851 
heat tinting. . . .821-822, 834-836, 842 
lattice parameter ............ 838 
microstructure ........... 818, 

821, 823-830, 835-841, 849-850 
as-rolled ....... 818, 821, 827, 838 
effect of different quenching 

methods 
heat treated and isothermally 
transformed ........... 837 
showing pearlite surrounded 
OE icin «des 837 
pearlite structures 
precipitation by aging... .826-830 
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Stellite 21 (cont.) 


precipitation by isothermal 


transformation ...... 823-830 
solution treated .......... 818, 827 
stain-etching . .821—822, 834-836, 842 
stress rupture life.......... 850-851 


versus aging temperature .850-851 
X-ray diffraction 

eae 819-821, 833-834, 841-842 

matrix phases ....... 819-821, 833 


minor phases ............-- 


Stereographic projections .. 
edses beaks 51-53, 56-59, 70-71 


Strain aging 


effect on delayed yield time.... 457 
relation to solute segregation... 451 
mechanism of......... 976-980, 982 
of steel 

effect on carbon diffusion.. 347 


Strain energy 


of binary interstitial solid solu- 
SE 58 abso ed uae 500—507 


Strain-hardening coefficient 
molybdenum ...... 987-991, 993-995 

as a function of reciprocal 
absolute temperature .988, 991 


Strain-hardening exponent 
zirconium. 160, 162, 170-172, 176-179 
effect of annealing tempera- 
NE 5 Sih s ee ene 170-172 
effect of testing tempera- 
es 160, 162, 180-181 
relation to texture........ 176-179 


Strain rate sensitivity 


molybdenum ...... 987-991, 993-995 
as a function of reciprocal 
absolute temperature.988, 991 


Stress 


effect on creep-tempering 
of 4.5% chromium steels .661-662 
effect on elastic limit of steel. . 
GEG aS kb he 394-395, 403 


Stress (cont.) 


effect on isothermal transforma- 
tion of austenite. See Iso- 
thermal transformation of 
austenite. 
Stress at unit strain 


molybdenum .......... 987-988, 990 


Stress-corrosion 


of magnesium alloy J 1 
apparatus and procedure. .475—-479 


cathodic protection ...... 483-485 
direction of cracking... .482—-483 
effect of heat treatment..... 479 
mechanism of ........... 485-486 
microstructures ..... 479-480, 483 
nature of stress corrosion... 474 
previous observations ...... 475 


Stress-residual strain curves 


for hardened steels......... 384, 386 
Stress rupture life 
mnORpRUNE cs ok ee kee 995 
I si Sa ass eX da kuswes 995 
SE ck Saks os eek eas 850-851 


versus aging temperatures .850-851 


Stress-rupture properties 


of ductile or nodular cast irons 
ha pedo tenw ee. cat 613-623 


Stress-rupture strength 


chromium-manganese-nickel 


a ee 262—265 
Cr—-Mo-V and 17 Cr—4 Ni- 
ee I ee 926-956 


effects of variation in normal- 

izing and tempering pro- 
ES accent tha 926-956 

pei Sy ee aa 
enna 932-937, 944-945, 948-949 
as a function of hardness... 948 
at several rupture times.. 948 
effect of carbide structure .944~—945 


effect of grain size......... 945 
effect of tempering tempera- 
Se .£Gbn keeles cewae 934-937 


~< 
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Stress-rupture strength (cont.) 


effect of tempering time. . .936—937 
at various rupture times. . 
Pe ee oe 936-937 
effect of normalizing tem- 
WHOS Ss ceke-we cos 932-935 
at various rupture times. . 
onidchs cae Rae 933-935 
17-4 PH steel...... 937-938, 952-953 
as a function of tempering 
temperatures ........ 952-953 
for several ruptures times. 


perature 
at several rupture times .937—938 


Stress rupture tests 


NE os coho he Wek Ge oo ee 930 
SAE 4340 steel............ 906-921 
hydrogen embrittlement . .906-—921 
aging with and without ap- 
plied stress ........ 911-918 
critical load values..... 908-909 
effect of aging time... .909-914 
effect of notch acuity. .908—-909 
evaluation of variables in- 
TIES ig oe sess 919-921 


Stress-strain curves 


magnesium ........... 105, 107-108 
zirconium ........ 162-163, 165-166 
load-elongation curve....... 163 
yield point indication..... 165-166 


Structure 
of hardened steel 
effect of grinding. See Grinding. 
Substructure 


effect on creep in nickel and 
nickel alloys. See Creep 


curves. 
Sulphur 
effect on machinability of steel 
pe ans ale en pak ale . + 684-689 
Supercooling 
during solidification .......... 469 
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Tantalum 


in binary zirconium alloys 
effect on elevated temperature 


SPOTS i i506 5s. 5k8 671-674 
effect on workability and 
MONI iy Boe as 670-671 


Technical program and re- 
ports of officers, Ameri- 
can Society for Metals— 
36th Annual Convention, 
Chicago, November 1 ta 
5, 1954 


Temper embrittlement 


of hardened steels............ 397 
Temperature 
during cold-rolling of steel 
effect on texture........ 715-726 
effect on damping 
of AISI 403 steel.......... 445 
of Refractaloy 26.......... 446 
effect on limiting creep and 


stress rupture 
for ductile or nodular cast 
aS 617, 620-623 
effect on yield stress 
produced by grinding 
effect on structure of hardened 


Se oh. <:'o bee ame 692-714 
relation to delayed yield time 
agp he an ts eas 454-458 
Tempering 


hardened 4.5% chromium steels 
effect on creep. See Creep- 
tempering relationships. 


Tempering of iron-carbon alloys 
cementite particles 
effect of carbon form on sol- 
NE ssa asd ace ale 310 
effect of size on solubility. 306—309 
effect of strain on solubility 
<unay 0 Oey vneenee 309-310 
minimum stable size........ 
secccccee es dO4—306, 311-312 
compositions of alloys tested... 292 
effect on ferritic grain size. .296—302 
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Tempering of iron-carbon alloys 


(cont. ) 
effect on hardness.......... 293, 304 
effect of temperature up to 
Pe Mice dtietewaaa’s 291-292 


electron micrographs......... 
wawanaal 294, 297-299, 314-316 

microstructural changes at 700- 
DE ST Whee ob <0 « stpes 293-304 
relationship to hardness..... 294 


Tempering temperature 


of steel 
effect on elastic limit....... 
smea einen’ 384-386, 405-407 
effect on hardness and 


SEE Si ono Sanne 384-387 
effect of rate of cooling from 
othe Cinna bas wee abs 390-397 


effect on yield strength. . . .384-391 


Tensile characteristics 


SHC 6). 5h emia ioe 157-192 
effect of annealing tempera- 

Ns Cicer tbnnn8s 170-172 
effect of oxygen and nitrogen 
SE. cos ohaiense 

tom, Societe 179-182, 184, 186-192 
influence of texture........ 


.. «172-173, 175-176, 178-179 


Tensile fracture 


molybdenum .............. 993, 995 
Tensile fracture stress 
aluminum plate........ 91-93, 97-98 
comparison of compressive 
OED Strat dekh ake 93 


for various prestrain states 
and prestrain directions 
chun sihaghn bay se 93, 97-98 
effect of various prestrain 
stress states..... 91-93, 97-98 


Tensile properties 
aluminum-copper-magnesium 
alloy 
extruded bar........... 68-69, 72-74 
after recrystallization....... 72-74 


effect of preferred orientation 


Tensile properties (cont.) 


of end-quenched heavy steel sec- 


tions 

effect of boron........... 413-416 
effect of carbon............ 417 
emert of Gees eo es 8k 418-420 
effect of nickel............. 415 

effect of rare earth metals. . 
Fe ae eee ssh 6 ke 6 os 414-416 
effect of silicon.......... 414-417 
low carbon martensites..... 135-152 
low carbon steels...... 966-971, 981 


effect of prestraining in com- 
pression and aging... .969-971 

effect of prestraining in ten- 
sion and aging....... 966-969 
molybdenum ............. 984-1000 
at elevated temperatures .984—-1000 

of nickel and nickel alloys 

effect of prestrain on .508—-511, 513 
steels ....137—144, 148-150, 154-155 

brine quenched and refrig- 
UU 5 Na Saas 5555 08 140-141 
effect of refrigeration... .. 140-141 

effect of specimen size...... 
Seis on 142-144, 154-155 
effect of strain aging... .148—-150 
load-extension curves. .148, 150 
quenched in iced brine... .137—140 
quenched in oil.......... 141-142 
DONE i. wae ean + <0 » 40be 180-182 


Tensile strength 


chromium-manganese-nickel 
ROU . Ko thie otk 240-241, 244-246 
of hardened steels ; 
relation to elastic limit. ..393—394 
low carbon steels...... 966-969, 981 
effect of prestraining in com- 
pression and aging. ..969-971 
effect of prestraining in ten- 


sion and aging....... 966-969 
effect of aging time... .966—969 
molybdenum .............. 992-995 

as a function of temperature 
SPE Ty PRR ay 992-995 


LP nh se 
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Tensile strength (cont. ) 


zirconium 
effect of annealing tempera- 
ture 
effect of test temperature... 
... 161-162, 180-181 


Tensile stress 
effect on isothermal transfor- 
mation of austenite. See 
Isothermal transformation 
of austenite. 


Tensile tests 


aluminum sheet .......... 46-47, 49 
effect of preferred orienta- 
eS. ois sos a oe 46-47, 49 
RISES |. so wnceuns sses 990-993 
autographic record ......... 992 
Texture 
re is. deat 173, 175-179 
influence on tensile character- 
istics 


eee ee eee wee eee eae 


.. 172-173, 175-176, 178-179 
relation to strain-hardening 


ent Las 6s ced 176-179 
Thermal nucleation 
SU eB as 453 


Thermodynamics 
of binary interstitical solid solu- 
tions 
beta to alpha transformation 
in titanium 
effect of carbon, oxygen and 


SN ae. ko oe abs 506-507 
energies for formation... .494—507 
I ua des cans oa on 494-507 
expressions for alloy forma- 

SR ERR ES VERBS Oe ee 494 


influence of carbon and nitro- 
gen in iron on gamma- 
alpha transformation tem- 


UNE «oo ca ine 504-506 

solid solubility limit...... 501-507 
of cementite in gamma iron 

sekwire. i cabeaul’ 504-505 

strain energies .......... 500—507 
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Thermo-magnetic balance... 
SURE ot oax wes ow Cee oe 322-325 


Titanium 
beta to alpha transformation 
effect of carbon, oxygen and 


nitrogen on ......... 506-507 
carbide forming tendencies in 


I ga al ee 605-610 


Titanium-aluminum-manganese 


system 
contour projection of the beta 
RES ees eee 569 
examination of alloys......... 71 
isothermal section at 750°C... 566 
isothermal section at 800°C... 567 
isothermal section at 900°C... 567 


isothermal section at 1000 °C.. 568 
isothermal section at 1100°C.. 568 
isothermal section at 1200°C.. 569 


literature review .......... 565-568 
melting point contour projec- 

TOO air Bhs 5 Shh eed es 576 
microstructures ........... 572-573 
phase equilibria ............ 571-576 
ee oe cee eeu 569-571 
vertical sections ........... 574-576 

Titanium-cobalt system 
beta decomposition ........... 559 
eutectic composition ......... 558 


hardness values .............- 562 


intermediate phases......... 559-562 
literature review .......... 554-555 
melting range determinations.. 562 
metallographic studies ..... 556-560 
SIRT ob. 6 65 ones 6 oot 557 
ON. sre cs i thw bate 555-556 


Tool steels 
hardenability of carbon steel 
cylinders. See under 
Hardenability. 
Torsional deformation 
of tungsten wires.......... 602-604 


Transformation of austenite 


See Isothermal transformation 
of austenite. 
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Transformation in titanium 


effect of carbon, oxygen and 
Seromem GM icc... ss. 506-507 


Transformation points 


magnetic detection ......... 869-875 
determination of M, points. . 


operation of equipment..... 872 
schematic diagram of appara- 
ee 871 
schematic diagram of circuit. 870 
typical cooling and magnetic 
transformation curves ..872 


Transformation temperatures 


of iron 
effect of carbon and nitrogen 
We Oe aa ees we 504, 506 
of iron-carbon-titanium- 
vanadium alloys ....... 606-610 


alloys containing pearlite. .606—607 
alloys having titanium and 
vanadium alloyed with 
SO foes carne daa 609-610 
alloys having vanadium 
alloyed with ferrite. .607—609 
distribution of carbon... .605—606 


Transition temperatures 


low carbon steels........... 972-973 
relationship to hardness. .972-973 
relationship to yield strength 

yes bi as cs dak aeene 972-973 


Transverse properties 
of slack-quenched heavy steel 


sections 

Ff Re 418-420 
hardenability results ..... 409-413 
previous results ......... 408409 
SOON abi idk se 6d6 AS 265 409 

tensile and impact properties 
OS RS 413-419 
Treasurer's Report .......... 11 


True strain 


effect on isothermal transforma- 
tion of austenite........ 362-366 


True stress 


true creep relation 
for cold worked aluminum. . 
Sinha duibcdbenes th 639-640 


True stress-true strain 


of unstable austenite 
before and during transforma- 
ROOD | eu ake he 03 366-367 


True stress-true strain curves 


chromium-manganese-nickel 


RO css Aca. na Wake 247-250 
low carbon steels.......... 965-966 
prestrained in compression 
ON fina use hee am 965-966 
prestrained in tension and 
NN ns oaks cm weis 965—966 
molybdenum .............. 986-989 
SAE 4340 steel............ 900-901 
effect of hydrogen embrittle- 
WE fos eaten oes cken 900-901 
SUI 6 ES ibid. is. o5 


159-164, 166, 168, 171, 173, 
175-176, 178, 180-181, 183-184 

effect of annealing tempera- 
ture and grain size. ..171, 176 
influence of strain rate. ..166, 168 
logarithmic plot ........ 159, 161 

showing range of values re- 

sulting from changes in 
test variables........ 183-184 

strong and weak texture.... 
ss 60 Reba 173, 175-176, 178 


Tungsten 
in binary zirconium alloys 

effect on creep-rupture at 
OE cinch cased an 674-675 

effect on elevated temperature 
a 671-674 

effect on workability and 
SNE Ss havo < 6c us 670-671 


Tungsten wires 


effect of twisting at high 
temperatures .......... 599-604 
apparatus and procedure. .600—602 
importance of sagging re- 
NE eid dies. As 599 
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Tungsten wires (cont.) 


resistance to torsional 


deformation ........ 602-604 
effect of grain structure... 604 
Twinning 
magnesium ........... 111-117, 125 
bending planes associated 
GU os S45 vn deals dees 117 
bilateral growth ......... 112-113 
detwinning ......... 112, 115-116 
unilateral growth ....... 112, 114 


Vanadium 


NNR OD Sa a cbecta nk 1014-1016 
carbide forming tendencies 
ee GR sie 605-610 
electrical resistance ..... 1014-1015 
as a function of tempera- 
OG 60 dice i cous ws 1014-1015 
in binary zirconium alloys 
effect on elevated temperature 


BUCMETUIND oink i ba 671-674 
effect on workability and 
Ie isk es 670-671 
Vanadium-Oxygen 
eer GENE Fc icc sso os cs 1005 
Vanadium-Oxygen alloys 
hardness 
as a function of oxygen 
CN ct ke ks 1015-1016 
bitin MONE. . ok ivis =o ceas 1012 
WELT UITOLONNED i a5 6 shs> ee 


ca eae 1006, 1008-1010, 1013 
solidification characteristics... 
a es ie ene 1012-1014 


Vanadium-Oxygen System 


A NO ns coven wee 1007-1010 
RR ores eal 1007 
lattice parameters ......... 1007 


Gres SE. So Seesa ct 1010-1011 
x-ray diffraction lines . .1010—-1011 
solubility limit of oxygen. . 1006-1007 
Wor ees ee ea 1011-1012 
lattice parameter 1011 
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Welding characteristics 
chromium-manganese-nickel 
NOG ci. oo 5 oe eo a tes ee 


Workability 


of binary zirconium alloys. . .670-671 


Work hardening 
chromium-manganese-nickel 
a o.oo in 239, 243, 247-250 
X-Ray diffraction 


Stellite 21 .819-821, 833-834, 841-842 
matrix phases ....... 819-821, 833 
ne 


X-Ray diffraction camera 


“structure integrating” ....... 44 


X-Ray diffraction lines 


vanadium-oxygen system .1010—1011 
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